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Diblock and miktoarm star-shaped thermoresponsive copolymers composed of single-stranded DNA
(ssDNA) and poly(N-isopropylacrylamide) were successfully synthesized with combination of atom
transfer radical polymerization (ATRP) and click chemistry. This approach should be generalizable to
other DNA-functionalized copolymers. Such copolymers self-assemble into spherical micelles with
ssDNA corona in aqueous solution above the lower critical solution temperature. The micellar size can be
tuned from the macromolecular architecture. These DNA-encoded micellar particles are able to encap-
sulate and release hydrophobic guest molecules upon changing temperature.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

The unique structures and self-recognition property of DNA
make it a versatile building block for molecular self-assembly. The
programmable assembly of DNA-encoded nanoparticles has been
extensively studied for a number of inorganic nanoparticles such as
gold colloids [1e3], which has shown many promising bio-
diagnostic applications. However, the studies on DNA-controlled
assembly of soft nanoparticles and their applications are scarce
[4e7]. A reason for this may be the lack of straightforward and
efficient methods to prepare the DNA-decorated soft nanoparticles.
Amphiphilic copolymers can formversatile molecular assemblies in
an aqueous media, for instance, spherical, cylindrical micelles, and
vesicles [8]. Therefore, the self-assembly of amphiphilic copoly-
mers with hydrophilic DNA blocks would be a promising method to
create the DNA-encoded soft nanoparticles. Because DNA is an
informational molecule, the DNA chains decorated within the
micellar coronas would afford the soft nanoparticles novel bio-
functions such as targeted drug/gene deliveries and biodiagnostics,
as compared to the traditional copolymer micelles.
x: þ81 48 462 4658.
uo@riken.jp (M. Maeda).

All rights reserved.
We have previously prepared the poly(N-isopropylacrylamide)
(PNIPAAm)/ssDNA graft copolymers via free radical polymerization
[9,10]. PNIPAAm is a typical thermoresponsive polymer showing
a lower critical solution temperature (LCST) around w32 �C.
Therefore, the graft copolymer forms micelles above its LCST. The
micelles can recognize the sequence of target DNA, suggesting that
the DNA-encoded micelle is a new class of functional material for
turbidimetric detection of single nucleotide polymorphism (SNP)
[9,10]. Due to the low controllability of conventional radical poly-
merization, the as-prepared graft copolymers have less-defined
structure and broad molecular weight distribution, and thus the
resultingmicelles are probably less-defined. Because the copolymer
composition and architecture are the crucial factors in self-assembly
[8], well-defined copolymers with respect to compositions, archi-
tectures, and functionalities are essential for the fabrication of DNA-
encoded micelles with controllable morphology. This could also
optimize the functions of such micelles in biodiagnostics and
molecular assemblies.

Controlled radical polymerization is often used to synthesize
well-defined polymers for conjugation to biomacromolecules (e.g.,
proteins and peptides) [11e13]. The most employed techniques
have included atom transfer radical polymerization (ATRP) and
reversible addition-fragmentation chain transfer (RAFT) polymer-
ization. Recently, RAFT polymerization has proven successful for
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the synthesis of linear polymer-DNA conjugates [14e16]. In addi-
tion, the copper-catalyzed azide-alkyne cycloaddition (CuAAC) [17],
a prototypical example of click reaction, has been recognized as
a facile and versatile chemistry for bioconjugation [11e13] and DNA
modification [18].

Due to the unique structures, the star-shaped copolymers usually
assemble into themicellarparticleswithverydifferent structures and
morphologies from their linear analogues [19e21]. So far, the
synthesisof bioconjugatesofnucleic acidand syntheticpolymerwere
mainly focused on the linear diblock [4,5,22e26] or graft architec-
tures [9,10,27]. The star-shaped conjugates of nucleic acid and
synthetic polymer remain unexplored. Both ATRP and RAFT poly-
merization have been widely employed to prepare the star-shaped
polymers [28]. However, the RAFTstar polymerization, especially the
R-RAFT star approach, usually leads to the multimodal and broad
molecularweight distributionwithdramatically decreased structural
homogeneity due to the formation of linear living chains [29,30].
Therefore, ATRP, a typical core-first method, is considered to possess
better control over the star polymer architecture [28].

Herein, we report a novel method to prepare the DNA-function-
alized diblock and miktoarm star-shaped copolymers. To our
knowledge, this represents the first example that ATRP and click
chemistry are employed to prepare the nucleic acid/polymer bio-
conjugates. Moreover, the thermo-triggered micellation of these
bioconjugateswas investigated. Theabilityof suchmicelles foruptake
and release of hydrophobic guest molecules was also evaluated.

2. Experimental part

2.1. Materials

The reagents were purchased from Wako Pure Chemical
Industries Ltd. (Osaka, Japan) or Tokyo Chemical Industry Co., Ltd
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Scheme 1. Synthetic route of diblock and miktoarm
(Tokyo, Japan) and used without further purification, unless spec-
ified otherwise. N-isopropylacrylamide (NIPAAm) was purified by
recrystallization from toluene/hexane (1/1, v/v). Tris[2-(dimethy-
lamino)-ethyl]amine (Me6TREN) was prepared according to the
literatures [31,32]. Copper(I) bromide (CuBr) was stirred in glacial
acetic acid overnight, filtered, and rinsed with ethanol and diethyl
ether under argon, followed by drying under vacuum at room
temperature for 24 h. Tris(benzyltriazolylmethyl)amine (TBTA) was
purchased from SigmaeAldrich (St Louis, MO, USA). 50-Aminohexyl
terminated oligonucleotide, NH2e(CH2)6e50GCCACCAGC30 [9,10],
was purchased from Operon Biotechnologies (Tokyo, Japan).

The synthetic routes of diblock and miktoarm star-shaped
PNIPAAm-co-ssDNA copolymers are illustrated in Scheme 1.
Detailed experimental procedures for the syntheses of 50-alkyne
modified oligonucleotide (3) and azide-functionalized initiators (6a
and 6b) are described in Supporting Information. Briefly, the azide-
terminated linear initiator (6a) was prepared according to a pub-
lished method [33]. The azido-alcohol intermediate (5a) was
attained by treatment of bromo-alcohol (4a) with NaN3. Subse-
quent esterification of (5a) with 2-bromoisobutyryl bromide
afforded the desired azide-ester initiator (6a). Star-shaped initiator
(6b) bearing one azide and three bromo-groups was synthesized
from monobromo pentaerythritol (4b) using a similar route.

2.2. ATRP of PNIPAAm homopolymers (7a, 7b)

Azide-functionalized linear and 3-arm star-shaped PNIPAAm
homopolymers (7a and 7b) were prepared via ATRP. A typical
polymerization procedure for the azide-terminated linear
PNIPAAm with a target degree of polymerization (DP) of 400 is
described as follows. NIPAAm (2.0 g, 17.7 mmol), 6a (10.43 mg,
0.0442 mmol), Me6TREN (12.22 mg, 0.0530 mmol), and i-propanol
(4.0 g) were mixed in a Schlenk flask and degassed using three
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freeze-pump-thaw cycles. While the mixture was frozen, CuBr
(6.34 g, 0.0442 mmol) was added. The flask was then filled with
argon and the mixture was left to melt at room temperature. The
reaction mixture was stirred for 5 h at 25 �C. After polymerization,
the mixture was passed through an alumina column with THF as
the eluent. The polymerwas purified by precipitation from THF into
hexane four times and then dried under vacuum to yield 7a (1.06 g,
yield: 53%) as white solid. For the azide-functionalized 3-arm star-
shaped PNIPAAm homopolymer (7b), 6b was utilized as initiator,
and its synthetic procedure is the same to that of 7a. The feed ratios
of initiator (6b), catalyst, and ligand were 1/3/3.6. The linear and
3-arm star-shaped PNIPAAm homopolymers are marked as 1Pm
and 3Pm, respectively, wherem represents the overall DP including
all arms.
2.3. Preparation of PNIPAAm-co-ssDNA copolymers (8a, 8b)

A solution of 3 (100 nmol) in 2.5 mL phosphate buffer (PB) (pH
7.2, 20 mM) and 1.0 mmol of 7a or 7b (in 2.5 mL DMF) were added to
a 10 mL plastic culture tube. A stock solution (0.1 mL) of catalyst/
ligand (1.0 mmol of CuSO4, 1.1 mmol of TBTA) in dimethyl sulfoxide
(DMSO)/water (v/v, 1/1) and 4.0 mmol (0.79 mg) of sodium ascor-
bate were then added. The reaction mixture was shaken at 15 �C for
20 h. The crude mixture was then purified via a high-performance
liquid chromatography (HPLC) equipped with a preparative anionic
exchange column (SP Sepharose Fast Flow, GE healthcare) using
triseHCl buffer (pH 7.4, 10 mM) as the starting buffer and triseHCl
buffer (pH 7.4, 10 mM) with 0.5 M NaCl as the elution buffer
(Fig. S1). Appropriate fractions were collected, dialyzed against
water (MWCO ¼ 3500), and lyophilized. This crude product was
further purified via gel permeation chromatography (Sephadex
G-50, GE healthcare) using triseHCl buffer (pH 7.4, 10 mM) as the
mobile phase (Fig. S2). The fractions corresponding to copolymers
were collected, dialyzed against water (MWCO ¼ 3500), and
lyophilized to afford 8a (yield: 84%) or 8b (yield: 71%) as white
solid. The diblock and miktoarm star-shaped (consisting of 3
PNIPAAm arms and 1 ssDNA arm) PNIPAAm-co-ssDNA copolymers
are denoted as 1Pm-1ssDn and 3Pm-1ssDn, respectively, where m is
DP of PNIPAAm and n is DP of ssDNA.
2.4. Measurements

Fourier transform infrared (FTIR) spectra were recorded on
a JASCO FTIR-615 spectrometer (Tokyo, Japan). MALDI-TOF mass
spectrometric analysis of 50-alkyne modified oligonucleotide was
conducted on a Bruker Daltonics Ultraflex Mass Spectrometer
(Billerica, MA, USA) in the negative-ion reflector mode. The
molecular weights of PNIPAAm homopolymers and their
Table 1
Molecular weights, thermal and structural parameters of PNIPAAm homopolymers and P

Code [M]0/[I]0a Yield (%) Mn,th
b (kDa) Mn

c (kDa) Mw/M

1P280 400/1 53 24.2 31.7 1.08
3P252 300/1 69 24.0 28.6 1.07
1P280e1ssD9 e e 27.1 29.2 1.07
3P252e1ssD9 e e 26.9 26.0 1.02

a Feed ratio (mol/mol) of NIPAAm ([M]0) to initiator ([I]0) in ATRP.
b Calculated molecular weight. For PNIPAAm homopolymer, Mn,th ¼ Mn,initiator þ (

Mn,DNA ¼ 2.928 kDa.
c Mn and Mw of PNIPAAm homopolymers were measured by GPC-MALLS using DMF w

using triseHCl buffer (pH 7.4, 10 mM) with 0.1 M NaCl as eluent.
d Peak temperature in DSC heating curve.
e Cloud point, corresponding to the temperature with 50% transmittance for solution
f Rh was attained from DLS measurements for copolymer micelles (2 mg/mL) in PB (p
g Rg and Nass were attained from SAXS measurements for copolymer micelles (2 mg/m
copolymers were determined by a gel permeation chromatography
(Shimadzu, Kyoto, Japan) equipped with a multi-angle laser light
scattering detector (DAWN8þ, Wyatt Technologies, Santa Barbara,
CA, USA) (GPC-MALLS). A Shodex OHpak SB-803 HQ column
(Showa Denko, Tokyo, Japan) was used. High-sensitivity differential
scanning calorimetry (DSC) measurements were performed on
a VP-DSCmicrocalorimeter (MicroCal Inc., Northampton, MA, USA).
The temperature-dependent transmittances of PNIPAAm homo-
polymers and their copolymers were measured on a UV-2550
UVeVis spectrophotometer (Shimadzu, Kyoto, Japan) equipped
with a temperature-controlled sample holder. Fluorescence spectra
were measured by an FP-6500 Spectrofluorometer (JASCO, Tokyo,
Japan) equipped with a JASCO ETC-273T temperature controller.
The dynamic light scattering (DLS) analysis was conducted on
a Zetasizer Nano-ZS instrument (Malvern Instruments, Malvern,
UK) with a scattering angle of 173�. Synchrotron radiation small-
angle X-ray scattering (SAXS) measurements were carried out at
the BL45XU RIKEN Structural Biology Beamline I of SPring-8,
Harima, Japan. The detailed characterization procedures are
described in Supporting Information.
3. Results and discussion

As seen in Table 1, the polymerizations gave the products 7a and
7b in relatively high yields. A 3-arm star-shaped initiator (6b) bears
3 initiation sites (i.e., bromo-groups) and the molar ratio of initia-
tion site to monomer for 3P252 (1/100) is much higher than that for
1P280 (1/400). Therefore, the former showed higher yield in ATRP.
GPC-MALLS chromatograms of as-prepared homopolymers
demonstrated sharp peaks with Mw/Mn < 1.1 (Fig. S3). The
measured molecular weights of the homopolymers obtained are
similar to those calculated theoretically (Table 1). FTIR spectra of
the homopolymers showed the stretching vibration band of azide
at 2108 cm�1 (Fig. 1a) [34], indicative of the high tolerance of ATRP
to azide functional group [35]. Consequently, ATRP is an efficient
method to prepare the azide-functionalized PNIPAAm with
controllable molecular weights and architectures.

For the CuAAC click reaction, we converted the terminal of
50-amino modified oligonucleotide (1) to alkyne by the coupling
reaction with an NHS-activated alkyne modifier (2) [36]. The
reverse-phase HPLC (RP-HPLC) analysis (Fig. S4) indicated the
nearly quantitative conversion. MALDI-TOF mass spectrometry also
confirmed the successful preparation of 50-alkyne modified oligo-
nucleotide (3) (exact mass calcd: 2926.59; Found: 2926.48).
Diblock and miktoarm star-shaped PNIPAAm-co-ssDNA copoly-
mers (8a and 8b) were synthesized by coupling 3 with 7a or 7b via
the CuAAC click chemistry. TBTA is a necessary ligand to this
reaction to avoid the degradation of oligonucleotide by copper ion
NIPAAm-co-ssDNA copolymers.

n
c Tp

d (�C) Tcp
e (�C) Rh

f (nm) Rg
g (nm) Rg/Rh Nass

g

35.1 35.5 e e e e

34.8 34.3 e e e e

38.7 e 24.3 17.2 0.71 137
43.0 e 15.2 11.1 0.73 67

[M]0/[I]0) � yield � 113.16. For copolymer, Mn,th ¼ Mn,th (PNIPAAm) þ Mn,DNA,

ith 0.1 M LiBr as eluent; Mn and Mw of copolymers were measured by GPC-MALLS

of PNIPAAm homopolymer.
H 7.4, 10 mM) at 60 �C.
L) in PB (pH 7.4, 10 mM) at 60 �C.
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[18]. The unreacted homopolymer and 50-alkyne modified oligo-
nucleotide were separated from the copolymer using anionic
exchange chromatography (Fig. S1) and gel permeation chroma-
tography (Fig. S2).

The copolymers obtained were characterized by UVeVis, FTIR
spectroscopy, and GPC-MALLS. The UVeVis spectra of copolymers
showed the characteristic absorption of DNA at w260 nm (Fig. S5).
As shown in Fig. 1a, instead of the absorption band of azide at
2108 cm�1, the characteristic absorptions of DNA nucleotide, for
instance, the bands at 1063 and 1227 cm�1 (the symmetric and
asymmetric stretching vibrations of DNA phosphodiester bond)
[37], were detected. In addition, the absorptions of PNIPAAm such
as the bands at 2974 cm�1 (CH3 asymmetric stretching), 1646 cm�1

(C]O stretching, amide I), and 1549 cm�1 (NeH bending, amide II)
were observed [35]. As seen in Fig. 1b, GPC-MALLS chromatograms
of the obtained copolymers exhibited sharp peaks with the narrow
molecular weight distributions (Mw/Mn < 1.1).

Furthermore, the thermoresponsive phase transition of
PNIPAAm homopolymers and their copolymers was examined by
high-sensitivity DSC and UVeVis spectroscopy. Fig. 2 shows the
DSC heating curves and temperature-dependent transmittance for
PNIPAAm homopolymers and their copolymers in 10 mM PB
(pH 7.4). The peak temperature (Tp) and cloud point (Tcp), both of
which are the typical indicators of LCST, are listed in Table 1. As
shown in Fig. 2a, the copolymers exhibited higher LCSTs than their
original homopolymers, ascribing to the hydrophilic nature of DNA.
It was also found that the phase transition depends on the
macromolecular architecture. The 3-arm homopolymer (3P252)
showed a slightly lower LCST than the linear one (1P280), which is
possibly due to the fact that the former bears a larger hydrophobic
initiator in macromolecular center and more hydrophobic bromo-
groups in the end of each arm [34,38]. As shown in Fig. 2a and
Table 1, the miktoarm star-shaped copolymer (3P252e1ssD9)
showed a higher LCST than its linear counterpart (1P280e1ssD9).
Although the exact reason for this phenomenon is unclear at
present, this could be ascribed to the effects of ssDNA chain posi-
tion. The ssDNA chain connects to the macromolecular center in the
star-shaped copolymer, and thus it might affect the collapse and
aggregation of PNIPAAm segments more pronouncedly than that in
the diblock copolymer where ssDNA links to the terminal of
PNIPAAm. As shown in Fig. 2b, the solutions of PNIPAAm homo-
polymers became turbid and their transmittances dropped to
nearly zero above LCST. Nevertheless, no remarkable decrease in
transmittance was detected in the copolymer solutions around
LCST, indicative of the formation of nanoscale colloidal particles
above LCST [10].

Therefore, the thermo-triggered micellation of PNIPAAm-co-
ssDNA was investigated by DLS. Parts a and b of Fig. 3 depict the
temperature dependence of hydrodynamic radius (Rh) and its
distribution at 60 �C for the copolymer solutions in 10 mM PB
(pH 7.4). The Rh increased dramatically upon heating to LCST
(35e40 �C). The copolymerswere found to form the assemblieswith
Rh of w25 nm for 1P280e1ssD9 and w15 nm for 3P252e1ssD9,
ascribed to the micellation of PNIPAAm-co-ssDNA above LCST. Both
the diblock and miktoarm star-shaped copolymers gave the very
narrow distribution in micellar size (Fig. 3b), which is probably
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attributable to the well-defined, uniform structure and narrow
molecular weight distribution of as-prepared copolymers. The
critical micelle concentration (CMC) of PNIPAAm-co-ssDNA above
LCSTwas estimated via DLS [39]. It was found that the CMC values of
the copolymers of 1P280e1ssD9 and3P252e1ssD9 are around15mg/L
at 60 �C and they show no discernible dependence on temperature
within the temperature range investigated (50e70 �C).

The micellation of copolymer was also studied using synchro-
tron radiation SAXS. The radius of gyration (Rg) and the association
number ofmolecules permicelle (Nass) were estimated according to
Guinier law [40], which is a shape- and size-independent model
(see Supporting Information). Because the individual macromole-
cule contains only one ssDNA, the number of ssDNA within
a micellar corona is considered to be the same as Nass. Interestingly,
the micellar size of PNIPAAm-co-ssDNA significantly depended on
its macromolecular architecture. Nass of star-shaped copolymer was
much smaller than its diblock counterpart (Table 1), even though
these two copolymers have the similar molecular weight and
composition. This may account for the dramatically smaller Rh and
Rg of star-shaped copolymer than its diblock counterpart. There-
fore, controlling the copolymer topologies would be an efficient
way to tune the micellar size and morphology of PNIPAAm-co-
ssDNA. Further details of the copolymer architectural dependence
of micellar morphology will be reported in our forthcoming paper.
Moreover, the Rg/Rh ratios of both copolymers are in the range of
0.71e0.73 (Table 1), which are very close to the theoretical value of
a spherical particle (0.775) [40].
The thermoresponsive micellation of copolymer was further
examined using fluorescence spectroscopy, with Nile Red as
a hydrophobic probe. Fig. 3c shows the fluorescence emission
spectra of Nile Red in the solution of 1P280e1ssD9 upon heating.
Under the excitation at lexc ¼ 550 nm, the fluorescence emission
maximumof Nile Red in the copolymer solution below LCST located
at 643 nm. With the increase in temperature to above LCST, the
emission peak shifted to a shorter wavelength (625 nm) and its
intensity increased remarkably. This indicated that the fluorescent
dye is incorporated into the hydrophobic environment [41],
namely, the copolymer assembles into the micellar particles con-
sisting of PNIPAAm core surrounded by ssDNA corona.

The changes of the emission intensity at 625 nm and the
maximum emission wavelength (lmax) upon heating and cooling
are shown as a function of temperature in Fig. 3d. The encapsula-
tion/release of hydrophobic probe was entirely reversible, where
was observed a remarkable increase in fluorescence intensity and
a blue-shift from 643 � 2 to 625 nm upon heating and vice versa
(Fig. S7). These observations suggest the potentials of such copol-
ymer micelles in the controlled encapsulation, release, and delivery
of functionally hydrophobic substances.

4. Conclusion

This study reports a new method to prepare the DNA-function-
alized copolymeric bioconjugateswith the tunable andwell-defined
architectures, as well as a facile method to fabricate the DNA-
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encoded soft nanoparticles. The thermal-triggered micellation of
these copolymers solution was verified. These PNIPAAm-co-ssDNA
copolymers assembled into spherical micelles above LCST and their
micellar sizes could be tuned from the macromolecular architec-
tures. Moreover, the potential of such DNA-encoded micelles in
delivery of functional hydrophobic molecules was shown by
reversible uptake and release of an organic dye in aqueous solution.
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Poly(vinyl chloride) (PVC) gas separation hollow fibre membranes were produced from multicomponent
dopes using dry/wet forced convection spinning. Membranes spun from a low polymer content solution
exhibited disappointing gas separation properties. Their low selectivities were indicative of thick skins
and high surface porosities. In contrast, high polymer content spun fibres showed good gas separation
properties. Selectivities were high, active layers relatively thin and surface porosities moderate. Coating
with poly(dimethylsiloxane) nullified the surface pores. The favourable performance of the high polymer
content spun fibres was also related to shear rate and forced convection residence time during spinning.
To the knowledge of the authors, this work represents the first reported success in producing PVC hollow
fibre membranes with morphologies suitable for gas separation. The development of PVC hollow fibres
relates to the ultimate quest to produce membranes capable of reliably separating oxygen and ozone gas
mixtures.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Little work has been carried out involving polyvinylchloride
(PVC) as a gas separation membrane forming polymer. The reports
that are published tend to relate to dense homogeneous flat sheet
membranes [1e3] and films [4].

PVC is a low permeability, slightly crystalline, glassy polymer
and, as such, presents a challenge to the gas separation mem-
branologist. The low permeability coefficients of gases in PVC
demand ultra-thin essentially defect free membrane active layers if
the intrinsic selectivity of the polymer is to be realised at reasonable
pressure-normalisedfluxes in aworkingmembrane. The spinningof
PVC hollow fibre membranes is largely limited to ultrafiltration
technology [5,6]. Low permeation glassy semi-crystalline polymers,
problematic for gas separation, can be used to fabricate porous
media such as microfiltration and ultrafiltration membranes [7].

In the case of using PVC in gas separation hollow fibre membrane
technology, viscosity limits the polymer concentration in the spin-
ning solution. Higher dope concentrations can achieve defect free
skinsbut thedopes areoftenunspinnabledue to theirhighviscosities.
PVC ultrafiltration hollow fibre membranes can be produced from
lower concentration dopes since porous structures are desirable.

The selection of PVC as a membrane forming polymer in this
work relates to the ultimate desire to develop hollow fibres for
ilton).

All rights reserved.
oxygen/ozone separation. Such membranes would have a huge
impact on industrial applications involving ozone such as water
purification, bleaching and sterilisation. The economics of ozone
productionwould be greatly improved if oxygen could be separated
from generated ozone and then recycled back to the ozone gen-
erator.PVC and the coating material, polydimethylsiloxane both
exhibit good resistance to ozone.

To our knowledge, this work seeks, for the first time, to produce
PVC hollow fibre membranes with morphologies suitable for gas
separation. Historical lab standard spinning conditions are employed
[8] with two multicomponent PVC dopes: one at lower polymer
concentration and one at higher. The rationale behind muticompo-
nent spinning solutions has been explained elsewhere [9]. The
higher concentration PVC system studied here pushes the boundary
of spinnability and as such requires the dope reservoir to be kept at
elevated temperature during spinning. The lower concentration
solution represents more conventional ambient temperature spin-
ning conditions.

The permeationperformance of the PVChollowfibremembranes
was tested with four gases: oxygen, nitrogen, carbon dioxide and
methane.

2. Experimental

2.1. Membrane spinning

Asymmetric PVC hollow fibre membranes intended for gas
separation were fabricated using a dry/wet spinning process with

mailto:simon.shilton@strath.ac.uk
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Table 1
General spinning conditions.

Spinneret dimensions OD 635 mm, ID 229 mm aspect ratio
(length to gap) 1.4

Internal coagulant composition 20% (w/w) potassium acetate in water
(water activity 0.9)/water

Internal coagulant temperature 20 � 2 �C
Dope extrusion rate 2.0e2.5 cm3/min
Dope extrusion rate:internal

coagulant injection rate
3:1

Forced convection gas Nitrogen
Forced convection flowrate 4 L/min

3 impingement jets
Forced convection chamber height 5e6 cm
Forced convection temperature 20 � 2 �C
External bath composition Water
External bath temperature 14 � 0.5 �C
Jet stretch ratio (wind-up speed:

extrusion speed)
1:1

Table 3
Intrinsic permeation properties of PVC to a number of gases (various sources).

Source
[ref.]

Permeabilty coefficient � 1010

(cm3(STP)cm/s cm2 cmHg)
Intrinsic selectivity

PO2 PN2 PCO2 PCH4 PO2/PN2 PCO2/PCH4

[1] 0.07 0.01 0.25 e 7.0 e

[2] 0.124 0.022 0.540 0.024 5.6 22.5
[3] e e e e 5.0 20.0
[4] e 0.00945 0.243 0.0108 e 22.5
[4] e 0.00668 0.184 0.00850 e 21.6
[11] 0.12 0.04 1.0 e 3.0 e

[12] e 0.028 0.32 0.06 e 5.33
[13] 0.05 0.01 0.15 0.025 5.0 6.0
[14] e e 0.16 0.0106 e 15.1
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forced convection in the dry gap. The spinning dope consisted of
four components: PVC (Aldritch, Mwt 43,000), N,N dimethylace-
tamide (DMac), tetrahydrofuran (THF) and ethanol. THF is a highly
volatile solvent and evaporates quickly during forced convection.
Non-solvent, ethanol is present in the dope to speed up precipita-
tion. Both effects are thought to assist skin formation. The forced
convection chamber was positioned immediately underneath the
spinneret from which the filament was extruded vertically down-
wards. The chamber, a cylinder (diameter 5 cm and various
heights), was flushed with nitrogen gas. The nitrogen was intro-
duced through three ¼" tubes 120� apart that each abutted upon
the chamber normal to the surface at mid-height. Full details of the
hollow fibre membrane spinning and preparation procedures can
be found in a previous paper [8]. General spinning conditions are
found in Table 1.

2.2. Gas permeation

The membranes were potted into modules and tested before
and after coating with polydimethylsiloxane (Sylgard 184, Dow
Corning). Coating is a standard technique that repairs any small
defects or pores that exist in the membrane active layer [10]. The
pressure-normalised fluxes of the fibres were measured for O2, N2,
CO2 and CH4 at 25 �C and at a pressure drop of 5 bar. Membrane
selectivities were determined by taking the ratio of pressure-nor-
malised fluxes. Values were the average of at least six modules
tested.

3. Results and discussion

Table 2 shows the gas permeation performance of PVC hollow
fibres spun at high and low polymer concentration. The low
concentration spun membranes exhibit disappointing selectivities
characteristic of Knudsen diffusion for both uncoated and coated
fibres. Pressure-normalised flux is greatly reduced on coating for
these samples indicating that pores have been plugged. However,
the low coated selectivities for the low concentration spun fibres
Table 2
PVC hollow fibre membrane gas permeation properties.

Fibre
type

Dope composition
% w/w PVC/THF/
DMac/ethanol

Uncoated pressure-normalised flux

PO2 � 106

(cm3(STP)/s
cm2 cmHg)

PN2 PO2/PN2
selectivity

PVC-L 24/7/53/16 3754 4227 0.888
PVC-H 28/6/50/16 e e e
suggest a morphology of thick skins and high surface porosity
where Knudsen diffusion through the open pore length beneath the
PDMS plugs, is the dominant flow mechanism.

The coated data for the high concentration spun hollow fibres
show much higher selectivities indicative of low-defect solution
diffusion driven membranes. Literature based permeability coeffi-
cients and intrinsic selectivities of gases in PVC are given in Table 3.
The data is diverse but the O2/N2 intrinsic selectivity is reasonably
consistent with an average value of 5.12. The O2/N2 selectivity of the
high concentration spun membranes given in Table 2 has a value of
4.2which is greater than 80% of the intrinsic selectivity value of 5.12.
Pesek and Koros proposed that if the selectivity of a membrane is
greater than 80% of the intrinsic value, then a sensible estimation of
active layer thickness can be made through the permeability coef-
ficient as solution diffusion will be the predominant mode of
transmission [15]. Adopting this ‘80% rule’, taking the oxygen pres-
sure-normalised flux from Table 2 and using the average perme-
ability coefficient for oxygen from Table 3, gives an estimated active
layer thickness of 532Å. This, coupled with low surface porosities
(negated through coating), indicates a much more favourable
membrane structure for the high concentration spun material.
Information regarding fine structural details is included in Table 4.
A more complete resistance modelling analysis could have been
carried out to determine more detailed structural details [16] but
given the disappointing performance of the low concentration spun
material, this would have been overkill for this work.

The contrasting structures of the two membrane types studied
here may relate to rheological and phase inversion effects during
spinning. Table 4 gives the dope extrusion rates, hence the levels of
shear rate experienced by the polymer solutions during extrusion,
and the residence times of the filaments in the forced convection
chamber during spinning. A higher dope extrusion rate imparts
a greater shear rate in the polymer solution at the wall of the
spinneret during extrusion. This has been shown to cause thinner
more oriented and hence more selective active layers to be
produced [17,18]. Also, within the range studied here, a reduced
residence time in the forced convection chamber may prevent the
active layer from overgrowing [18]. Both effects are consistent with
the superior structure and performance of the high concentration
PVC spun membranes reported here. In addition, the polymer
Coated pressure-normalised flux

PO2 � 106

(cm3(STP)/s
cm2 cmHg)

PN2 PCO2 PCH4 PO2/PN2
selectivity

PCO2/PCH4
selectivity

17 16 24 26 1.057 0.937
1.71 0.41 6.64 0.74 4.2 9.0



Table 4
PVC hollow fibre spinning conditions and membrane structure.

Fibre
type

Dope composition
% w/w PVC/THF/
DMac/ethanol

Dope extrusion rate
(cm3/min)

Jet stretch
ratio (e)

Forced convection
residence time (s)

Membrane fine structural details

Active layer
thickness (Å)

Surface porosity �106

(m2/m2)

PVC-L 24/7/53/16 2 1 0.5 Thick Prohibitively high
PVC-H 28/6/50/16a 2.5 1 0.33 532Å Moderate

a dope reservoir kept warm to maintain spinnable dope viscosity.
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content in the low concentration spun fibres may insufficient for
proper skin coalescence to occur [19]. This would be consistent
with greater surface porosities in these samples.

4. Conclusions and recommendations

The PVC hollow fibres spun from the high concentration dope
exhibit properties suitable for the separation of gases with healthy
selectivities being achieved for both the O2/N2 and CO2/CH4 sys-
tems. This work represents a ‘sighting shot’ in the development of
PVC hollow fibres for gas separation and relates to the ultimate
desire to develop membranes for oxygen/ozone separation. Whilst
preliminary tests have indicated that the high concentration spun
membranes produced in this work are capable of achieving a degree
of separation for theO2/O3 system [20], further research is underway
to improve PVC membrane quality and oxygen/ozone gas testing
protocols.
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Novel copolyesters have been prepared by polycondensation and by melt mixing of poly(butylene tere-
phthalate) with an ethoxylated bisphenol S. No side reactions occur during the synthesis of the samples, as
proved by NMR analysis. The polyesters were examined by TGA and DSC. The insertion of the bisphenol S
(sulfonyldiphenol) group significantly improved the thermal stability of the polymer. The thermal analysis
carried out using DSC technique showed that the Tm of the copolymers decreased with increasing co-unit
content, differently from Tg, which on the contrary increased, exceeding in some cases 100 �C, and crys-
tallization rate decreased. A polymer containing only terephthalate moieties and ethoxylated bisphenol S
has been prepared for the first time.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Terephthalate polyesters are widely used as engineering ther-
moplastic materials due to their good chemical resistance, high
thermal and dimensional stability, high strength and rigidity
coupled with good surface hardness and gloss [1]. These polymers
have found the main applications in precision moulding for elec-
trical and electronic devices, domestic and office appliances and
automotive parts. Poly(butylene terephthalate) (PBT) is the most
widely used terephthalate polyester as engineering thermoplastic
due to its high crystallization rate and high crystallinity which
imparts good solvent and hydrolysis resistance. Themain drawback
of terephthalate polyesters lies in their low impact resistance
especially at low temperatures. On the contrary, one of the most
important features of bisphenol A polycarbonate (PC) is its high
impact resistance, even at low temperatures. It is reported in the
literature [2,3] that the high impact resistance of PC can be ascribed
to its capability to absorb high impact energy which, in turns, has
been correlated with secondary transitions involving cooperative
motions of bisphenol A (BPA) units that take place at very low
temperature (Tg¼ �105 �C from dynamic mechanical analysis [2]).
However, PC presents poor solvent resistance. For these reasons
blends of PC with PBT are industrially used for applications where
low temperature impact resistance and solvent resistance are both
required, as for example, in car bumpers.
þ390512090322.
onna).
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Bisphenol A cannot be directly incorporated in the polyester
main chain since aromatic diols are not active in esterification
reactions with terephthalic acid or dimethyl terephthalate and
therefore has to be modified in order to be inserted in the polyester
backbone during a normal polycondensation process [1].

We have reported [4,5] that the insertion of bisphenol A (BPA)
units inside a terephthalate polyester leads to an increase in glass
transition temperature and in thermal stability of PBT, PET and PPT.
Similar results have been reported by Koning et al. [6] on block
copolymers obtained by solid state polymerisation. The approachwe
have followed consists in the derivatization of BPA via ethoxylation
and the functionalized BPA was used directly in melt mixing with
terephthalate polyesters. We studied bis(hydroxyethyl ether) of
bisphenol A (BHEEB), since several easy and low-cost routes for the
synthesis of BHEEB are reported in the literature [7e11], for example
by reaction between ethylene carbonate (ETC) and BPA [7] and by
reaction of PC, ethylene glycol and ETC in presence of sodium
hydroxide. The reaction of BPA with ETC permits the preparation of
ethoxylatedbisphenol Awithout the formation of aliphaticealiphatic
ether linkages as usually observed when ethylene oxide is used. The
insertion of ethoxylatedBPAunits in the polyester backbonehas been
performedduring the polymerisationor bymeltmixing,which inour
opinion is themost interestingmethodwhena lowamountofdiolhas
to be incorporated in order to obtain semicrystalline materials. Melt
mixing allows recycled terephthalatepolyesters tobeusedandcanbe
performed in shorter reaction times compared to the full polymeri-
sation procedure.

It has been reported [12] that the insertion of sulfonyldiphenol
units (bisphenol S, BPS) leads to a more consistent improvement in
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Tg of terephthalate copolyesters with respect to the use of BPA
derivatives. This behavior has been attributed to the higher rigidity
of the BPS unit since in this molecule it is not possible to bend the
CeSeC bonds due to the presence of SeO double bonds. Recently,
the synthesis of copolyesters based on terephthalic acid, ethylene
glycol, cyclohexane dimethanol and bis(hydroxyethyl ether) of
bisphenol S (BHEBS) has been patented by Turner and Sublett from
Eastman Kodak [13]. They reported that the PETG copolymers with
BHEBS present higher Tg and improvements in environmental
stress cracking resistance after lipid exposure. They also claim the
use of butanediol as monomer but always in combination with
another aliphatic glycol. Therefore, it is of interest for the industrial
and scientific community the study of the effect of these units on
other polyesters and the properties of a polymer containing only
terephthalate-BHEBS (BHEBST) units.

The aim of our work was to prepare semicrystalline copolymers
containing bisphenol S moieties. To the best of our knowledge, the
literature does not report a complete and systematic study of the
synthesis and of the properties of terephthalate polyesters con-
taining BHEBS units.

In this paper we report the synthesis of poly(butylene tere-
phthalate) containing BHEBST units and the chemical and thermal
characterization of the copolymers synthesised. The synthesis of
the polyesters have been performed both by melt mixing of PBT
with BHEBS and subsequent polycondensation under vacuum, and
by melt polycondensation starting from monomers. It has to be
emphasized that the synthesis of a polyester containing only
terephthalate and ethoxylated bisphenol S units (PBHEBST) has
been never carried out before.

2. Experimental

2.1. Materials

Poly(butylene terephthalate) (PBT, Valox 315, Mw 125000) was
a gift of SABIC Innovative Plastics. PBTwas dried overnight at 120 �C
under vacuum before use. ETC, BPS, DMT, butanediol (BD) and
Titanium butoxide (TBT) (all from Aldrich Chemicals) were high
purity products and were not purified before use.

2.2. Gel-permeation chromatography

Molecular weight data were obtained by gel permeation chroma-
tography at 30 �C using a 1100 Agilent Series systemwith a UV spec-
trophotometer (at 254 nm wavelength) as detector, equipped with
Agilent PLgel 5m MiniMIX-C column (250/4.6 length/i.d., in mm). A
mixture of chloroform/1,1,1,3,3,3-hexafluoro-2-propanol (CHCl3/HFIP)
(95/5 v/v) was used as eluent with a 0.3 mL/min flow, and sample
concentrations of about 2 mg/mL were applied. A molecular weight
calibrationcurvewasobtainedwithseveralmonodispersepolystyrene
standards in the range of molecular weight 2000e200,000 g/mol.

2.3. NMR spectroscopy

1H NMR and 13C NMR spectra were recorded with a Varian XL-
300 spectrometer (chemical shifts are downfield from tetrame-
thylsilane (TMS)). The solvent was CDCl3 for monomers and
a mixture of CF3COOD/CDCl3 (20/80, wt.-%) for the polymers.

2.4. Thermal analysis

2.4.1. TGA measurements
Thermogravimetric curves were obtained both in air and under

nitrogen atmosphere using a Perkin Elmer TGA7 apparatus (gas
flow: 50 mL/min) at 10 �C/min heating rate up to 900 �C.
2.4.2. DSC measurements
Calorimetric measurements were carried out by means of

a Perkin Elmer DSC7 instrument equipped with a liquid sub
ambient accessory and calibrated with high purity standards
(indium and cyclohexane). With the aim of measuring the glass
transition and the melting temperatures of the polymers under
investigation, the external block temperature control was set at
�60 �C and weighed samples of c.a. 10 mg were encapsulated in
aluminum pans and heated to about 40 �C above fusion
temperature at a rate of 20 �C/min (first scan), held there for
3 min, and then rapidly quenched to �10 �C. Finally, they were
reheated from �10 �C to a temperature well above the fusion
temperature of the sample at a heating rate of 20 �C/min (second
scan). The glass-transition temperature Tg was taken as the
midpoint of the heat capacity increment Dcp associated with the
glass-to-rubber transition. The melting temperature (Tm) and
the crystallization temperature (Tc) were determined as the peak
value of the endothermal and the exothermal phenomena in the
DSC curve, respectively. The specific heat increment Dcp, asso-
ciated with the glass transition of the amorphous phase, was
calculated from the vertical distance between the two extrapo-
lated baselines at the glass transition temperature. The heat of
fusion (DHm) and the heat of crystallization (DHc) of the crystal
phase were calculated from the areas of the DSC endotherm and
exotherm, respectively. In order to determine the crystallization
rate under non-isothermal conditions, the samples were heated
at 20 �C/min to about 40 �C above fusion temperature, kept
there for 3 min and then cooled at 10 �C/min. The temperature
corresponding to the maximum of the exothermic peak in the
DSC cooling-curve (Tcc) can be correlated to the crystallization
rate.

2.5. Syntheses

2.5.1. BHEBS synthesis from BPS and ETC
The reaction was carried out in a 500 mL three-neck round-

bottom flask equipped with a nitrogen inlet and a reflux condenser.
BPS (125 g; 0.50 mol), ETC (90.0 g; 1.02 mol) and K2CO3 (0.30 g;
2.83 mmol) were mixed under a stream of nitrogen. The mixture
was heated at 220 �C for 2 h following the progress of the reaction
by thin layer chromatography. The crude product was crushed into
powder andwashed three timeswith a 2M solution of KOH inwater
and twice with water (yield 95%).

1H NMR analysis (solvent CDCl3): d (ppm downfield from TMS)
7.8 (4H, d), 6.90 (4H, d), 4.10 (4H, t).

2.5.2. Synthesis of copolyesters by melt mixing of PBT with BHEBS
The melt mixing of PBT and BHEBS was performed in a Bra-

bender Plasticorder PL2000/W50. 50.0 g of PBT were charged in
the Brabender mixer heated at 245 �C. After the complete mel-
ting of the polymer, BHEBS and 100 ppm of TBT catalyst (as
titanium with respect to the final terephthalate polyester) were
added and the mixing chamber closed with a cover to seal the
mixer.

The reactions were performed in two stages; in the first one,
carried out at atmospheric pressure for 15 min, the alcoholysis of
the polyester by BHEBS took place. In the second stage, the pres-
sure was carefully reduced down to 2 mbar in 30 min and buta-
nediol was distilled off from the mixing chamber and recovered in
a condenser. The reactionwas stopped when no further increase in
the torque signal was observed. The second stage time varied from
30 min to 2 h depending on the BHEEB amount added. The copo-
lyesters obtained and analyzed in this work will be indicated as
PBT/BHEBSTX, where X is the amount of BHEBST co-units exp-
ressed as mol %.
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Table 1
PBT/BHEBST copolymers prepared by reactive blending at 245 �C.

BHEBS
Feed (mol%)

BHEBS inserted
(mol %)

Second stage
time (h)

Mw GPC
(g/mol)

Mn GPC
(g/mol)

5 4.9 2 52660 30350
10 10.1 2 63740 37500
20 19.9 2 41370 18960
50 49.5 3 33590 14570
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2.5.3. Polyester syntheses from BHEBS, dimethyl terephthalate and
butanediol

The synthesis of the copolymers was also performed starting
from the monomers according to the standard two-step procedure
for polyester synthesis [14].

DMT (50.0 g; 257 mmol), BD (29.6 g; 329 mmol), and BHEBS
were introduced in a 250 mL three-neck round-bottom flask
provided with mechanical stirring, a torque meter, a Dean Stark
condenser and a 20 cm reflux column heated at 60 �C. TBT
(100 ppm as titanium with respect to the final polymer) was
added to the reagents and the flask was placed in an oil bath at
150 �C. The temperature was then increased to 230 �C over
30 min and kept at that temperature until no significant increase
in distillate volume was observed (120 min from the catalyst
addition). By 1H NMR analysis, no BHEBS was found in the
distillate. The Dean Stark condenser was removed and the reactor
was connected with a liquid nitrogen cooled trap. The reaction
temperature was then increased to 245 �C and dynamic vacuum
was slowly applied. The reaction was conducted at 1 mbar until
no increase in torque signal was observed (150 min from vacuum
application). The chemical structure (by 1H NMR), molecular
weight (by GPC), and colour of the final polymer do not signifi-
cantly differ from that of the polymer obtained by reactive
blending.

A polymer from DMT and BHEBS was synthesised using the
same procedure described above. In this case a 5 mol% excess of
BHEBS with respect to DMT was used. The reaction was conducted
for 2 h at 215 �C at atmospheric pressure and for 170 min at 245 �C
under dynamic vacuum (1 mbar).
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OOm
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CH2 S
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O
CCH2HO OOm
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CH2CH2 CH2OO O
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Fig. 2. Insertion of ethoxylated BPS units inside the
3. Results and discussion

BPS can be easily ethoxylated in very high yields by reaction
with ethylene carbonate (Fig. 1).

The insertion of ethoxylated BPS inside the polyester can be
performed either by melt mixing with the polyester (and subse-
quent polycondensation to reach high Mw) (Fig. 2) or starting from
monomers. We have performed mainly the first route but we have
also successfully tested the second method. 1H NMR and 13C NMR
analysis showed no significant differences (end-groups, side reac-
tions and degree of randomness) in the chemical composition of
the polymers obtained with the two methods Table 1.

The BHEBS insertion by reactive blending is quantitative and no
side reactions have been observed. For example, the 1H NMR
spectrum of PBT/BHEBST20 is reported in Fig. 3. The NMR spectrum
shows only the expected peaks of the PBT and of the BHEBST units
according to the assignment of the peaks reported on top of Fig. 3.
No peak due to side reactions (for example vinyl end-groups) has
been found in the NMR spectrum. The amount of BHEBS inserted
has been calculated comparing the peak of the bisphenol S units at
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Fig. 3. 1H NMR of PBT/BHEBST20.
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d ¼ 7.0 ppm (4H) with that of the terephthalate group at
d ¼ 8.1 ppm (4H) after dissolution of the polymer in a mixture of
CHCl3/CF3COOH 80/20 (v/v) and precipitation in methanol.

The distribution of BHEBST units along the polyester chain is
random as verified by 13C NMR (see as an example PBT/BHEBST50
copolymer in Fig. 5). In this case fourdifferent triads canbe formedby
reaction between the two diols (butanediol labeled B and BHEBS
labeled S) and the terephthalate unit (T) (Fig. 4). According to Fig. 5, in
13C NMR spectrum the triad SeTeS should give rise to a single signal
of the carboxyl groups (a in Fig. 5) andof the aromatic carbonbonded
to the carboxyl groups (b in Fig. 5). Also the triad BeTeB should give
rise to a single signal. On the contrary, both the triad SeTeB and
BeTeS should give rise to two different signals in 13C NMR analysis.
Taking into account that in PBT/BHEBST50 polymer the unit B and S
are present in equal amounts and that the two signals of the triads
SeTeB and BeTeS are equivalent, if the co-monomers are randomly
distributed along the polymer chain, four signals of equal intensity
should be present, since the four triads are equally probable. Indeed,
the two expansions in Fig. 5 show that four signals of the same
intensity are present, indicating that the expected random distribu-
tion of co-monomeric units have been achieved.

The polyester from DMT and BHEBS has been prepared by
a standard two steps melt process using TBT catalyst. The final Mw

of the polymer was 30 000 g/mol (measured by GPC). The 1H NMR
spectrum in Fig. 6 shows only the expected peaks. Again, no side
reaction was detected by 1H NMR analysis. End groups are mainly
methyl ester while a small amount of BHEBS end-groups has been
found. As mentioned in the Introduction, this is the first synthesis
reported in the literature of BHEBS terephthalate polyester.

The copolyesters and the two parent homopolymers were
preliminarily examined using thermogravimetric analysis. Investi-
gation of the thermal stability was carried out both in air and under
nitrogen atmosphere. Typical weight-loss curves as a function of
temperature under nitrogen atmosphere are shown in Fig. 7a. As it
CH2 CH2 O S
O

O
O CH2 CH2 O C

O

S

Fig. 4. Repeating units in P
can be seen, PBT/BHEBST5 sample shows a thermal stability similar
to that of pure PBT, whereas in the case of the copolymers con-
taining from 10 to 50 mol % of BHEBST co-units, the thermal
stability appears to depend on composition, being higher as
BHEBST unit content is increased. Furthermore, it can be noted that
for all the samples in Fig. 7a, the weight-loss takes place almost
completely in one-step, except for pure PBHEBST whose TGA curve
shows two weight-loss steps.

Lastly, the thermogravimetric curve of PBT is characterized by
a very low char residue (5%), whereas that of pure PBHEEBT shows
the highest char residue among all the samples under investigation
(25%). As far as the copolymers are concerned, the char residue
appears to depend on composition, increasing as the amount of
BHEBST co-units is increased. An analogous dependence on
composition of the thermal stability was observed in air (see
Fig. 7b), even though all the samples are characterized by a weight-
loss of 100% and the thermal degradation process takes place
always in two separate steps, the latter one being more evident as
higher is the amount of BHEBST unit in the polymeric chain. The
improved thermal stability of PBT by introduction of BHEBST units
along the polymeric chain may be explained as due to the steric
hindrance and high stiffness of the co-units, which prevent thermal
degradation reactions, which usually occur in polyesters when
heated [15,16]. An analogous result was obtained previously by us
investigating the effect of the introduction of the 2,2-bis[4-(ethyl-
enoxy)-1,4-phenylene]propane terephthalate co-monomeric units
on the thermal stability of PBT [5].

The polyesters were afterwards examined by differential scan-
ning calorimetry: the influence of molecular weight (Mw) on the
glass transition and melting phenomena of the samples under
investigation can be excluded, having PBT, PBHEBST and
PBT/BHEBST polyesters of high and similar Mw values. It is well
established that the melting behavior of a polymer is affected by its
previous thermal history and therefore, in order to provide the
C O
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CH2 CH2 CH2 CH2 O C
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C O
O
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n-m

T B T

BT/BHEBST polymers.



Fig. 5. Expansion of 13C NMR of PBT/BHEBST50.
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same heat treatment to all the samples investigated, prior to
thermal analysis each sample was kept at room temperature for
about 4 weeks. The DSC traces of the so-treated samples are
reported in Fig. 8 and the results obtained in Table 2.

In all cases, a glass transition and a melting endotherm are
evident, with exception of PBHEBST, whose DSC trace is charac-
terized only by an endothermal baseline deviation associated with
the glass transition phenomenon. First of all, it has to be empha-
sized that the phase behavior of the two parent homopolymers is
opposite: PBT is semicrystalline, whereas PBHEBST is completely
amorphous. As it is well known, the crystallization capacity of
a polymer is correlated with several factors, such as the symmetry
and the flexibility of the polymeric chain. In PBHEBST the presence
of the very rigid bisphenol S group causes a drastic reduction of
flexibility, hindering completely the ability of crystallizing of this
polymer.

As far as themelting phenomenon is concerned, the calorimetric
results indicate that an increase in the amount of the co-monomer
BHEBST leads to a reduction in both of themelting temperature and
the heat of fusion (see Fig. 9a), as usually found in random copol-
ymers with only one co-unit taking part in the crystallization
process. Furthermore, in the copolymers the endotherm region is
Fig. 6. 1H NMR of PB
broader, suggesting the presence of a larger distribution of crys-
tallites with different degree of perfection.

The melting point reduction can be examined in order to esti-
mate the equilibriummelting temperature Tm� and the equilibrium
heat of fusion DHm

� of crystallizable unit. The Flory’s treatment [17],
commonly used in the past and derived assuming that the fusion
concerns the disappearance of long sequences of crystallizable
units, underestimates the melting point depression of random
copolymers. As a matter of fact, the concentration of long
sequences decreases with increasing co-unit content, and the
experimental Tm values are consequently lower than those postu-
lated by the theory. On the contrary, the equation proposed by Baur
[18] takes into account the effect of sequence length of crystalliz-
able units which can crystallize onlywhen their length corresponds
to the crystal thickness. Baur’s equation is given by [18]:

1=Tm ¼ 1=To
m � �

R=DHo
m
�ðlnxC � 2xCð1� xCÞÞ (1)

where Tm is the melting temperature of a random copolymer with
molar fraction xC of crystallizable co-monomer C, Tm� is the equi-
libriummelting temperature of the homopolymer (in this case PBT)
and R is the gas constant. On the basis of equation (1), the Tmswere
HEBST polymer.



Fig. 7. TGA curves of (1) PBT, (2) PBT/BHEBST5, (3) PBT/BHEBST10, (4) PBT/BHEBST20, (5) PBT/BHEBST50, (6) PBHEBST at 10 �C/min in: (a) nitrogen; (b) air.

Fig. 8. Calorimetric curves of PBT, PBHEBST and their random copolymers (1st scan).

Table 2
Thermal characterization data of PBT/BHEBST random copolymers (enthalpy has not bee

Sample T10%a (�C) T50%b (�C) 1st scan 2nd scan

Tm (�C) DHm (J/g) Tg (�C)

PBT 378 403 224 57 41
PBT/BHEBST5 381 406 216 54 46
PBT/BHEBST10 384 410 207 45 50
PBT/BHEBST20 389 424 188 34 61
PBT/BHEBST50 394 449 150 19 94
PBHEBST 411 470 e e 122

a T10% temperature at which the sample loose 10% of its weight.
b T50% temperature at which the sample loose 50% of its weight.
c Tcc temperature corresponding to the maximum of the exothermic peak in the DSC
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reciprocally plotted against e[lnxC�2xC(1�xC)] in Fig. 9b and the
equilibrium melting temperature and the heat of fusion for
the completely crystalline PBT were extrapolated. As can be noted,
the plot shows a good linearity and this result can be considered
a further proof of the randomnature of the copolymers investigated
aswell asof theexclusionof the co-units fromthecrystalline latticeof
PBT.The Tm� and the DHm

� values estimated on the basis of Baur’s
equationwere found tobe228 �Cand122 J/g, ingoodagreementwith
the ones reported in the literature for PBT homopolymer [19e21].

It is known that a partially crystalline material usually exhibits
a different glass transition behavior than the analogous completely
amorphous material. In fact, although some conflicting results are
reported in the literature [22], crystallinity usually acts like cross-
linking and raises Tg through its restrictive effect on segmental
motion of amorphous polymer chains. Therefore, in order to study
the influence of the chemical structure on the glass transition of
random copolymers, the phenomenon should be examined in the
total absence of crystallinity. Rapid cooling (quenching) from the
melt is the method commonly used to prevent crystallization and
to obtain polymers in a completely amorphous condition. In this
view, all the samples under investigation were subjected to such
thermal treatment (see the Experimental section for the details).
The calorimetric curves of the polymers so treated are reported in
Fig. 10. In all cases, except for PBHEBST and PBT/BHEBST50, the
calorimetric traces show a glass transition followed by an
exothermal “cold crystallization” peak and a melting endotherm at
higher temperature. As far as PBT and the PBT/BHEBST copolymers
poor in BHEBST units (up to 5 mol %) are concerned, the enthalpy
associated with the crystallization phenomenon is lower than that
of the fusion endotherm, indicating that these samples cannot be
frozen into a completely amorphous state by quenching. Never-
theless, a portion of amorphous material, once Tg is exceeded,
acquires enough mobility to rearrange and crystallize. The DSC
curves of such samples are therefore typical of partially crystalline
n normalized by composition).

Tccc (�C)

Dcp (J/g�C) Tc (�C) DHc (J/g) Tm (�C) DHm (J/g)

0.085 47 4 223 56 196
0.226 59 27 213 52 183
0.313 80 34 204 35 167
0.327 119 26 186 26 144
0.331 e e e e e

0.325 e e e e e

cooling-curve.
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polymers. As a matter of fact, it is well known that PBT cannot be
frozen in a completely amorphous glassy state, due to its high
crystallization rate [23].

In the case of PBT/BHEBST10 and PBT/BHEBST20, the enthalpy of
crystallization very well compares with the corresponding heat of
fusion, indicating that the polymers were completely amorphous.
As regards the calorimetric curves of pure PBHEBST and copolymer
containing 50 mol % of BHEBST units, only an intense endothermal
baseline deviation associated with the glass transition is observed.
The phase behavior of copolymers was found to depend on
composition: in fact, samples able to crystallize during the scan are
obtained exclusively at high PBT content.
Fig. 10. Calorimetric curves of PBT, PBHEBST and PBT/BHEBST random copolymers
after melt quenching.
As can be seen in Fig. 11 and from the data collected in Table 2,
the glass transition temperature is influenced by the amount of
BHEBST units in the polymer chains. The Tg values associated with
the glass transition are plotted in Fig. 11 as a function of BT unit
content together with those of random PBT/BHEEBT copolymers
previously investigated [5]. As far as the trend of the glass transition
temperature with the composition of PBT/BHEBST copolymers is
concerned, one can observe that Tg values increase as BHEBST unit
content is increased, due to the stiffening effect of the moieties
deriving from bisphenol S in the polymeric chain. Comparing the
data of the two copolymeric systems, it can be evicted that the
increment of Tg is more consistent for PBT/BHEBST copolymers, due
to the higher rigidity of bisphenol S compared to bisphenol A.

In amorphous random copolymers, Tg is usually a monotonic fun-
ction of composition [24] and the commonest relationship used to
predictTgasa functionof comonomercontent is theFoxequation [25]:

1=Tg ¼ wI=TgI þwII=TgII (2)
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Fig. 11. Composition dependence of Tg for (A) PBT/BHEBST and (C) PBT/BHEEBT
(from ref. 5) random copolymers; theoretical curve of Tg vs. composition calculated on
the basis of Fox equation.
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where TgI and TgII are the glass transition temperatures of the pure
homopolymers and wI and wII the respective weight fractions. As
showninFig.11, theFoxequationaccuratelyfits theexperimentaldata,
using for PBHEBST the glass transition temperature experimentally
measured by us, and fixing for PBT the value of 37 �C reported in the
literature [23]. Its applicability can be considered an evidence of the
random nature of the copolymers under investigation.

Lastly, in order to get preliminary results on the effect of
composition on the crystallization rate of PBT, non-isothermal
experiments were carried out, subjecting the samples to the
thermal treatment described in the Experimental Section. It is
worth remembering that the half-time of primary crystallization in
isothermal experiments correlates with the temperature corre-
sponding to the maximum of the crystallization peak in non-
isothermal experiments (Tcc) [26], being this latter more easily
obtainable. The exothermic crystallization peaks of the samples
under investigation are reported in Fig. 12, with the exception of
pure PBHEBST and PBT/BHEBST50 copolymer, these samples being
not able to crystallize even though cooled from the melt at very low
rate (1 �C/min). From the inset, where the Tcc values are reported as
a function of composition, it can be observed that the temperature
corresponding to the maximum of the exothermal crystallization
peak regularly decrease as the BHEBST unit content is increased.

This trend indicates a decrement of the overall crystallization
rate of PBT, due to the presence of the co-units (BHEBST), which act
as obstacles in the regular packing of polymer chains. This behavior
can be explained taking into account that the presence of bisphenol
S groups increases the difficulty of close packing to form a crystal-
line array.

4. Conclusions

Our research showed that the insertion of bisphenol S units
inside terephthalate polyesters backbone provides an efficient
route to vary in a proper way the thermal properties. Copolymer
composition turns out to be an important parameter in deter-
mining the characteristics of the samples under investigation.

In particular, such a chemical modification induces:

- a significant increase of the thermal stability, which widens the
processability window;

- a decrease of the melting temperature, due to a limit to the
lamellar thickness as a result of the presence of BHEBST chain
segments. In fact, in the presence of these ones, the envisaged
mode of chain attachment does affect the driving force term as
well as the barrier, preventing the formation of very thick
crystallites;

- a significant increase of the glass transition temperature, which
in some copolymers exceeds 100 �C value;

- a decrease of the crystallization rate, due to the rejection of the
stiff BHEBST co-units in the amorphous phase.
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A straightforward synthesis of silver nanoparticles (mean diameters well below 4 nm) with a “graft-to”
polystyrene shell (PS@Ag) is described and different synthesis routes are compared. In addition to
standard methods like TEM, XRD, UV/Vis and DSC the hybrid material has also been characterized by gel
permeation chromatography (GPC).

Long-term stable hybrid materials with silver contents up to 18 wt-% have been realized. The
exceptional stability allows industrial-scale processing by melt extrusion. No aggregation or agglomer-
ation of silver nanoparticles is observed after melt co-extrusion with conventional polystyrene at 190 �C.
The co-extruded blends with silver nanoparticle contents up to 1 wt-% show a homogenous dispersion of
nanoparticles in the polystyrene matrix. The synthesis route has also been applied to PS-block-PMMA
stabilized silver nanoparticles and to copper to yield polystyrene-stabilized copper nanoparticles with
diameters well below 3 nm.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Nanoparticles have gained significant interest in fundamental
research as well as in technical applications. One important class of
nanoparticles is metal nanoparticles, which have been utilized for
numerous applications, eg. in the field of catalysis [1e5], for optical
modulations [6e9] and for antibacterial coatings [10,11]. Due to
their immense surface energy, metal nanoparticles have a strong
inherent tendency to aggregate and agglomerate. This limits most
industrial applications of nanoparticles especially in catalysis, due
to the surface dependency of chemisorption [12].

Most strategies of aggregation prevention are based on fixation
on surfaces [13], in a matrix [14] or by functionalization with
a surfactant. Awide array of surfactants has been realized, e.g. small
organic molecules like citrates [15], mercaptanes [16] and phos-
phines [17] or large surfactants like polymers [18e21].

Graftingofmetal nanoparticleswith apolymer can be realized by
“grafting from” or “grafting to” methods. “Grafting from” methods
can be accomplished by functionalizing a metal nanoparticle with
polymerization initiators, e.g. to coat gold nanoparticles with
a PMMA shell by surface-initiated ATRP [22]. “Grafting to” can be
accomplished by end group or chain functionalization of polymers
with a group which tends to bind to the nanoparticles surface, e.g.
a thiol end group [20] or poly-4-vinylpyridine-blocks to stabilize
fax: þ49 6421 28 25785.
Greiner).

All rights reserved.
gold nanoparticles [21]. A particular grafting of gold nanoparticles
was accomplished recently by immobilization of thiol-functional-
ized vinyl monomers on a gold nanoparticle surface followed by
radical polymerization of immobilized vinylmonomers. This results
in polymer-coated gold nanoparticles carrying a single chemical
functionality introducedwith the initiator [23]. However, scaling up
of this approach is still a challenge.

We wondered whether polymer-compatible metal nano-
particles like silver nanoparticles could be prepared by a straight-
forward approach in large scale for standard polymer processing
techniques like melt extrusion. As a result consideration of theses
we present a highly versatile approach to polymer-coated silver
and copper nanoparticles by synthesizing thiolate-terminated
polymers by anionic polymerization (eg. polystyrene) followed by
in situ reduction of the corresponding metal salts. The resulting
materials show exceptional stability of the contained metal nano-
particles in dispersion as well as in polymer melt. This allows
processing of polymer/metal nanoparticle hybrid materials by
industrial-scale methods like melt extrusion or solvent casting and
thereby novel applications of metal nanoparticles.

2. Experimental section

2.1. Materials

Tetrahydrofuran (THF, BASF) has been purified by distillation
over sodium/molecular sieve (Solvona�) and benzophenone and
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stored under argon. Other solvents have been purified by distilla-
tion. Styrene (BASF) and methyl methacrylate (MMA, BASF) have
been purified by distillation over calcium hydride and stored at
�20 �C under argon. Argon (99.999%, AIR LIQUIDE), ethylene sulfide
(98%, ALDRICH), silver trifluoroacetate (98%, ACROS), copper(II)
acetylacetonate (98%, ACROS), sec-butyllithium (sec-BuLi, 1.4 mol/l
in cyclohexane, ALDRICH), 1,1-diphenylethylene (DPE, 99%, ACROS),
hydrazine (1 mol/l in THF, ALDRICH), Superhydride� (triethylboron
hydride, 1 mol/l in THF, ALDRICH), trifluoroacetic acid (99%, ACROS)
and polystyrene (type 144 C,Mn ¼ 105 g/mol, BASF) have been used
as received.

2.2. Instrumentation

The numbereaverage molecular weights (Mn) and the weighte
average molecular weights (Mw) of pure polymers were deter-
mined by gel permeation chromatography (GPC) using a Knauer
system equipped with a PSSeSDV (10 mm) 50� 8 mm2 column and
two columns 600 � 8 mm2 at 25 �C, a differential refractive index
detector, and a UV photometer using THF as eluent at a flow rate of
0.8 ml/min and linear polystyrene (PSS) as standard. The num-
bereaverage molecular weights (Mn) and the weighteaverage
molecular weights (Mw) of the nanoparticles/polymer hybrid
materials were determined by gel permeation chromatography
(GPC) using a Knauer system equipped with a 50 � 8 mm2 pre-
column, three linear 10 mm SDV columns 300 � 8 mm2 at 25 �C,
a differential refractive index detector, and a UV photometer
measuring at 400 nm (selective for plasmon resonance absorption
of silver) using DMF as eluent at a flow rate of 0.6 ml/min and linear
polystyrene (PSS) as standard. For the diode array detector
measurements, this system was extended with an HP Diode Array
Detector model 1040measuring between 261 and 600 nm between
the UV and RI detector with a flow rate of 1 ml/min 1H
(300.13 MHz) and 13C (75.47 MHz) NMR spectra were recorded on
Bruker Avance 300 A and Avance 300 B spectrometers, respectively,
using CDCl3 as solvent.

Mettler thermal analyzers having 851 TG and 821 DSC modules
were utilized for the thermal characterization of the polymers.
Indium and zinc standards were used for temperature and enthalpy
calibration of the 821 DSC module. Differential scanning calori-
metric (DSC) scans were recorded in nitrogen atmosphere (flowrate
80 ml/min) at a heating rate of 10 �C/min between 25 and 150 �C.
The glass transition temperature (Tg) was taken as the inflection
point of the observed shift in the baseline of the second heating
cycle of a DSC scan. Thermal stability was determined by recording
thermogravimetric (TG) traces in nitrogen atmosphere (flow rate
50 mL/min) using powdered samples. A heating rate of 10 �C/min
and a sample size of 8 � 2 mg were used in each experiment.

The TEMmeasurements have beendone on a JEM3010 by JEOL. A
LaB6-crystal has been used as a cathode at a voltage of 300 kV.
Pictures have been taken with a 4 megapixel CCD camera at
magnifications of 200 000e250 000 for normal measurements and
1.2e1.5 mio for high-resolution TEM (HReTEM) measurements.
Samples have beenprepared fromvery dilute chloroformdispersion
by dip-coating a Quantifoil 300 mesh copper grid with graphite
coating. For size calculation the software ImageJ (version 1.40 g) of
the National Institute of Health, USA, has been used. The mean
particle diameter was calculated from at least 120 particles/sample.

A PerkineElmer Lambda 9 UV/Vis/NIR spectrophotometer was
used for UV/Vis absorption spectroscopy. The concentration of the
samples was between 0.5 and 1.5 g/l, the cuvette length was 0.5 cm.

For XRD a Siemens Diffractometer D50 has been used. Polymer
films have been fixated on a silicon carrier and a step length of
2q¼ 0.05� has been used. The radiation sourcewas CueKa radiation
with a wavelength of 154 pm.
FTeIR spectra have been done with the Digilab Excalibur Series.
The samples in powder formwere put on an ATR unit MIRacle of the
company Pike Technology. As software WinIRPro Version 3.3 from
Digilab has been used.

2.3. Synthesis of macroinitiator

Adry Schlenk tube equippedwith amagnetic stir barwas charged
with 6.1ml of sec-BuLi (1.4mol/l in cyclohexane, 8.5mmol) and 10ml
cyclohexane. The mixture was heated to 40 �C. Styrene (2.0 ml,
17 mmol) was added slowly. After 20 min the deep-red viscous
solution has been cooled to room temperature and stored at�20 �C.

2.3.1. Synthesis of thiolate/thiol-functionalized polystyrene
(PSeSH)

As a general procedure the synthesis and characterization of the
sample PS4400 (Mn ¼ 4400) is described. A dry Schlenk flask
equipped with a magnetic stir bar was charged with 250 ml of dry
THF and warmed to 25 �C. The macroinitiator solution was added
dropwise to remove traces of water until a stable deep-red colour
developed. Another 27.2 ml of macroinitiator solution (3.6 mmol)
was added. After 5 min styrene (14.2 g, 136 mmol) has been added.
After 10min ethylene sulfide has been added dropwise to the deep-
red solution until the colour of the solution changed to a pale
yellow. The solution has been stored at 4 �C.

When using sec-BuLi instead of the macroinitiator, THF is cooled
to �78 �C before and during the reaction. After quenching of water
traces a stable yellow colour developed and the desired amount of
initiator was added. Otherwise the procedure was not changed.

For characterization, part of the solution has beenprecipitated as
thiol-functionalized polystyrene in hydrochloric acid/methanol
(1:10), washed with methanol and water and dried in vacuum at
60 �C overnight. Yield: 13.5 g (95%), Mn ¼ 4400, Mw ¼ 5830, Mw/
Mn¼1.33, Tg¼73 �C, TGA: T5%¼348 �C,1HNMR(300MHz, CDCl3), d/
ppm ¼ 7.40e7.08 (m, 3H, br, PS, C6H5 ), 6.95e6.60 (m, 2H, br, PS,
C6H5), 2.64 (0.05H, br, EtS) 2.50e1.32 (m, 3.1H, br, polymer back-
bone), 0.95e0.73 (m, 0.22H, br, sec-Butyl initiator fragment) 13C
NMR (75 MHz, CDCl3), d/ppm ¼ 145.7 (br), 145.3 (br), 128.0 (br),
125.6 (br), 44.22 (br), 40.4, 31.5, 26.9, 11.2, 11.0, IR (y/cm�1): 3059
(m), 3025 (m), 2922, (s), 2368 (w), 2338 (w),1943 (w),1871 (w),1802
(w), 1739 (w), 1655 (w), 1601 (s), 1543 (w), 1493 (s), 1447 (s), 1369
(m),1323 (ww),1181 (w),1154 (w),1069 (w),1027 (m), 964 (w), 906
(m), 841 (w), 756 (s), 698 (ss), 622 (w), UV/Vis: lmax ¼ 260 nm.

2.3.2. Synthesis of polystyrene-stabilized silver nanoparticles
(PS@Ag)

As a general procedure the synthesis and characterization of the
sample PS4400Ag3.5 is described. A solution of thiolate-functional-
ized polystyrene in THF (sample PS4400, 10 ml, Mn ¼ 4400,
Mw ¼ 5830, 17.9 mmol/l, 179 mmol, 1 eq.) has been synthesized by
the macroinitiator route as described above. A solution of silver
trifluoroacetate in THF (20 ml, 31.1 mmol/l, 627 mmol, 3.5 eq.) has
been added over 20 s under vigorous stirring. Immediately a deep-
brown colour developed. After 30 min the product has been
precipitated in 300 ml of methanol, washed with water and
methanol and dried overnight at 60 �C in vacuum. The product was
isolated as a deep-brown fine powder in quantitative yields in
respect to the polymer.

GPC: UV/Vis-Detector (400 nm):Mn ¼ 53600,Mw ¼ 55200,Mw/
Mn¼1.03, bimodal, (PS@Ag);RIeDetector:Mn¼55470,Mw¼57100,
Mw/Mn ¼ 1.03, bimodal (PS@Ag); Mn ¼ 4400, Mw ¼ 5830 Mw/
Mn ¼ 1.3, monomodal (PSeSH). Tg ¼ 87 �C, TGA: T5% ¼ 369 �C,
mresidue ¼ 12%. 1H NMR (300 MHz, CDCl3), d/ppm ¼ 7.40e7.08 (m,
3.0H, br, PS), 6.95e6.60 (m, 2.0H, br, PS), 2.46e0.79 (m, 3.3H, br, EtS,
PS) 0.73 (m, 0.3H, br, s-Bu) 13C NMR (75MHz, CDCl3): d/ppm¼ 145.7



Fig. 1. 1H-NMR spectra of polystyrene with methanol quenching (lower spectrum) and
with ethylene sulfide quenching (upper spectrum, sample PS4400). The spectra are
identical except for the signal at d ¼ 2.8 ppm marked with a) [24].
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(br), 145.3 (br), 128.0 (br), 125.6 (br), 44.22 (br), 40.4, 31.5, 30.9, 11.2,
11.1 IR: 3060 (m), 3026 (m), 2923 (s), 2849 (m), 2364 (w), 2338 (w),
1943 (w),1870 (w),1802 (w),1735 (w),1655 (w),1601 (s),1542 (ww),
1493 (s), 1450 (s), 1374 (m), 1312 (ww), 1191 (w), 1181 (w), 1154 (w),
1069 (w), 1028 (m), 964 (w), 906 (m), 841 (w), 756 (s), 698 (ss), 621
(w), UV/Vis: lmax ¼ 260 nm (PS), 431 nm (Ag plasmon resonance
absorption), TEM: spherical silver nanoparticles, mean diameter
2.3 � 0.7 nm.

2.3.3. Synthesis of polystyrene-stabilized silver nanoparticles by
superhydride reduction

The synthesis of the sample rPS4900Ag8 is described. A solution
of thiolate-functionalized polystyrene in THF (sample PS4900, 20ml,
Mn ¼ 4900, Mw ¼ 6220, 13.0 mmol/l, 260 mmol, 1 eq.) was
synthesized as described previously. Trifluoroacetic acid (50 ml,
0.7 mmol, 2.7 eq.) was added, followed by addition of a solution of
silver trifluoroacetate in THF (8 ml, 0.25 mol/l, 2 mmol, 8 eq.) over
20 s. Superhydride (1 mol/l in THF, 3 ml, 3 mmol, 11 eq.) was added
dropwise over 20 s under vigorous stirring, immediately a deep-
brown colour developed. After 30 min the product has been
precipitated in 300 ml of methanol, washed with water and
methanol and dried overnight at 60 �C in vacuum. The product was
isolated as a deep-brown fine powder in quantitative yield.

GPC: UV/Vis-Detector (400 nm): Mn ¼ 175900, Mw ¼ 176300,
Mw/Mn ¼ 1.00, monomodal, (PS@Ag); RI-Detector:Mn ¼ 175900,
Mw ¼ 176300, Mw/Mn ¼ 1.00, monomodal (PS@Ag); Mn ¼ 4900,
Mw ¼ 6220 Mw/Mn ¼ 1.27, monomodal (PSeSH), UV/Vis: lmax

absorption ¼ 259 nm, 446 nm. TEM: spherical silver nanoparticles,
mean diameter 1.7 � 0.5 nm.

2.3.4. Synthesis of thiolate-terminated PMMA-PS-blockcopolymer
(PS-PMMA-SH)

Adry Schlenkflask equippedwith amagnetic stir barwas charged
with 20 ml of dry THF and warmed to 25 �C. The macroinitiator
solutionwas added dropwise to remove traces of water until a stable
deep-red colour developed. Another 0.65 ml of macroinitiator
(0.10mmol) solutionwasadded.After5minstyrene (3.4ml,29mmol,
290 eq.) has been added quickly. After further 5 min 1,1-diphenyle-
thelene (90 mg, 0.5 mmol, 5 eq.) has been added dropwise. After
further 5 min methyl methacrylate (0.49 ml, 4.6 mmol, 46 eq.) has
been addedquickly. After 10min ethylene sulfide (12mg, 0.2mmol, 2
eq.) has been added dropwise to the solution.

For analysis, part of the solution has been precipitated as thiol-
functionalized polymer in hydrochloric acid/methanol (1:10),
washed with methanol and water and dried in vacuum at 60 �C
overnight. Yield: 3.2 g (93%), GPC: Mn ¼ 35940, Mw ¼ 52170, Mw/
Mn ¼ 1.45, 1H NMR (300 MHz, CDCl3), d/ppm ¼ 7.26e6.89 (m, 3H,
br, PS), 6.89e6.22 (m, 2H, br, PS), 3.65 (s, 0.34H, br, PMMA),
2.58e0.59 (m, 3.7H, br, PS, PMMA) 13C NMR (75 MHz, CDCl3), d/
ppm ¼ 145.3 (br), 145.2 (br), 128.3, 128.0, 127.9, 127.6 (br), 127.4,
127.3, 125.6 (br), 125.5, 51.8, 44.5 (br), 43.9 (br), 40.6, 40.4, 40.3

Block length calculated from 1H NMR and GPC, Polymerization
degrees Pn: Pn(Styrene) ¼ 306, Pn(MMA) ¼ 41.

2.3.5. Synthesis of silver nanoparticles stabilized by thiolate-
terminated PS-block-PMMA (PS-PMMA@Ag)

To the synthesized solution of the PS-block-PMMA-thiolate
described previously, a solution of silver trifluoroacetate in THF
(c ¼ 35 mmol/l, 10 ml, 350 mmol 1.1 eq.) has been added. Imme-
diately a deep-brown colour developed. The product has been
precipitated in 300 ml methanol, washed with water and methanol
and dried overnight at 60 �C in vacuum. The product was isolated as
a deep-brown fine powder.

Yield: 3.03 g (85%), UV/Vis: lmax ¼ 260 nm, 426 nm. TEM:
spherical silver nanoparticles, mean diameter ¼ 4.3 nm � 1.5 nm.
2.3.6. Synthesis of polystyrene-stabilized copper nanoparticles
(PS@Cu)

A solution of thiolate-functionalized polystyrene PS4400 in THF
(10 ml, Mn ¼ 4400, Mw ¼ 5830, 11.1 mmol/l, 111 mmol, 1 eq.) has
been synthesized as described above. Copper(II)-acetylacetonate in
THF (10 ml, 27.0 mmol/l, 270 mmol, 2.47 eq) has been added. A
solution of hydrazine in THF (1ml, 1 mol/l, 1 mmol, 9.4 eq) has been
added dropwise over 10 min. The precipitating white side product
has been removed by filtration. The clear greenish solution has
been added to a tenfold excess of methanol, the product PS@Cu
precipitated as colourless flakes and has been filtered off, washed
with water and methanol and dried overnight in vacuum at 60 �C.
Yield: 263 mg (52%), UV/Vis: lmax ¼ 252 nm, 310 nm. TEM:
Spherical copper nanoparticles mean diameter 2.2 nm � 0.7 nm.

3. Results and discussion

Anionic polymerization of styrene in THF has been initiated by
a macroinitiator at room temperature, followed by quenching with
ethylene sulfide to yield a thiolate-terminated polystyrene. Unlike
the direct initiation with sec-BuLi, the macroinitiator route allowed
anionic polymerization of styrene at room temperature without
initiator decay, which is convenient for bigger batches or online
synthesis. Using the macroinitiator route, thiol-terminated poly-
styrene has been isolated in near-quantitative yields with molec-
ular weights between 4.000 and 12.000 and polydispersities
generally below 1.4. Using sec-BuLi as initiator at �78 �C, func-
tionalized polymers with molecular weights between 530 and
91.000 with polydispersities generally below 1.3 have been isolated
in quantitative yields. A 1:1 ratio between sec-BuLi and ethylene
sulfide end groups [24] has been found in all cases in the 1H NMR
spectra, as shown in Fig. 1. In the shown example PS4400, a molec-
ular weight of 4500 has been calculated by end group determina-
tion. This is a close match to the GPC measurement of Mn ¼ 4400.
This shows that every polymer chain contains exactly one thiol end
group and no poly(ethylene sulfide) block has been synthesized.

Immediately upon addition of a solution of silver tri-
fluoroacetate in THF, a deep-brown colour developed, characteristic
for silver nanoparticles. Due to the low initiator efficiency of the
macroinitiator of about 35%, it can be concluded that unreacted sec-
BuLi decomposes quickly in the macroinitiator synthesis step to
lithium hydride, which is able to reduce silver cations to silver after
the polymerization step [25]. The formed silver nanoparticles are
stabilized by the thiolate-terminated polystyrene via coordination
of the thiolate group to the silver nanoparticle surface (Fig. 2).
Direct initiation with sec-BuLi does not lead to this spontaneous



Fig. 2. Synthesis of polystyrene-stabilized silver nanoparticles PS@Ag via in situ
reduction of silver trifluoroacetate in THF.

Fig. 4. TEM and HR-TEM of PS@Ag, sample PS4400Ag3.5, from chloroform dispersion.
HR-TEM (left corner) shows lattices of a single silver nanoparticle. The line marks
2.70 nm, the lattice distance here is roughly 240 pm.

S. Bokern et al. / Polymer 52 (2011) 912e920 915
formation of nanoparticles. Unfunctionalized polystyrene leads to
bulk silver formation.

The polystyrene-stabilized silver nanoparticles (PS@Ag) can
undergo common polymer workup by precipitation. The resulting
deep-brown material is fully redispersible in organic solvents and
reprecipitable without apparent limit. Aggregation or agglomera-
tion of particles was not observed in chloroform, dichlormethane,
pyridine, acetone, toluene, DMF, MTBE or peroxide-free THF.

In XRD, a broadened Ag(111) reflex at 2q¼ 38� was observable in
addition to the amorphous halo of polystyrene (Fig. 3). The nano-
particle diameter calculated by the Scherrer equation in this sample
PS4400Ag3.5 is 2.5 nm [26]. In TEM (Fig. 4), the same sample showed
particles with a mean diameter of 2.3 nm, in close agreement with
the XRD measurement. The HReTEM picture showed lattice
distances of around 240 pm, close to the literature value of 233 pm
for Ag(111) [27]. A significant dependency of the mean particle
diameter on mixing speed, reaction time, repeating redispersion/
reprecipitation cycles or polystyrene chain length has not been
observed in any sample.

The UV/Vis spectrum of PS@Ag (Fig. 5) showed absorptions of
both polystyrene and silver nanoparticles [8].

A sample run with different amounts of silver salt in the
synthesis is shown in Table 1. The absorption strength of a single
nanoparticle does not change significantly in the observed size
region, so themaximum absorption of PS@Ag is nearly proportional
to the number of silver nanoparticles. Using this method, it has
been found that a molar ratio of silver salt to polymer between 2
and 3 in the feed is ideal for a maximal amount of unaggregated
nanoparticles. Less silver, e.g. exactly one equivalent, does not lead
to the formation of nanoparticles. This is caused by the concen-
tration dependency of the redox reaction between the reduction
agent and silver cations. More silver salt than 4 equivalents
generally lead to formation of deformed particles and aggregates.
The example PS4900Ag8 with an eightfold molar excess of silver is
shown in Fig. 6. At higher amounts of silver salt, more thiolates are
bound as silver(I) complexes, leaving less to stabilize forming
Fig. 3. XRD of PS@Ag, sample PS4400Ag3.5. Sharp signals are due to the NaCl standard
needed for Scherrer calculation. The PS halo is visible on the left side, the Ag nano-
particle reflex is shown between 2q ¼ 37� and 42� .
nanoparticles against aggregation. The aggregation of nano-
particles is known to quench the plasmon resonance absorption,
[28] this is also seen here. Generally, higher silver ratios also lead to
formation of bigger particles andwithmuch higher dispersities, but
in all cases a mean particle diameter well below 4 nm has been
realized. Still, even under optimized conditions a complete reduc-
tion of the silver salt is not possible using the macroinitiator route
due to the limited amount of reduction agent in this system, leading
to a molar ratio of about 55(Ag):45(Polymer) at best in the
composite material, determined by EDX measurements.

With an additional homogenous reducing agent like Super-
hydride, higher concentrations of silver nanoparticles can be
Fig. 5. UV/Vis spectrum of PS@Ag, sample PS4400Ag3.5, redispersed in chloroform. The
absorption maximum at 265 nm is characteristic for polystyrene, the absorption
maximum at 430 nm is characteristic for the plasmon resonance absorption of silver
nanoparticles.



Table 1
Samples of PS@Ag synthesized without additional reduction agent. Ag:PS describes
the molar ratio of silver salt to thiolate-functionalized polystyrene during particle
synthesis. The same thiolate-functionalized polymer with Mn ¼ 4900 and
Mw ¼ 6220 (PS4900) has been used for all samples. emax describes the maximum
absorption of the plasmon resonance between 410 and 430 nm relative to sample
PS4900Ag1.5.

Sample Ag:PS ratio dAg/nm emax

PS4900Ag1 1.0 e 0
PS4900Ag1.5 1.5 2.9 � 1.6 1
PS4900Ag2 2 2.3 � 1.6 3.2
PS4900Ag2.6 2.6 3.1 � 2.5 7.8
PS4900Ag4 4 3.4 � 2.8 15.2
PS4900Ag6 6 3.1 � 2.0a 13.2
PS4900Ag8 8 3.8 � 2.2a 10.2

a Heavy aggregation and deformation of nanoparticles observable in TEM.

Table 2
Samples of PS@Ag synthesized by Superhydride reduction. Ag:PS describes the
molar ratio between silver salt and thiolate. MAg describes the molecular weight of
the silver-containing GPC signal. Free PS describes the GPC RI signal of unbound PS-
SH vs. total RI signal.

Sample Mn PS Ag:PS dAg/nm MAg Free PS/% Tg/�C

rPS530Ag0 530 0 e e 100 59
rPS530Ag8 530 8 2a 9.8e4 46 66
rPS4900Ag0 4900 0 e e 100 83
rPS4900Ag1 4900 1 1.6 � 1.1 e e 89
rPS4900Ag8 4900 8 1.7 � 0.5 1.8e5 53 92
rPS5350Ag0�1b 5350 0 e e 100 87
rPS5350Ag0�2c 5350 0 e e 100 86
rPS5350Ag1 5350 1 2.5 � 0.8 1.7e6 73 91
rPS5350Ag2.6 5350 2.6 2.3 � 0.6 2.0e6 69 94
rPS5350Ag3.5 5350 3.5 2.5 � 0.7 1.9e6 55 96
rPS5350Ag5 5350 5 2.4 � 0.9 7.5e5 40 94
rPS5350Ag8 5350 8 1.8 � 0.8 9.8e5 62 94
rPS5350Ag12 5350 12 2.2 � 0.7d 1.4e6 93 96
rPS44190Ag0 44190 0 e e 100 101
rPS44190Ag8 44190 8 2.4 � 0.6 3.0e6 80 102
rPS91110Ag0 91110 0 e e 100 103
rPS91110Ag8 91110 8 2.1 � 0.6 >4.0e6e 77 103

a 20% of particles with diameter > 30 nm.
b Acidic workup (PS-SH).
c Alkaline workup (PS-SLi).
d Heavy aggregation.
e Excess volume.
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realized. A similar route has been used to yield octadecanethiol-
stabilized platinum nanoparticles and polymer-stabilized gold
nanoparticles [29,30].

It was found that even with an eightfold excess of silver salt,
stable and well dispersed silver nanoparticles were formed, except
in samples with very small polystyrene chains (rPS530Ag8) due to
their limited ability to stabilize nanoparticles sterically. The mean
particle diameter was generally slightly lower than in the samples
synthesized without Superhydride, between 1.7 and 2.5 nm, with
low dispersities (Table 2). The small size is explained by the very
fast nanoparticle nucleation caused by Superhydride due to its very
high reduction strength [31]. When comparing two samples with
identical PS chain length and identical amount of silver salt
synthesized by the macroinitiator route (sample PS4900Ag8) and by
the Superhydride route (sample rPS4900Ag8) a tenfold increase in
the strength of the plasmon resonance absorption has been
observed. This indicates a drastic increase in the concentration of
nonaggregated silver nanoparticles. This is also seen in the TEM
pictures, although because of the low particle size and the electron-
scattering polymer matrix the nanoparticles are hard to distinguish
from the background noise (Fig. 7). No residue silver salts were
Fig. 6. Aggregation of strongly deformed silver nanoparticles due to a high amount of
silver salt, molar r atio of Ag:PS ¼ 8:1 (sample PS4900Ag8).
found after the reaction, ensuring complete conversion of the used
silver salt to silver nanoparticles, in agreement with the silver
content determined by TGA measurement.

In addition to the standard characterization methods for nano-
particles we also employed methods which are normally used for
polymers only, like GPC. Only few literature examples are known
for GPC with metal nanoparticles, nearly exclusively in aqueous
systems [32e34]. To the best of our knowledge there is only one
example of GPC characterization of metal nanoparticles coated
with a hydrophobic polymer in literature, but without selective
detection of nanoparticles [35].
Fig. 7. TEM of PS@Ag, sample rPS4900Ag8 (Superhydride reduction), the particles are
low-size, spherical and do not form aggregates.



Fig. 8. GPC of sample rPS5350Ag5 in DMF (upper two elugrams) in comparison to the
pure thiol-terminated PS5350 (lowest elugram). The signal at 56 ml belongs to end-
functionalized PS5350 while the signal at 34 ml belongs to PS@Ag (Mp ¼ 750.000),
showing both an RI and a UV signal.

Fig. 10. Glass transition temperatures before (B) and after (B) addition of silver
nanoparticles to thiolate-terminated polystyrene with different molecular weights
(data from Table 2, Ag:PS ¼ 8:1).
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In Fig. 8 the results of a GPC measurement of the sample
rPS5350Ag5 is shown. Using a UV-detector measuring at 400 nm,
silver nanoparticles have been detected in a signal with amolecular
weight of 750.000 relative to linear polystyrene.

The polydispersity of this nanoparticle-containing signal is
surprisingly low in all samples, between 1.00 and 1.01. This can be
explained by the coordination of multiple polydisperse polymer
chains on a single silver nanoparticle, averaging the dispersity of
the bound polymer chains. The molecular weight of this signal
increases with the molecular weight of the polymer used (Table 2).
This indicates that polystyrene is bound directly to the silver
nanoparticles. There also appears to be a great amount of free
polystyrene in all samples, whichmay result from the desorption of
polystyrene, followed by coordination of DMF to the nanoparticles
surface, which is known to be able to coordinate to silver
Fig. 9. GPC of sample rPS5350Ag5, DAD isoabsorbance plot. The x-axis shows the elution vo
polystyrene (32 ml) and PS@Ag (27 ml). Upper right corner: Absorption spectrum of PS@A
a silver nanoparticles absorption maximum at 440 nm. Due to a changed setup the signals
nanoparticle surfaces [36]. This behaviour would also benefit from
the low sample concentrations used in GPC due to the very large
excess of DMF. It has also been found when increasing the PS chain
length and keeping the excess of silver identical, the amount of free
PS increases. This behaviour is in accordance with the assumption
that larger PS chains are more readily able to protect silver nano-
particles sterically, so less PS chains are coordinated to silver
nanoparticles. It has been found when increasing the amount of
silver, the amount of free PS decreases (from 46% in rPS530Ag8 to
77% in rPS91110Ag8). It increases drastically again with very high
amounts of silver when there are aggregates observable in TEM.
The aggregates cannot elute due to their size, so they are not
detected, shifting the observed amount of PS towards unbound PS.
lume, the y-axis shows the wavelength. Identifiable compounds are toluene (42 ml),
g at an elution of 27 ml, showing a polystyrene absorption maximum at 265 nm and
are broader than in the setup used in Fig. 8.



Fig. 11. TEM picture of a PS@Ag/PS blend after processing. This blend contains 0.1 wt.-
% silver nanoparticles. The sample has been co-extruded with polystyrene at 190 �C
and heat-pressed at 190 �C into a 25 � 25 � 0.3 cm plate. Part of this plate has been
redispersed in chloroform for this TEM measurement.
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Additional proof for the postulated structure is generated by
using a diode array detector which can measure online UV/Vis
spectra in combination with GPC. As expected, the sharp signal
thought to be PS@Ag shows to have absorption of both polystyrene
and silver nanoparticles (Fig. 9).

The measured molecular weight of PS@Ag is surprisingly high
compared to the theoretically expected value, which can be esti-
mated by taking graft densities of 0.6 chains/nm2 from a compa-
rable system of PS2000@Au with a nanoparticles diameter of 4.4 nm
[20]. This leads to an expected upper molecular weight of 23 200
for the shown example of rPS5350Ag5, far lower than the measured
MW of 750 000. This shows that the measured molecular weight
should not be taken as an absolute value due to effects not
Fig. 12. TEM and HR-TEM pictures of synthesized polystyrene
considered here. The PS@Ag should not behave like linear poly-
styrene standard but rather like hyperbranched or star-shaped
polymers, falsifying the measured molecular weight. Interaction
with the solvents may also be an explanation of the unexpected
elution of the PS@Ag-nanoparticles. Without further research of
the behaviour of polymer-stabilized nanoparticles in GPC, the
measured molecular weights of PS@Ag can only be compared
relative to each other, the absolute molecular weight differs too
much from the theoretically expected value. Despite this, nano-
particles-selective size exclusion chromatography appears to be
a powerful analysis method for polymer-stabilized nanoparticles,
allowing the separate detection of free and bound polymer chains.

The dependency of the glass transition temperature on the
amount of silver nanoparticles is also shown in Table 2. The glass
transition temperature increases with the amount of silver nano-
particles, from 86 �C to 94e96 �C, but does not rise above this value.
In Fig. 10 it is shown that the increase of Tg is stronger with low
molecular weight polystyrene and not noticeable anymore at
Mn ¼ 91110 g/mol. This behaviour is in agreement with the theory
that the glass transition temperature of a polymer-nanoparticle
composite increases in comparison to the bulk material when there
are attractive forces betweennanoparticles and polymermatrix due
to confinement effects [37]. For high molecular weight polystyrene
this effect can be neglected.

The stability of PS@Ag against aggregation and agglomeration is
very high in dispersion as well as melt state. In order to investigate
this further we have studied blends of PS@Ag and PS. PS@Ag has
been blended with conventional polystyrene by co-precipitation or
co-extrusion in different ratios. Nanoparticle weight contents
between 9wt.-% and 0.01wt.-% in the blends have been realized, but
above 1 wt-% the blends become too brittle for processing. In all
cases the resulting blend is completely homogenous, has a yellow to
black colour (depending on silver content) and high transparency
above 600 nm independent of silver content. No phase separation
has been observed via TEM, digital microscope or scanning electron
microscope (supporting information). In addition, all samples show
mutual glass transition temperatures in all ratios, so theblend canbe
expected to be completely compatible. This shows that the grafted
polystyrene chains act as very efficient mediators between the
hydrophilic nanoparticles and the hydrophobic polymer.

It is notable that during co-extrusion, no aggregation or
agglomeration has been observed after processing, even at 190 �C
-stabilized copper nanoparticles. The line marks 1.49 nm.



Fig. 13. UV/Vis spectrum of PS@Cu. The absorption maximum around 260 nm is due to
polystyrene while the broad absorption with a maximum around 310 nm is due to
copper nanoparticles.

Fig. 15. TEM picture of PS-block-PMMA-stabilized silver nanoparticles prepared from
the chloroform dispersion. No aggregation is observed.
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as seen by TEM (Fig. 11). All silver nanoparticles show to be isolated
from each other, no size or change in the absorption behaviour (UV/
Vis) was observed. This ensures that PS@Ag can be processed
without changes in chemistry or structurewith industrial methods.
The resulting material is completely redispersible. Silver nano-
particles are known to be sensitive to oxidation, so a granulated
blend (0.025 wt.-%, as shown in the Table of Contents graphic) was
put into HNO3 (32.5%) under vigorous stirring. After a week a slight
colour loss was observed, but no silver ions could be detected in the
solution, indicating a slight surface etching of the nanoparticles,
which reduces the plasmon resonance absorption [38]. Sodium
chloride or hydrochloric acid had no effect on the material. This
shows that the polystyrene matrix efficiently protects the silver
nanoparticles.

The synthesis strategy has also been applied to other metals.
Copper nanoparticles stabilized by thiol-terminated polystyrene
have been synthesized by a similar approach we presented for
silver nanoparticles. The desired product could be synthesized by
dissolving copper(II)acetylacetonate in a solution of thiolate-func-
tionalized polystyrene and adding an excess of hydrazine as
reduction agent [39]. Although copper nanoparticles are known to
be very sensitive to oxidation (Indicated by a developing greenish
colour), no significant decay has been observed here. The synthe-
sized PS@Cu has been analyzed via TEM and UV/VIS. In TEM
(Fig. 12), copper nanoparticles with diameter around 2.2 nm are
clearly visible, with lattice distances characteristic for copper [40].
Fig. 14. One-pot synthesis of PS-PMMA-blockcopolymer-stabilized silver nanoparticles.
The UV/Vis spectrum of PS@Cu seen in Fig. 13 is characteristic for
the scattering of copper nanoparticles in this size region [41].

Further we synthesized silver nanoparticles stabilized by a PS-
PMMA-blockcopolymer hull in a one-pot synthesis to show the
versatility of the route. PS-block-PMMA has been synthesized by
anionic polymerization with 1,1-diphenylethylene as linker to
lower chain end reactivity [42] and terminated with ethylene
sulfide to yield thiolate-terminated PS-block-PMMA. Silver tri-
fluoroacetate was added, resulting in PS-block-PMMA@Ag (Fig. 14).
The material is completely redispersible, with a nanoparticle
diameter of 4.3 � 1.5 nm (Fig. 15).
4. Conclusion

We have shown a convenient route to synthesize polymer-stabi-
lized metal nanoparticles in near-quantitative yields in a one-pot
system with polystyrene-stabilized silver nanoparticles as main
example. Thematerial (PS@Ag) isexceptionallystableagainst thermal
and chemical degradation, thus allowing processing by melt-co-
extrusion with polystyrene. The resulting blend has a high trans-
parency, shows no phase separation and a single glass transition
temperature. During co-extrusion and co-precipitation no aggrega-
tion or agglomeration of nanoparticles has been observed. Although
not shown here in detail, it should not remain unmentioned that
dispersions of polystyrene-stabilized nanoparticles as prepared here
showexceptional stabilityagainst aggregation inorganic solvents like
toluene etc. and this for a period of several month.

This one-pot concept reported here has been also successfully
transferred to other systems like polystyrene-stabilized copper
nanoparticles and PS-PMMA-blockcopolymer-stabilized silver
nanoparticles. Lithium hydride, formed due to the use of a macro-
initiatorwith limited initiation efficiency, has been used as reduction
agent. The formed silver nanoparticles are stabilized by thiolate-
terminatedpolystyrene, but this simple concept is limited to a certain
amount of silver. This inconvenience has been eliminated by adding
anadditionalhomogenous reductionagent like triethylboronhydride
(Superhydride), allowing silver contents up to at least 18 wt.-% in the
final composite without loss of particle stability. The addition of
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nanoparticles to the end-functionalized polymer led to a rise in glass
transition temperature, but this effect less significant with higher
molecularweight polystyrene chains. GPC has been demonstrated as
a powerful method for the analysis of polymer-silver nanoparticles
conjugates eg. for the detection of unbound polymer chains and the
polymer-stabilized silvernanoparticles. TheGPC/DADmeasurements
allowed proof of the coordination of polystyrene chains to the silver
nanoparticles surface. However, interactions between sample and
GPC solvent make quantitative measurements by GPC impossible
without further studies.

The stability of PS@Ag allowed industrial-scale processing by co-
extrusion with conventional polystyrene at 190 �C without any
degrading effect on the silver nanoparticles. Blends with silver
contents up to 1 wt-% have shown homogenously dispersed
nanoparticles in the polystyrene matrix.

The resulting composite material may be interesting as anti-
bacterial coatings or for optical applications, for example as
a medium for a random laser [7]. Future work will also concentrate
on the influence of polymer-stabilized metal nanoparticles on the
mechanical properties of blends with conventional polymers.
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A new type of pH-labile cationic polymers, poly(ortho ester amidine) (POEAmd) copolymers, has been
synthesized and characterized with potential future application as gene delivery carriers. The acid-labile
POEAmd copolymer was synthesized by polycondensation of a new ortho ester diamine monomer with
dimethylaliphatimidates, and a non-acid-labile polyamidine (PAmd) copolymer was also synthesized for
comparison using a triethylene glycol diamine monomer. Both copolymers were easily dissolved in
water, and can efficiently bind and condense plasmid DNA at neutral pH, forming nano-scale polyplexes.
The physicochemical properties of the polyplexes have been studied using dynamic light scattering, gel
electrophoresis, ethidium bromide exclusion, and heparin competition. The average size of the poly-
plexes was dependent on the amidine:phosphate (N:P) ratio of the polymers to DNA. Polyplexes con-
taining the acid-labile POEAmd or the non-acid-labile PAmd showed similar average particle size,
comparable strength of condensing DNA, and resistance to electrostatic destabilization. They also share
similar metabolic toxicity to cells as measured by MTT assay. Importantly, the acid-labile polyplexes
undergo accelerated polymer degradation at mildly acid-pHs, resulting in increasing particle size and the
release of intact DNA plasmid. Polyplexes from both types of polyamidines caused distinct changes in the
scattering properties of Baby Hamster Kidney (BHK-21) cells, showing swelling and increasing intra-
cellular granularity. These cellular responses are uniquely different from other cationic polymers such as
polyethylenimine and point to stress-related mechanisms specific to the polyamidines. Gene transfection
of BHK-21 cells was evaluated by flow cytometry. The positive yet modest transfection efficiency by the
polyamidines (acid-labile and non-acid-labile alike) underscores the importance of balancing polymer
degradation and DNA release with endosomal escape. Insights gained from studying such acid-labile
polyamidine-based DNA carriers and their interaction with cells may contribute to improved design of
practically useful gene delivery systems.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Non-viral vectors based on cationic polymers have gained
significant attention over the past decades for the delivery of
nucleic acids in gene therapy due to many potential advantages,
such as large DNA loading capacity, ease of large-scale production,
and reduced immunogenicitywhich has been a key issue associated
with the use of viral vectors [1]. Awide variety of cationic polymers
have been developed for gene delivery, such as poly(L-lysine) (PLL),
poly(ethylenimine) (PEI), poly(amidoamine) dendrimer, etc [2].
ax: þ86 612 626 6583.
angx504@umn.edu (C.Wang).

All rights reserved.
These cationic polymers can condense DNA and form stable poly-
mer/DNA complexes via electrostatic interaction and protect
nucleic acids from enzymatic digestion, providing unlimited DNA
packaging capacity, well-defined physicochemical properties, and
a high degree of molecular diversity that allows extensive modifi-
cations to overcome extracellular and intracellular obstacles of gene
delivery [3]. Research efforts are currently focused on development
of safe and efficient polymeric carriers that can form complex with
DNA and can avoid biological barriers for gene delivery [4]. Among
themain barriers for non-viral gene delivery, endosomal escape and
release of nucleic acids from the carriers once arrived at target sites
are crucial efficiency-determining steps [5,6].

Hydrolysis of adenosine triphosphate (ATP) energizes the ion-
transport processes across the cell membrane, and in turn makes

mailto:tangrp99@iccas.ac.cn
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the endosomal and lysosomal compartments of cells significantly
more acidic (pH 5.0e6.2) than the cytosol or intracellular space
(wpH 7.4) [7]. Remarkably, some viruses have evolved to use pH-
sensitive peptides to facilitate their escape from the endosomes,
resulting in high gene transfection [8]. Non-viral DNA vectors that
utilize this significant drop in pH of endosomes and lysosomes
often show improved gene transfection, and several designing
strategies of “smart” cationic polymers have been successfully
developed. The most used method is to create polymer blocks
with amine groups with low pKa values around 5 that have been
shown to exhibit “proton sponge” potential, and these
compounds are able to buffer the endosome and results in
endosomal swelling and lysis, thus in turn releasing the DNA into
the cytoplasm [9e13]. Similarly, incorporation of chloroquine into
the DNA/vector complex often exhibit efficient gene transfection,
because chloroquine is a well-known lysosomotropic agent that
raises the pH of lysosomal environment, in turn hampering the
enzymes involved in lysosomal degradation [14e16]. Another
strategy developed recently is the incorporation of amine groups
with acid-labile linkages, such as b-amino esters [17,18], acetal
[19,20], ketal [21,22] and vinyl ether [23,24] into the polymer
main-chains, where the endosomal acidic environment can
hydrolyze the linker group to yield fragmentation products that
raise the osmotic pressure within the vesicles, causing leakage
and release. There is considerable flexibility in the design of pH-
responsive cationic polymer vectors, where different linkage
configurations can be implemented to generate desired physico-
chemical properties, and different hydrolysis kinetics and
hydrolyzed products can be designed with different membrane-
destabilizing capacities.

Poly(ortho esters) (POEs) are an important type of acid-labile
polymers with excellent biocompatibility [25e28]. Compared to
vinyl ether and acetal and ketal, the ortho ester bond hydrolyzes
more quickly in response to mildly acid condition [25,26,29]. We
are interested in designing non-viral polymeric gene delivery
vectors through the incorporation of ortho ester linker with func-
tional groups containing positive charges. Recently, Davis et al.
reported the synthesis of sugar-containing cationic polyamidine-
based copolymers and their application in gene delivery with
relatively high transfection efficiency and high cytotoxicity [30,31].
These polyamidines are not known to degrade readily and they are
insensitive to endosomal acidic pH. In this study, we focus on a new
type of acid-labile polyamidine-based copolymer system with the
introduction of ortho ester into the copolymer main-chains, which
may potentially serve as a molecular platform for the elucidation of
the relationship between endosomal escape of polymereDNA
complex and DNA release triggered by pH-sensitive polymer
degradation in the context of gene delivery. We hypothesized that
incorporation of ortho esters to the polymer main-chains would
facilitate efficient gene delivery via enhanced endosomal escape of
complex and release of DNA. Hydrolysis of ortho esters in the
mildly acidic endosomes would increase osmotic pressure and
swelling of the carriers, which is expected to help to supplement
the poor buffering capacity of polyamidines due to their pKa values
as high as about 11 [32] and to efficiently unpack nucleic acids due
to the dissociation of copolymer vectors. Here we report the
synthesis of the new polyamidine-based copolymers, poly(ortho
ester amidines) (POEAmd), and the results of physicochemical
characterization of copolymer/DNA plasmid polyplexes, including
pH-triggered DNA release. We also characterized in vitro interac-
tions of the polyplexes with Baby Hamster Kidney (BHK-21) cells
(including cytotoxicity, cell morphology, and gene transfection),
aiming to illustrate how the structure of pH-sensitive acid-labile
polymeric vectors may influence the function of delivering DNA to
cells.
2. Experimental section

2.1. General methods of characterization

The 1H and 13C NMR spectra were recorded on a Varian Unity
spectrometer (300 MHz), and chemical shifts were recorded in
ppm. High-resolution mass spectra in electrospray-ionization (ESI)
experiments were obtained on a Bruker MicrOTOF-Q mass spec-
trometer. Elemental analysis was conducted on a Carlo Erba 1108
automatic analyzer. The molecular weight and polydispersity of
copolymers were determined by aqueous GPC analysis relative to
PEG standard calibration (Waters 1525 binary HPLC pump, aWaters
2414 differential refractometer, and a Waters YMC HPLC column)
using a mixture of 0.5 M NaNO3 and 0.1 M Tris buffer (pH 7.2) as
eluent at a flow rate of 1.0 mL/min at 35 �C. All sample solutions
were filtered through a 0.45 mm filter before analysis.

2.2. Materials

Tetrahydrofuran (THF) was distilled over sodium and benzophe-
none, and acetonitrile was dried by distillation over CaH2. 5-Tri-
fluoroacetylaminopentanol was synthesized as described previously
[27].All other solventsand reagentswereanalytical-grade, purchased
commercially, and used without further purification.

2.3. Synthesis

2.3.1. 2,2,2-Trifluoro-N-(2,3-dihydroxypropyl) acetamide (1)
To a stirred mixture of 3-amino-1,2-propanediol (18.80 g,

0.21 mol) in acetonitrile (120 mL) under argonwas added dropwise
ethyl trifluoroacetate (34.30 g, 0.24 mol). After 4 h, the solvent was
evaporated, and the residue was dissolved in ethyl acetate
(200 mL), washed with aqueous KHSO4 and brine, then dried over
MgSO4, and concentrated to yield 34.90 g (91%) of 2,2,2-trifluoro-N-
(2,3-dihydroxypropyl)-acetamide as colorless oil. 1H NMR
(300MHz, CD3OD): d (ppm) 3.27e3.29 (m, 2H, NHeCH2), 3.47e3.49
(m, 2H, CH2eOH), 3.70e3.78 (m, 1H, CHeOH), 7.60 (b, 1H, NH).

2.3.2. 2,2,2-Trifluoro-N-(2-methoxy-[1,3]-dioxolan-4-ylmethyl)
acetamide (2)

To a stirred mixture of 1 (13.50 g, 72.15 mmol), trimethyl
orthoformate (34.89 g, 0.33 mol), and acetonitrile (110 mL) was
added p-toluene sulfonic acid (p-TSA; a trace amount). The mixture
was reacted for 6 h at room temperature, followed by evaporation
of most of volatile components. The residue was dissolved in ethyl
acetate (250 mL), washed successively with saturated aqueous
sodium hydrogen carbonate and brine, dried over MgSO4, and
concentrated to yield 14.55 g (88%) of 2,2,2-trifluoro-N-(2-
methoxy-[1,3] dioxolan-4-ylmethyl) acetamide as oil. 1H NMR
(300 MHz, CDCl3): d (ppm) 3.34e3.40 (d, 3H, OeCH3), 3.45e3.71
(m, 2H, NHeCH2), 4.15e4.25 (m, 2H, OeCH2), 4.46e4.53 (m, 1H,
OeCH), 5.74e5.79 (d, 1H, CHOCH3), 6.70e7.64 (b, 1H, NH).

2.3.3. 2,2,2-Trifluoro-N-(2-(50-trifluoroacetylaminopentyloxy)-
[1,3]-dioxolan-4-ylmethyl) acetamide (3)

A mixture of 2 (9.90 g, 43.20 mmol), 5-trifluoroacetyl-
aminopentanol (8.60 g, 43.20 mmol), and pyridinium p-toluene
sulfonate (110.00 mg, 0.44 mmol) was heated at 130 �C until no
volatile component was distilled. After cooling to room temperature,
the residue was purified with column chromatography (silica
gel, ethyl acetate/hexane (1/1) as eluent) to yield 15.41 g (90%) of
2,2,2-trifluoro-N-(2-(50-trifluoroacetylaminopentyloxy)-[1,3]dioxo-
lan-4-ylmethyl) acetamide as oil. 1H NMR (300MHz, CDCl3): d (ppm)
1.39e1.44 (t, 2H, CH2), 1.51e1.62 (m, 4H, CH2), 3.35e3.38 (m, 2H,
NHeCH2), 3.62e3.65 (m, 2H, NHeCH2), 4.05e4.17 (m, 2H, OeCH2),
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4.31e4.37 (m, 1H, OeCH), 5.71e5.78 (d, 1H, CHOCH3), 6.73e6.95 (b,
1H, NH), 7.25e7.51 (b, 1H, NH).

2.3.4. 4-Aminomethyl-2-aminopentyloxy-[1,3]-dioxolan
(monomer)

The trifluoroacetamide 3 (13.35 g, 33.70 mmol) was dissolved in
THF (90 mL), and sodium hydroxide (2.0 M, 75 mL) was added. The
mixture was vigorously stirred overnight, extracted with diethyl
ether, dried over MgSO4, and evaporated. The residue was purified
with column chromatography (silica gel, methanol/dichloromethane
(1/10) as eluent) to yield 6.08 g (88%) of 4-aminomethyl-2-amino-
pentyloxy-[1,3]-dioxolan as oil. 1H NMR (300 MHz, CDCl3): d (ppm)
1.35e1.61 (m, 6H, CH2), 2.70e2.90 (m, 4H, CH2eNH2), 3.48e3.79 (m,
4H, OeCH2), 4.02e4.09 (m, 1H, OeCH). 5.80e5.86 (d, 1H, CHOCH3);
13CNMR(CDCl3, dppm):23.12,29.39, 33.30, 33.51, 42.08, 44.42, 62.28,
67.14, 70.95, 78.33,115.45,115.79; Calcd: (C9H20N2O3) 204.3, foundm/
z 205.2 (M þ Hþ), Anal. Calcd for (C9H20N2O3): C, 52.92; H, 9.87; N,
13.71. Found: C, 52.84; H, 9.80; N, 13.65.

2.3.5. Synthesis of acid-labile poly(ortho ester amidines) (POEAmd
1e3)

The copolymers (POEAmd 1e3) were synthesized using the
same procedure of polycondensation, and the synthesis of
POEAmd 1 is described here as an example: dimethyladipimidate
dihydrochloride (0.60 g, 2.45 mmol) was added to a stirred mixture
of the monomer (0.50 g, 2.45 mmol) and 0.5 M Na2CO3 aqueous
solution (0.90mL, 4.50mmol) under argon, reacted for 24 h at room
temperature, and placed in a semi-permeable dialysis membrane
(MW cut-off: 3500), and dialyzed against distilled water with
a trace amount of triethylamine for 24 h. The obtained POEAmd 1
was lyophilized, and the molecular weight and polydispersity of
the product was determined by aqueous GPC.

2.3.6. Synthesis of non-acid-labile polyamidines (PAmd 1e3)
The copolymers (PAmd 1e3) were synthesized using the same

procedure of polycondensation, and the synthesis of PAmd 1 is
described here as an example: dimethyladipimidate dihydro-
chloride (0.56 g, 2.27 mmol) was added to a stirred mixture of the
4,7,10-trioxa-1,13-tridecanediamine (0.50 g, 2.27 mmol) and 0.5 M
NaCO3 aqueous solution (0.90 mL, 4.50 mmol) under argon, reacted
for 24 h at room temperature, and placed in a semi-permeable
dialysis membrane (MW cut-off: 3500), and dialyzed against
distilled water for 24 h. The obtained PAmd 1 was lyophilized, and
the molecular weight and polydispersity of the product was
determined by aqueous GPC.

2.4. Determination of the mechanism and rate of hydrolysis of the
poly(ortho ester amidine)

POEAmd 1 copolymer was dissolved in 150 mM d-phosphate
buffer (pH 7.4) and d-acetate buffers (150 mM, pH 6, 5, and 4) at
5 mg/mL, and the 1H NMR spectra were recorded on a Varian Unity
spectrometer (300 MHz) at different time points. The rate of
hydrolysis of the ortho ester in the polymer main-chain was calcu-
latedas the ratio (percentage)of the integrated area of theNMRpeak
at 8.01 ppm to the sum of the areas of peaks at 8.01 and 5.79 ppm.

2.5. Preparation of polyplexes and gel retardation assay

Polymer/DNA complexes (polyplexes) of N:P ratios ranging from
1:8 to 24:1 were prepared by adding 25 mL of polymer solution in
20 mM HEPES (pH 7.4) to 25 mL of DNA plasmid solution (0.2 mg/mL
in 20 mM HEPES, pH 7.4), vortexed for 10 s, and the dispersions
were incubated for 30 min at room temperature. To ascertain DNA
binding, the polyplexes were analyzed by gel electrophoresis on
a 1.0% agarose gel containing 0.5 mg/mL ethidium bromide. To
determine the strength of DNA binding by copolymers, polyplexes
at N:P ratio of 8:1 were incubated with increasing concentrations of
heparin (0.1e1.5 IU per mg of DNA) for 10 min at room temperature
and analyzed by agarose gel electrophoresis. To determine the
stability of polyplex under acidic pH condition, polyplexes at N:P
ratio of 8:1 were incubated overnight in pH 7.4 and 5 (50 mM
phosphate and acetate buffers, respectively) at room temperature,
and visualized by agarose gel electrophoresis.

2.6. Dynamic light scattering (DLS) and zeta-potential
measurements

The average hydrodynamic diameter and polydispersity index of
polyplexes in HEPES buffer (20 mM, pH 7.4) at 25 �C were deter-
mined using a ZetaPlus Particle Analyzer (Brookhaven Instruments
Corporation, Holtsville, NY; 27 mW lasers; 658 nm incident beams,
90� scattering angle). Polyplexes with N:P ratios ranging from 1:4
to 24:1 were prepared as described above and diluted 20 times to
a final volume of 2 mL in HEPES buffer before measurement.
Simultaneously the zeta-potential of the polyplexes was deter-
mined using the ZetaPal module of the Particle Analyzer. To
determine colloidal stability of polyplexes against different pH
values, polyplexes of N:P ratio of 8:1 was incubated in 20 mM
phosphate buffer (pH 7.4) and 20 mM acetate buffers (pH 6, 5, and
4), and the change in average hydrodynamic diameter of the pol-
yplexes was monitored continuously for up to 40 min.

2.7. Ethidium bromide exclusion assay

The effect of the N:P ratio on the degree of plasmid DNA
condensation in polyplex was estimated from the reduction in fluo-
rescence intensity of ethidium bromide (EtBr) due to the exclusion
from condensed DNA. EtBr solutions (1%, 8 mL) were added into the
polymer/DNA complex solution (10 mg of plasmid DNA, 100 mL)
prepared at various N:P ratios. After 15min, 200 mL of the polyplexes
were added to a 96-well plate, and the decrease in EtBr fluorescence
intensity was measured in triplicates as described previously [33]
using a Bio-Tek Synergy HT plate reader with excitation wavelength
at 518 nm and an emission wavelength of 605 nm. Results were
expressed as relative fluorescence intensity. The fluorescence inten-
sity of uncondensed plasmid DNA solutionwith EtBrwas set at 100%,
after correction of the background of EtBr without plasmid DNA.

2.8. Cytotoxicity assay

The cytotoxicity of the polyplexes was evaluated by an MTT (3-
(4,5-dimethyl-thiazol-2-yl)-2,5-diphenyl tetrazolium bromide)
assay [34]. Baby hamster kidney (BHK-21) cells (ATCC) were seeded
into 96-well plates at 10000 cells/well and cultured with poly-
plexes of various concentrations for 24 h in Dulbecco’s Modified
Eagle Medium supplemented with 10% FBS, 10 mM HEPES, 100 U/
mL penicillin/streptomycin at 5% CO2 and 37 �C. MTT in PBS (5 mg/
mL, 20 mL) was added to each well reaching a final concentration of
0.5 mg/mL. After 4 h unreacted MTT was removed by aspiration.
The formazan crystals were dissolved in 100 mL of DMSO and the
absorbance was measured at 570 nm using a Bio-Tek Synergy HT
plate reader. Cell viability was calculated by [Absorbance of cells
exposed to polyplexes]/[Absorbance of cells cultured without pol-
yplexes] in percentage.

2.9. In vitro transfection and the effect on cell morphology

To prepare polyplexes for in vitro transfection, polymers were
mixed with plasmid DNA containing a CMV promoter and a green



Scheme 1. Reagents and conditions: (i) Ethyl trifluoroacetate, acetonitrile; ii) Trimethyl orthoformate, p-toluene sulfonic acid (p-TSA), acetonitrile; (iii) 5-trifluoroacetylamino-1-
pentanol, pyridinium p-TSA; (iv) NaOH/H2O/THF; (v) 0.5 M Na2CO3.

R. Tang et al. / Polymer 52 (2011) 921e932924
fluorescence protein reporter gene (pCMV-EGFP, purchased from
Elim Biopharmaceuticals) at N:P ratios of 4:1, 8:1, and 16:1. BHK-21
cells were seeded in 6-well plateswith a density of 100,000 cells per
well and cultured for 24 h before polyplexes were added. Afterward
polyplexes were added at 4 mg DNA per well in 2 mL of serum-free
media, and incubated for 4 h. The polyplex containing media was
then discarded and the cells were washed by DPBS and cultured in
freshmediawith 10% serum for 20 h. The cellswere then trypsinized
and harvested in FACS buffer (DPBS with 1% BSA, 0.1% NaN3). The
percentage of transfected cells was determined by measuring GFP
expression in the cell population using a FACSCalibur 501 flow
cytometer (Beckman Coulter). The GFP positive gate was set based
on the cell population treated with polyplexes containing firefly
luciferase plasmid, which does not produce GFP, to compensate for
potential change in cell autofluorescence due to exposure to cationic
polymers. The front and side scattering of light by the cells exposed
to polyplexes with different N:P ratios were also determined.

3. Results and discussion

3.1. Synthesis and characterization of POEAmd copolymers

Thekeyacid-labileorthoesterdiaminemonomerwassynthesized
in four steps (Scheme 1): 2,2,2-trifluoro-N-(2,3-dihydroxypropyl)
acetamide (1) was obtained by using 3-amino-1,2-propanediol as the
startingmaterial, which then reactedwith trimethyl orthoformate in
thepresenceof catalyticp-toluene sulfonic acid to give theorthoester
2. The compound 3 was easily obtained by transesterification
between compound 2 and trifluoroacetylaminopentanol. The TFA-
protecting groups of compound 3were removed by aqueous sodium
hydroxide in THF, and the acid-labile bifunctional monomer was
easily obtainedwith the total yield of approximately 63%. The 1H and
13C NMR spectra confirmed that the monomer was pure and struc-
turally correct (Fig. 1). The highly hydrolytically labile ortho ester is
built into themonomer, and is stabilized by the neighboring primary
amines, allowing for easy handling and long-term storage. The
diamine monomer can be copolymerized readily with any multi-
functional amine-reactive monomers to produce a range of struc-
turally and functionally diverse, biodegradable copolymers, for
examples, poly(ortho ester amides) [27] and poly(ortho ester ami-
dines) as reported here.

We synthesized poly(ortho ester amidines) (POEAmd) via poly-
condensation of the acid-labile ortho ester diamine monomer with
dimethylaliphatimidate dihydrochloridewith different alkyl groups
(Scheme1). Similarly,wealso synthesized a series of non-acid-labile
polyamidines (PAmd) by polycondensation of 4,7,10-trioxa-1,13-
tridecanediamine with various dimethylaliphatimidates. POEAmd
1 and PAmd 1 copolymers were easily dissolved in water, and their



Fig. 2. 1H NMR spectrum of POEAmd 1.
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chemical structures were confirmed by 1H NMR (Fig. 2). However,
other POEAmd and PAmd copolymers were not soluble in water,
probably due to the increased hydrophobicity resulted from
increased length of alkyl groups. The average number molecular
weight anddistribution ofPOEAmd1 andPAmd1weredetermined
by GPC, and calculated to be 6500 and 6800 with polydispersity
index of 1.81 and 1.95, relatively, as shown in Table 1.

3.2. Kinetics of polymer hydrolysis and pH-dependence

Ortho ester structures are highly hydrolytically labile and acid-
sensitive [35]. There are two possible pathways of hydrolysis for
cyclic ortho esters that involve exocyclic and endocyclic breakage of
the ortho ester bond [25,26]. In a recent report, trans-N-(2-ethyoxy-
1,3-dioxan-5-yl)methacrylamide, a monomer containing a six-
membered cyclic ortho ester, was incorporated in block copolymer
micelles [36]. This ortho ester hydrolyzed through both exocyclic
and endocyclic pathways, giving rise to a mixture of two chemically
distinct products with different solubility in water [37]. Our group
have recently developed novel micelle-like nanoparticles based on
pH-responsive copolymers, poly(ethylene glycol)-block-poly(N-(2-
methoxy-[1,3]dioxolan-4-ylmethyl) methacrylamides) (PEG-b-
PMYM), whose hydrolysis of the ortho ester side-chains follows
a distinct exocyclic mechanism and shows pH-dependent kinetics
confirmed by 1H NMR spectra [29]. Here the five-membered ortho
ester group from the side-chains of the PMYM block [29] has been
built into the main-chain of the poly(ortho ester amidine) copol-
ymer, POEAmd 1.

To understand the hydrolytic mechanism of POEAmd 1, NMR
studies were carried out to follow the time-course of hydrolysis for
up to 48 h in aqueous buffers of physiological (pH 7.4) and mildly
acidic pHs (6, 5, and 4), and the results are shown in Fig. 3. The peak
at 5.79 ppm (denoted as “a”) is characteristic of the ortho ester
proton before hydrolysis (Scheme 2). At pH 7.4 over the course of
48 h, the area of peak “a” decreased only slightly, suggesting that
only a small amount of the ortho ester hydrolyzed and that most of
Fig. 1. 1H and 13C NMR spectra of the ortho ester diamine monomer.
the ortho ester groups remained intact. Concurrently, a new peak at
8.01 ppm (denoted as “b”) appeared after approximately 24 h
(Fig. 3), which corresponds to the proton of formate. The endocyclic
pathway of hydrolysis would produce two different kinds of
formate, one appended to the copolymer and a small molecule,
methyl formate, whereas the exocyclic pathway should yield only
the polymeric formate (Scheme 2). Here we observed a single
formate peak between 8 and 8.2 ppm even after extensive hydro-
lysis at pH 4 for 48 h (Fig. 3), demonstrating that the hydrolysis of
POEAmd 1 follows the exocyclic pathway exclusively, unlike the
six-membered ortho ester ring structure reported before [37]. This
finding agrees with previous studies on other related cyclic ortho
esters and may be attributed to the unique stereoelectronic and
steric effects of the ring structure [25,29,38].

Furthermore, we found that at all time points and all pHs, the
increase in the integral area of peak “b”was equal to the decrease of
peak “a”, and that the sum of the two peaks remained constant
(Fig. 3). Taken together, the NMR data confirm that the ortho ester
structure of POEAmd 1 copolymer undergo exocyclic cleavage, and
are converted quantitatively to a pair of stereo-isomers containing
a hydroxyl and a formate (Scheme 2). The progression of ortho ester
hydrolysis is revealed by the NMR analysis (Fig. 3) and can be
quantified based on the changing integral area of peak “a” (repre-
senting the ortho ester proton before hydrolysis) and peak “b”
(representing the formate proton as a result of hydrolysis). We
define the degree of hydrolysis to be the percentage of peak “b”
relative to the sum of the peaks “a” and “b”. The time/pH-depen-
dence of hydrolysis is shown spectroscopically in Fig. 3 and quan-
titatively in Fig. 4. As expected, hydrolysis of the ortho ester
structure is highly sensitive to pH and is much accelerated at more
acidic pHs. At pH 7.4 and 6, 5% and 81% of the ortho esters were
hydrolyzed within 48 h, whereas the hydrolysis was essentially
complete in 48 and 8 h when pH was lowered to 5 and 4, respec-
tively (Fig. 3). The ability of achieving markedly different hydrolysis
kinetics from days to hours over a fairly narrow pH range (from 7.4
Table 1
Polymerization results of POEAmd and PAmd copolymers.

Polymer Yield (%) Mn (�10�4) Mw (�10�4) PDI

POEAmd 1 55 0.65 1.18 1.81
PAmd 1 51 0.68 1.33 1.95



Fig. 3. 1H NMR spectra of POEAmd 1 (5 mg/mL) in d-buffers of pH 7.4, 6, 5, and 4, at different time points up to 48 h. Peaks labeled with “a” and “b” are protons characteristic to the
cyclic ortho ester and formate groups, respectively (Scheme 2).
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to 4), as we have demonstrated here, bodes well for the potential of
using such polymer systems for pH-triggered gene delivery.
3.3. DNA binding and condensation

Gel retardation assay shows that POEAmd 1 and PAmd 1
copolymers were both able to bind to and completely neutralize the
negative charges of a DNA plasmid at the N:P ratio of 1:1 and
beyond, as shown in Fig. 5a. The polymereDNA condensation can
be characterized by the quenching of the fluorescence of ethidium
bromide (EtBr) due to the formation of complexes, where charge
neutralization and subsequent condensation of DNA prevents EtBr
from intercalating into DNA double-helix. As shown in Fig. 5b, the
fluorescence intensity of EtBr decreased with an increase in the N:P
ratio and reached a minimum at about N:P of 2, which was
consistent with the progressive complexation of copolymer with
plasmid DNA, inhibiting the intercalation of EtBr into plasmid DNA.
DLS reveals that the average particle size of polyplexes in aqueous
buffer spanned almost the same range of 75e210 nm with much
dependence on the N:P ratio (Fig. 5c). The size distribution of each
type of polyplex was also quite narrow with PDI ranging from 0.05
to 0.25. At N:P ratio of 1:1, average particle size stabilizes around
160e210 nm for these two polyplexes (Fig. 5c), and greatly decrease
Scheme
to be about 80 nm when the N:P ratio is above 1:1. Polyplexes
formed by POEAmd 1 and PAmd 1 had similar zeta-potential
values (49.95 � 6.68 mV and 47.04 � 4.48 mV, respectively).
Discrete, compact polyplexes formed at N:P ratio of 8:1 (Fig. 5c)
were selected for further characterization to understand the poly-
plex stability in physiological conditions. The polyplexes were
further analyzed by agarose gel electrophoresis after incubation
with increasing amount of heparin, a polyanion that can compete
with DNA for the binding to the polycation. As shown in Fig. 5d, the
threshold concentration of heparin at which polyplex disruption
occurred was 0.4 IU for polyplexes of both POEAmd 1 and PAmd 1.
Taken together, these results illustrate the ability of using poly-
amidine-based copolymers to control the formation of defined and
narrowly dispersed polyplexes, which is highly important in light of
the notion that cell-specific targeting and internalization can be
much affected by the size of the particulates [39,40].
3.4. Stability of polyplexes and acid-triggered DNA release

The stability of polyplexes at N:P ratio of 8:1 was studied in
phosphate and acetate buffers (20mM, pH 7.4, 6, 5 and 4), and in the
presence of increasing amount of heparin at physiological ionic
strength (150mMNaCl, pH7.4). First, the average sizedependenceof
2.
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Fig. 5. Characterization of plasmid DNA binding and condensation by POEAmd 1 and PAmd
of plasmid DNA condensation by ethidium bromide exclusion assay; (c) DLS determination
a function of N:P ratio; (d) Dissociation of DNA from polymers induced by increasing amou
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polyplexes on incubation time was determined by DLS measure-
ments indifferentpHconditions. Due to thehydrolysis ofPOEAmd1
inmildly acidic conditions, polyplexes formed byPOEAmd1 rapidly
dissociate, and the size greatly increased to be 700e800 nm in
36min at pH 5 and 4 (Fig. 6a). On the contrary, polyplexes formed by
non-acid-labile PAmd 1 only enlarged slightly even at pH 4 over the
same period of time (Fig. 6b). To determine if polymer hydrolysis at
acidic pH does trigger the release of DNA, the polyplexes were
exposed to pH 7.4 and 5 and then analyzed by agarose gel electro-
phoresis. DNA remained bound to the non-acid-labile PAmd 1
regardless of pH (Fig. 6c). However, the acid-labilePOEAmd1bound
to DNA stably at pH 7.4 and released free DNA at pH 5, presumably
due to the polymer degradation and the subsequent loss of DNA
condensation. Both DLS and gel electrophoresis experiments
demonstrated that acid-labile ortho ester linkages in the polymer
main-chain has a profound impact on the colloidal stability of pol-
yplexes and that acid-pH-triggered DNA release can be achieved by
the acid-labile poly(ortho ester amidine).
1. (a) Gel retardation assay of polyplexes prepared at various N:P ratios; (b) Estimation
of the average particle size of polyplexes in aqueous buffer (20 mM HEPES, pH 7.4) as
nt of heparin.



Fig. 6. Stability of polyplexes at N:P ratio of 8:1. (a) Time-dependent stability of polyplexes formed from the acid-labile POEAmd 1 in different pHs; (b) Stability of DNA from the
non-acid-labile PAmd 1 in different pHs; (c) Gel retardation assay of stability of polyplexes; lane 1: PAmd 1/DNA, pH 7.4; lane 2: POEAmd 1/DNA, pH 7.4; lane 3: PAmd 1/DNA, pH
5; lane 4: POEAmd 1/DNA, pH 5; line 5: Plasmid DNA only, pH 7.4.
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3.5. In vitro cytotoxicity and gene transfection

BHK-21 cells were used for the evaluation of in vitro toxicity and
transfection of the polyplexes formed from POEAmd 1 and PAmd 1,
and branched polyethylenimine (PEI) (Mw: 25 kDa) as a control. At
N:P ratio of 16:1 or less, the polyplexes formed from POEAmd 1 and
PAmd 1 were not toxic to BHK-21 cells (Fig. 7a). In contrast, poly-
plexes formed by branched PEI was more toxic, killing much of
BHK-21 cells at N:P ratio of 16:1 (Fig. 7a). When N:P ratio exceeded
16:1, all polyplexes formed from polymers including POEAmd 1
and PAmd 1 showed some toxicity, which is consistent with that of
polyamidine-based copolymers [30,31]. The difference in cytotox-
icity between the polyamidines and PEI was more pronounced
when comparing these polymers at equivalent mass. For example,
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mass concentration of 20 mg/mL of PEI reduced cell viability to 65%,
yet at the same mass concentration of the polyamidines, cell
viability was higher than 95% (Fig. 7b). These results suggest that
compared to branched PEI, the polyamidines appear much less
toxic to cells and that both the acid-labile and non-acid-labile
polymers share similar cytotoxicity.

The effect on the BHK-21 cells by polyplex formed from
POEAmd 1 and PAmd 1 were further assessed by examining the
light scattering properties of the cells under transfection condi-
tions, as shown in Fig. 8. Generally, front scattering intensity
correlates with the size of cells, and side-scattering intensity
correlates with the granularity or internal structure of cells.
Untreated normal cell population within the “live” gate shows
a single population with certain scattering properties: the majority
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Fig. 8. Scattering properties of BHK-21 cells exposed to polyplexes transfection for 4 h in serum-free medium, followed by post-transfection incubation for 20 h in 10% serum-
containing medium. Dotted circle points to the normal cell population.
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of cells have front scatter from 400 to 800, side scatter from 100 to
300 (Fig. 8). At least 88% of the cells are gated as “live”. Plasmid DNA
treated cells are almost identical to untreated cells with the same
percentage of cells gated as “live”. PEI/DNA treated cells have
slightly lower viable cells (73%) due to toxicity of the PEI. Compared
with untreated cells or cells treated with plasmid DNA only, these
cells have similar front scattering intensity but slightly larger side-
scattering intensity. This suggests that after PEI/DNA incubation,
the cells maintain their original size but become more granular.
After being treated with DNA complexed to POEAmd 1 and PAmd
1, there is a slight decrease in cell viability than PEI, suggesting that
the polyamidines are slightly more toxic than PEI under serum-free
condition, which differs from the MTT data that were acquired in
complete media. The scattering properties of these cells are
markedly different than the PEI-treated cells. Here many cells
appeared to have shrunk with lower front scattering intensity in
the range of 300e500. Even more cells have high side-scattering
intensity and high granularity. There is no apparent difference
between the acid-degradable POEAmd 1 and the non-degradable
PAmd 1.

The observations on cell morphology based on light scattering
properties were further confirmed by direct visualization of cells
using light microscopy. Blank cells cultured on tissue culture plates
spread well on the substrate and proliferated (Fig. 9a), whereas
cells exposed to PEI polyplexes had a lower cell number and some
of the cells appeared rounded and shrunken with more granularity
(Fig. 9b). After treatment with POEAmd 1 polyplexes, even more
cells had rounded shapes and internal granularity was more
pronounced (Fig. 9c). There was no significant difference between
cells treatedwith the acid-labile POEAmd 1 and the non-acid-labile
PAmd 1. At higher magnification the untreated blank cells
appeared rather smooth (Fig. 9d), yet polyplex-treated cells con-
tained numerous, large vesicular structures in the cytoplasm
(Fig. 9e and f).

These studies show that the polyamidine-based copolymers are
able to trigger distinct cellular changes, resulting in smaller overall
size and higher granularity. Cationic polymers are known to cause
cellular stress and even death via primarily the apoptotic pathway
[41,42]. Some cationic polymers are also reported to alter the
morphology and light scattering properties ofmacrophages [43,44].
In the case of thepolyamidines and theBHK-21 cells, both acid-labile
and non-acid-labile polymer/DNA complexes had similar effects on
cell morphology and scattering properties, probably due to their
similar positive surface charges with zeta-potential values of
49.95� 6.68mVand47.04� 4.48mV, respectively. It is possible that
these cellular changes are related to cellular stress responses toward
highly positively charged colloidal polymer/DNA particles and the
initiation of cell death pathways, such as early apoptosis and
autophagy, or “self-eating”, a survival mechanism by cells under
stress [45]. Autophagy is known to cause shrinkage of cells and the
formation of autophagosomes, the large vesicular subcellular
organelle and the hallmark of autophagy,whichmayaccount for the
increase in subcellular granularity. It is also possible that some cells,
while still being alive, may have begun the early phase of apoptosis,
in response to thepolyamidines,whichmaycontribute to changes in
decreasing cell size and increasing granularity. While PEI/DNA
complexes at the same N:P ratio were also positively charged with
a slightly lower zeta-potential (34.45 � 7.54 mV), the effect on cell
viability, size and morphology was not as pronounced as that of the
polyamidines (Figs. 9 and 10). Although the cationic nature of all
these polymers may play an important role, the exact mechanism
appears to be unique to the polyamidines and is not entirely clear at
this point. Further clarification and exploitation of these mecha-
nisms may lead to refined polymer carriers that trigger specific
responses in target cells.

Transfection efficiency of BHK-21 cells was assessed using GFP
as the reporter gene. In a typical experiment, transfection by naked
GFP plasmid was, as expected, extremely low (w0.02%), similar to
blank cells and cells treated with polyplexes of luciferase plasmid
(Fig. 10). On the other hand, transfectionwith polyplexes composed
of 25-kDa branched PEI and GFP plasmid at N:P ratio of 8 resulted in
GFP positive cells of almost 16% (Fig. 10). Compared to PEI, the
transfection efficiency by the polyamidine/DNA complexes was real
yet surprisingly low, ranging fromw0.1 to 0.2% (Fig. 10). Polyplexes



Fig. 9. Morphology of BHK-21 cells exposed to polyplex transfection for 4 h in serum-free medium, followed by post-transfection incubation for 20 h in 10% serum-containing
medium. Shown are representative bright-field light microscopy images of blank cells (a) and cells treated with PEI polyplexes (b) or POEAmd 1 polyplexes (c). Further magnified
images of blank cells (d) and polyplex-treated cells (e) and (f) with higher internal granularity. Scale bar: 100 mm.
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of N:P ratio of 4 and 8 were generally more efficient than N:P ratio
of 16.

Key obstacles to non-viral gene transfer have been identified to
be cellular uptake, endosomal escape, nuclear translocation, and
DNA release from carrier [46]. We have shown that both types of
polyamidine described here are capable of binding to and
condensing plasmid DNA into nanoparticles of similar size and
stability. Therefore, it is reasonable to predict that the polyplexes
will be internalized in similar degrees by cells via endocytosis. We
have also shown that only the acid-labile poly(ortho ester amidine)
but not the non-acid-labile polyamidine is capable of degrading at
endosomal pH (w5) and releasing DNA. Interestingly, however, we
did not observe significant difference in gene transfection between
the acid-labile and the non-labile polyamidines. There are several
possible reasons for this observation. One possibility is that the rate
of acid-triggered hydrolysis may not be optimally tuned to cause
endosome disruption, and the DNA might have been released too
quickly and too early. Another possibility is that unlike the PEI, the
chemical structures of the polyamidine and its hydrolytic products
might not facilitate direct endosomal escape through the “proton
sponge”mechanism. In either case, the consequence would be that
the DNA is trapped in the endosome, digested, and deactivated. The
results reported here illustrate the importance of optimizing the
timing of acid-triggered DNA release and endosomal escape by
proper design of the acid-labile chemistry of the polymer carrier.
The poly(ortho ester amidine) chemistry is highly versatile, which



Fig. 10. Representative gene transfection of BHK-21 cells. The cells were incubated with the polyplexes of various N:P ratio for 4 h in the absence of serum, and GFP expression was
quantified by FACS 20 h later. The GFP positive gate was set based on the transfection results of polyplexes using a luciferase (LUC) plasmid to exclude the influence of cell
autofluorescence. The numbers in each panel are the fractions of GFP positive cells in percentage of the total live cells.
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should allow for further tuning of the acid-labile degradation rate
and for incorporating chemical functionalities to promote endo-
somal escape. The validation of suchmaterial designs by subcellular
trafficking studies will be the focus of future research.

4. Conclusions

We have demonstrated the synthesis and characterization of
a new type of acid-labile poly(ortho ester amidine) copolymers,
POEAmd. We showed that structures of POEAmd had a profound
impact on the physicochemical properties of the polyplexes,
including nanoparticle size and stability, as well as biological
properties such as DNA release, cytotoxicity, and gene transfection.
Furthermore, the POEAmd triggered intracellular stress responses
that are unique and distinguished from other cationic polymers.
Further understanding of the polymer/cell interaction and refining
the pH-triggered polymer degradation should lead tomore efficient
polyamidine-based gene delivery carriers.
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a b s t r a c t

Micelles based on a low-toxic and hydrolytically degradable poly(b-amino ester)-g-octadecyl acrylate
(PAE-g-ODA) amphiphilic copolymer were developed for doxorubicin (DOX) delivery. A two-step reaction
pathway was used to synthesize PAE-g-ODA copolymers with poly(ethylene glycol) segments in the
backbone via Michael-type addition reaction. Copolymers with various grafting degrees were obtained by
tuning the feedingmolar ratios of acrylate/formed secondary amine and the grafting reaction time. Among
this series of copolymers, PAE-g-ODA-2 (PAE-g-ODA with 45% ODA side chains) were found to form
spherical micelles with an average size of 72.5 nm, as determined by dynamic light scattering (DLS) and
transmission electron microscope (TEM), whereas the other PAE-g-ODA copolymers fail to form stable
micelles with a narrow size distribution in an aqueous solution. The titration curve illustrated that PAE-g-
ODA-2 has a high buffer capacity in the pH range of 7.5e5. The hydrolytic degradation of PAE-g-ODA-2
copolymer in PBS buffer (pH 7.4, 37 �C) wasmonitored by 1H NMR. It was found that up to 70% ester groups
in the backboneswere hydrolyzed in 48 h. The DOX-loadedmicelles release about 70% trapped DOXwithin
48 h in physiological condition. Cytotoxicity assay showed a low cytotoxicity of PAE-g-ODA-2 micelles as
well as a higher inhibition against HepG2 tumor cells of DOX-loaded micelles than free DOX.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Polymeric micelles self-assembled from amphiphilic block or
graft copolymers have been extensively explored as one of themost
promising nanosized drug carriers for the controlled release of
various hydrophobic anticancer drugs including doxorubicin (DOX)
and paclitaxel [1e3]. Drugs incorporated in polymeric micelles
exhibit such therapeutic advantages over free drugs as prolonged
circulation time by avoiding rapid clearance by the renal and
reticuloendothelial system (RES), enhanced drug solubility in
water, passive targeting to the tumor tissues via the enhanced
permeability and retention (EPR) effect, decreased side effects, and
improved drug bioavailability [4e7]. The core-shell structure of the
polymer micelles is essential in their pharmaceutical applications.
Sciences, Faculty of Human
4747592.

ical Engineering, Faculty of

ing), zhong@cc.umanitoba.ca
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The hydrophobic core of the micelles is usually loaded with
a variety of therapeutic or diagnostic agents, while the hydrophilic
shell, like a corona, stabilizes the micelles in an aqueous solution.
Poly(ethylene glycol), or PEG, is one of the most widely used
hydrophilic moieties, because it is highly hydrated, readily water
soluble, non-toxic and non-immunogenic [8,9]. In particular, PEG
chains can efficiently prevent the interactions of the micelles with
serum proteins and cells, avoid particle opsonization, and render
them “unrecognizable” by the reticuloendothelial system (RES) in
the liver and spleen [10e12].

The kinetics of a drug being released from its carriers may affect
their cell-killing efficacy. DOX is an anticancer drug that has been
widely used in the treatment of different types of tumors [13,14].
DOX is known to interact with DNA by intercalation and to inhibit
the biosynthesis of macromolecules [15,16]. It is crucial, therefore,
to deliver DOX into the cytoplasm and/or the cell nucleus.

Poly(b-amino ester)s (PAE), a group of cationic polymers con-
taining amino groups, were originally developed for gene delivery
[17e19]. They have been used to condense DNA to form polycation/
DNA complexes by electrostatic interaction, and their high buffer
capacity facilitates endosomal escape of the polycation/DNA

mailto:xing@cc.umanitoba.ca
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complexes via the “proton sponge” effect. Recently, PAE-based
nanoparticles with positive charges on their surface were reported
to promote nanoparticle endocytosis and intracellular delivery of
DOX [20e22].With ester groups in the backbones, the poly(b-amino
ester)s were designed to degrade under physiological condition.

Generally, linear poly(b-amino ester) can be prepared by
Michael addition polymerizations of diacrylate with secondary bis
(amine)s [18]. However, the reactivity of amine groups typically fits
the following order: secondary amine (original) > primary
amine>> secondary amine (formed) [23,24]. As a result, a reaction
between triamine monomers and bisacrylates monomers that are
equal in molar masses produces linear polymers. The topology of
these polymers can also be controlled by adjusting polymerization
temperature. Hong et al. [25] reported that the reactivity of the
formed secondary amines can be significantly enhanced by
elevating the reacting temperature to 48 �C, when hyperbranched
polymers formed.

We herein report a novel approach to synthesize amphiphilic
graft copolymers with PEG-based poly(b-amino ester)s in the
backbones and octadecyl groups (ODA) in the side chains. The
linear poly(b-amino ester)s were synthesized via Michael addition
polymerization of N-aminoethyl piperazine (AEPZ) and poly
(ethylene glycol) diacrylate (PEGDA) at 40 �C. Another Michael
addition reaction was then allowed to take place between the ODA
and the formed secondary amines in the backbones of the linear
poly(PEGDAeAEPZ) (PAE) at a higher temperature (60 �C) to yield
ODA-grafted PAE. The degradation behavior of the PAE-g-ODA was
investigated by a 1H NMR spectrometry. In vitro DOX release from
DOX-loaded PAE-g-ODA micelles were evaluated. MTT assay was
used to evaluate the cytotoxicity of PAE-g-ODA copolymer.
2. Materials and methods

2.1. Materials

All chemicals were purchased from SigmaeAldrich Canada Ltd.
(Oakville, Ontario, Canada) and used without further purification
unless otherwise noted. The 3- (4, 5-dimethyl thiazolyl-2)-2, 5-
diphenyl tetrazolium bromide (MTT) cell proliferation assay kits
were from Biotium Inc. (Hayward, CA). Dialysis membrane (3.5 kDa
MWCO), 0.45 mm Millipore Millex Syringe Filters were purchased
fromFisher Scientific (Ottawa, ON, CANADA). Carbon Coated Copper
Grids were purchased from Canemco Inc. (Core, Quebec, Canada).
2.2. Instruments

1H NMR spectra were recorded on a Bruker Avance 300 NMR
spectrometer (300 MHz) with CDCl3 as the solvent. The UV absor-
bance was recorded with a Varian Cary-50 UVevis spectropho-
tometer. The fluorescence intensity of pyrene was recorded with
a Varian Cary Eclipse fluorescence spectrophotometer.

The number average (Mn) and weight average (Mw) molecular
weights and polydispersity index (PDI¼Mw/Mn) were determined
by a Tetrahydrofuran (THF) based gel permeation chromatography
(THF GPC), which was conducted on aWaters Chromatography, Inc.
(Milford, MA) system equipped with an Waters Alliance HPLC
System (Waters 2695 Separation Module), a Waters 2414 Differ-
ential Refractometer with temperature control, a Waters 2996
Photodiode Array Detector and a set of four columns (separation
range 100e20 K and 1000e10 M). The system was equilibrated at
25 �C in pre-filtered THF, which served as polymer solvent and
eluent (flow rate set to 1.00 ml/min). Polymer solutions were
prepared at concentrations of 3 mg/ml and an injection volume of
100 mL was used. Data collection and analysis were performed with
Empower Pro software. The systemwas calibratedwith polystyrene
standards (Polymer Laboratories, Amherst, MA).

Images of the micelles were taken by a Joel 1010 TEM (Trans-
mission Electron Microscope) at 60 kV using a LaB6 filament and
recorded using an AMT digital camera. Micrographs were collected
at 60,000� magnifications. Hydrodynamic diameters (Dh) and size
distributions were determined by a Malvern Zetasizer Nano-S
dynamic light scattering (DLS) system (Malvern Instruments Ltd.
Worcestershire, UK). Measurements were conducted at room
temperature.

2.3. Synthesis and characterization of PAE-g-ODA copolymers

The graft copolymer PAE-g-ODA was typically synthesized as
follows: PEG diacrylate (PEGDA) (302 mg, 1.0 mmol) and AEPZ
(129mg,1mmol)were added into a20mlborosilicate vial containing
a magnetic stirrer bar, and 5 ml DMSO was added to dissolve the
mixture into a clear solution. The reaction lasted for 3 days at 40 �C to
yield poly(b-amino ester) (PAE) precursor (310 mg, yield: 72%). 1H
NMR (ppm): d 2.40e2.60 (eCH2COOe), 2.60e2.80 (eCH2N(CH2)2e)
2.90e3.00 (eCH2NHCH2e), 3.60e3.8 (eCH2OCH2e), 4.2e4.3 (4H,
eCOOCH2CH2Oe). Mn ¼ 10.8 � 103 g/mol, Mw ¼ 14.1 � 103 g/mol,
PDI ¼ 1.30.

ODA (649mg, 2.0mmol) was then added and 5ml chloroformwas
alsoaddedto increase the solubilityofODAin thereactionsolution. The
graft reaction was performed at 60 �C for predetermined time. The
mixturewasprecipitated in a large excess amountof colddiethyl ether,
then in cold hexane and finally dried in vacuum for 2 days. The typical
yielding of the copolymer was about 60%. 1H NMR (ppm):
d 0.80e0.90 (eCH2(CH2)15CH3), 1.20e1.40 (eCH2(CH2)15CH3),
1.60e1.70 (eCH2(CH2)15CH3), 2.40e2.60 (eCH2COOe), 2.60e2.80
(eCH2N(CH2)2e) 2.90e3.00 (eCH2NHCH2e), 3.60e3.8 (eCH2OCH2e),
4.0e4.1 (eCOOCH2(CH2)16CH3), 4.2e4.3 (4H, eCOOCH2CH2Oe).

2.4. Titration of PAE-g-ODA copolymers

The buffer capacity of copolymer was monitored by means of
titrationsas follows: thePAE-g-ODA-2orbranchedPEI (Mw¼25KDa)
was dissolved in distilled water at a concentration of 2 mg/ml. The
solution was titrated with a 0.1 M HCl aqueous solution at an incre-
ment of 10 ml. The pH decreases of the solutionwere monitored with
a pHmeter at room temperature. The buffer capacity of the polymers
can be defined as the percentage of the amine groups which were
protonated in the pH range of 7.5e5. The equation (Equation (1)) to
calculate the buffer capacity of the polymers was [26,27]:

Buffer Capacity ð%Þ ¼ VðHClÞ�0:1M=N mol� 100% (1)

here, V is volume of the 0.1MHCl added into the polymer solution;N
is the total molar amount of amine groups in the polymer solution.

2.5. In vitro hydrolysis of PAE-g-ODA copolymer

The hydrolytic degradation of PAE-g-ODA-2 copolymer in
physiological conditions was monitored by 1H NMR. In brief, PAE-g-
ODA-2 was dispersed in a PBS (pH 7.4, 0.1 M) at a concentration of
25 mg/ml. A vial containing such a degradation solutionwas placed
in a shaking bath at 37 �C, 80 rpm. At predeterminated time, 200 ml
buffer was taken out and freeze-dried. The percentage of residual
ester groups in the backbones of the degraded copolymer to that of
the original copolymers can be calculated from the Equation:

xð%Þ ¼ I4:20=ðI4:20þ I3:6Þ�4�100

where x represents the percentage of residual ester groups in
reference to the original polymers, I4.20 and I3.6 represent the
integrals at d4.20 and d3.60 respectively.
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2.6. Preparation and characterization of PAE-g-ODA micelles

The PAE-g-ODA micelles were prepared using the dialysis
method. PAE-g-ODA copolymer (20 mg) was dissolved in 2 ml of
Drug loading content ¼ ðweight of loaded drug=weight of copolymerÞ�100%

Drug loading efficiency ¼ ðweight of loaded drug=weight of feeding drugÞ�100%
THF while being stirred. 10 ml distilled water was added dropwise,
and constantly stirred. The solution was then dialyzed against
water for 24 h (molecular weight cutoff ¼ 3500) to form the
micelles.

The critical micelle concentration (CMC) of the graft copolymer
in water was monitored by fluorescence spectroscopy using pyrene
as a probe. 20 ml of pyrene acetone solution (20 mg/ml) were added
to 4 ml vials, and acetone was then allowed to evaporate to dry.
4 ml of aqueous solution containing 0.1e128 mg/l of PAE-g-ODA
copolymers were added to the vials, respectively. The final
concentration of pyrene in each sample solutionwas 0.1 mg/ml. The
excitation spectra (300e360 nm) of the solutions were recorded as
emission wavelength of 395 nm with the excitation and emission
bandwidths set at 5 nm. The ratios of the peak intensities at 338 nm
over 334 nm (I338/I334) of the excitation spectra were recorded
and plotted versus polymer concentration. The CMC value was
taken from the intersection points of the tangent to the curve at the
high concentrations with the horizontal line through the point at
the low concentrations.

Hydrodynamic diameter and size distribution of the micelles
were determined by dynamic light scattering (DLS). Measurements
were carried out at 20 �C using Zetasizer Nano-S from Malvern
Instruments. Solution of the micelles (250 mg/l) was passed
through a 0.45 mm pore size filter prior to measurement. The
morphology of micelles was examined by transmission electron
microscope (TEM). The digital images were taken by Joel 1010 TEM
at 60 kV using a LaB6 filament and recorded using an AMT digital
camera. The TEM samples were prepared as follows: a drop of the
isolated micelle solution was dropcast on a carbon coated copper
grid (400-mesh) and dried in air. Then 2% (w/v) of uranyl acetate
solution was dropped on the grid and was allowed to be in contact
with the micelles for 1 min before excess liquid was removed using
a filter paper. The grid is dried in air for 1 h before microscope
observation. The average diameters of the particles were averaged
from the measurements of 10 different particles in the TEM
micrographs.
2.7. Preparation of DOX-loaded PAE-g-ODA-2 copolymer micelles

DOX-loaded micelles of PAE-g-ODA-2 graft copolymer were
prepared as follows: Briefly, 1 mg of DOX was dissolved in 5 ml THF
and mixed with 1.5 equiv of triethylamine. Then 10 mg of PAE-g-
ODA-2 graft copolymer was added into the solution, which was
stirred for 60 min. 5 ml distilled water was added dropwise with
vigorous stirring. The dispersed DOX-loaded polymeric micelles
were dialyzed against distilled water (molecular weight
cutoff ¼ 3500) for 24 h to remove free DOX and byproducts. Finally,
the DOX-loaded micelles were lyophilized into a red solid. The drug
loading efficiency of the DOX-loaded polymeric micelles was
determined by dissolving them in THF and quantifying the amount
of loaded DOX using a UVevis spectroscopy, referring to its absor-
bance at 480 nm. To determine the drug loading content, DOX-
loaded micelles were dissolved in THF and analyzed using a fluo-
rescence spectroscopy.

Drug loading content and drug loading efficiency were calcu-
lated according to the following equations (Equation (3):
2.8. In vitro DOX release of PAE-g-ODA-2 copolymeric micelles

Dispersed DOX-loaded polymeric micelles were added to
a dialysis membrane tube (molecular weight cutoff ¼ 3500), which
was then incubated in 30 ml phosphate buffer saline at pH 7.4 at
37 �C in a water bath with a shaking rate at 80 rpm. At pre-
determined frequencies, 6 ml incubated solutionwas taken out and
6 ml fresh PBS was added to refill the incubation solution to 30 ml.
DOX release profiles were determined by measuring the UVevis
absorbance of the solutions at 480 nm.

2.9. Cytotoxicity of DOX-loaded PAE-g-ODA-2 micelles

Hepatoma cells (HepG2) were used to investigate cell inhibition
of DOX-loaded nanoparticles. HepG2 cells were obtained from the
American Type Culture Collection and cultured with Dulbecco’s
modified Eagle’s medium (DMEM, GIBCO) supplemented with 10%
fetal bovine serum (FBS, GIBCO),1.0� 105 U/l penicillin (Sigma) and
100 mg/l streptomycin (Sigma) at 37 �C in 5% CO2.

The cytotoxicity of the PAE-g-ODA-2 micelles loaded with DOX
was determined using an MTT assay. HepG2 cells were seeded into
a 96-well tissue culture plate at a density of 8000 cells/well and
were incubated at 37 �C in 5% CO2. The growth medium was
replaced with fresh DMEM after 24 h. Then the DOX-loaded PAE-g-
ODA-2 polymeric micelle solution and controls (free DOX and blank
micelle solutions) were added into wells (six wells per sample).
After 48 h of incubation, 10 mL MTT solutionwas added to each well
and incubation was continued for another 4 h. The medium was
removed and 200 mL DMSOwas added into eachwell to dissolve the
formazan by pipetting up and down for several times. The absor-
bance of each well was measured using an ELISA plate reader at
a test wavelength of 570 nm and a reference wavelength of 630 nm.
The cell inhibition of the samples was calculated as Equation (4):

Cell inhibitionð%Þ ¼ Icontrol � Isample

Icontrol
� 100%

where Isample and Icontrol represent the intensity determined for
cells treated with different samples and for control cells
(untreated), respectively.

3. Results and discussion

3.1. Synthesis and characterization of PAE-g-ODA graft copolymers

The Michael addition polymerization of triamines (AEPZ) and
acrylate (PEGDA) in equimolar quantities was performed in DMSO.
In Michael-type polymerization, the reactivity of amine groups to
acrylate groups was known to follow the sequence of secondary
amine (original) > primary amine >> secondary amine (formed)
[24]. For example, AEPZ contains one secondary amine (original)
and one primary amine, in which the secondary amines (original)
have a higher reactivity than the primary amines. This is due to the
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Scheme 1. Synthetic pathway for PAE-g-ODA series polymers. (i) DMSO, 40 �C, 3 days; (ii) Chloroform, Octadecyl acrylate, 60 �C, predeterminated time.

Table 1
The grafting reaction conditions and results of graft copolymers.

Sample Temperaturea

(�C)
Timea

(h)
Feed
ratiob

Yield Graft
degreec

PAE-g-ODA-1 60 24 2/1 74% 24%
PAE-g-ODA-2 60 72 2/1 66% 45%
PAE-g-ODA-3 60 168 2/1 32% 85%
PAE-g-ODA-4 60 72 1/1 71% 27%

a The temperature and time for grafting reaction.
b The molar ratio between ODA and AEPZ.
c GD ¼ I4.08 � 2/I4.2 � 100%.
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steric hindrance of cyclic aliphatic rings on the secondary amines
(original) of AEPZ is much lower than both the primary amine and
formed secondary amine, and the inductive effect of aliphatic
substituent on the nitrogen atoms increases their electron density.
Meanwhile, the high steric hindrance of polymer chains leads to the
lowest reactivity of the secondary amine (formed). As a result, for
the formed secondary amines, there is little opportunity to
participate in the reaction at equal feed molar ratio of diacrylate/
Fig. 1. Typical 1H NMR spectrum (30
AEPZ. In addition, the topology of these polymers can be also
controlled by adjusting the polymerization temperature as shown
by Hong et al. [25], who reported that the relative reactivity of the
formed secondary amines is significantly enhanced by elevating
reaction temperature to above 48 �C, when hyperbranched poly-
mers are formed. Therefore, linear poly(b-amino ester)s containing
secondary and tertiary amines in the backbones can be obtained
from a Michael addition polymerizations of AEPZ and PEGDA in
equimolar quantities in a relatively low temperature (Scheme 1).

To our knowledge, there has been little reported work on graft
polymers formed via a synthesis by Michael addition of acrylate to
secondary amine (formed). Such reaction is therefore studied in our
work for the preparation of graft copolymers. A typical grafting
reaction of poly(PEGDAeAEPZ) proceeds according to Scheme 1.
The reaction between linear poly(PEGDAeAEPZ) and ODA were
carried out in DMSO/chloroform (v/v¼ 1), inwhich chloroformwas
added to increase the solubility of ODA in the reaction mixtures.
The reaction conditions and results are listed in Table 1. To deter-
mine the grafting degree of the copolymers, the reaction was fol-
lowed by 1H NMR measurements. The 1H NMR spectra of four
0 MHz, CDCl3) of PAE-g-ODA-2.



Fig. 2. (A) The 1H NMR spectra of PAE precursor and PAE-g-ODA series copolymers series polymers. (B) The GPC traces of PAE-g-ODA series copolymers.
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Fig. 3. The critical micelle concentration as a function of PAE-g-ODA-2 concentration
in PBS buffer (pH ¼ 7.4, 0.1 M).

Table 2
Characterization of PAE-g-ODA series copolymers and micelles.

Sample Mna
(�103)

PDIa Theoretical
Mnb (�103)

CMCc

(mg/l)
Sized

(nm)
PId

PAE-g-ODA-1 12.6 2.2 12.8 45 516.0 0.280
PAE-g-ODA-2 13.8 2.6 14.7 25 72.5 0.146
PAE-g-ODA-3 25.9 2.9 18.0 25 19.5 0.675
PAE-g-ODA-4 13.6 2.1 13.1 32 326.4 0.359

a Determined by GPC (THF as the eluent, 1.0 mL/min, 30 �C, polystyrene
standards).

b Calculated from the Mn of PAE precursor and grafting degree data via 1H NMR
determination.

c Determined using pyrene as a fluorescence probe.
d Size and PI (size polydispersity index) of micelles and DOX-loadedmicelles were

determined by DLS.
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grafting copolymers, poly(PEGDAeAEPZ)-g-ODA with different
ODA contents, are shown in Figs. 1 and 2. The two typical peaks of
d4.08 and d4.20 in the spectra were attributed to the protons of
methylene groups adjacent to the ester groups in the ODA chains
and that of methylene groups adjacent to the ester groups in the
backbones, respectively. Accordingly, the grafting degrees (GD) of
the copolymers can be calculated based on 1H NMR data according
to Equation. (5):

GD ¼ I4:08�2=I4:2�100% (5)

Different reaction times and feeding ratios ofpoly(PEGDAeAEPZ)
to ODA were used in the preparation of the graft copolymers. As
shown in Table 1, the grafting degree of copolymer was found to
increase with the increase of reaction time; the degree of grafting
was 24% in 24 h, while it reached 85% in 72 h. In addition, the higher
4
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Fig. 4. (A) The titration curve of PAE-g-ODA-2. A solution of copolymer (2 mg/mL) in wat
branched PEI (Mw 25 KDa, 2 mg/ml) in the pH of 7.5e5.
molar ratio of ODA to poly(PEGDAeAEPZ) results in the higher graft
degree in the same reaction time. However, it was found that the
yield of the graft copolymer decreases as the graft degree of copol-
ymers increases. A possible reason could be that copolymers with
a higher percentage of ODA are more difficult to be precipitated out
in the excess of diethyl ether as compared to the copolymers with
a lower percentage of ODA.

The CMC of the PAE-g-ODA copolymers was monitored by a fluo-
rescence spectrometry using pyrene as a probe. Pyrene has been
widely used as a hydrophobic fluorescence probe for micelle
formation, in which, the ratio I338/I334, defined as the intensity of
thefirst vibrational band relative to the third vibrational band, canbe
used as an index of micelle hydrophobicity [28]. As shown in Fig. 3,
the CMC value was defined as the concentration corresponding to
crossing pointof the tangent to the curvewith thehorizontal tangent
through the point at the low concentrations. The CMC values of the
four copolymerswere listed inTable 2. The CMCof PAE-g-ODA-2was
about 25mg/l, indicating that a stable core-shell structure remains in
such a low concentration.

According to the “proton sponge hypothesis” suggested by Behr
et al. [29], the buffer capacity of a polycation at a lowpHmayplay an
important role in facilitating endosomal escape of polycation/DNA
complexes. This feature can be also used to facilitate drug-loaded
nanoparticles breaking through the endosomal membrane to
release the drug into cytosol. The inhibition of DOX against tumor
cells is knowntobe realizedby interactingwithDNAby intercalation
and prohibiting macromolecules biosynthesis [16]. It is crucial,
therefore, to deliver DOX into the cytoplasm and/or nucleus of the
cells. The precise pH value of a polymer solutionwas monitored for
adding different concentrations of Hþ to determine the buffer
capacity of this kind of polycations. After titration by adding 0.1 M
HCl, the titration curve of copolymers was shown in the range of pH
4e8 (Fig. 4A). In Fig. 4B, the titration curves of copolymer and
branched bPEI 25 KDa were compared in the range of pH 5e7.5.
Calculating from the Equation (1), the results showed that PAE-g-
ODA-2 had 40% protonation comparedwith 24% protonation of bPEI
25 KDa, which indicated the higher buffer capacity of PAE-g-ODA-2
copolymer in thepH rangeof 5e7.5. According to the ‘proton sponge’
hypothesis, the high buffer capacity between pH ¼ 5e7.5 may play
an important role in endosomal escape and consequently contribute
to the high delivery efficacy of loaded cargos.

The hydrolytic degradation kinetics of PAE-g-ODA-2 at 37 �C was
monitored using 1H NMR. As shown in Fig. 5A, when the hydrolytic
degradation of ester groups in the backbone of poly(b-amino ester)
occurred, the integral at d4.20 attributed to the methylene protons
adjacent to the ester groups, gradually decreased and the integral at
d3.60 gradually increased. And the content of residual ester groups in
reference to the original copolymer can be calculated by comparing
the integrals of signal at d4.20 attributed to the methylene protons
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adjacent toester groupswith the integrals of signalat d3.60attributed
to the methylene protons adjacent to the oxygen group (eO-CH2e)
and the hydroxyl group (HOCH2L) derived from the hydrolysis of
ester groups, which was shown in Equation (2):

xð%Þ ¼ I4:20=ðI4:20þ I3:6Þ�4�100 (2)

where x represented the percentage of residual ester groups in
reference to the original polymers, I4.20 and I3.6 represented the
integrals at d4.20 and d3.60 respectively.
Fig. 5. A) The 1H NMR spectra of PAE-g-ODA-2 degraded in phosphate buffer (0.1 M, pH 7.4)
at 37 �C in PBS buffer at pH 7.4.
The degradation curve of PAE-g-ODA-2 in PBS at pH 7.4 was
shown in Fig. 5B. The degradationwas fast in the first 6 hwith a 50%
loss of ester groups, while it slowed down during the following 42 h
with another 15% loss of ester groups. The fast degradation of the
ester groups in the backbones may result from the good hydro-
philicity of the PEG-based poly(b-amino ester)s [18]. Based on this
result, it can be predicted that the micelles would undergo a fast
degradation and thereby release the loading cargos when copoly-
meric micelles were utilized in physiological condition.
in different degradation time. (B) The residual ester groups percentage of PAE-g-ODA-2



Fig. 6. (A) The micelles size and size distribution determined by DLS. (B) The TEM micrograph of PAE-g-ODA-2 in water solution.
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3.2. Characterization of blank and DOX-loaded PAE-g-ODA
copolymeric micelles

According to dynamic light scattering (DLS) measurement, the
average diameter of the blank PAE-g-ODA-2 copolymeric micelles
in an aqueous solution was about 72.5 nm with a polydispersity
index of 0.146 (Fig. 6A). The DLS graph showed a monodial distri-
bution of PAE-g-ODA-2 copolymeric micelles in aqueous solution.
TEM micrograph revealed that the blank micelles had spherical
morphology (Fig. 6B) with an average size of about 64 nm. TEM
micrograph gives a smaller size of the micelles as compared to DLS,
probably due to the shrinkage of the PEG shell when being dried.
These results indicate that the copolymeric micelles were well
dispersed in aqueous medium and were given homogeneous
nanosized micelle structures. The PEG segments in the PAE-g-ODA-
2 backbones can efficiently shield the positive charges of the
backbones and stabilize the micelles in the dispersion solutions. As
to the other PAE-g-ODA copolymers with different densities of ODA
chains, however, their micelles sizes were larger or more widely
distributed, indicating defected or unstable core-shell structures of
the nanoparticles in aqueous media. The structure of the micelles
may be affected by the ratio between the length of the hydrophi-
licity moiety to that of the hydrophobicity moiety [30]. It can be
concluded that when the molecular weight ratio of the hydro-
phobic moiety is around 40% of the copolymer, stable micelles
could form in an aqueous medium.

Dialysis method was used to prepare DOX-loaded PAE-g-ODA
copolymeric micelles. The designated drug loading content was
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Fig. 7. The DOX release from PAE-g-ODA-2-Dox micelles in PBS (pH ¼ 7.4, 0.1 M).
set at 10 wt%. The results showed that the drug loading effi-
ciencies were approximately 35% for the polymeric micelles. The
size of DOX-loaded micelles was about 126 nm as determined by
DLS. The increased average size of the DOX-loaded copolymeric
micelles, as compared to blank micelles, may be caused by the
drug molecules that have got entrapped in the hydrophobic
cores.
3.3. In vitro DOX release from the PAE-g-ODA-2 copolymeric
micelles

The profiles of DOX release from the PAE-g-ODA-2 copolymeric
micelles were investigated using the dialysis method. In pre-
determined interval, 6 ml incubated solution was taken out from
30 ml incubation solution and 6 ml fresh buffer solutionwas added
to refill the incubation volume to 30 ml. The solutions taken out at
different time intervals were examined under a UVevis spec-
trometer at 480 nm, which is the characteristic absorbance of DOX.
As shown in Fig. 7, in PBS at pH 7.4, there was a release of about 30%
of the incorporated DOXwithin the first 6 h, followed by a very slow
release of DOX from the micelles in the next 42 h. This result was in
accordance with the degradation profile of the polymer backbones,
which underwent a fast degradation in the first 6 h and a relatively
slower degradation in the following 42 h. DOX diffused out of
the core quickly in the first 6 h probably due to the collapse of the
micelles via quick degradation of the hydrophilic shell. Then the
degradation rate of the hydrophilic backbones decreased, the drug
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release also slowed down. After 48 h, about 65% DOXwere released
from the micelles, while the rest 35% DOX may be entrapped in the
aggregations formed by the degradation products of the copoly-
mers, and therefore are released in a much lower rate. Compared
with degradation data in Fig. 5, up to 80% ester groups in the
backbones were hydrolyzed in 48 h in PBS. However, in Fig. 7, the
release rate was only 65% after 48 h. One possibility is that after
degradation of ester groups in the copolymer up to 80%, the 20%
residual oligomers and even the hydrolyzed fragments still have
the amphiphilic structure which leads to the possibility of forming
some kind of loose core-shell structure. Thus a small amount of
hydrophobic drug will stay in the hydrophobic part and exhibit
a very slow diffusion.
3.4. Cytotoxicity of DOX-loaded PAE-g-ODA-2 micelles

Cytotoxicity of the DOX-loaded micelles to HepG2 cells as
a function of the drug dose was determined using an MTT assay. As
shown in Fig. 8, PAE-g-ODA-2 showed low cytotoxicity to HepG2
cells, probably due to the PEG-based poly(b-amino ester) back-
bones. The PEG repeat units in the backbones are non-toxic and can
dramatically shield the positive charges of the amine groups in the
backbones. Furthermore, their quick degradations into small
molecules can result in a lower cytotoxicity as well. DOX-loaded
micelles were found to have higher cytotoxicity against the tumor
cells than free DOX in high doses.
4. Conclusion

PEG-based poly(b-amino ester)-graft-octadecyl acrylate (PAE-g-
ODA) co-polymers were successfully synthesized in this study.
Two-step reaction pathway was used to synthesize the graft
copolymer. The grafting degree in graft copolymers can be easily
controlled by tuning the feeding molar ratios of acrylate/formed
secondary amine and the reaction time. PAE-g-ODA-2 can effi-
ciently form spherical micelles with an average diameter of 72.5 nm
inwater. This micelle showed a high buffer capacity in the pH range
from 7.5 to 5 and illustrated a fast degradation in the physiological
condition. The cell inhibition of the DOX-loaded micelles was
higher than that of free DOX in high doses while the micelles itself
showed very low cytotoxicity. All these data suggested that these
degradable micelles self-assembled by PAE-g-ODA graft copolymer
could be a potential anticancer drug nanocarrier.
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The synthesis of micron-sized polymer particles with a core-shell pomegranate-like morphology is
presented. The proposed polymerization technique takes advantage of a reaction-induced micro-phase
separation within a suspended organic liquid droplet containing monomer, a chemical initiator, a steric
stabilizer, and a poor solvent for the polymer. With an increase in monomer conversion, the monomer
droplet suspended in a continuous aqueous medium is transformed first into a micro-capsule with
a thick pericellular membrane, and eventually into a polymer particle packed with 300e500 nm polymer
sub-particles. The experimentally observed evolution of particle morphology indicates that the reaction
pathway is strongly influenced by micro-phase separation and transport phenomena. In the first stage of
polymerization, a pseudo-homogeneous polymerization takes place at the droplet surface, followed by
a starved macro-dispersive polymerization in the inner region where polymer precipitates out from the
solvent phase as nano-sized sub-particles.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

The preparation of polymer particles with complex internal
morphologies such as core-shell, single-hollow, and multi-hollow
has been the subject of active research in recent years because of the
broad impact of such particles in both scientific and industrial fields.
Some notable applications of these particles include micro-encap-
sulation, protection of biologically active materials, thermal insu-
lation, hiding agents for coatings, sensors, floating materials, and
temperature-responsive materials [1e10]. Currently, most of these
polymer particles or precursorswith complex internal structures are
synthesized by emulsion polymerization or one of its variations (i.e.,
dynamic swelling method, interfacial polymerization, colloidosome
method, polymerization with functionalized silica-template and
post-reaction etching, layer-by-layer assembly, etc.) [11e16].

Emulsion polymerization is a facile method to synthesize sub-
micron sized particles of various morphologies. However, there are
also growing interests in producing polymer particles with
complex internal morphologies in the supra-micron size range. For
instance, poly(methyl methacrylate) (PMMA) particles of 5e50 mm
with multiple internal cavities can be used in light diffusing films
for high luminance in the backlight unit (BLU) of a liquid crystal
display (LCD) device. In a conventional BLU, a light diffusing film is
made of polyester coated with layers of solid PMMA particles [17].
: þ1 301 405 0523.

All rights reserved.
Micron-sized polymer particles with multiple internal cavities are
more effective than conventional solid particles because they offer
an increased light diffraction path length for the same or even
smaller particle layer thickness. For the encapsulation of volumi-
nous pathogens such as salmonella, polymer particles that can
provide a sufficiently large space (e.g., tens of microns) are also
needed [18]. To prepare such micron-sized polymer particles of
complex internal morphologies, synthetic methods other than
emulsion polymerization are needed.

Suspension polymerization is generally used to produce solid
polymer particles of 10e100 mm or even larger. In suspension
polymerization, the size of monomer droplets is essentially deter-
mined by the mechanical agitation and the type and concentration
of suspension stabilizers. However, suspension polymerization of
certain monomers that accompanies the precipitation of polymer
particles yields some interesting particle morphologies. For
instance, the suspension polymerization of vinyl chloride in pres-
ence of a primary steric stabilizer and a moderate agitation
produces unicellular PVC grains [19]. Due to the insolubility of poly
(vinyl chloride) (PVC) in its monomer, polymer chains precipitate
inside the suspended micro-droplets when reaching a chain length
of about 20 repeating units. These precipitating chains form
unstable nano-domains that eventually aggregate to produce
primary particle nuclei of about 100 nm [20]. In the last stages of
the polymerization, nuclei also aggregate to produce a complex
multi-porous structure inside the suspended droplets. A primary
stabilizer is used to prevent the agglomeration of droplets, whereas

mailto:choi@umd.edu
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a secondary stabilizer is used to prevent sub-particles agglomera-
tion. Interestingly, PVC grains are usually surrounded by an external
pericellular membrane or skin. Several mechanisms have been
proposed to explain the skin formation including grafting reactions
onto the primary suspension stabilizer, aggregation of sub-particles
at the droplet/water interface, and polymerization of the monomer
present in the water phase [19e22].

Recently, our research group has investigated the inverse
suspension terpolymerizations of acrylamide, neutralized meth-
acrylic acid, and a crosslinker in a nonpolar hydrocarbonmedium to
produce polymer particles with complex internal morphologies
such as single- and multi-hollow structures [18]. Monomers and
crosslinker were dissolved inwater prior to prepare the suspension.
Since the crosslinking reactions rendered the polymer insoluble in
water as the polymerization proceeded, an intra-droplet phase
separationwas induced at early stages of the polymerization. At the
end of the reaction, water was removed from the polymer particles
by evaporation, and micron-sized polymer micro-capsules were
left behind. Such micro-capsules can be readily used for bio-
encapsulation of voluminous virulent pathogens [18].

In this article,we report amodified suspensionpolymerizationof
methyl methacrylate (MMA) in the presence of a nonpolar hydro-
carbon solvent such as n-hexane to produce a novel core-shell
pomegranate-like structure. Since themethod involves a dispersion
polymerization in a confined reaction space (i.e., micron-sized
monomer droplet), we call it Micro-Dispersive Polymerization in
a Confined Reaction Space (MDPCRS). Unlike PVC, PMMA is
completely soluble in its monomer and the intra-droplet phase
separation is induced by the addition of the nonpolar hydrocarbon
solvent that provides a thermodynamic environment favorable for
the sub-particle precipitation. Moreover, the insolubility of polymer
chains inside the droplets increases as the polymerization proceeds
due to the continuous depletion of the monomer.

2. Experimental work

Methylmethacrylate (MMA) (Aldrich) and lauroyl peroxide (LPO)
(Across Organics) were used as monomer and oil-soluble initiator,
respectively; n-hexane (Fisher Scientifics) was used as nonpolar
nonsolvent and methacryloxypropyl-terminated poly(dimethylsi-
loxane) (PDMS) (MW ¼ 4000e6000 Da) (Gelest) was used as oil-
soluble steric stabilizer. Polyvinyl alcohol (PVA) (89% hydrolyzed,
MW ¼ 85,000e124,000 Da) (Sigma) was used as water-soluble
suspension stabilizer. The MDPCRSs were carried out as follows. The
oil-phase components (i.e., monomer, initiator, solvent, PDMS, and
LPO) were mixed together at room temperature until complete
dissolution of LPO. The initialmonomer contentwas 75wt.%, and the
initial concentrations of LPO and PDMS were 3 and 1.5 wt.% (mono-
mer-based), respectively. The oil phase was added to an aqueous
solution containing dissolved PVA (10 g/L-water). The suspension
was first homogenized using a high-shear rotorestator mixer, and
then loaded in a 500 mL jacketed-reactor. The reaction mixture was
purged with nitrogen for 30min, and the reactionwas carried out at
70 �C for 90 min under mechanical agitation (w500 rpm). Samples
were taken from the reactor at different times, and the produced
polymer particles were washed with methanol, filtered, and dried
under vacuum overnight. For comparison, regular macro-dispersive
polymerizations were also carried out. To this purpose, the oil-phase
componentsweremixed together in20-mLglass vials until complete
dissolutionof LPO, purgedwithnitrogengas, sealed, andquenched in
an oil bath at 70 �C. No agitation was applied.

Monomer conversion (x)wasmeasuredbya standard gravimetric
technique that consists of precipitating the particle with methanol,
filtering, and drying the powder until constant weight is reached.
Polymer molecular weights were determined by gel permeation
chromatography (GPC), using a UV detector and PLgel 10 mmMIXED-
B columns (Polymer Laboratories). Chloroform was used as the
mobile phase and PMMA standards of narrow molecular weight
distribution were used to calibrate the column. The internal
morphologies of the polymer particles were examined by scanning
electron microscopy (SEM). To analyze their cross-section, cured
epoxy embedded particles were either microtomed using a Leica
RM2235 microtome or mechanically fractured. In conjunction with
SEM, elementmappingswere carried out by EnergyDispersionX-ray
(EDX) spectroscopy (Hitachi SU-70 Analytical UHR FEG-SEM).
3. Results and discussion

3.1. General interpretation of the core-shell pomegranate-like
structure

The evolutions of monomer conversion, polymer average
molecular weights, and polymer molecular weight distribution are
presented in Figs.1 and2, respectively. In Fig.1, thesymbols represent
the experimentally measured monomer conversion data in the
proposed MDPCRS and the solid lines represent model-simulated
homogeneous polymerization results shown for comparison.
More details about the simulations are presented in Section 3.2. As
expected, the monomer conversion in theMDPCRS increases almost
linearly with time at the early stages of the polymerization (up to
about 20% conversion). Evidencedby the considerable increase of the
polymer weight-average molecular weight and polydispersity (see
Fig. 2a,b), diffusion-controlled termination reactions strongly affect
the polymerization. In fact, the auto-acceleration os clearly seen to
start at a fractionalmonomer conversion of about 0.2 (see Fig.1). The
monomer conversion is almost complete in less than90min. Initially,
at x > 0.3, a slight reduction of the polymer average molecular
weights is observed (see Fig. 2a). This may be caused by the
decomposition kinetics of LPOwhich forces the total concentrationof
radicals to reach amaximum at intermediatemonomer conversions,
thus inducing an initial reduction of the polymer molecular weights
[23]. However, it is important to notice that such slight reduction can
be simply generated by the experimental error from GPC measure-
ment. The experimental conversion data also indicates that glass
effect is not affecting the reaction significantly. Interestingly, a high
molecular weight shoulder in the MWD curve appears at low
monomer conversions (see MWD at x ¼ 0.22 in Fig. 2b). Thereafter,
this population becomes the most significant one, while the initial
low molecular weight chains appear as a shoulder at the left hand
sideof theMWD(see x¼0.90e0.99 in Fig. 2b). This is a clearevidence
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of the simultaneous generation of polymer of different molecular
weights caused by the presence of different phases, and hence
polymerization environments, in the system.

For the MDPCRS experiment, the evolution of the internal
particle morphology is shown in Fig. 3. It can be seen that a peri-
cellular membrane of about 2 mm-thickness is developed at early
stages of the polymerization (Fig. 3a), when internal structure is not
observed yet. After 60 min of polymerization, the nascent precipi-
tation of nano-sizedpolymer sub-particles is observed inside almost
empty polymermicro-capsules (Fig. 3b). Interestingly, such nascent
sub-particles that precipitate within the core of the droplets are
eventually located at the internal surface of the skin. This is because
sub-particles are pushed from the core toward the internal surface
of the skin as the solvent is removed to dry the particles for analysis.
At the end of the MDPCRS, polymer particles with 2-mm thick shell
are packed with nearly monodisperse sub-particles of about
300e400 nm (Fig. 3c). The morphology of this particle resembles
a pomegranate, and hence we call it a core-shell pomegranate-like
structure. It is also interesting to observe in Fig. 3 that the shell or
pericellular membrane is a fairly solid structure rather than an
agglomeration of polymer sub-particles, suggesting that the
mechanisms for the formation of the shell and the sub-particles can
be different.

To understand the morphological evolution throughout the
polymerization, we shall first consider the thermodynamic char-
acteristics of the system as represented by the ternary phase
diagram shown in Fig. 4. Details about experimental determination
of the cloud points and the calculation of binodal and spinodal
curves can be found elsewhere [24]. In Fig. 4, point A denotes the
initial composition of the reaction mixture used in our experiment.
Since no polymerization takes place in the aqueous phase because
PVA does not form micelles in the water phase and because LPO
initiator is only soluble in the suspended oil phase, the suspended
monomer droplets can be adopted as isolatedmicro-batch reactors.
Therefore, as a first approximation, the reaction path inside the
Fig. 3. Evolution of the internal particle morphology throughout the micro-di
suspended monomer micro-droplets can be represented by
a straight line parallel to the monomer/polymer axis, as indicated
by reaction path ABC in Fig. 4. It can be seen that the investigated
MMA/PMMA/n-hexane ternary system phase separates at rela-
tively lowmonomer conversions, when the reaction path intercepts
the binodal curve (at x z 0.03 as indicated in the inset of Fig. 4).
However, as we will show later in this article, the actual reaction
path does not stay on that straight line because of complex physical
and chemical phenomena coexisting in the monomer micro-
droplet.

As soon as the reaction path intersects the binodal curve,
polymer chains start precipitating in a continuous solvent-rich
medium in the form of primary sub-particles. These sub-particles
should undergo agglomeration until the amount of PDMS (i.e.,
secondary steric stabilizer) is able to prevent it. Interestingly, the
binodal and spinodal curves are overlapped in the regionwhere the
reaction path intersects the binodal curve, suggesting that the
morphology evolution is ruled by spinodal decomposition rather
than nucleation and growth mechanism [25].

So far, the suggested polymerizationmechanism is equivalent to
that observed in a regular macro-dispersive polymerization of
MMA in the presence of a nonpolar hydrocarbon solvent without
mechanical agitation. However, this mainly thermodynamic
approach does not fully explain the formation of the pericellular
membrane observed in Fig. 3. For that reason, a more complete
interpretation is required to describe the unusual morphology
formation observed in our experimental study.

According to the foregoing experimental results shown in Fig. 3,
polymerization mechanisms with different time constants seem to
compete inside the suspended monomer droplets. Here, we note
the significant differences in the water solubility of the MMA
(w1.5 g/L of water) and the n-hexane (w0.013 g/L of water). When
an organic droplet containing MMA and n-hexane is suspended in
water, the droplet-water interface becomes the regionwhereMMA,
primary suspension stabilizer, and water coexist. However, this
spersive suspension polymerization of MMA in the presence of n-hexane.



Fig. 4. Ternary phase diagram of MMA/PMMA/n-hexane system at 70 �C [24]. Gray lines indicate the binodal and spinodal curves. Possible reaction paths corresponding to the
investigated MDPCRS are also depicted (arrows). Inset magnifies the region where system phase separation takes place.
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region should be very unfavorable for n-hexane because it is
strongly hydrophobic. Hence, the formation of an intra-droplet
compositional profile should be promoted. Since the outer region of
the suspended monomer droplets is a better host for the monomer
rather than for the hydrophobic solvent, a faster pseudo-homoge-
neous polymerization should be induced, leading to the early
formation of a dense polymeric structure at the particle surface.
Conversely, the inner region of the droplet should be an excellent
host for the hydrophobic solvent, thus promoting the precipitation
of polymer sub-particles. The rate of this secondmechanism should
be much slower due to the dilution effect caused by the high
concentration of the nonpolar solvent. Moreover, due to the low
concentration of monomer at the inner region of the droplet, the
dispersion polymerization can be considered to take place under
“starved” conditions. A schematic representation of the suggested
morphological interpretation is presented in Fig. 5. Indirect
confirmations of the validity of the proposed phenomenological
interpretation are presented in Sections 3.2 and 3.3.

Let us consider again Fig. 4 with the foregoing core-shell
formation mechanism. From points A to B, the intra-droplet
concentration profile may still not be completely developed and
the reaction path should certainly follow that of a conventional
macro-dispersive polymerization as explained before (i.e., precip-
itation of primary sub-particles take place after the system phase
separation point). As the concentration profile is fully developed in
Fig. 5. Morphological interpretation of the evolutio
point B, the reaction path splits into two different reaction paths:
one that describes the polymerization at the outer region of the
micro-droplet (points D and E), and the other that describes the
polymerization at the micro-droplet core (points F and G). The
segment between points D and E in Fig. 4 represents the homo-
geneous polymerization that is taking place at the micro-droplet
surface. For simplicity, the reaction was assumed to occur in
a quasi-bulk fashion (i.e., no solvent was allowed to be dissolved in
the outer region and the reaction path is on the MMA/PMMA
axis). However, Fig. 4 shows that polymerization containing up to
8.5% still proceed homogeneously, and points D and E can be
located anywhere in that region. On the other hand, segment
between points F and G represents the starved macro-dispersive
polymerization at the micro-droplet core which contains a very
high concentration of solvent. Although the actual positions of
points B, D, E, F, G in Fig. 4 are unknown, this qualitative descrip-
tion allows us to schematically describe the coexisting kinetic and
thermodynamic phenomena according to our phenomenological
interpretation.

3.2. Study of the pericellular membrane formation

Although we have suggested that a homogeneous polymeriza-
tion of monomer is mainly responsible for the early formation of
particle shells, the parallelism between PVC process and the
n of the core-shell pomegranate-like structure.



Fig. 6. EDX analysis of a core-shell pomegranate-like particle.

Table 2
Kinetic Parameters for model simulations.

Parameter Value Ref.
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proposed polymerization technique indicates that other mecha-
nisms such as agglomeration of nano-sized polymer sub-particles
or grafting of PVA at the droplet surface could also be responsible
for the formation of this unusual structure. Due to the relatively
small fraction of PVA that is adsorbed onto the monomer sus-
pended droplets [26], it was hard to believe for these authors that
grafting reaction of PVA could be the only responsible for the skin
formation. However, the agglomeration of sub-particles at the
droplet surface needed to be tested. In order to validate the
proposed interpretation, the cross-section of core-shell pome-
granate-like particle was analyzed by EDX spectroscopy (see Fig. 6).
Interestingly, a high concentration of Si was observed at the particle
core (where nano-sized sub-particles are located), but Si concen-
trationwas significantly reduced at the particle shell. Si is one of the
main components of PDMS which is used as steric stabilizer of
nano-sized sub-particles. The result allowed us to conclude that the
particle pericellular membrane is not (mainly) produced via
agglomeration of polymer sub-particles, but by different polymer-
ization mechanism. It is interesting to notice however that some
agglomeration between particle and the pericellular membrane
does happen, since the reduction of Si concentration at the particle
shell is gradual rather than abrupt close to the internal surface of
the skin (Fig. 6).

A detailed quantitative justification of the particle morphology
evolution will be presented in our forthcoming paper. However,
some simple calculations can provide the readers some indirect
validation regarding how realistic it is to consider that a homoge-
nous polymerization mechanism is actually driving the pericellular
membrane formation. Fig. 3a shows that the particle skin is formed
in less than 30 min. If our hypothesis is correct, a standard model
for a homogeneous and strictly bulk polymerization should show
that most of the monomer is consumed in less than 30 min.

Table 1 shows the basic reactions that may take place during
a bulk homogeneous polymerization of MMA: thermal decompo-
sition of the initiator (I) to generate initiator radicals (I�), propa-
gation of radicals with the monomer (M) to produce growing
Table 1
Kinetic mechanism for a bulk polymerization of MMA (n, m ¼ 1,2,.,N).

Initiation
I/
kd 2I$

Propagation

I$ þM/
kp R$

1

R$
n þM/

kp
R$
nþ1

Termination
R$
n þ R$

m/
ktd Pn þ Pm
radicals of length n (Rn
�), and termination by disproportionation to

produce polymer dead chains of length n (Pn). Assuming that chain
transfers reactions do not affect the reactivity of generated radicals,
the following well-known set of ordinary differential equation can
be written to describe the bulk polymerization kinetics:

d½I�
dt

¼ �kd½I� (1)

d½I$�
dt

¼ 2fkd½I� � kp½I$�½M� (2)
d½M�
dt

¼ �kp½R$�½M� (3)

d½R$�
dt

¼ kp½I$�½M� � ktd½R$�2 (4)
where [R�] accounts for the total concentration of radicals
ð½R$� ¼ PN

n¼1 ½R$
n�Þ, kd, kp, and ktd are the kinetic constants for the

initiator decomposition, propagation, and termination by dispro-
portionation, respectively; and f is the initiator efficiency factor.
Using the kinetic parameters listed in Table 2, the evolution of the
monomer conversion was simulated (see continuous trace “1” in
Fig. 1). To this purpose, the set of ordinary differential Eqs. (1)e(4)
was solved using a modified Rosenbrock method for stiff systems.
The initial conditions were obtained from a bulk recipe containing
monomer and initiator only. Table 2 also shows how the “apparent”
termination rate constant was estimated when the gel effect is
taking into account in terms of the free-volume [27]. Interestingly,
during a strictly bulk polymerization most of the monomer is
f 0.5 This work
kd (s�1) 1.28 � 1016 exp(�16,158/T) Manufacturer
kp (L mol�1 s�1) 7.0 � 106 exp(�3171/T) [27]
ktd (L mol�1 s�1) gt � ktd;0 [27]
ktd,0 1.76 � 109 exp(�1409/T) [27]
gt (nf�nfcr) 0.10575 exp{17.15 [nf�0.01715 (T�273.15)]} [27]
gt (nf<nfcr) 2.3�10�6 exp(75nf) [27]
nf
a 0:025þ 0:001

P

i¼M;S;P
ðT � Tg;iÞfi [27]

nfcr 0.186�2.96�10�4 (T�273.15) [27]

a M, S, P represent monomer, solvent, and polymer, respectively. Tg,i is the glass
transition temperature of the species, with Tg,M ¼ 167 K, Tg,S ¼ 178 K, Tg,P ¼ 387 K;
and fi is the volume fraction of species i in the reaction mixture.



Fig. 7. SEM images of particles obtained after 90 min of a regular macro-dispersive polymerization of MMA in n-hexane under “starved” conditions (i.e., 72.6 wt.% n-hexane).
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consumed in less than 20 min. Another simulation was also per-
formed considering a homogeneous polymerization that follows
points AeC in Fig. 4 (see continuous trace “2” in Fig. 1). In this last
case, the dilution effect caused by the presence of solvent was
adopted to set the initial condition but the system phase separation
was neglected. It can be observed a quite fast consumption of
monomer. Recall that the suggested kinetics neglects the system
heterogeneity. Hence, any preferential accumulation of species in
the coexisting phases is also neglected.

Our observations of the early formation of the pericellular
membrane and the very low concentration of Si in it support the
morphological interpretation regarding the significant effect on the
formation of the particle pericellular membrane of the homoge-
neous polymerization at the droplet surface.

3.3. Study of the pomegranate-like core formation

The formation of sub-particles of 300e500 nm in a core-shell
pomegranate-like structure as shown in Fig. 3c is interesting because
macro-dispersive polymerizations of MMA in nonpolar hydrocarbon
solvents usually produce uniformpolymer particles of a fewmicrons
[28e39]. According to our foregoing interpretation of the morpho-
logical development, the inner region of the droplets contains just
a small fractionof themonomerbutmostof the solvent after a shell is
formed. As a result, the mechanism in the inner region can be
adopted as a dispersion polymerization under starved conditions. To
test this hypothesis, we performed a regular dispersion polymeri-
zation that emulates the conditions which may be regulating the
inner region of the suspended monomer micro-droplets.

Using the density of the polymer and the shell thickness shown
in Fig. 3c, we estimated the mass of polymer contained at the
particle pericellular membrane (i.e., 88.7 wt.% of the initial mono-
mermass contained in a suspendedmonomermicro-droplet). Since
Fig. 8. SEM images of particles obtained after 90 min of a regular macro-dispersive poly
at the end of the polymerization themonomer conversion is close to
100% (see Fig. 1), we could also estimate the remaining fraction of
monomer that was eventually polymerized (heterogeneously) at
the droplet core. Assuming that all the solvent and PDMS were
preferentially located at the inner region of the droplets, the recipe
of the starved dispersion polymerization was determined as
follows: 72.6 wt.% of n-hexane and 3.52 wt.% of PDMS. (Recall that
the original recipe used for the MDPCRS contained only 25 wt.% of
n-hexane.) We assumed that the initiator was evenly distributed
between the inner and outer regions of the suspended droplets.
Therefore, the global molar concentration of initiator used in our
experiment was the same as that used in MDPCRS. Using this crude
estimation, a starved dispersion polymerization was carried out at
70 �C. Interestingly, quite uniform polymer particles of about
400e500 nm were obtained after 90 min of reaction (see Fig. 7).
Moreover, these polymer particles were fairly similar in size to
those in Fig. 3c.

For comparison, we also used the same recipe as that used for
MDPCRS to perform a regular macro-dispersive polymerization.
The recipe contained 75 wt.% of MMA, and 3 and 1.5 wt.% (mono-
mer-based) of LPO and PDMS, respectively. As indicated in Fig. 8, it
yielded a quasi-bulk structure where agglomerated particles
cannot preserve their identity during the course of the polymeri-
zation. The generated nano-domains are not stabilized to produce
uniform polymer particles. Instead, they are massively agglomer-
ated. This result indicates that the polymerization inside a droplet
did not follow the reaction path for a regular macro-dispersive
polymerization.

In the case of starvedmacro-dispersionpolymerization described
before, we assumed that just 11.3 wt.% of the initial monomer
mass is heterogeneously polymerized to produce sub-particles. For
comparison, we also calculated the mass of monodisperse sub-
particles of 400 nm closely packed in a spherical container with the
merization of MMA in n-hexane under MDPCRS conditions (i.e., 25 wt.% n-hexane).
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same internal diameter of the pericellularmembrane shown in Fig. 3.
Assuming that the coordinationnumberof sub-particles (i.e., number
of nearest neighbors) can vary from 6 to 12, the conversion of
monomerheterogeneouslypolymerized shouldvarybetween37and
60 wt.%. Even the lower limit of that range is 3.3 times higher than
that calculated from the thickness of the shell. This significant
discrepancy may be caused by an overestimation of the monomer
homogeneously polymerized. This also indicates that some fraction
of the pericellular membrane might have been indeed formed by
agglomeration of polymer sub-particles, as discussed in Section 3.2.

4. Concluding remarks

This article presents a new synthetic method to produce polymer
particles with a core-shell pomegranate-like morphology in a sus-
pended monomer micro-droplet. A micro-phase separation is
induced during the course of the polymerization. Due to the different
solubilities ofmonomer and a hydrophobic solvent in the continuous
aqueous medium, a pseudo-homogeneous polymerization seems to
regulate the reaction at the droplet surface until a stable pericellular
membrane is formed. Thereafter, a micro-dispersion polymerization
in the core portion of the particle proceeds under starved conditions.
As a result, nano-sized sub-particles precipitate out from the liquid
phase and the particle is eventually packed with these sub-particles
into a pomegranate-like structure. A mathematical model is
currently being developed to quantify the morphological develop-
ment in a suspended monomer/solvent droplet.
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2-Trifluoromethyl styrene (2TFMS), 2,5-bis(trifluoromethyl) styrene (25BTFMS), and 3,5-bis(tri-
fluoromethyl) styrene (35BTFMS) were synthesized. These styrenes were readily polymerized in bulk
and also in solution using AIBN as a free radical initiator. The polymerization rate of these trifluoromethyl
substituted styrenes and other monomers such as styrene (St), pentafluorostyrene (PFS) and 4-tri-
fluoromethyl-tetrafluorostyrene (TFMTFS) were measured in benzene and dioxane by monitoring the 1H
NMR spectra of the double bond hydrogen. The order of polymerization rates was TFMTFS >

35BTFMS > 25BTFMS > PFS > 2TFMS > St. Tgs of styrene polymers with CF3 substituted on the ortho
position of the phenyl ring were much higher than those of the meta and para substituted styrenes due
to the steric hindrance of the bulky CF3 group close to the polymer main chain, which resulted in
a decrease in the segment mobility of the polymer chains and an increasing Tg of the polymers. The
copolymers of 2TFMS with methyl methacrylate (MMA) and also 25BTFMS with trifluoroethyl methac-
rylate (TFEMA) were prepared. Tgs of the copolymers were in the range of 120e145 �C and the copol-
ymers were transparent and thermally stable. The copolymer films were flexible and exhibited high
transmittance as the homopolymers of MMA and TFEMA. Thus, these copolymers may be utilized as
novel optical materials.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Polystyrene (PS) is a commercially important polymer with
good light transmittance. The favorable physical properties of PS
coupled with ease of processing make it useful as optical device
materials [1]. However, high losses in the visible and near infrared
region are dominated by the combinations of stretch and defor-
mation vibrations of CeH bonds [2,3]. When heavier atoms such as
deuterium or fluorine replace the hydrogen atoms in CeH bond, the
band vibration energy is decreased and thus the absorption band
is minimized. Thus, we have previously synthesized fluorine
containing polystyrene such as poly(2,3,4,5,6-pentafluorostyrene)
and poly(4-trifluoromethyl 2,3,5,6-tetrafluorostyrene) [4]. They
are thermally stable and transparent, but their glass transition
temperatures (Tg) were about 110 �C. However, some applications
, Polytechnic Institute of New
201, United States.
.

All rights reserved.
such as in automobile and airplane require optical polymers with
higher Tg (>120 �C) [5e8].

Bomer and Hagemann have synthesized various CF3 substituted
styrenes and their homopolymers. They reported that when CF3
group substituted on the ortho position of polystyrene, the Tg was
considerably higher (175 �C) than those of CF3 on themeta and para
positions whose Tgs were 63 and 101 �C, respectively [9]. This is due
to the steric hindrance of the bulky CF3 group (the Van der Waals
volume of CF3 is 42.6 Å3 compared to CH3 with 16.8 Å3) [10] at the
ortho position, which results in a decrease in the segmental
mobility of the polymer chains and greatly increases the Tg of the
polystyrene. Thus, we have further investigated the CF3 substituted
polystyrenes for possible optical polymer materials with higher Tg.
Various fluorine containing styrene monomers (Fig. 1) were
synthesized and the polymerization rates of these styrene mono-
mers in benzene and dioxane solutions were measured. Also
reported here are the thermal and optical properties of the tri-
fluoromethyl substituted styrenes homopolymers as well as their
copolymers with methyl methacrylate and 2,2,2-trifluoroethyl
methacrylate.

mailto:yokamoto@poly.edu
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.12.045
http://dx.doi.org/10.1016/j.polymer.2010.12.045
http://dx.doi.org/10.1016/j.polymer.2010.12.045


Scheme 1. Synthesis routes for the preparation of substituted styrene monomers.
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Fig. 1. Chemical structures of styrene monomers investigated.
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2. Experimental

2.1. Materials

All solvents, methyl methacrylate (MMA), styrene (St) and 2,20-
azobisisobutyronitrile (AIBN)werepurchased fromAldrich. 2,3,4,5,6-
Pentafluorostyrene (PFS), 2-trifluoromethyl-bromobenzene, 2,5-bis
(trifluoromethyl)-bromobenzene, 3,5-bis(trifluoromethyl)-bromo-
benzene and 4-trifluoromethyl-2,3,5,6-tetrafluoro-bromobenzene
were purchased from SynQuest Co. AIBN was purified through the
recrystallization frommethanol. All monomers were distilled before
use.

2.2. Characterization

1H NMR and 19F NMR spectra were recorded by a Bruker AC 300
spectrometer at 300 and 282 MHz, respectively. Chemical shifts are
reported in ppm from internal TMS or CFCl3. The differential
scanning calorimetry (DSC) measurement was performed on a DSC
2920 module in conjunction with the TA Instruments 5100 system
at a scan rate of 10 �C/min under a nitrogen atmosphere. The
instrument was calibrated using indium and zinc as calibration
standards for the temperature and enthalpy changes. The midpoint
of the heat capacity transition was taken as Tg. Thermogravimetric
analysis (TGA) was performed on Hi-Res Modulated TGA 2950
thermogravimetric analyzer under nitrogen at a heating rate of
20 �C/min. The extrapolation of break in the TGA curvewas taken as
the decomposition temperature (Td). The molecular weights of
polymer samples were determined by gel permeation chromatog-
raphy (GPC) (Waters 510) using THF as the eluent at a flow rate of
1.0 mL/min. The molecular calibration curves were obtained using
polystyrene standards. The refractive indices were measured using
a Metricon model 2010 prism coupler, and the measurement
accuracy is �0.0005. The transmittance of polymer films was
measured with a UV/VIS spectrometer (Lambda 800, Perkin Elmer,
Inc.) at a scanning rate of 100 nm/min. The film thickness was in the
range of 110e200 mm.

2.3. Synthesis of styrene monomers

Except for those purchased, styrene monomers were prepared
via the dehydration of the related alcohols, which were synthesized
by the reaction of corresponding Grignard reagents with acetal-
dehyde (Scheme 1). In a typical procedure, the Grignard agent was
prepared from the related bromide compound and magnesium in
anhydrous THF. After slowly adding acetaldehyde, the reaction
mixture was treated with diluted hydrochloric acid solution. The
resulted alcohol was subjected to distillation under vacuum.
The styrene monomers were obtained as a colorless liquid by the
elimination of water from alcohols with phosphorous pentoxide,
followed by the distillation under vacuum.

2-trifluoromethyl styrene (2TFMS): b.p. 65e66 �C/30 mmHg
with a yield of 57%. 1H NMR (CDCl3): 5.30 (dd, J1 ¼ 1.1 Hz,
J2¼11.0 Hz,1H), 5.66 (d, J¼ 17.2 Hz,1H), 7.00 (m,1H), 7.30e7.70 (m,
4H). 19F NMR (CDCl3): �59.5 (s, 3F).

2,5-bis(trifluoromethyl) styrene (25BTFMS): b.p. 70e71 �C/
30mmHgwith a yield of 60%. 1H NMR (CDCl3): 5.43 (dd, J1¼0.6 Hz,
J2¼11.1 Hz,1H), 5.80 (d, J¼ 17.2 Hz,1H), 7.00 (m,1H), 7.60e7.90 (m,
3H). 19F NMR (CDCl3): �60.2 (s, 3F), �63.3 (s, 3F).

3,5-bis(trifluoromethyl) styrene (35BTFMS): b.p. 72e73 �C/
30 mmHg with a yield of 55%. 1H NMR (CDCl3): 5.49 (d, J ¼ 11.0 Hz,
1H), 5.90 (d, J¼ 17.6 Hz, 1H), 6.77 (dd, J1¼11.0 Hz, J2¼ 17.6 Hz, 1H),
7.70e7.90 (m, 3H). 19F NMR (CDCl3): �63.2 (s, 6F).

4-trifluoromethyl-2,3,5,6-tetrafluorostyrene (TFMTFS): b.p.
36e37 �C/20 mmHg with a yield of 58%. 1H NMR (CDCl3): 5.87 (d,
J ¼ 11.8 Hz, 1 H), 6.24 (d, J ¼ 17.9 Hz, 1H), 6.71 (dd, J ¼ 11.8 Hz,
J ¼ 17.9 Hz, 1H). 19F NMR (CDCl3): �56.37 (m, 3 F), �141.86 (m, 4F).

2.4. Polymerization

Polymerizations were carried out in bulk for the general char-
acterization purpose, or in benzene and dioxane solutions for
kinetics study. AIBN was used as the free radical initiator in all the
polymerizations. Monomers and initiator were transferred into
a glass tube, which was subject to three times of the freeze-
epumpethaw cycles and followed by sealing with flame under
vacuum. After polymerizing in a water bath at 60e80 �C for
20e30 h, the tube was opened carefully, and the content was
purified by the precipitation from THF solution to a large amount of
methanol or hexane. The polymer collected was dried in vacuum
oven at 60 �C for 48 h.

2.5. Kinetics

The polymerization rate can be expressed as following equa-
tions [11]:

Rp ¼ kp

�
fkd
kt

�1=2

½I�1=2½M� (1)

ln
½M�0
½M� ¼ k½I�1=2t (2)

where Rp is the polymerization rate, kp is the propagation rate
coefficient, f is the initiator decomposition efficiency, kd is the



Table 1
Polymerization rate constants of styrene monomers at 50 �C.

k (benzene)
(�10�5 L1/2/mol1/2 S)

k (dioxane)
(�10�5 L1/2/mol1/2 S)

Tg(�C)

St 2.4 4.0 105
PFS 4.8 9.8 108
TFMTFS 8.7 16 112
2TFMS 3.1 6.1 165
25BTFMS 7.7 10 160
35BTFMS 6.1 15 116

35BTFMS

PFS

25BTFMS

2TFMS
St
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initiator decomposition rate coefficient, kt is the termination rate
coefficient, [I] is the initiator concentration, [M] is the monomer
concentration, k is the observed polymerization rate coefficient,
and t is the polymerization time. The change of the monomer
concentration could bemonitored by 1H NMRmeasurements of the
double bond protons (Fig. 2).

2.6. Reactivity ratio

The reactivity ratios of each pair of comonomers in a copolymeri-
zation were calculated according to the MayoeLewis method [12].

3. Results and discussion

The CF3 substituted styrenes were readily polymerized in bulk
and also in solutions using AIBN as a free radical initiator. To study
the effect of the F and CF3 substitution on the activity of related
styrene monomers, the polymerization kinetics was carried out in
nonpolar solvent benzene and polar solvent dioxane. To obtain
accurate results, the solvents used in kinetics study were purified
carefullywith the traditional methods. The polymerization ratewas
monitored by measuring the double bond protons in monomers
(Fig. 2). The observed polymerization rate coefficient k was calcu-
lated according to Eqn. (2) (Table 1). It was found that the poly-
merization is faster in a polar solvent such as dioxane than in a less
polar solvent such as benzene, which is agreeing to the literature
results [13].

The free radical initiated polymerization of styrene has been
widely investigated [14e17]. The head to tail placement would be
expected to be overwhelmingly predominant, since successive
propagating radicals formed by the attachment of a radical at the
b carbon of the double bond is more stable due to the resonance
effects of the phenyl group and less steric hindrance. The situation
with substitution on the benzene ring of substituted styrene
monomers should be the same.

As shown in Fig. 2, when X has a more electron-withdrawing
property, such as Cl and CN, the polymerization rate of the mono-
mer was found to be faster than those of X having an electron
donating property, such as CH3 and OCH3 [18]. The polymerization
rates of para substituted styrenes were following a Hammett ser
relationship [19].

The protons in nonfluorinated styrene appeared in the upper
field in NMR spectrum as comparing to those in fluorosubstituted
styrenes due to the electron-withdrawing property of F and CF3
(Fig. 3). The protons in TFMTFS appeared at a lower field than those
of PFS because the CF3 group is a more electron-withdrawing group
than the F atom. To reveal the structure and activity relationship,
the chemical shifts of the proton H2 were plotted against the
polymerization rate coefficients of these styrene monomers, and
a linear relationship was found as shown in Fig. 4. Besides the
solvent effect as mentioned above, the polymerization rates of
these styrene monomers were in the decreasing order of
TFMTFS > 35BTFMS > 25BTFMS > PFS > 2TFMS > St.
CH1

H2

H3

X

X = F and/or CF3 substituent

Fig. 2. Proton identification of the substituted styrene monomers.
It can be seen that the more the electron-drawing substitution,
the more active the monomer is. The polymerization rates of
fluorinated styrene are faster than that of regular styrene because
of this polarity effect [20]. The CF3 substitution at the para position
of TFMTFS has much stronger polarity effect when comparing with
the F substitution at the same position in PFS. When X is CF3 group,
the Hammett constant sp is 0.54, where r was calculated as 0.6.
While X is F atom only, the Hammett constant sp is 0.062 [21]. It can
be seen that there is a big difference between CF3 and F substitu-
tions at the para position of the benzene ring, which could explain
the big difference between the polymerization activities of PFS and
TFMTFS. The polymerization rate of 25BTFMS is much slower than
that of 35BTFMS due to the steric effect of the CF3 group at the ortho
position of 25BTFMS.

Tgs of 2TFMS, 25BTFMS and 35BTFMS homopolymers were 165,
160 and 116 �C [22], respectively, and Tgs of PFS and TFMTFS
homopolymers were 108 and 112 �C, respectively (Table 1). As can
be seen, Tgs of polymers with CF3 substituted at the ortho position
of the phenyl ring are much higher in comparison with P35BTFMS.
This is due to the steric hindrance of the bulky CF3 group near the
polymer main chain, which resulted in a decreased segmental
mobility of the polymer chains and the increased Tg of the
polymers.

Comparing with homopolymers, copolymer systems produce
more variable properties. Generally, the copolymerization can
decrease the crystallinity and increase the flexibility of the polymer
materials. Styrene polymers have higher thermal and chemical
stabilities. While they exhibit poor mechanical properties and are
difficult to prepare thin fibers due to the rigid polymer structure.
Comparatively, acrylate polymers showed excellent processing
properties, while they can be only utilized at a low temperature
environment due to the low Tg. The combination of the positive
properties from styrene polymers and acrylate polymers would be
an ideal result. However, as optical materials, copolymers tend to
have extremely high light scattering loss due to the large hetero-
geneous macromolecular structure and the corresponding
5.8 5.6 5.4 5.2

TFMTFS

Chemical shift (ppm)

Fig. 3. 1H NMR spectra for the H2 protons of the double bonds in styrene monomers.



Table 3
Thermal analysis and molecular weight results.

Sample Composition (wt%) Tg (�C) Td (�C) Mw Mn

1 MMA 108 338 101.000 39.500
2 MMA/2TFMS ¼ 74/26 127 312 e e

3 MMA/2TFMS ¼ 50/50 136 341 337.700 99.200
4 MMA/2TFMS ¼ 26/74 146 338 e e

5 2TFMS 165 382 193.100 59.700
6 TFEMA 75 280 241.600 86.200
7 TFEMA/25BTFMS ¼ 76/24 86 311 e e

8 TFEMA/25BTFMS ¼ 51/49 103 322 344.400 89.300
9 TFEMA/25BTFMS ¼ 25/75 129 332 e e

10 25BTFMS 160 366 266.300 88.800
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Fig. 4. Relationship of the polymerization rate constants and the chemical shifts of H2
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heterogeneity of the refractive index distribution. Consequently,
copolymers have not been the leading candidate for photonic
materials.

The copolymerization reactivity ratios r1 and r2 were found to be
0.84 and 1.55 for MMA and 2TFMS, respectively (Table 2), which
indicate that these two monomers produce copolymers with the
random composition. The refractive indices of poly(2TFMS) and
PMMA are 1.51 and 1.50 at 532 nm, respectively. The very close
refractive indices of the different polymeric units could minimize
the light scattering. Combining the random copolymer chain
structure characteristics, the transparent copolymer could be
produced from the twomonomers. The same situation is in the case
of the trifluoroethyl methacrylate (TFEMA) and 25BTFMS system.
The copolymerization reactivity ratios r1 and r2 are 0.64 and 1.18 for
TFEMA and 25BTFMS, respectively. The refractive indices of poly
(25BTFMS and PTFEMA) are 1.45 and 1.44 at 532 nm, which are also
very close to each other. Therefore, these copolymers may exhibit
no light scattering [23]. Thus, the copolymers of MMA with 2TFMS
and also the copolymers of TFEMA with 25BTFMS were prepared
for possible novel optical applications (Table 3).

These copolymers exhibit a single glass transition temperature,
which indicates that they have a random homogeneous macro-
molecular structure (Table 3). Tgs of the copolymers are dependent
on their composition and follow a linear relationship as shown in
Fig. 5. This makes it possible to design the copolymers with
different refractive indices for different applications. In comparison
to the low Tg of methacrylate polymers and the poor mechanical
properties of the styrene polymers, these copolymers offer the
higher Tg (>130 �C) required for special applications of optical
polymers in high temperature environment [5e8], while main-
taining the excellent processability.

The copolymers were found to degrade at above 310 �C in TGA
measurements, which means these copolymers are thermally
stable in comparisonwithMMA and TFEMAhomopolymers and are
capable to the general fiber preparation procedure at 200e300 �C.
The data in Table 3 also showed that copolymers have higher
molecular weight in comparison to the homopolymers. This high
molecular weight is precious for the special preparationmethod for
Table 2
The monomer reactivity ratios of comonomer pair.

M1/M2 r1 r2 r1r2

MMA/2TFMS 0.84 � 0.04 1.55 � 0.08 1.30
TFEMA/25BTFMS 0.64 � 0.03 1.18 � 0.06 0.76
the gradient index plastic optical fiber (GI-POF), since it is necessary
to add dopants and chain transfer agents in the system during the
preparation, while keeping the good mechanical properties of the
polymer material [24,25].

The refractive indices of the copolymers frommethacrylates and
CF3 substituted styrenes were studied at different wavelengths
(532 nm, 633 nm, 839 nm), and the composition dependence of the
refractive index was plotted in Fig. 6. The results show that there is
a linear relationshipbetween the refractive indicesof thecopolymers
and their compositions. It suggests that there is no macrophysical
property change such as density, which may occur during the
0 20 40 60 80 100

1.38

1.40

1.42 TFEMA/25BTFMS copolymers

Amount of substituted styrene in copolymers (wt%)

Fig. 6. Composition dependence of the refractive index for copolymer systems.



Fig. 7. Transmittance spectra ofMMA/2TFMS and TFEMA/25BTFMS copolymer systems.
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formation of the copolymers. This is agreeing with the conclusion of
the homogeneous macromolecular structure from the Tg results.

Fig. 7 showed that these copolymer films (110e200 mm) exhibit
similar transmittance (w90%) as the homopolymers of MMA and
TFEMA in the 300e900 nm wavelength range. This high trans-
mittance should result from the random copolymer composition
due to the similar reactivity ratio of the two monomers and the
negligible light scattering due to the similar refractive indices of the
two monomeric units in the polymer chains. Since most copoly-
mers have high light scattering due to the heterogeneous macro-
molecular structure, these transparent copolymers are combining
the excellent mechanical properties of acrylate polymers, high
thermal stability of styrene polymers and the desired optical
properties similar to amorphous homopolymers.
4. Conclusion

Homopolymers of 2TFMS and 25BTFMS, as well as their copol-
ymers with MMA and TFEMA, exhibited relatively high Tgs, high
thermal stability and high transmittance. These polymers may be
utilized as novel optical materials.
References

[1] Ziemann O, Krauser J, Zamgow PE, Daum W. POF Handbook. 2nd ed. Berlin:
Springer; 2008. 166e168.

[2] Groh W. Makromol Chem 1988;189:2861e70.
[3] Groh W. Macromolecules 1991;24:6660e8.
[4] Lou L, Koike Y, Okamoto Y. J Polym Sci Part A Polym Chem 2010;48:4938e42.
[5] Truong TK. Commercial airplane fiber optics needs, opportunities, challenges,

the 19th International Conference on Plastic Optical Fibers, Japan, October
2010.

[6] Ziemann O, Krauser J, Zamgow PE, Daum W. POF Handbook. 2nd ed. Berlin:
Springer; 2008. 157e158.

[7] Koike K, Koike Y. J Lightw Technol 2009;27:41e6.
[8] Sato M, Hirai M, Ishigure T, Koike Y. J Lightw Technol 2000;18:2139e45.
[9] Boner B, Hagemann H. Angew Makro Chem 1982;109:285e93.

[10] Chambers RD. Fluorine in Organic Chemistry. CRC Press; 2000. p 92.
[11] Odian G. Principles of polymerization. 2nd ed. John Wiley and Sons; 1981. pp.

197e199.
[12] Mayo FR, Lewis FM. J Am Chem Soc 1944;66:1594e601.
[13] Beuermann S, Buback M. Progr Polym Sci 2002;27:191e254.
[14] Coote ML, Davis TP. Macromolecules 1999;32:4290e8.
[15] Buback M, Garcia-Rubio L, Gilbert R, Napper D, Guillot J, Hamielec A, et al.

J Polym Sci Part C Polym Lett 1988;26:293e7.
[16] Mahabadi HK. Macromolecules 1985;18:1319e24.
[17] Walling C, Briggs ER, Wolfstirn BK, Mayo FR. J Am Chem Soc 1948;70:

1537e42.
[18] Imoto M, Kinoshita M, Nishigaki M. Makro Chem; 1965:217e30.
[19] Pryor W, Huang TL. Macromolecules 1962;2:70e7.
[20] Hammett Louis P. Chem Rev 1935;17:125e36.
[21] Hansch C, Leo A, Taft RW. Chem Rev 1991;91:165e95.
[22] The Tg of 35BTFMS homopolymer was reported as 60 �C in reference [6].
[23] Koike K, Kado T, Satoh Z, Okamoto Y, Koike Y. Polymer 2010;51:1377e85.
[24] Koike K, Teng H, Okamoto Y, Koike Y. Proc ICPOF; 2007:318e9.
[25] Koike Y, Koike K. J Polym Sci Part B Polym Phys 2011;49:2e17.



lable at ScienceDirect

Polymer 52 (2011) 954e964
Contents lists avai
Polymer

journal homepage: www.elsevier .com/locate/polymer
Synthesis, characterization and hydrolysis of aromatic polyazomethines
containing non-coplanar biphenyl structures

Jyh-Chien Chen a,*, Yen-Chun Liu a, Jyh-Jong Ju a, Chi-Jui Chiang a, Yaw-Tern Chern b

aDepartment of Polymer Engineering, National Taiwan University of Science and Technology, No. 43, Sec. 4, Keelung Rd., Taipei 10607, Taiwan
bDepartment of Chemical Engineering, National Taiwan University of Science and Technology, No. 43, Sec. 4, Keelung Rd., Taipei 10607, Taiwan
a r t i c l e i n f o

Article history:
Received 15 October 2010
Received in revised form
24 December 2010
Accepted 6 January 2011
Available online 12 January 2011

Keywords:
Polyazomethines
Conjugated polymers
Hydrolysis
* Corresponding author. Fax: þ886 2 27376544.
E-mail address: jcchen@mail.ntust.edu.tw (J.-C. Ch

0032-3861/$ e see front matter � 2011 Elsevier Ltd.
doi:10.1016/j.polymer.2011.01.011
a b s t r a c t

New polyazomethines containing electron-withdrawing trifluoromethyl group and non-coplanar bip-
henyl structures were prepared at room temperature under reduced pressure. It was found that these
polyazomethines would undergo hydrolysis in DMSO solution at temperature higher than 50 �C. The
hydrolysis, evidenced by 1H NMR spectra and GPC chromatograms, was resulted from the reverse
reaction of azomethine formation and was facilitated at higher temperature. The GPC results also sug-
gested that post-polymerization would be possible if polyazomethine films were heated at elevated
temperature (200 �C) under reduced pressure (0.27 torr). The HOMO (�5.69 to �5.96 eV) and LUMO
(�3.04 to �3.18 eV) energy levels of the new polyazomethines are much lower than those of other
polyazomethines. Combined with the excellent solubility and good thermal stability, non-coplanar
biphenyl structure containing electron-withdrawing trifluoromethyl group could be a new candidate as
electron acceptor for the structure design of new conjugated polymers.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Aromatic polyazomethines, containing C]N linkage, exhibit
excellent thermal stability, good mechanical properties and, in
some cases, liquid crystalline morphology [1]. In addition to high
performance fiber and metal-chelating ability [2,3], they have been
also investigated for the opto-electrical applications such as hole-
transport layer for OLED, semiconductor, non-linear optics (NLO)
and photovoltaic cell [4e7]. However, these applications have been
limited by their poor solubility in common organic solvents and
low molecular weights. Besides, the relatively rare availability of
new dialdehyde monomers also hindered the chemical structure
modifications of polyazomethines. Many strategies have been
reported to improve the solubility of polyazomethines. The intro-
duction of flexible alkyl and alkoxy groups as the substituents has
been proved to be effective, although at the expense of their
thermal stability [8e10]. The incorporations of bulky substituents
such as triphenylamine, tetraphenylethylene and diphenylfluorene,
have been investigated [11e13]. The copolymerization of electron-
rich, solubility-enhancing aromatic or heterocyclic units such as
thiophene, carbazole and fluorene [14e17], has also been explored.
The C]N linkages of polyazomethines are electron-withdrawing
en).

All rights reserved.
group and therefore can be used to tune the HOMO and LOMO
energy levels of the electron-rich conjugated polymers to fit the
best combination of energy levels and charge mobility in a multi-
layer device. However, in most cases, the enhancements in solu-
bility of these conjugated polymers are resulted from the long alkyl
or alkoxy side chains attached on the electron-rich units, leading to
lower thermal stability.

The chemical modifications of polyazomethines are mainly
achieved by synthesizing new diamines and then polymerizing
them with commercially available dialdehydes. These attempts
targeting at either solubility enhancement or investigating their
optical and electrical properties are limited by the rare availability
of new dialdehyde monomers. Most dialdehyde monomers are
prepared by electrophilic substitution (Vilsmeier reaction) on an
electron-rich aromatic or heterocyclic ring [18]. The preparation of
new dialdehydes by the reduction of cyano group has rarely been
reported [19].

Conventionally, polyazomethines are prepared by solution
polymerization from diamines and dialdehydes either at room
temperature or at higher temperature [20]. The premature
precipitation during polymerization, as a result of poor solubility,
often leads to low molecular weight products. Even for soluble
polyazomethines, it is often difficult to achieve high molecular
weight. Several polymerization conditions have been applied. In
some cases, LiCl was used as thewater absorption agents [21]. It has
also been demonstrated that polymerization at room temperature

mailto:jcchen@mail.ntust.edu.tw
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under vacuum in weakly acidic m-cresol is the best method to
obtain the highest molecular weight [13]. However, the reason has
not been fully explained. In addition, the formation of azomethine
linkage is, like esterification, actually reversible. In the presence of
water, hydrolysis might predominate under suitable conditions
[22]. However, this issue has never been addressed in poly-
azomethine study.

In this study, a new aromatic dialdehyde containing electron-
withdrawing trifluoromethyl groups at the 2 and 20 positions of
biphenyl was synthesized. The aldehyde functionality was achieved
by the reduction of cyano groups. Organosoluble polyazomethines
were prepared from this dialdehyde with 2,20-disubstituted-4,40-
benzidines, 4,40-oxydianiline and p-phenylenediamine by solution
polycondensation at room temperature under reduced pressure.
The hydrolysis of azomethine linkages at the presence of trace
water was investigated by 1H NMR spectroscopy and GPC chro-
matography. The thermal, optical and electrochemical properties of
these new polyazomethines were also investigated. The effects of
strong electron-withdrawing trifluoromethyl groups and non-
coplanar biphenyl structures on the HOMO and LUMO energy levels
were also discussed.

2. Experimental

2.1. Materials

Tetrabutylammonium perchlorate (TBAP) used in cyclic vol-
tammetric measurements was recrystallized twice with ethyl
acetate and dried at 120 �C under reduced pressure overnight. All of
other reagents were purchased from commercial companies and
used as received. All of the solvents used in this study were purified
according to standard methods prior to use. 2,20-Dimethyl-4,40-
benzidine (DMB 6) and 2,20-bis(trifluoromethyl)-4,40-benzidine
(TFMB 7) were synthesized according to reported procedures with
some modifications [23,24].

2.2. Measurements

All melting points were determined on a Mel-Temp capillary
melting point apparatus. Proton (1H NMR) and carbon (13C NMR)
nuclear magnetic resonance spectra were measured at 500 and
125 MHz on a Bruker Avance-500 spectrometer, respectively.
Infrared spectra were obtained with a Digilab-FTS1000 FTIR. Mass
spectroscopy was conducted on a Finnigan TSQ 700 mass spec-
trometer. Elemental analyses were performed on a Heraeus Vario
analyzer. High performance liquid chromatography was performed
on a JASCO HPLC system equipped with a UV (254 nm) detector
using a Thermo Hypersil column (250 mm � 4.6 mm, particle size
5 mm) with an 80/20 (v/v) acetonitrile/water mixture as the
solvent. Inherent viscosities were determined with a Can-
noneUbbelohde No.100 viscometer at 30.0� 0.1 �C inN-methyl-2-
pyrrolidinone (NMP). Molecular weights were measured on
a JASCO GPC system (PU-980) equipped with an RI detector (RI-
930), a Jordi Gel DVB Mixed Bed column (250 mm � 10 mm)
column, using dimethylacetamide (DMAc) as the eluent and cali-
brated with polystyrene standards. Thermal gravimetric analyses
(TGA) were performed in nitrogen with a TA TGA Q500 thermog-
ravimetric analyzer using a heating rate of 10 �C min�1. Differential
scanning calorimeter (DSC Pyris 1) was used to measure the glass
transition temperatures under nitrogen at a heating rate of 10 �C
min�1. UV-visible measurements were carried out on a Cary-100
UV-Visible spectrometer at room temperature. Photoluminescence
(PL) measurements were carried out on a PerkineElmer F4500
photoluminescence spectrometer. Fluorescence quantum yield
(FPL) of the polymer in chloroform was measured by 10�5 M
quinine sulfate in 1 N H2SO4 as reference standard (FPL ¼ 0.546).
Cyclic voltammetric (CV) measurements were carried out on a CH
Instrument 611C electrochemical analyzer at room temperature in
a three-electrode electrochemical cell with a working electrode
(polymer film coated on ITO glass), a reference electrode (Ag/Agþ,
referenced against ferrocene/ferrocium (Fc/Fcþ), 0.09 V), and
a counter electrode (Pt gauze) at a scan rate of 100 mV s�1. CV
measurements for polymer films were performed in an electrolyte
solution of 0.1 M tetrabutylammonium perchlorate (TBAP) in
acetonitrile. The potential window at oxidative scan was 0e2.5 V
and reductive scanwas 0 to�2.5 V, respectively. The wide-angle X-
ray diffraction (WXRD) data were collected on a PANalytical X’Pert
PRO X-ray powder diffraction.
2.3. Synthesis of monomers

Monomers (1)e(4) were synthesized by procedures in our
previous work [33].

2.3.1. 2,2-Bis(trifluoromethyl)-4,4-biphenyldicarbaldehyde (5)
To a 100 mL, three-neck, round-bottom flask equipped with

condenser andmechanical stirrer were added 0.30 g (0.88mmol) of
2,20-bis(trifluoromethyl)-4,40-biphenyldicarbonitrile (4) and 10 mL
of toluene. After 9 mL (10.09 mmol) of diisobutylaluminium
hydride (DIBAL-H) (20% in hexane) was slowly addedwith a syringe
under nitrogen atmosphere, the reaction mixture was further
stirred at 16 �C for 18 h under nitrogen atmosphere. The reaction
mixture was then poured into a vigorously stirred solution of
methanol/water (1:1, v/v) and kept at 0 �C with ice bath for 3 h.
After 200 mL of 2M HCl solution was added, the mixture was
extracted with 200 mL of ether twice. The combined organic phase
was collected and washed many times with water and dried with
anhydrous magnesium sulfate. The organic phase was evaporated
and dried under reduced pressure at 60 �C overnight. The crude
product was then sublimated under reduced pressure at 70 �C to
afford 0.18 g (59.0% yield) of white crystals: mp 118e120 �C; FTIR
(KBr) : 2757 cm�1 (aldehyde CeH stretching), 1705 cm�1 (aldehyde
C]O stretching). 1H NMR (500 MHz, DMSO-d6, d, ppm): 10.17 (s,
2H, aldehyde-Hd), 8.41 (d, J ¼ 0.8 Hz, 2H, AreHa), 8.26 (dd, J ¼ 0.8
and 8.0 Hz, 2H, AreHb) and 7.70 (d, J ¼ 8.0 Hz, 2H, AreHc). 13C NMR
(125 MHz, DMSO-d6, d, ppm): CF3 (q) (C7) 119.99, 122.17, 124.35,
126.54, CeCF3 (q) (C6) 127.63, 127.87, 128.12, 128.37, 127.24 (C5),
131.80 (C2), 132.36 (C3), 136.41 (C4), 141.00 (C1), 191.87 (C8). EIMS
(m/z): Calcd. for C16H8F6O2: 346.0428; Found: 346.0 [M] þ; 344.9
[M � 1]þ. Anal. Calcd for C16H8F6O2: C: 55.50, H: 2.33%; Found : C:
55.51%, H: 2.45%.
2.3.2. 3,30-Dibromoazoxybenzene
To a 250 mL, three-neck, round-bottom flask equipped with

a mechanical stirrer, a condenser, and a stopper were added 60 mL
of ethanol and 21.20 g (530.00 mmol) of sodium hydroxide. The
reaction mixture was heated at 70 �C until most of sodium
hydroxide was dissolved. After 66.4 mL of ethylene glycol and
10.00 g (49.50 mmol) of 1-bromo-3nitrobenzene were added, the
reaction mixture was heated at reflux for 2 h. The warm mixture
was poured into 300 mL of ice water and stirred for 30 min. The
brown solid that formed was collected by filtration and washed
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several times with water. After drying under reduced pressure at
90 �C overnight, 7.71 g (80.0% yield) of crude product was obtained.
The crude product was used in the next procedure without further
purification. A small portion of crude product was decolorized with
charcoal and recrystallized from acetone to afford a yellow powder:
mp 114e115 �C; 1H NMR (500 MHz, DMSO-d6, d, ppm): 8.42e7.25
(m, 8H, AreHaed).

2.3.3. 2,20-Dibromo-4,40-diaminobiphenyl (8)
To a 250 mL, three-neck, round-bottom flask equipped with

a mechanical stirrer, a condenser, and a thermometer were added
18.50 g (12.45 mmol) of 3,30-dibromoazoxybenzene, 115 mL of
tetrahydrofuran and 161 mL of glacial acetic acid. Zinc dust
(12.90 g) was added slowly so the temperature of the reaction
mixture was maintained below 40 �C. After the addition of zinc
dust, 23 mL of 85% phosphoric acid was added slowly so the
temperature of the reaction mixture was maintained below 55 �C.
After stirring for 30 min, the reaction mixture was filtered to
remove zinc dust. The filtrate was poured into 300 mL of water. The
aqueous phase was extracted twice with 100 mL of methylene
chloride. The combined organic phase was added dropwise to
60 mL of conc. hydrochloric acid at 0 �C and stirred for 30 min. The
precipitate that formedwas collected by filtration and washed with
methylene chloride and then dissolved in 1 L of hot water. After the
solution was filtered, the clear filtrate was neutralized with
ammonium hydroxide. The precipitate that formed was collected
and recrystallized from toluene to afford 9.02 g (56.0% yield) of
white crystal: mp 151e153 �C (lit [25]. mp 152e156 �C); 1H NMR
(500 MHz, DMSO-d6, d, ppm): 6.85e6.81 (m, 4H, AreHa.c), 6.54 (dd,
J ¼ 2.0 and 8.2 Hz, 2H, AreHb) and 5.35 (s, 4H, NH2eHd).
Br

Br

NH2H2N

(8)

a

bc

d

2.3.4. 2,20-Diphenyl-4,40-diaminobiphenyl (9)
To a 250 mL, three-neck, round-bottom flask equipped with

a mechanical stirrer, a condenser, and a nitrogen inlet were added
3.00 g (8.76 mmol) of 2,20-dibromo-4,40-diaminobiphenyl (8) and
54 mL of toluene. After the solution was heated at 50 �C under
nitrogen and became clear, 4.26 g (40.00 mmol) of sodium
carbonate in 18 mL of water and 0.66 g (0.57 mmol) of Pd(P(Ph3))4
were added. After the solution was vigorously stirred for 30 min,
a solution of 2.70 g (22.14 mmol) of phenylboronic acid in 18 mL of
Scheme 1. Synthesis of 2,20-bis(trifluorome
ethanol was added. The reaction solution was heated at reflux for
24 h under nitrogen. After the reaction mixture was allowed to cool
to room temperature, it was filtered to remove insoluble compo-
nents. The filtrate was collected and washed several times with
a saturated NaCl aqueous solution. After dried with anhydrous
magnesium sulfate, the combined organic phase was evaporated to
dryness under reduced pressure. The crude product was recrys-
tallized from a mixture of water and methanol to afford 2.10 g
(71.0% yield) of light-brown crystals. mp 152e153 �C (lit [26]. mp
151e152 �C); 1H NMR (500 MHz, DMSO-d6, d, ppm): 7.07e7.03 (m,
6H, AreHf.g), 6.83 (d, J ¼ 7.7 Hz, 2H, AreHc), 6.47 (d, J ¼ 6.9 Hz, 4H,
AreHe), 6.66 (d, J¼ 7.7 Hz, 2H, AreHb), 6.34 (s, 2H, AreHa) and 5.00
(s, 4H, NH2eHd).
2.4. Synthesis of polyazomethines

Polyazomethines PAM-1e7 were prepared by solution poly-
merization using equimolar dialdehyde and diamine at room
temperature under reduced pressure (0.27 torr). The synthesis of
PAM-2 was used as an example to illustrate the general synthetic
procedure. To a 100 mL, three-neck, round-bottom flask were
added 0.50 g (1.40 mmol) of 2,20-bis(trifluoromethyl)-4,40-biphe-
nyldicarbaldehyde (5), 0.45 g (1.40 mmol) of diamine (7) and 10 mL
of m-cresol. After the reaction mixture was stirred at room
temperature for 48 h under reduced pressure, it was poured into
a mixture of methanol and water (1:1, v/v). The precipitate that
formed was collected by filtration and washed with hot ethanol
(Soxhlet apparatus) for 12 h and dried at 100 �C overnight under
reduced pressure to afford 0.85 g (96.0% yield) of powder. IR (KBr):
3402 cm�1 (NH2 end group), 3057 cm�1 (aromatic), 2735 cm�1

(aldehyde end group O]CeH stretching), 1702 cm�1 (aldehyde end
group O]C stretching), and 1625 cm�1 (azomethine C]N
stretching). 1H NMR (500 MHz, DMSO-d6, d, ppm): 10.19 (d,
J ¼ 7.0 Hz, 1H, aldehyde end group), 9.02 (d, J ¼ 4.5 Hz, 2H, azo-
methine HC]N), 8.51 (d, J ¼ 6.0 Hz, 2H, AreH), 8.36e8.34 (m, 2H,
AreH), 7.84 (d, J ¼ 6.0 Hz, 2H, AreH), 7.72e7.63 (m, 4H, AreH) and
thyl)-4,40-biphenyldicarbaldehyde (5).



J.-C. Chen et al. / Polymer 52 (2011) 954e964 957
7.54 (d, J ¼ 7.5 Hz, 2H, AreH) and 5.74 (br, 2H, NH2 end group). The
inherent viscosity of the obtained PAM-2 was 0.50 dL/g (measured
at a concentration of 0.5 g/dL in NMP at 30 �C). The other poly-
azomethines were prepared by the same procedure.
3. Results and discussion

3.1. Synthesis of monomers

The new dialdehyde, 2,20-bis(trifluoromethyl)-4,40-biphenyldi-
carbaldehyde (5), containing electron-withdrawing trifluoromethyl
groups at the 2 and 20 positions of biphenyl, was synthesized by
a five-step synthetic route as shown in Scheme 1. 2-Amino-
benzotrifluoride was first brominated at the para position by
N-bromosuccinimide (NBS) in DMF. The aromatic bromide (1) that
formed was converted to cyanide compound (2) by copper cyanide
in NMP. The amino group of compound (2) was then transformed to
aromatic iodide (3) by diazotization then Sandmeyer reaction. The
iodide compound (3) was coupled by Ullmann coupling reaction in
the presence of activated copper powder in DMF to form 2,20-bis
(trifluoromethyl)-4,40-biphenyldicarbonitrile (4). The new dia-
ldehyde (5) was then obtained by the reduction of cyano compound
(4) using diisobutylaluminium hydride (DIBAL-H) as reducing
agent. The as-prepared dialdehyde was purified by sublimation at
70 �C under reduced pressure before polymerization. 1H NMR
spectrum of dialdehyde (5) is shown in Fig. 1(a). The singlet peak at
Fig. 1. 1H NMR spectra in DMSO-d6 of (a) monomer (5), (b) as-prepared PAM-2 (soluble part
24 h in nitrogen.
10.17 ppm was attributed to the aldehyde hydrogen. The other
absorptionpeaks in the aromatic region (7e9 ppm)were assigned to
the corresponding hydrogen as shown in Fig. 1(a). IR spectrum of
dialdehyde (5) is shown in Fig. 2. The absorptionpeaks at 2757 cm�1

(aldehyde CeH stretching) and 1705 cm�1 (aldehyde C]O stretch-
ing) also showed the formation of aldehyde group. The spectra of 1H
NMR, 13C NMR and IR, together with the result of elemental analysis,
confirmed the structure of the new dialdehyde (5). Several app-
roaches to simplify the synthetic routehavebeencarriedoutwithout
success. For example, the attempt to direct formylation (electrophilic
reaction) of 2,20-bis(trifluoromethyl)biphenyl byPOCl3 andDMFwas
unsuccessful. It might be resulted from the electron deficiency of the
biphenylmoiety due to thepresence of strongelectron-withdrawing
trifluoromethyl group.

Diamines, 2,20-dibromo-4,40-benzidine (8) and 2,20-diphenyl-
4,40-benzidine (9) were prepared according to the synthetic route
shown in Scheme 2. First, 1-bromo-3-nitrobezene was reduced to
azoxy compound, which then underwent benzidine rearrangement
in the presence of zinc dust to form 2,20-dibromo-4,40-benzidine
(8). 2,20-Diphenyl-4,40-benzidine (9) was then obtained by Suzuki
coupling reaction between phenylboronic acid and diamine (8).
3.2. Synthesis of polyazomethines

Polyazomethines PAM-1e7were prepared in quantitative yields
by reacting equimolar diamines and dialdehydes in m-cresol at
) and hydrolysis of PAM-2 with various condition, (c) 50 �C for 12 h in air, (d) 150 �C for



Fig. 2. IR spectra of monomers (5), (6) and PAM-1 (KBr).
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room temperature under reduced pressure as shown in Scheme 3.
Polyazomethines PAM-1e4 were prepared by using the new tri-
fluoromethyl-containing dialdehyde (5) and four substituted
benzidines (6e9). The substituents of these benzidines included
methyl (PAM-1), trifluoromethyl (PAM-2), bromide (PAM-3) and
phenyl (PAM-4). 4,40-Oxydianiline (ODA) and p-phenylenediamine
(PDA) were also used to prepare polyazomethines PAM-5 and
PAM-6, respectively. In comparison to PAM-6, PAM-7was prepared
by reacting terephthalic dicarbaldehyde (TPDCA) with 2,20-bis(tri-
fluoromethyl)-4,40-benzidine (TFMB 7). All the polyazomethines
PAM-1e7 remained in solution without any premature precipita-
tion throughout the polymerization and were prepared in
quantitative yields (Table 1). A representative IR spectrum of PAM-
1 is shown in Fig. 2. The characteristic peak appearing at 1615 cm�1

(C]N stretching) confirmed the formation of azomethine linkage.
A representative 1H NMR spectrum of as-prepared PAM-2 (soluble
part in DMSO-d6) is shown in Fig. 1(b). Because of the limited
solubility of PAM-2 in DMSO-d6, 1H NMR sample was prepared by
dissolving 0.1% (w/v) as-prepared PAM-2 in DMSO-d6 at room
temperature and then removing the insoluble part by filtration. The
peaks appearing at 9.02 ppmwere assigned to the hydrogen of the
azomethine linkage. These peaks suggested the existence of syn
and anti configurations in the polymer backbone as reported earlier
[27,28]. It was also found from the 1H NMR spectrum of PAM-2



Scheme 2. Synthesis of 2,20-diphenyl-4,40-diaminobiphenyl (9).

Table 1
Inherent viscosity, Mn, Mw and yield of polyazomethines.

hinh
a (dL/g) Mn

b (104 g/mol) Mw
b (104 g/mol) Yield

(%)

PAM-1 0.79 2.4 7.5 96
PAM-2 0.50 1.2 2.5 96
PAM-3 0.38 1.3 3.0 98
PAM-4 0.32 1.3 3.0 97
PAM-5 0.33 1.4 3.5 96
PAM-6 0.79 2.0 5.1 96
PAM-7 0.44 1.6 3.7 96

a Measured at a polymer concentration of 0.5 g/dL in NMP at 30 �C.
b By GPC in DMAc (relative to polystyrene standards).
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soluble part that an appreciated amount of chain-end aldehyde
(10.19 ppm) remained. However, it was surprising that the
absorption peak of amine end groups (5.74 ppm) was almost
invisible. It might be resulted from the slow exchange rate of
Scheme 3. Synthesis of
protons on nitrogen and the electrical quadrupole moment of 14N
nucleus. The protons on the nitrogen might respond by giving
a broad peak that disappears in the baseline.

3.3. Characterizations of polyazomethines

The inherent viscosity and molecular weights (determined by
GPC in DMAc and calibrated by polystyrene standards) are reported
in Table 1. The as-prepared polyazomethines had inherent viscosity
in the range of 0.32e0.79 dL/g (measured at a polymer concen-
tration of 0.5 g/dL in NMP at 30 �C). The number-averaged molec-
ular weights ranged from12,000 to 24,000 g/mole. These values are
high when compared with those of conventional aromatic poly-
azomethines. The molecular weights estimated from the intensity
polyazomethines.



Table 3
Solubility of polyazomethines.

Solubilitya

m-cresol NMP DMF DMAc DMSO THF Chloroform Acetone

PAM-1 þþ þþ þþ þþ þ� þ� þ� �
PAM-2 þþ þþ þþ þþ þ� þ� þ� þ�
PAM-3 þþ þþ þþ þþ þ� þ� þ� þ�
PAM-4 þþ þþ þþ þþ þ� þ� þ� þ�
PAM-5 þþ þþ þþ þþ þ� þ� þ� þ�
PAM-6 þþ þþ þþ þþ þ� þ� � �
PAM-7 þþ þþ þþ þþ þ� þ� � �

Abbreviations: THF, tetrahydrofuran; DMF, dimethylformamide; DMAc, dimethyla-
cetamide; NMP, N-methyl-2-pyrrolidinone; DMSO, dimethyl sulfoxide.

a The solubility was determined by using 20 mg sample in 1 mL of stirred solvent.
þþ: soluble at room temperature; þ�: partially soluble at room temperature;
�: insoluble at room temperature.
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of chain-end aldehyde peak (10.19 ppm) and that of azomethine
hydrogen (9.02 ppm) from the 1H NMR spectra were much smaller
than those measured by GPC. It was attributed to the limited
solubility of these polyazomethines in DMSO-d6 solvent. The
molecular weights estimated by 1H NMR spectra represented only
the soluble part of polyazomethines in DMSO-d6. These poly-
azomethines were, however, totally soluble in DMAc, the solvent
for GPC. Among these polyazomethines, PAM-1 and PAM-6,
prepared from the new dialdehyde (5) and 2,20-dimethyl-4,40-
benzidine (6) and p-phenylenediamine (PDA), respectively, had the
highest molecular weights. It might be attributed to the high
reactivity of the new aldehyde (5) and these two diamines.

Different methods have been reported for the preparation of
polyazomethines. These methods involved polymerization at
different temperatures, including at toluene-water azeotropic
temperature [29], at 160 �C inm-cresol [16] or NMP/HMPA [30], and
at room temperature with or without reduced pressure [12,13]. In
order to find out the best condition to achieve the highest molec-
ular weights, PAM-1 and PAM-2were prepared for 48 h inm-cresol
at room temperature under reduced pressure (condition A), in m-
cresol at reflux temperature under nitrogen atmosphere (condition
B) and in NMP/HMPA (1:1, v/v) at room temperature condition C.
Table 2 shows the inherent viscosity and molecular weights of
PAM-1 and PAM-2 prepared in different conditions. PAM-1
prepared in m-cresol at room temperature under reduced pressure
(condition A) had the highest Mn of 24,000 g/mole. When the
temperature was raised to reflux temperature (condition B), PAM-1
had the lowest Mn of 3000 g/mole. When PAM-1 was prepared in
NMP/HMPA (1:1, v/v) at room temperature for 48 h (condition C),
the Mn was 12,000 g/mole. PAM-2 experienced the same effect,
highest Mn was obtained by condition A, the lowest Mn by condi-
tion B. From these data, it can be concluded that polyazomethines
with the highest Mn can be obtained by room temperature solution
polymerization in m-cresol under reduced pressure. It was pointed
out that weakly acidic m-cresol had an activating effect on the
azomethine formation [13]. The dialdehyde was activated by acidic
solvents and deactivated by basic solvents. However, too strongly
acidic solvent might deactivate diamine. Therefore, weakly acidic
solvent such asm-cresol might be the best polymerizationmedium.
Table 2 also shows that polyazomethines prepared at room
temperature had higher Mn than at reflux temperature. This
phenomenon was to be discussed in the next section (Hydrolysis
and Post-Polymerization).

The solubility behavior of these new polyazomethines in
different organic solvents is reported in Table 3. All of these poly-
azomethines can be dissolved (20 mg in 1 mL of solvent) at room
temperature in DMF, DMAc, NMP and m-cresol and were partially
soluble in DMSO and THF. Especially, PAM-6 and PAM-7, containing
the most rigid p-phenylene structure, were still soluble in polar
organic solvents. Conventional aromatic polyazomethines are
insoluble in organic solvents. For example, polyazomethine PAM-8,
Table 2
Inherent viscosity, Mn, Mw and yield of PAM-1 and PAM-2 prepared in different
conditions.

Conditiona hinh
b (dL/g) Mn

c (104 g/mol) Mw
c (104 g/mol) Yield (%)

PAM-1 (A) 0.79 2.4 7.5 96
(B) 0.20 0.3 0.5 98
(C) 0.53 1.2 2.2 96

PAM-2 (A) 0.50 1.2 2.5 96
(B) 0.12 0.2 0.3 95
(C) 0.32 0.4 0.6 96

a (A)m-cresol, at room temperature under reduced pressure for 48 h; (B)m-cresol,
at reflux for 48 h; (C) NMP/HMPA (1:1, v/v), at room temperature for 48 h.

b Measured at a polymer concentration of 0.5 g/dL in NMP at 30 �C.
c By GPC in DMAc (relative to polystyrene standards).
containing similar structures with PAM-6 and PAM-7, can be
prepared from 4,40-benzidine with terephthalic dicarbaldehyde
(TPDCA). It was only soluble in concentrated sulfuric acid [9].

It has been reported that the C]N linkage of polyazomethine is
not in the same plane with the adjacent N-phenyl ring due to the
repulsion force between the hydrogen atom of the C]N linkage
and the adjacent N-phenylene ring [31]. The torsional angle has
been calculated to be 30.4�. However, this non-coplanar confor-
mation resulted from C]N linkage alone is not sufficient to provide
good solubility for polyazomethines. The excellent solubility of
these new polyazomethines PAM-1e7 was resulted from the
combined effects of trifluoromethyl groups of the new dialdehyde
(5) moiety and the non-coplanar biphenyl structures. The biphenyl
structures are forced to adapt a non-coplanar conformation by the
bulky substituents at the 2 and 20 positions of biphenyls. Both of
trifluoromethyl groups and non-coplanar biphenyls have been
incorporated into polyimides [32], polyamides [25] and poly(p-
biphenylene-1,3,4-oxidiazole) [33] to enhance the solubility with
great success. This enhanced solubility is attributed to the loose
interchain packing resulted from the bulkiness of trifluoromethyl
groups and non-coplanar biphenyl structures. Furthermore, the
same enhancements in solubility of these new polyazomethines
were also observed regardless various diamines were used.

Fig. 3 shows the wide-angle X-ray diffraction patterns of poly-
azomethines PAM-1e7. There were no crystalline peaks can be
observed, indicating that these new polyazomethines were amor-
phous in nature. This can be also attributed to their non-coplanar
biphenyl structures which might hinder polymer chain packing.

3.4. Hydrolysis and post-polymerization

Because of the limited solubility of these polyazomethines in
DMSO-d6, we attempted to heat the NMR sample tubes to obtain
a homogeneous solution. It was found that the aldehyde peaks
became more prominent and azomethine hydrogen peaks dimin-
ished when the NMR sample tubes were heated, indicating the
decrease in molecular weight. The azomethine linkage of small
organic molecules has ever been reported for its hydrolysis
phenomenon at the presence of water [22]. In some cases, the
formation of azomethine (imine) linkage was exploited to protect
aldehyde and ketone groups, which were then reclaimed by the
following hydrolysis in refluxing organic solvents [34]. However,
the hydrolysis of polyazomethines has never been mentioned



Fig. 3. Wide-angle X-ray diffraction patterns of polyazomethines PAM-1e7.
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before. In order to study the hydrolysis of these polyazomethines in
solution state, PAM-2 was used as the example. Fig. 1(b) is the 1H
NMR spectrum of as-prepared PAM-2 soluble part in DMSO-d6 at
room temperature. Fig. 1(c) shows the 1H NMR spectrum of as-
prepared PAM-2 heated at 50 �C for 12 h in air to form a homoge-
neous DMSO-d6 solution. It was found that the intensity of the
aldehyde peaks (10.19 ppm) increased and that of azomethine
hydrogen peaks (9.02 ppm) diminished as temperature increased.
From the increased intensity of aldehyde peak, it is obvious that
polyazomethines could undergo hydrolysis in DMSO-d6 solvent
even only trace of water (inherently exists in DMSO-d6) is present
as depicted in Scheme 4. The amine peak at 5.74 ppm in Fig. 1(c)
was broad and not prominent. This might be attributed to the slow
exchange rate of protons on nitrogen and the electrical quadrupole
moment of 14N nucleus. Fig.1(d) shows the 1H NMR spectrum of the
same as-prepared PAM-2 heated at 150 �C for 24 h in DMSO-d6
under nitrogen atmosphere to form a homogeneous solution. The
intensity of the aldehyde and amine peaks was more intense and
that of the azomethine hydrogen peaks was decreased. Under
nitrogen atmosphere, the amine peaks can be observed at 5.53 and
5.74 ppm. These peaks were attributed to the hydrolyzed diamine
monomers and the amino groups of polyazomethine chain-ends,
respectively. From these 1H NMR spectra (Fig. 1), it indicates that
the hydrolysis of polyazomethine PAM-2 is more pronounced at
elevated temperature. It also implies that the reversed reaction of
Scheme 4. Hydrolysis of polyazomethines in solution state.
azomethine formation is favored at elevated temperature in the
presence of even trace amount of water. This is consistent with the
results from Table 2. In the same solvent (m-cresol), polymerization
at room temperature gave higher molecular weights than at reflux
temperature.

The hydrolysis of these new polyazomethines was further evi-
denced by the GPC measurements. Fig. 4 shows the GPC chro-
matograms of as-prepared PAM-2 after different levels of
hydrolysis and post-polymerization. The hydrolysis was carried out
by dissolving as-prepared PAM-2 in DMSO (0.1%, w/v) at 150 �C for
different periods of time. PAM-2 can be totally dissolved in DMSO
at 150 �C. The GPC chromatogram (Fig. 4(a)) of as-prepared PAM-2
was bimodal with number average molecular weight (Mn) of
12,000 g/mole. When the 0.1% (w/v) of PAM-2 solution in DMSO
was heated at 150 �C for 4 h in air, the GPC chromatogram (Fig. 4(b))
became monomodal and indicated a lower molecular weight (Mn)
of 6000 g/mole. As the hydrolysis lasted to 16 h, Mn decreased to
2000 g/mole Fig. 4(c). After PAM-2 solutionwas heated at 150 �C for
24 h, it became difficult to determine the molecular weight from its
GPC chromatogram due to the low signal intensity (Fig. 4(d)). It
indicated that PAM-2 was mostly hydrolyzed to oligomers whose
molecular weights were beyond the lower limit of the GPC
measurement. Even though water was not added, the trace amount
of water in DMSO solvent is enough for the hydrolysis of poly-
azomethines at 150 �C. Aromatic polyazomethines have been
known for their high thermal stability. This is true only for poly-
azomethines in their solid states. From the 1H NMR spectra (Fig. 1)
and GPC chromatograms (Fig. 4), it suggests that in solution state
the polyazomethine could be easily hydrolyzed in the presence of
a trace amount of water at temperature even as low as 50 �C.

It has been well know that the molecular weights of poly-
azomethines are generally lower than those of aromatic conden-
sation polymers such as polyamides and polyimides. In addition to
the effects of the chemical structures and the reactivity of mono-
mers, this phenomenon might possibly be resulted from the
hydrolysis during sample preparation for GPC measurement. In
some cases, heating might be necessary to obtain a homogeneous
solution, leading to hydrolysis and thus lower molecular weights.

It has also been reported that polyazomethine can undergo
post-polymerization at high temperature [12]. A thin film (ca. 2 mm)
Fig. 4. GPC chromatograms of PAM-2 (a) as-prepared, (b) heated at 150 �C for 4 h in
DMSO, (c) for 16 h in DMSO, (d) for 24 h in DMSO, and (e) thin film heated at 200 �C
under reduced pressure for 24 h.



Fig. 5. TGA thermograms of PAM-2 (a) as-prepared and (b) isothermal at 200 �C for
90 min.
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was prepared by spin-coating 2% (w/v) of PAM-2 in DMF solution
on glass and heating at 50 �C for 1 h then 200 �C for 24 h under
reduced pressure. The GPC chromatogram of this post-polymerized
PAM-2 thin film is shown in Fig. 4(d). TheMn increased from 12,000
to 24,000 g/mole. It was attributed to the post-polymerization from
amine and aldehyde groups of as-prepared PAM-2 chain-ends. It
suggests that in solid state polyazomethines can undergo post-
polymerization at elevated temperature. The GPC results combined
with 1H NMR spectra suggested that even though hydrolysis can
occur in DMSO solution, leading to low molecular weight, poly-
azomethine films with highmolecular weights can be still obtained
if the films were prepared at elevated temperature under reduced
pressure. In summary, polyazomethines prepared in m-cresol at
room temperature under reduced pressure had the highest
molecular weights. Post-polymerization at elevated temperature
(200 �C) in solid film can further increase their molecular weights.

3.5. Thermal properties

The thermal properties of polyazomethines were evaluated by
DSC and TGA. The results, including glass transition temperatures
(Tg), decomposition temperatures at 5% (T5%), 10% (T10%) weight loss,
and residual weight percent (Rw800) at 800 �C in nitrogen atmo-
sphere, are summarized in Table 4. The new polyazomethines PAM-
1e7 exhibitedhighglass transition temperatures ranging from265 to
324 �C. PAM-5 derived from the new dialdehyde (5) and 4,40-ODA
had the lowest glass transition temperature at 265 �C. Itmight bedue
to the flexibility of ether linkage on PAM-5 backbone. On the other
hand, PAM-4 derived from the new dialdehyde (5) and diamine (9)
containing bulky phenyl substituents had the highest Tg (324 �C).
This might be resulted from the fact that PAM-4 containing phenyl
substituents had higher chain rigidity than other polyazomethines.
PAM-2 containing bulky trifluoromethyl groups on both dialdehyde
and diamine moieties also exhibited high glass transition tempera-
ture at 287 �C. PAM-6 and PAM-7, which had the same chemical
structures except the azomethine arrangements, showed similar
glass transition temperatures at 272 and 271 �C, respectively. It
suggested that the azomethine arrangements of polyazomethines
might have little effect on their glass transition temperatures.

Fig. 5 shows the TGA thermograms of PAM-2 as-prepared (Fig. 5
(a)) and after isothermal treatment at 200 �C for 90 min before
heating scan (Fig. 5(b)). The as-prepared PAM-2 experienced an
initial weight loss starting at around 190 �C. This initial weight loss
was attributed to water released from the post-polymerization
between chain-end amine and aldehyde groups. When PAM-2was
heated under nitrogen at 200 �C for 90 min, the thermogram (Fig. 5
(b)) shows no trace of post-polymerization and exhibited T5% at
482 �C. All the decomposition temperatures of polyazomethines
PAM-1e7 were determined after the isothermal treatment (200 �C
in nitrogen for 90min) to exclude the effect of post-polymerization.
The decomposition temperatures in nitrogen atmosphere at 5% and
Table 4
Thermal properties of polyazomethines.

Tga (�C) T5%b (�C) T10%b (�C) Char yieldc (wt.%)

PAM-1 273 416 470 62
PAM-2 287 482 502 40
PAM-3 270 475 506 63
PAM-4 324 432 468 48
PAM-5 265 438 463 47
PAM-6 272 487 501 42
PAM-7 271 484 498 40

a Measured by DSC at a heating rate of 10 �C/min in nitrogen.
b Measured by TGA at a heating rate of 10 �C/min in nitrogen.
c Residual weight percentage at 800 �C in nitrogen.
10% weight loss of PAM-1e7 were in the range of 416e487 �C and
463e506 �C, respectively. Their residual weights at 800 �C in
nitrogen ranged from 40 to 63%. These polyazomethines exhibited
high thermal stability without any significant weight loss up to
400 �C. This further confirmed that the enhancement in solubility
by non-coplanar biphenyl structures can be achieved without
sacrificing the thermal stability.
3.6. Optical properties

The optical properties of PAM-1e7were investigated by UVevis
and photoluminescence (PL) spectroscopy by using their 10�5 M
chloroform solution. The results are summarized in Table 5. All the
polyazomethines showed azomethine characteristic absorption at
326e360 nm (Fig. 6). Among these polyazomethines, PAM-2 con-
taining electron-withdrawing trifluoromethyl substituents on both
diamine and dialdehyde moieties showed the most hypsochromic
shift with maximum absorption wavelength at 326 nm. On the
contrary, PAM-4 containing electron-rich phenyl substituents on its
diamine moiety showed the most bathochromic shift with
maximum absorption wavelength at 360 nm. PAM-5 containing
ether linkage on its backbone had maximum absorption wave-
length at 344 nm. This value is close to those of other poly-
azomethines in this study if electronic effect is excluded (i.e. PAM-2
and PAM-4). It indicates that the ether linkage and the non-
coplanar biphenyl structures might have the similar effect on
interrupting the conjugation along the polymer backbones.
Compared with polyazomethine PAM-8 prepared from 4,40-
benzidine with terephthalic dicarbaldehyde (TPDCA) (maximum
Table 5
Optical properties of polyazomethines.

labs
a (nm) lonset (nm) lemi

b (nm) FPL
c (%)

PAM-1 348 398 433 0.13
PAM-2 326 391 425 0.05
PAM-3 357 408 434 0.05
PAM-4 360 410 491 1.45
PAM-5 344 397 431 0.61
PAM-6 345 400 468 1.10
PAM-7 344 401 442 0.05

a Measured by UVevis spectroscopy in chloroform (10�5 M).
b Measured by photoluminescence spectroscopy in chloroform (10�5 M).
c Quantum efficiency relative to quinine sulfate (10�5 M quinine sulfate in 1 N

H2SO4).
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Fig. 8. Cyclic voltammogram (CV) of PAM-6.
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absorptionwavelength at 491 nm in concentrated sulfuric acid) [9],
PAM-1e7 exhibited significant hypsochromic shift due to the
interruption of conjugation along the polymer backbones.

Photoluminescence (PL) spectra were recorded by using the
maximum absorption wavelength as the excited wavelength in
chloroformsolution (10�5M). The representative PL spectra ofPAM-
4, PAM-5 and PAM-6 are shown in Fig. 7. All the polyazomethines
PAM-1e7 showed a broad emission peak with emission wave-
lengths ranging from 425 to 491 nm. PL quantum efficiency of pol-
yazomethines was calculated by using quinine sulfate (10�5 M) in
1NH2SO4 as standard (F¼ 0.546) [15]. These newpolyazomethines
had PL quantum efficiency ranging from 0.05 to 1.45%. It was
reported that polyazomethines had PL quantum efficiency less than
0.03%, which is much lower than those of the analogous poly(ary-
lenevinylene)s and polyfluorenes [15]. The low PL quantum effi-
ciency limits their applications as the luminescent layers.
3.7. Electrochemical properties

The electrochemical properties of these polyazomethines were
investigated by cyclic voltammetry (CV). A representative cyclic
Fig. 7. PL spectra of PAM-4, 5 and 6 in chloroform solution (10�5 M).
voltammogram of PAM-6 in 0.1 M n-Bu4NClO4/acetonitrile solu-
tion with a scan rate of 100 mV s�1 is shown in Fig. 8. The values of
HOMO, LUMO and energy gap were calculated by similar equa-
tions from previous publication [35]. The electrochemical prop-
erties are summarized in Table 6. All of the polyazomethines
showed an irreversible peak both at oxidation and reduction
region. However, the polymer films remained stable during
repeating scans and showed essentially the same cyclic voltam-
mograms. The irreversibility, indicating the short lifetime of the
formed radical anions and radical cations during electrochemical
processes, might be resulted from the short conjugation length of
the non-coplanar biphenyls and the electron-withdrawing nature
of trifluoromethyl group.

The HOMO and LUMO energy levels were determined to be
�5.69 to �5.96 and �3.04 to �3.18 eV, respectively. These values
are much lower when compared with those (EHOMO ¼ �5.19 eV,
ELUMO ¼ �2.46 eV) of polyazomethine PAM-8 prepared from 4,40-
benzidine and terephthalic dicarbaldehyde (TPDCA) [9]. The LUMO
energy level is related to the conjugation length and the electron-
accepting ability of polymers. The higher the delocalization of p
electrons, the easier the acceptance of an additional electron during
reduction process. Although these new polyazomethines had
shorter conjugation length due to the interruption of conjugation
along the polymer backbones, the presence of strong electron-
withdrawing trifluoromethyl group outweighed the effect of short
conjugation length, leading to low ELUMO [33]. The low EHOMO was
Table 6
Electrochemical properties of polyazomethines.

Reductiona (V) Oxidationa (V) EHOMO
b (eV) ELUMO

c (eV) Egd (eV)

EReonset EOxionset

PAM-1 �1.66 1.10 �5.81 �3.05 2.76
PAM-2 �1.53 1.27 �5.96 �3.18 2.80
PAM-3 �1.65 1.05 �5.76 �3.06 2.70
PAM-4 �1.67 0.98 �5.69 �3.04 2.65
PAM-5 �1.62 1.09 �5.80 �3.09 2.71
PAM-6 �1.57 1.22 �5.93 �3.14 2.79
PAM-7 �1.55 1.21 �5.92 �3.16 2.76

a Measured by cyclic voltammetry.
b EHOMO ¼ �(EOxionset þ 4.80�0.09 eV) [35].
c ELUMO ¼ �(EReonset þ 4.80�0.09 eV) [35].
d Calculated by the equation : Eg ¼ ELUMO � EHOMO [35].
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also resulted from the electron-withdrawing trifluoromethyl
group. For example, PAM-2 containing electron-withdrawing tri-
fluoromethyl group on both diamine and dialdehyde moieties
exhibited exceptionally low EHOMO of �5.96 eV. It can be concluded
that trifluoromethyl-containing non-coplanar biphenyls could be
regarded as a new electron acceptor when designing a donor-
acceptor system for different applications. This electron acceptor
can be used to tune the HOMO, LUMO energy levels and charge
mobility for electron-rich conjugated polymers.

The electrochemical energy gaps of these new polyazomethines
were in the range of 2.65e2.80 eV. It was reported that the energy
gap is resulted from the combined effects of the conjugated length
of the polymer backbone and the electronic nature of the substit-
uents (electron-rich or electron-withdrawing) [9]. The energy gaps
of PAM-6 (2.79 eV) and PAM-7 (2.76 eV) were larger than that of
PAM-8 (2.73 eV). PAM-6 and PAM-7 with bulky trifluoromethyl
group give larger twisted angles than PAM-8 along the biphenyl
structure. The larger twisted angle combined with the electron-
withdrawing nature of trifluoromethyl group gives larger energy
gaps of PAM-6 and PAM-7 compared with that of PAM-8. However,
for PAM-1e5, their energy gaps are difficult to rationalize when
compared with that of PAM-8. It is probably due to this combined
effect of planarity and electronic nature of the substituents on the
energy gap.

4. Conclusions

A new dialdehyde containing electron-withdrawing tri-
fluoromethyl groups at the 2 and 20 positions of biphenyl was
prepared via a five-step synthetic route. The formed poly-
azomethines exhibited excellent solubility in polar organic solvents
such as DMF, DMAc, NMP andm-cresol while maintained their high
thermal stability. It was found that these polyazomethines would
undergo hydrolysis in solution. The hydrolysis, evidenced by 1H
NMR spectra and GPC chromatograms, was resulted from the
reverse reaction of azomethine formation and was favored at
higher temperature. It was concluded that polyazomethines
prepared in m-cresol at room temperature under reduced pressure
had the highest molecular weights. Post-polymerization of poly-
azomethine thin films at elevated temperature can further
increased their molecular weights. These polyazomethines also had
low electrochemical EHOMOs and ELUMOs. This is resulted from the
combined effects of electron-withdrawing trifluoromethyl group
and non-coplanar biphenyls. Combined with the excellent solu-
bility and high thermal stability, 2,20-bis(trifluoromethyl)-4,40-
biphenyl structure could be a new choice as the electron acceptor
for the structure design of new conjugated polymers.
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The objective of this study was to investigate how the water uptake features and carrier characteristics of
the TS-1 zeolite affected the physical and rheological properties, morphological parameters, and enzy-
matic hydrolysis of Poly (butylene succinate) (PBS). The introduction of TS-1 zeolite as catalyst was
developed for the preparation of PBS/TS-1 zeolite hybrid composites (PTHC) without heavy metal toxic
substance in the context on clean technology. The TS-1 zeolite can act as a catalyst as well as a rein-
forcement filler with the result that PTHC can show marked increases in tensile properties and elon-
gation at breakage in the solid state. The rheological properties of PTHC with high zeolite contents
showed low values of complex viscosity, as compared with PTHC with low TS-1 zeolite contents, due to
the volatilization of water released from the zeolite pores during esterification. The introduction of the
TS-1 zeolite in the PBS matrix was not significantly affected by changes in the size of the long period,
lamella thickness, or the amorphous region, indicating that PBS chains do not penetrate into zeolite
pores, as confirmed by SAXS profiles. In enzymatic hydrolysis over 90 days, the enzymatic hydrolysis
rates of PTHC significantly accelerated with increasing TS-1 zeolite contents, compared with Homo PBS.
This result indicated that TS-1 zeolite can act as a carrier for enzyme activation, resulting in enzymatic
hydrolysis, occurring from the amorphous area on the surface into the inside of the film.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Zeolites, generally defined as high-ordered microporous mate-
rials, have been used as heterogeneous catalysts in many reactions,
such as aromatization, cracking, esterification, alkylation, and
methanol conversions. They have also been used in petroleum
refining as drying agents, ion exchangers, animal food additives,
nuclear effluent treatment, and membranes in numerous industrial
fields [1e7]. Zeolite activity in these applications depends on the
active sites, high surface area, and pore volumes. Thus, many
researchers have studied the synthesis of new orderedmicroporous
materials for various applications [8e16].

Among the many zeolite types, titanium silicate-1 (TS-1) zeolite
has been found to have strong catalytic activity [17e23]. The tita-
nium in TS-1 replaces silicon in a tetrahedral site of the MFI silicate
lattice. TS-1 combines the advantages of having the high coordi-
nation ability of Ti4þ ions with the hydrophobicity of the silicate
framework. In particular, the adsorption of water molecules in the
:þ82 2 2297 5859.

All rights reserved.
pores is closely associated with the surface structure, stability, and
activity of Ti sites in TS-1[18e21].

The pores in zeolite have cationic ions for charge balance, and
some pores are filled with zeolitic water, resulting in cationic ions
that can readily be transported in pores. Thus, TS-1 zeolite is an
inorganic ion exchanger with high ion exchange capabilities. High
thermal energy readily allows zeoliticwater to be desorbed from the
zeolite pore. The desorbed zeolite has a strong inclination to quickly
fill up pores with water molecules and small polar molecules
because this is a natural phenomenon to decrease lattice energy.

Considering the unique characteristics of TS-1 zeolite, it is likely
that TS-1 zeolite would have a great effect on biodegradable poly-
mer products with superior properties on the following basis.
Firstly, the use of TS-1 zeolite as a catalyst in the synthesis of
biodegradable polymer is important in terms of clean technology.
The catalytic activity of TS-1 zeolite is closely related to the pres-
ence of isolated framework titanium species, strong acid sites on
the well-defined microporous structures that are responsible for
the shape selectivity, microporous size, the distribution of Ti, and
the stability of structures. Despite the limited premises of TS-1
zeolite as efficient heterogeneous catalysts, it is widely recognized
that TS-1 zeolite is a highly efficiently heterogeneous catalyst as
well as being appropriate for heavy metal-free catalysts. Secondly,

mailto:imss007@hanyang.ac.kr
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.010
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it should not rule out the possibility that TS-1 zeolite can act as
a reinforcement filler. TS-1 zeolite consists of a silicate framework
with a bulk particle size (100 nmw1um). Thus, the introduction of
TS-1 zeolite should facilitate the preparation of hybrid materials as
alternatives to enhance the physical properties of biodegradable
polymers by the introduction of organic/inorganic particles, such as
clay [24,25], silica [26], polyhedral oligosilsesquioxane (POSS) [27],
and chitosan [28]. Thirdly, the selective adsorption features of TS-1
zeolite by high ion exchange capabilities would be expected to
utilize TS-1 zeolite as trap functional carrier. Using these unique
characteristics, a study on zeolites is being carried out for appli-
cation to the immobilization of enzymes for biosencing as a carrier
[29,30].

This makes possible the synthesis of multifunctional biode-
gradable hybrid materials by considering the unique feature of TS-1
zeolite such as shape selective catalyst, silicate framework and
molecular adsorption.

Studies onpolymerezeolite hybridmaterials have been reported
over recent decades [31e36]. Graeser and Spange [31] investigated
the cationic polymerization of various substituted vinyl ethers with
HY zeolite and the combined properties of novel hybrid materials.
Several papers [35e37] have shown that zeolite can act as rein-
forcement filler and nucleation agent in polymer matrices to
increase thermal and mechanical properties. However, to date no
study has been reported regarding biodegradable polymer hybrid
materials using zeolite.

We expected that the unique characteristics of TS-1 zeolite
would lead to enhanced physical properties and biodegradability of
biodegradable polymers. In this study, TS-1 zeolite can act as cata-
lyst, a reinforcement filler and affect the biodegradation rate at the
same time. We prepared composite materials composed of Poly
(butylene succinate) (PBS) and TS-1 zeolite by in situ polymerization
with no conventional catalyst. This study described the conse-
quences of the water uptake features and carrier characteristic of
TS-1 zeolite on physical properties during melt processing and
biodegradability.

We anticipate that PBS/TS-1 zeolite hybrid materials may have
advantages in applications in the agriculture sector, packaging
technologies, coatings, and drug delivery vesicles because of the
unique characteristic of TS-1 zeolite.

2. Experimental

2.1. Materials

The TS-1 zeolite was kindly provided by the Korea Institute of
Ceramic Eng. & Tech (KICET). The amount of Ti(IV) incorporated in
the used TS-1 zeolite framework is consistent with a Si:Ti ratio of 62
based on X-ray fluorescence spectrometry. We also purchased 1,4
butanediol (99%) and succinic acid (99%) from SigmaeAldrich (St.
Louis, MO, USA). Reagents were used without further purification.

2.2. Preparation of the PBS/TS-1 zeolite hybrid composite

The PBS/TS-1 zeolite hybrid composite (PTHC) was prepared
with TS-1 zeolite (w2.0wt% of succinic acidweight) bya two-step in
situ polymerization processing. First, TS-1 zeolite (0.5e2 wt%) was
dispersed in 1,4 butanediol (0.6 mol) using an ultrasonic processor
(VCX500, 500W, 20 kHz; Sonic, Danbury, CT, USA) for 30min before
the ester interchange reaction. While the slurry was stirred vigor-
ously, succinic acid (0.5 mol) was added without a heterogeneous
catalyst. The mixture was then heated to 190 �C in an oil bath and
subjected to mechanical stirring at 250 rpm under a nitrogen
atmosphere. The temperature was increased to 240 �C at 10 �C/min
with gradually reduced pressure to ensure that water and low-
molecular-weight condensateswere removed continuously, and the
mixture was maintained at 240 �C for 3 h. The resulting samples
were repeatedly washed with water and dried in a vacuum for 24 h
at 50 �C. Sample codes were denoted by zeolite name and content.
For example, “TS20” represents a PTHCwith 2.0wt% zeolite content.

2.3. Characterizations

The N2 adsorptionedesorption isotherm of TS-1 zeolite were
performed using a Quantachrom Autosorb-1 after the sample had
been degassed at 200 �C. Thermogravimetric analysis coupled with
infrared spectroscopy [TG-IR, TG 209 �C Iris� (Netzsch, Exton, PA,
USA) coupled with a Tensor 27 FTIR (Bruker Optics, Billerica, MA,
USA)] was used to determine the qualitative and quantitative
identification of the adsorbedwater gases released directly from the
sample during the thermal melting behavior as a function of
temperature and time. The TGA was performed at a heating rate of
10 �C/min from 20 �C to 150 �C under a nitrogen atmosphere at
a flow rate of 20 mL/min. IR spectra were collected at a 4 cm�1

resolution over the range of 600e4000 cm�1 on a continuous basis.
Mechanical tests were conducted using a tensile strength eval-

uator (Instron 4465; Instron Corp., Norwood, MA, USA) with
a crosshead speed of 10 mm/min at room temperature. The rheo-
logical behaviors of all samples were measured using a dynamic
oscillatory viscometer (ARES; Rheometric Scientific Inc., Piscat-
away, NJ, USA) with parallel plate geometry, 120 mm diameter, and
a 1.0-mm gap distance between the parallel plates.

The experiment was performed with a frequency sweep ranging
from 0.5 to 500 rad/s at a 10% strain level at 150 �C. SAXS experi-
ments were conducted at the 4C1 SAXS Beamline of the Pohang
Accelerator Laboratory (Korea). The storage ring was operated at
2.5 GeV and a ring current of 150e200 mA. The X-ray wavelength
was 0.1608 nm and the beam size at the focal point was less than
1 mm2, focused by a platinum-coated silicon premirror through
a double-crystal monochromator. The scattering intensity was
detected with a two-dimensional CCD camera. The scattering angle
was calculated with a Bragg spacing of 32.78 nm for a SEBS crystal
at q¼ 0.19165 nm�1 as a reference peak for SAXS. The samples were
melted at 150 �C in the melting chamber to eliminate their thermal
histories, quickly heated to the designated isothermal crystalliza-
tion temperature (80 �C and 92 �C), and maintained for 30 min to
allow for complete crystallization. The scattering profiles were
monitored with exposure times of 27.7 s.

The static contact angles of the PTHC were measured using the
sessile dropmethodwith a contact shape analyzer (DSA 100; Krüss,
Hamburg, Germany) to study the effect of the zeolite on hydro-
philicity. Distilled water was used to measure the evolution of the
contact angle with time. Water droplets (2 mL) were dropped onto
the surface of the 0.3-mm-thick amorphous film. Before testing, the
film samples were dried in desiccators at a normal state (20 �C) for
48 h to achieve conditioning. Each reported value is the average of at
least five time replicates.

The enzymatic hydrolysis test of samples was carried out at
37 � 0.5 �C in reciprocating shaking water bath for 90 days. Each of
the films (20 mm � 30 mm, 0.3 � 0.02 mm) was placed in a glass
bottle with 30 mL of 0.2 M phosphate-buffered saline solutionwith
1.7 mg of lipase (SigmaeAldrich; Pseudomonas sp.). Samples were
removed from the solution every week, washed with distilled
water several times, dried for 24 h under reduced pressure, and
weighed for 90 days.

Wide-angle XRD (WAXD) experiments were conducted with Cu
Ka radiation (l¼ 1.54 Å) on an X-ray generator (Rigaku Corp., Tokyo,
Japan) operating at 40 kV and 100 mA to investigate structural
changes in the PTHC after enzymatic hydrolysis. Samples were
scanned at a rate of 5�/min from 3� to 50� in 2q.
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Ultra-thin sections (w50 nm) of the pressed filmwere prepared
for the TEM analysis on a microtome equipped with a diamond
knife. The sectionswere collected from a distilled water trough and
floated directly onto Cu grids. The enzymatically hydrolyzed film
surfaces were observed by field emission scanning electron
microscopy (FE-SEM) (JSM-633F; JEOL Ltd., Tokyo, Japan). Intrinsic
viscosity (IV) was determined using a Cannon-Ubbelohde micro-
viscometer (Cannon Instrument Co., State College, PA, USA) at
30 �C. The samples were dissolved at a concentration of 0.2 g/dL in
chloroform. IV was calculated by the SolomoneCiuta equation for
a one-point measurement. The IV values obtained were used to
obtain average molecular mass by the MarkeHouwink equation.
The change in heat-flow curves of the PTHC before and after
enzymatic hydrolysis were measured on a PerkineElmer DSC 7
(PerkineElmer, Wellesley, MA, USA) under a dry nitrogen atmo-
sphere with heating and cooling rates of 10 �C/min between 30 �C
and 150 �C. To eliminate previous thermal history, all samples were
maintained at 150 �C for 5 min. Cooling and the second heat scan
were then performed at a rate of 10 �C/min.

3. Results and discussion

3.1. Morphological and pore textural properties of TS-1 zeolite

Although TS-1 zeolite are widely used in chemical synthesis as
catalyst, the analysis of morphological and pore textural properties
of TS-1 zeolite need to be confirmed. Because the catalytic activity
was affected such as pore size, uniformity and structure of micro-
pores [3]. Fig.1 shows the N2 adsorption-desorption isotherm (Fig.1
(a)) and electronmicroscopic investigation onTS-1 zeolite (Fig.1 (b)
and (c)). The N2 adsorption-desorption isotherm of TS-1 zeolite
showed typical characteristic for mesoporous MFI zeolite. TS-1
zeolite has a Brunauer-Emmett-Teller (BET) surface area of
Fig. 1. (a) The pore size distribution curves and N2 adsorption/desorption isotherms of TS-1
TS20.
334 m2 g�1 and pore volume of 0.53 mL/g, similar to the case of
reference mesoporous MFI zeolite [3,9]. The pore size distributions
of TS-1 zeolitewas obtained byapplying the Barrett-Joyner-Halenda
(BJH)model. Amaximumpeak is observed around 1.6e2.6 nm. Fig.1
(b) shows SEM image of TS-1 zeolite particles. The particle size is in
the range of 80e100 nm with uniformly globular morphologies.
TEM image is very helpful to confirm the dispersion state of TS-1
zeolite in PBS matrix. As shown Fig. 1 (c), TS-1 zeolite is well
dispersed in PBS matrix with uniform size of 100 nm.

3.1.1. Water uptake properties of TS-1 zeolite observed by TG-IR
The water absorbilities of the TS-1 zeolite were directly demon-

stratedby quantitative analyses to clarify the effectof theTS-1 zeolite
during melt processing with increasing temperature. The TG-IR
technique can contribute to investigatingwater volatilization formed
during melt processing (Fig. 2). The TG-IR peaks of Homo PBS and
TS20 during phase change from20 �C to 150 �C are shown in Fig. 2(a)
and (b). Normally, the intensityof TG-IR for volatizedwater formed is
visible in the ranges 3600e3900 cm�1 and 1400e1800 cm�1

[38e40]. In the case of Homo PBS, the intensity of TG-IR in Fig. 2(a)
shows that volatilized water was dimly visible in the ranges
3600e3900 cm�1 and 1400e1800 cm�1 due to the initial moisture
contentof thePBSmatrix.However, the intensityof the characteristic
peak for initial volatilized water showed no change up to the melt
state at 150 �C. In the case of TS20 (Fig. 2(b)), the initial intensity of
volatilizedwater in the solid state (20 �C) for TS20was similar to that
of HomoPBS. The intensity of the characteristicwater peak gradually
increased with increasing temperature up to the melting state
(150 �C). This result was attributable to the release of zeolitic water
from TS-1 zeolite pores as a result of the external force (thermal
energy).Amass loss of volatilizedwater ineachphase for TS20 canbe
recorded in the TG curve (Fig. 2(c)). The mass change in volatilized
water, even in small quantities, occurred at around 40e80 �C
zeolite (b) SEM image of TS-1 zeolite at high magnification (�350k) (c) TEM image of



Fig. 2. TG-IR spectra of volatilized water in (a) Homo PBS and (b) TS20 and (c) the rate
of weight loss for TS20 during the phase transition from 20 �C to 150 �C.

S.Y. Hwang et al. / Polymer 52 (2011) 965e975968
(rubberystate) andgradually increased to themelt state. This result is
consistentwith the results shown in Fig. 2(b). The three-dimensional
plot supported the change in the adsorption peak for volatilized
water as a function of temperature and/or time (Fig. 3). In the case of
Homo PBS (Fig. 3(a)), the average intensity of the IR adsorption is
even, regardless of temperature and/or time, whereas the average
intensity of the IR adsorption for TS20 (Fig. 3(b)) gradually increased
with increasing temperature and/or time at 180 s.

3.1.2. Mechanical properties of films (solid state)
Table 1 shows the mechanical properties of PTHC films with

various zeolite contents in the solid state. As shown in Table 1, the
tensile strength of TS05 and TS10 increased by 6% and 19%,
respectively, compared with Homo PBS. This increase was antici-
pated because it was affected by the interfacial interaction between
the TS-1 zeolite and PBS due to the high surface energy of the zeolite
and the increased dispersibility of TS-1 zeolite particles [35,41]. At
2.0 wt% of TS-1 zeolite, the tensile strength began to decrease, likely
due to spontaneous agglomeration of zeolite particles. Elongation at
breakage showed the same trend as the tensile strength values in
Table 1. Young’s modulus increased continuously with increasing
TS-1 zeolite contents for the PTHC due to the rigidity of the TS-1
zeolite. These results are in good agreement with other reported
studies on polymer/inorganic filler nanocomposites [42,43].

3.1.3. Rheological properties (melt state)
To investigate the influence of water molecule adsorption/

desorption characteristics of the TS-1 zeolite on PBS matrix flow in
the melt state, the rheological behavior of the PTHC was assessed
by ARES. Fig. 4(a) and (b) show the shear viscosity and storage
modulus as function of shear rate for Homo PBS and PTHC at 150 �C.
Homo PBS showed a Newtonian plateau at low shear rate regions
(Fig. 4(a)) that gradually disappeared with increasing shear rate
[25,44]. Compared with Homo PBS, the shear viscosity of the PTHC
increased relatively over the shear rate ranges and exhibited high
decreases in shear thinning [25,45]. From this result, we antici-
pated that TS-1 zeolite content can lead to acceleration of the chain
orientation of the PBS under shear. Note that the shear viscosity of
TS10 and TS20 decreased slightly, in comparison with TS05, at low
shear rates. This is because of the presence of released zeolitic
water from TS-1 zeolite cages [46,47]. Generally, when the zeolite
was heated, the zeolite was dehydrated and became empty cages.
However, the TS-1 zeolite quickly absorbs small molecules with
polar groups into the empty cages. This situation has been attrib-
uted to decreasing the lattice energy in the cages. Thus, the TS-1
zeolite absorbed polar molecules, such as water molecules, during
the synthetic process and the dynamic viscosity was decreased by
releasedwatermolecules in themelt states. The storagemodulus of
the PTHC (Fig. 4(b)) showed higher values than that of Homo PBS
over the total range of shear rates. The ColeeCole plot of the Homo
PBS and the TS-1 zeolite composite are shown in Fig. 4(c). The slope
of the TS-1 zeolite hybrid composite (1.40) was shallower than that
of Homo PBS (1.53) with no zeolite contents, indicating that the TS-
1 zeolite composite is a heterogeneous system and much energy
are dissipated in disrupting the network structures. In view of the
observation above, one can enhance the mechanical properties
with TS-1 zeolite in the solid states without disturbing zeolitic
water. On the other hand, water volatilization can exert an influ-
ence on physical properties, such as complex viscosity and storage
modulus, in the melt state when an external force is applied to the
PTHC.

3.1.4. Change of microstructural parameters during isothermal
crystallization

The TS-1 zeolite consists of the zeolitic mesoporous three-
dimensional channel systemwith straight channels, interconnected
by zigzag channels [5,8]. The presence of large pore sizes in the TS-1
zeolite allows easy transfer of polar molecules through the pores
during bulk polymerization. Considering the unique characteristics
of the TS-1 zeolite, we could not exclude the possibility that the TS-1
zeolite may have an effect on changes inmicrostructural parameters
and crystallization behavior of the PTHC. Changes in the micro-
structural parameters of Homo PBS and PTHC at the isothermal
crystallization temperatures of 80 �C and 92 �C were analyzed using
synchrotron X-ray radiation to investigate any TS-1 zeolite effect.
Morphological parameters, including the long period (L), the average
lamellar thickness (lc), and the amorphous layer thickness (la), were
obtained fromthe linear correlation function curve (Fig. 5(a) and (b)).
The L and la for all samples decreased slightly with crystallization
time, indicating the formation of additional lamella layers between
the two existing dominant lamella during isothermal crystallization
[48]. In particular, the values of the long period and the amorphous
layer thickness for all samples at 92 �C (Fig. 5(b)) decreased steeply
compared with those at 80 �C (Fig. 5(a)). The average lc (37 Å) and L
(98 Å) at 92 �C were higher than the values (28 Å and 90 Å,



Fig. 3. Three-dimensional TG-IR spectra of (a) Homo PBS and (b) TS20 during the phase transition ranged from 20 �C to 150 �C.
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respectively) at 80 �C. To explain these results, onemust consider the
crystallization phenomenon in two steps, nucleation and crystal
growth. In the case of a low crystallization temperature (80 �C), the
crystallization was predominantly affected by nucleation because
critical-sized nuclei with low surface energy were readily formed at
low temperature. Thus, observing the changes in the amorphous
layer thickness at 80 �C compared with those at 92 �C is not easy.
However, the critical nucleus was difficult to form at the higher
crystallization temperature (92 �C) and the crystallization process
has a tendency to depend on molecular diffusion at higher temper-
atures. Thus, crystals grow bigger at higher temperature as shown in
Fig. 5(a) and (b). Also, thevariations in the lc and Lwith crystallization
time are more significant in the case of higher crystallization
Table 1
Mechanical properties of Homo PBS and PTHC film.

Sample Tensile strength (MPa) Elongation at break (%) Young’s modulus (MPa)

PBS 32.8 � 0.7 180.8 � 4.9 384.7 � 8.3
TS05 34.7 � 1.2 182.8 � 2.6 425.2 � 14.2
TS10 38.1 � 1.5 250.6 � 10.3 432.6 � 6.2
TS20 35.2 � 1.8 140.9 � 12.3 471.1 � 9.7
temperature. Note that the introduction of the TS-1 zeolite had
almost no effect on changes in morphological features. Before
testing, we could not exclude the possibility that PBS molecules go
through the TS-1 zeolite pores because the pores are big enough to
let the polymer molecules percolate to some degree. In the TS-1
zeolite hybrid system, however, no evidence for the molecular
percolation through theTS-1 zeolite poreswas observed. The lamella
thickness of the PTHCs was similar to that of Homo PBS at any TS-1
zeolite content. The TS-1 zeolite may merely act as a catalyst due to
the strong acid sites on the frameworks and not allow PBSmolecules
to penetrate into the pores. This result is inconsistent with that of
previous paper about Polymer/A-zeolite composite [48]. As seen in
the SAXS two-dimensional pattern in Fig. 5(c) and (d), the initially
isothermal crystallization regions of the PBS/TS-1 zeolite hybrid
composite quickly shows a circle diffraction pattern, indicating that
the TS-1 zeolite can be effective in crystallization behavior, acting as
nucleation agents. The morphological changes caused by the
nucleation effect of TS-1 zeolite were observed every minute. These
results, expressed in a oneedimensional correlation function, will be
discussed in another paper with the isothermal crystallization
behavior of the PTHC in detail.



Fig. 4. (a) Shear viscosity versus shear rate, (b) storage modulus, and (c) ColeeCole
plots for Homo PBS and TS-1 zeolite nanocomposite at 150 �C.
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3.1.5. Enzymatic hydrolysis tests
To determine the enzymatic hydrolysis of aliphatic biodegrad-

able polymers, several factors must be considered, such as the
molecularweight, chemical structure, the specific bond type(s) (e.g.,
ester, ether, amide, urethanes), and the degree of hydrophilicity and
crystallinity [49e54]. As seen Table 2, the IV before the enzymatic
hydrolysis test was similar for all samples, ranging from0.97 to 1.02.
This indicates that the molecular weight of each PTHC was
comparable to that of Homo PBS. The chemical structure of each
PTHC was unchanged in comparison with Homo PBS either (see
below). Thus, molecular weight and chemical structure were not
important considerations in this case because these parameters
were controlled by the same conditions. The contact angle of PTHC
films was evaluated to determine the hydrophilicity for samples
because the amount of absorbed water on the surface has a decisive
effect on enzymatic hydrolysis behavior [49]. The water contact
angle of the PTHC gradually decreases with increasing TS-1 zeolite
content (Table 2), indicating that the introduction of TS-1 zeolite can
effectively enhance the hydrophilicity of the PBS/TS-1 hybrid
composite. After the enzymatic hydrolysis test for 90 days, thewater
contact angles of all hydrolyzed samples greatly decreased as
compared to those of initial films. This result was attributable to
ester groups being hydrolyzed, resulting in an increase in hydro-
philic terminal groups.

Fig. 6 shows theweight lossofenzymatichydrolysis forall samples
in buffer solutions at pH 7.4 and 37� 0.5 �C. The degree of enzymatic
hydrolysis increased with the introduced content of TS-1 zeolite,
although a big difference does not exist between TS10 and TS20.
Generally, enzymatic hydrolysis shows saturation inweight losswith
the amount and kinds of enzyme used. In this experiment using TS-1
zeolite and Pseudomonas lipase, the TS-1 zeolite acts as an accelerator
of enzymatic hydrolysis under 1 wt% content of zeolite, resulting in
higher hydrolysis rates with higher zeolite contents. However, the
enzyme’s hydrolytic effect seemed to reach amaximumwhen the TS-
1 zeolite content was above 1 wt%, resulting in no major difference
between the TS10 and TS20 samples. The enzymatic hydrolysis rates
closely dependonoptimumpHand temperature, aswell as optimum
enzyme concentration. Thus, the enzymatic hydrolysis rate increases
steeply with increases in enzyme content, to an optimum value, and
then decreases gradually [51]. In particular, the effect of the TS-1
zeolite on the hydrolysis rate was absolute under 1 wt% enzyme
content. In the case of TS10 or TS20, the quantitative loss of weight of
the films was nearly double in comparison with those of Homo PBS,
which indicates that the TS-1 zeolite significantly influenced the
enzymatic hydrolysis rate.

Weight loss in enzymatic hydrolysis provides a general trend
about the effect of TS-1 zeolite content on the rate of enzymatic
hydrolysis. However, these results are inadequate to determine how
enzymatic hydrolysis proceeds during the period of a biodegrada-
tion test. Indeed, morphological examinations are also necessary.
SEMmicrographs of surface morphologies for Homo PBS, TS10, and
TS20 before and after enzymatic hydrolysis tests are shown in Fig. 7.
The film surface before the hydrolysis test for Homo PBS showed
a smooth appearance (Fig. 7(a)), whereas TS-1 zeolite stuck out into
the surface and was evenly dispersed in proportion to the TS-1
zeolite contents (Fig. 7(b) and (c)). In the case of the enzymatically
hydrolyzed samples (see Fig. 7(e)e(g)), surface erosion and small
cracks were observed in all samples for Homo PBS and the TS-1
zeolite hybrid composite. However, themorphological images in the
SEMmicrographs apparently showed no difference between Homo
PBS and PTHC, except for the projecting TS-1 zeolite on the surface.
This result is seemingly inconsistentwith Fig. 6,whereby theweight
loss for TS20was higher than that of Homo PBS. This may have been
due to the enzymatic hydrolysis mechanism for the PTHC being
different from that of Homo PBS.

To investigate the enzymatic hydrolysis process in detail,
changes in crystallinity before and after enzymatic hydrolysis were
characterized by WAXD (Fig. 8). Before the enzymatic hydrolysis
test, several factors must be considered, such as the tested



Fig. 5. Change in the microstructure parameters of various samples at the designated isothermal crystallization temperatures of (a) 80 �C and (b) 92 �C; two-dimensional SAXS
pattern of (c) Homo PBS and (d) TS05 during isothermal crystallization at 80 �C and 92 �C.
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temperature, pH conditions, the kind of enzyme used, and the
crystallinity of the samples [50e52]. In particular, the degree of
crystallinity is a most important factor. Yoshie et al. [51] reported
that the degree of crystallinity and lamellar crystal size had
significant effects on the degradation process. Generally, the lower
the degree of crystallinity and the thinner the lamella crystals
are, the faster the enzymatic hydrolysis is. As previously shown in
Fig. 5, the thickness of the lamella crystals was similar for both
Homo PBS and PTHC. The crystallinities of the initial film for all
samples had similar values (47%; Fig. 8), indicating that the TS-1
zeolite did not have an effect on or change the chemical structure or
crystallinity. Thus, we could investigate how the TS-1 zeolite
Table 2
. The intrinsic viscosity and water contact angles on the PTHCs before and after the
enzymatic hydrolysis test.

Sample Intrinsic viscosity (IV) Water contact angles (�)

Before enzymatic
hydrolysis test

After enzymatic
hydrolysis test

Before enzymatic
hydrolysis test

After enzymatic
hydrolysis test

PBS 1.00 0.98 85.6 (1.0) 77.8 (0.7)
TS05 1.02 0.86 78.8 (0.6) 73.4 (1.5)
TS10 0.98 0.74 76.9 (1.2) 70.3 (2.1)
TS20 0.97 0.71 75.4 (1.8) 68.1 (2.3)

Values in parentheses are standard deviations (n ¼ 5).
affected the enzymatic hydrolysis under the control of other vari-
ables. Fig. 8 shows the change in crystallinity values for all samples
before and after the enzymatic hydrolyzed test. In the case of Homo
PBS, no apparent change was seen in the values of crystallinity
Fig. 6. Weight loss versus hydrolysis time for Homo PBS and PTHC samples during
enzymatic hydrolysis at pH 7.4 and 37.5 �C.



Fig. 7. SEM micrographs of surfaces for (a) Homo PBS, (b) TS10, (c) TS20, and (d) TS20 (magnification) before the enzymatic hydrolysis test and (e) Homo PBS, (f) TS10, and (g) TS20
after the enzymatic hydrolysis test.
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before and after enzymatic hydrolysis, with the enzyme primarily
attacking the amorphous surface area [51,52]. On the other hand,
before the hydrolysis test, the degree of crystallinity of TS10 and
TS20 was the same (47%) as that of Homo PBS. After enzymatic
hydrolysis, the degree of crystallinity gradually increased with the
increase in TS-1 zeolite content (Fig. 8(b) and (c); 51.2% and 53.5%,
respectively). Thus, TS20 showed the greatest weight loss in
enzymatic hydrolysis among the samples. In general, studies have
reported that enzymes attach to the surface of films and prefer-
entially hydrolyze amorphous areas of the surface [49e52].
Because the surface morphological images in SEM micrographs
showed no apparent difference between Homo PBS and TS20,



Fig. 8. WAXD pattern of (a) Homo PBS, (b) TS10, and (c) TS20 before and after the
enzymatic hydrolysis test.

Fig. 9. DSC curves and heat of fusion for Homo PBS, TS10, and TS20 before (a) and after
(b) the enzymatic hydrolysis test.
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surface erosion alone apparently does not explain the reason for the
significantly decreased amorphous regions in the TS20. This result
may be reasonably interpreted if we consider that TS-1 zeolite can
act as a substrate for enzyme loadings, resulting in increased
activity in enzymatic degradability to the amorphous phase of the
film inside [29].

The IV measurement and DSC experiment were performed to
investigate the change in molecular weight before and after the
enzymatic hydrolysis test (Table 2; Fig. 9). The IV of Homo PBS before
enzymatic hydrolysis was similar to that after enzymatic hydrolysis,
showing that the molecular weights did not greatly change because
it was hydrolyzed on the amorphous surface only. However, as
shown in Table 2, the IV of PTHC decreased significantly as the TS-1
zeolite content increased, indicating that molecular weights were
significantly reduced by enzymatic hydrolysis. The DSC thermogram
also supports the above IV explanation (Fig. 9). Fig. 9 shows the
second heating thermogram of Homo PBS, TS10, and TS20 before
and after the enzymatic hydrolysis test. In the case before the
enzymatic hydrolysis in Fig. 9(a), themelting point andheat of fusion
for all samples showed similar values. However, after the enzymatic
hydrolysis (Fig. 9(a)), Homo PBS showed a largely unchanged heat of
fusion (72 J/g) and thermogram curve as compared to before the
enzymatic hydrolysis. On the other hand, the thermogram curve for
TS10 and TS20 shows a hollow curve and increased heat of fusion
with increased TS-1 zeolite content (78 J/g and 81 J/g, respectively).
This result demonstrates that the TS-1 zeolite has a great effect in
decreasing molecular weight caused by an increase in the activity of
enzymatic degradability into the amorphous phase of the film’s
interior. After considering all factors of the enzymatic hydrolysis test,
SEMmorphology, IV value test, and DSC thermograms, we conclude
that the TS-1 zeolite can be used as a carrier for enzyme loading due
to its high desorption capacity and that high enzyme activities
significantly affected enzymatic hydrolysis, resulting in a decrease in
molecularweight. The typical enzymatic hydrolysis process for PTHC
that TS-1 zeolite functions as enzyme carrier is schematically illus-
trated in Fig. 10.



Fig. 10. Schematic representation of enzymatic hydrolysis process for PTHC.
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4. Conclusions

Multifunctional biodegradable hybrid material was synthesized
by TS-1 zeolite as heavy metal-free catalyst. This study investigated
how water uptake features and carrier characteristics of TS-1
zeolite have effects on the physical and rheological properties,
morphological parameters, and the enzymatic hydrolysis of PTHCs.
The physical properties of PTHC films were significantly increased
by the TS-1 zeolite frame acting as a reinforcement filler in the solid
state. On the other hand, the water volatilization, released from TS-
1 zeolite pores, induced a decrease in the complex viscosity for
PTHCs in the melt state. The enzymatic hydrolysis rates of PTHCs
were gradually accelerated with increasing TS-1 zeolite contents,
which can act as substrate for enzyme loading; the resulting
enzymatic hydrolysis occurs from amorphous areas on the surface
to those in the interior of the film. Due to the unique characteristics
of PTHC, we conclude that PTHC holds potential promise as
a material for environmentally sensitive applications, such as
packaging materials, and in the agricultural and biomedical fields,
which require high physical properties, a high biodegradation rate,
and easy processing.
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A series of random and alternating carbazole/fluorene copolymers with various dimesitylboron-contain-
ing carbazole derivative contents were synthesized by Suzuki polymerization for use as a light-emitting
layer in blue light-emitting diodes. Two carbazole derivatives, CzPhB and CzPhThB consisted of a carbazoyl
group as the donor and a dimesitylboron group as the acceptor group, separated by phenyl and phenyl-
thiophene groups p-conjugated systems, respectively. The copolymers exhibited good thermal stability
and blue emission in both solution and the solid state. Moreover, the CzPhB/fluorene and CzPhThB/fluo-
rene copolymers exhibited a higher PL quantum efficiency than the fluorene-based homopolymer (POF).
Higher brightness and larger current efficiency were observed for the CzPhB/fluorene and CzPhThB/flu-
orene copolymer-based devices compared to the POF-based device. Additionally, the CzPhThB/fluorene
copolymer-based devices had better EL performances than the CzPhB/fluorene copolymer-based devices.
The turn-on voltage, maximal brightness, and highest luminescence efficiency of the carbazole/fluorene
copolymer-based devices were found to be 4.5e8.5 V, 436 cd/m2, and 0.51 cd/A, respectively.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

In the past decades, polymer light-emitting diodes (PLEDs) have
received attention because of their applications in full-color flat
panel displays and solid state lighting sources [1,2]. PLEDs have
a number of advantages over inorganic or organic small molecule-
based light-emitting diodes, including easy processing, low oper-
ating voltages, low cost fabrication, and high flexibility [3]. For
a full-color display, the need to develop more stable and highly
efficient three primary color (red, green, and blue) emitters is
important for allowing PLEDs to become commercial products [4].
Of particular interest are blue light-emitting materials, which can
serve as either blue light sources in a full-color display or as host
materials for lower energy fluorescent or phosphorescent dyes
[5e8]. Therefore, developing stable blue EL materials with high
efficiency and excellent Commission Internationale de L’Enclairage
(CIE) coordinates (y-coordinate value < 0.15) is essential to real-
izing such applications.
x: þ886 4 22854734.
ee), rjjeng@dragon.nchu.edu.

All rights reserved.
Conjugated polyfluorenes (PFs) have evolved to be the most
promising candidates for blue-emitting materials for PLEDs
because of their highly efficient blue emission in photo-
luminescence (PL) and electroluminescence (EL), excellent thermal
and chemical stability, and good solubility in common organic
solvents [9e13]. However, an undesired emission appearing in the
long-wavelength division (from 500 to 600 nm) of the emission
spectra of PF homopolymers not only hampers the EL efficiency,
but impairs the color purity. Either the formation of aggregates/
excimers or degradation of the polymers during operation of the
PF-based PLEDs has been proposed as the source of this problem
[14e16]. The long-wavelength emission could be curtailed by
introducing bulky substituents or long alkyl chains at the C-9
position of the fluorene unit through copolymerization with
appropriate co-monomers or the attachment of bulky end-capping
groups, among others [17e24]. Additionally, most PF-type poly-
mers with low highest occupied molecular orbital (HOMO) levels
have a high energy barrier to hole-injection from the anode,
resulting in imbalanced charge mobility and subsequent low
quantum efficiency [25,26]. Chemical structure modification of PFs
by incorporating electron-donor moieties, such as triarylamine,
carbazole, and thiophene groups, seems to improve the deficiency
in hole-injection properties [20,27,28]. It is well-known that
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attaching a carbazole moiety to the molecular scaffold can signifi-
cantly enhance the thermal stability and HOMO energy level of
light-emitting polymers (LEPs). Moreover, the 3-, 6- or 9-position of
the carbazole moiety can be easily functionalized, and thus the
photo-physical properties of the polymers can be tuned [29e32].
N-arylated carbazoles, in which a phenyl or napthyl group is
attached at the 9-position of the carbazole, have shown excellent
thermal stability and good electro-optical properties in small-
molecule OLEDs [33]. As far as the conjugated polymer is con-
cerned, the imbalanced transport properties between the holes and
electrons are another crucial factor deciding the efficiency of PLEDs.
Due the poor electron-mobility of LEPs, the attachment of electron-
deficient groups (such as pyridine, benzothiadiazole, quinoxalines,
and oxadiazole, etc.) onto a polymer chain has proven to be an
effective methodology to promote its electron transport capabil-
ities [34e37]. Several studies have also demonstrated that borane-
derivatives are potential luminescent and electron-transporting
materials [38e40]. The air and moisture stabilities of electron-
deficient arylboranes can be improved by incorporating the non-
coplanar dimesityl group into themolecules [41e43]. Moreover, the
non-coplanar structure of dimesitylborane could hinder the
molecular close packing in the solid state. A stable amorphous film
was formed for a dimesitylborane moiety containing carbazole
derivative [40]. Although arylborane-containing fluorophores
have been successfully developed as light emitters, only a few
arylborane moieties containing LEPs have been proposed for PLED
applications [44e47]. Chujo et al. synthesized a series of alternating
copolymers by the hydroboration polymerization of aromatic
diynes and mesitylborane [44]. Blue emission was observed for the
copolymers in dilute solution state. The copolymers containing
boron atoms in the main-chains are expected to act as electron-
deficient p-conjugated systems, where p-conjugation length is
extended via the vacant p-orbital of the boron atom [44]. However,
the EL properties of the main chain organoboron polymer-based
emitting layers have not been investigated. In addition, Yamaguchi
and coworkers reported a series of highly emissive dibor-
ylphenylene containing poly(arylenethyynylene)s [45,46]. The
presence of bulky diarylboryl substituents not only acts as a good
electron-accepting unit, but also prevents the interaction and
aggregation between the polymer backbones. However, these poly
(arylenethyynylene)s exhibited sky-blue to green emission as thin
films due to the strongly intramolecular charge transfer (ICT)
transition from the p-conjugated backbone to the dibor-
ylphenylene unit. EL properties of the poly(arylenethyynylene)s
were not discussed even through the fact that highly absolute
quantum yields were observed for these polymer-based thin films
[46]. More recently, two N-p-(diarylboryl)phenyl-substituted pol-
ycarbazoles were reported by Lambert et al. [47]. Although the
authors demonstrated a light-emitting device based on N-p-(dia-
rylboryl)phenyl-substituted 3,6-linked polycarbazoles, but only the
EL spectrum was shown in the literature.

Base on the above, highly blue emissive conjugated polymers
could be obtained by the incorporation of the electron-deficient
arylborane unit into the conjugated polymers [44e47]. It is
important to note that EL properties have never been discussed for
these arylborane unit containing conjugated polymers. In addition
to the bipolar structure in the polymer, the conjugation length in
both side-chainmoiety and polymer backbone should be taken into
account for pursuing a polymer-based device with excellent EL
performances. In this study, a series of random and alternating
carbazole/fluorene copolymers with various contents of dimesi-
tylboron-containing carbazole derivatives were designed and
synthesized for use as blue emitters in PLEDs because the bipolar
carbazole-p-dimesitylboron unit exhibits a high PL quantum effi-
ciency in both solution and the solid state [40]. Two carbazole
derivatives, CzPhB and CzPhThB consisted of a carbazoyl group as
the donor and a dimesitylboron group as the acceptor group,
separated by phenyl and phenyl-thiophene groups p-conjugated
systems, respectively. Incorporating the bipolar carbazole deriva-
tive as the pendant of the conjugated polymer was favorable for
improvement of the charge-injection/transporting characteristics
of the PF. Excellent EL properties were expected for these carbazole/
fluorene copolymer-based PLEDs. The thermal stability, electro-
chemical properties, photo-physical behavior, and EL performances
of the carbazole/fluorene copolymer-based devices are discussed in
detail as the chemical structures and carbazole derivative content
of the copolymers are taken into account.

2. Experimental

2.1. Materials

All reactions and manipulations were performed in a nitrogen
atmosphere using standard Schlenk techniques. All chromato-
graphic separations were carried out on silica gel. 9H-carbazole,
1,4-dibromobenzene, N-bromosuccinimide (NBS), copper powder
and 18-crown-6 were purchased from Acros Co. Potassium
carbonate (K2CO3) was bought from Fisher Scientific. Tetrakis-
triphenylphosphine palladium(0) [Pd(PPh3)4] was purchased from
Strem Chemicals. 2.7-Dibromo-9,9-dioctylfluorene (compound 3),
n-butyl lithium and dimesitylboron fluoride were obtained from
Aldrich Co. o-Dichlorobenzene (DCB) was bought from TEDIA.
Tetrahydrofuran (THF) and toluene were purified by distillation
from sodium in the presence of benzophenone. Detailed synthetic
procedures for the carbazole derivatives (CzPhB and CzPhThB) and
carbazole/fluorene copolymers are report hereafter and are shown
in Schemes 1 and 2.

2.2. Synthesis of monomers

2.2.1. Synthesis of 9-(4-bromophenyl)-9H-carbazole (compound 1)
[48]

A stirred mixture of 9H-carbazole (5.02 g, 30 mmol), 1,4-dibro-
mobenzene (14.13 g, 60 mmol), K2CO3 (16.56 g, 120 mmol), Cu
powder (1.94 g, 30 mmol) and 18-crown-6 (3.71 g, 15 mmol) in DCB
(120 ml) was degassed with nitrogen for 1 h. The reaction mixture
was then refluxed under a nitrogen atmosphere for 16 h. The crude
mixture was filtered, and the residue was washed with dichloro-
methane. The combined filtrates were then evaporated to dryness.
The product was purified by flash column chromatography (silica
gel, hexane) to give compound 1 (7.0 g, yield¼ 73%) as awhite solid.
1H NMR (600 MHz, CDCl3): d [ppm]: 7.26e7.31 (m, 2H), 7.35e7.38
(m, 3H), 7.40e7.45 (m, 3H), 7.72 (d, J¼ 8.7 Hz, 2H), 8.13 (d, J¼ 7.8 Hz,
2H). 13C NMR (75 MHz, CDCl3): d [ppm]: 109.53, 120.20, 120.37,
120.87, 123.47, 126.07, 128.71, 133.10, 136.79, 140.60. HRMS (m/z):
calcd for C18H12BrN: 321.0153. Found: 321.0162. Anal. calcd for
C18H12BrN: C, 67.10; H, 3.75; N, 4.35. Found: C, 67.45; H, 3.73; N, 4.21.

2.2.2. Synthesis of 9-(4-(thiophen-2-yl)phenyl)-9H-carbazole
(compound 2)

50mLof anhydrous toluenewas added to amixture of compound
1 (3.22 g, 10 mmol) and 2-thiopheneboronic acid (2.77 g, 10 mmol).
After 10 mL of 2 M aqueous K2CO3 was added to the stirred mixture,
the reaction mixture was degassed with nitrogen for 1 h. Then Pd
(PPh3)4 (0.03 g, 0.05 mmol) was added to the mixture. The solution
was further refluxed under a nitrogen atmosphere for 48 h. After the
reaction solution was cooled to room temperature, the whole
mixture was poured into water, and the organic layer was separated
andwashedwithwater. The organic extracts were dried overMgSO4
and concentrated by rotary evaporation. After the solvent was
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evaporated, the crude product was further purified by column
chromatography on silica gel using hexane as the eluent to yield
compound 2 (2.34 g, yield¼ 72%) as awhite solid. 1HNMR (600MHz,
CDCl3): d [ppm]: 7.12 (t, J¼ 3.9 Hz,1H), 7.28e7.35 (m, 3H), 7.39e7.44
(m, 5H), 7.56 (d, J ¼ 8.4 Hz, 2H), 7.70 (d, J ¼ 8.7 Hz, 2H), 8.14
(d, J¼ 7.8 Hz, 2H). 13C NMR (75MHz, CDCl3): d [ppm]: 109.76,120.01,
120.31, 123.42, 123.57, 125.30, 125.97, 127.22, 127.41, 128.22, 133.51,
136.77, 140.74, 143.39. HRMS (m/z): calcd for C22H15NS: 325.0925.
Scheme 2. Synthetic routes of the c
Found: 325.0923. Anal. calcd for C22H15NS: C, 81.20; H, 4.65; N, 4.30.
Found: C, 81.25; H, 4.30; N, 4.28.

2.2.3. Synthesis of 9-(4-(dimesitylboryl)phenyl)-9H-carbazole
(compound 3)

Under a nitrogen atmosphere, n-butyl lithium (4.4 ml, 11 mmol,
2.5 M in hexane) was added to a solution of compound 1
(3.2 g, 10 mmol) in dry THF (50 mL) at �78 �C. After 1 h of stirring,
arbazole/fluorene copolymers.
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dimesitylboron fluoride (3.0 g, 11 mmol) in 15 mL of THF was
added slowly to the reaction mixture, which was stirred for
a further 12 h. The reaction mixture was then cooled to room
temperature and quenched with 2 N HCl. The solution was
extracted with ethyl acetate and the organic layer was dried over
MgSO4, filtered, and evaporated to yield a crude solid. The crude
product was purified by column chromatography to afford a white
solid of compound 3 (3.42 g, yield ¼ 70%). 1H NMR (600 MHz,
CDCl3): d [ppm]: 2.08 (s, 12H), 2.31 (s, 6H), 6.85 (s, 4H), 7.28
(t, J ¼ 8.1 Hz, 2H), 7.40 (t, J ¼ 8.1 Hz, 2H), 7.49 (d, J ¼ 7.8 Hz, 2H),
7.56 (d, J ¼ 8.4 Hz, 2H), 7.73 (d, J ¼ 8.1 Hz, 2H), 8.12 (d, J ¼ 7.2
Hz, 2H). 13C NMR (75 MHz, CDCl3): d [ppm]: 21.24, 23.51, 109.94,
120.22, 120.34, 123.66, 125.89, 125.98, 126.89, 127.2, 128.309,
137.95, 138.89, 140.37, 140.83. FABMS (m/z): calcd for C36H34BN:
491.2784. Found: 491.2786. Anal. calcd for C36H34BN: C, 87.98; H,
6.97; N, 2.85. Found: C, 87.57; H, 7.11; N, 2.38.

2.2.4. Synthesis of 9-(4-(5-(dimesitylboryl)thiophen-2-yl)phenyl)-
9H-carbazole (compound 4)

Compound 2 (3.25 g, 10 mmol), n-butyl lithium (4.4 mL,
11 mmol, 2.5 M in hexane) and dimesitylboron fluoride (3.0 g,
11 mmol) were allowed to react according to the procedure for
compound 3. A pale yellow solid of compound 4 was obtained
(3.44 g, Yield ¼ 60%). 1H NMR (600 MHz, CDCl3): d [ppm]: 8.15
(d, J ¼ 7.8 Hz, 2H), 7.90 (d, J ¼ 8.7 Hz, 2H), 7.54e7.59 (m, 3H),
7.47e7.49 (m, 5H), 7.41e7.45 (m, 2H), 6.86 (s, 4H), 2.32 (s, 6H), 2.18
(s, 12H). 13C NMR (75 MHz, CDCl3): d [ppm]: 21.23, 23.48, 109.73,
120.12, 120.34, 123.49, 125.75, 126.01, 127.32, 127.52, 128.20, 133.11,
137.66, 138.61, 140.62, 140.86, 141.70, 155.73. HRMS (m/z): calcd for
C40H36BNS: 573.2662. Found: 573.2658. Anal. calcd for C40H36BNS:
C, 83.76; H, 6.33; N, 2.44. Found: C, 83.59; H, 6.77; N, 2.07.

2.2.5. Synthesis of 3,6-dibromo-9-(4-(dimesitylboryl)phenyl)-9H-
carbazole (compound 5, CzPhB)

N-Bromosuccinimide (3.92 g, 22 mmol) was added portionwise
to a solution of compound 3 (4.91 g, 10.00 mmol) in THF (80 mL).
The mixture was stirred at room temperature under a nitrogen
atmosphere for 16 h. The whole mixture was then poured into
water, and the organic layer was separated and washed with water.
The organic extracts were dried over anhydrous Na2SO4, filtered,
and evaporated to yield a crude solid. The crude product was
further purified by column chromatography using silica gel and
eluting with hexane to afford a white solid, compound 5 (4.01 g,
yield¼ 62%). 1H NMR (600MHz, CDCl3): d [ppm]: 2.08 (s, 12H), 2.32
(s, 6H), 6.86 (s, 4H), 7.32 (d, J ¼ 9.0 Hz, 2H), 7.31e7.48 (m, 4H), 7.74
(d, J ¼ 8.4 Hz, 2H), 8.15 (s, 2H). 13C NMR (75 MHz, CDCl3): d [ppm]:
21.26, 23.53, 111.65, 113.32, 123.24, 124.18, 125.70, 128.34, 129.42,
138.02, 139.04, 139.33, 140.78.FABMS (m/z): calcd for C36H32BBr2N:
647.0995. Found: 647.1002. Anal. calcd for C36H32BBr2N: C, 66.60; H,
4.97; N, 2.16. Found: C, 66.48; H, 5.17; N, 1.92.

2.2.6. Synthesis of 3,6-dibromo-9-(4-(5-(dimesitylboryl)thiophen-
2-yl)phenyl)-9H-carbazole (compound 6, CzPhThB)

N-Bromosuccinimide (3.92 g, 22.0 mmol) and compound
4 (5.73 g, 10.0 mmol) were allowed to react according to the
procedure for compound 5. A pale yellow solid, compound
6 (CzPhThB) was obtained (4.08 g, Yield ¼ 56%). 1H NMR (600 MHz,
CDCl3): d [ppm]: 2.17 (s, 12H), 2.32 (s, 6H), 6.86 (s, 4H), 7.24
(d, J ¼ 8.7 Hz, 2H), 7.44e7.48 (m, 4H), 7.50e7.54 (m, 3H), 7.86
(d, J¼ 8.4 Hz, 2H), 8.16 (d, J¼ 1.8 Hz, 2H). 13C NMR (75MHz, CDCl3):
d [ppm]: 21.24, 23.48, 111.42, 113.25, 123.24, 124.01, 125.95, 127.16,
127.68, 128.22, 129.47, 133.79, 136.55, 138.67, 139.57, 140.83, 141.05,
141.64, 150.29, 155.18. FABMS (m/z): calcd for C40H34BBr2NS:
729.0872. Found: 729.0887. Anal. calcd for C40H34BBr2NS: C, 65.69;
H, 4.69; N, 1.92. Found: C, 65.63; H, 5.08; N, 1.39.
2.3. Synthesis of carbazole/fluorene copolymers

2.3.1. Synthesis of PFCzPhB10
As shown in Scheme 2, the carbazole/fluorene copolymers were

prepared via the standard Suzuki polycondensation reaction, as
previously reported [49]. A stirred mixture of compound 5 (0.13 g,
0.2 mmol), compound 7 (0.44, 0.8 mmol), compound 8 (0.64 g,
1mmol), Pd(PPh3)4 (0.035 g, 3mol %), an aqueous solution of K2CO3
(2 M, 12 mL), and anhydrous toluene (30 mL) was degassed with
nitrogen for 1 h. The mixture was heated to 90 �C and stirred under
a nitrogen atmosphere for 48 h. After cooling to room temperature,
the whole mixture was poured into methanol, and the precipitated
polymer was filtered out. The crude product was then dissolved in
a small amount of THF and precipitated several times with meth-
anol. The polymer was further purified by a Soxhlet extraction in
acetone for 24 h. A pale yellow solid product PFCzPhB10 was
obtained in 61% yield (0.49 g). 1H NMR (600 MHz, CDCl3): d [ppm]:
0.78e0.86 (br, 54H), 0.90e1.35 (br, 216H), 2.06e2.18 (br, 48H), 2.34
(s, 6H), 6.88 (s, 4H), 7.58e7.90 (m, 62H), 8.35e8.52 (br, 2H). Anal.
Found (%) for PFCzPhB10 [(C36H32NB)0.1(C29H40)0.9]: C, 89.55;
H, 9.85; N, 0.35. Found: C, 88.99; H, 10.84; N, 0.38.

2.3.2. Synthesis of PFCzPhB30
With the same procedure as that described for the synthesis of

copolymer PFCzPhB10, compound 5 (0.39 g, 0.6 mmol), compound
7 (0.22 g, 0.4 mmol) and compound 8 (0.64 g, 1 mmol) were used to
prepare copolymer PFCzPhB30. A pale yellow solid was obtained in
63% yield (0.53 g). 1H NMR (600 MHz, CDCl3): d [ppm]: 0.60e0.86
(br, 14H), 0.90e1.30 (br, 56H), 2.05e2.15 (br, 21H), 2.34 (s, 6H), 6.86
(s, 4H), 7.47e7.98 (br, 22H), 8.35e8.52 (br, 2H). Anal. Found (%) for
PFCzPhB30 [(C36H32NB)0.3(C29H40)0.7]: C, 89.3; H, 9.0; N, 1.0. Found:
C, 88.5; H, 9.56; N, 0.12.

2.3.3. Synthesis of PFCzPhB50
With the same procedure as that described for the synthesis of

copolymer PFCzPhB10, compound5 (0.65 g,1mmol) and compound
8 (0.64 g, 1 mmol) were used to prepare copolymer PFCzPhB50. The
PFCzPhB50 polymerwas obtained as a pale yellow solid after drying
under vacuum at 60 �C overnight (0.45 g, yield ¼ 51%). 1H NMR
(600 MHz, CDCl3): d [ppm]: 0.74e0.88 (br, 6H), 1.0e1.2 (br, 24H),
1.80e2.10 (br, 16H), 2.31e2.40 (d, 6H), 6.86 (s, 4H), 7.50e8.10
(m, 14H), 8.50e8.62 (br, 2H). Anal. Found (%) for PFCzPhB50
[C65H72NB]: C, 88.96; H, 8.2; N, 1.6. Found: C, 88.12; H, 9.52; N, 1.48.

2.3.4. Synthesis of PFCzPhThB10
With the same procedure as that described for the synthesis of

copolymer PFCzPhB10, compound 6 (0.15 g, 0.2 mmol), compound 7
(0.44 g, 0.8 mmol) and compound 8 (0.64 g, 1 mmol) were used to
prepare copolymerPFCzPhThB10.Apaleyellowsolidwasobtained in
66% yield (0.54 g).1HNMR (600MHz, CDCl3): d [ppm]: 0.77e0.88 (br,
54H), 0.95e1.27 (br, 216H), 2.05e2.18 (br, 48H), 2.38 (s, 6H), 6.83
(s, 4H), 7.31e7.48 (m, 2H), 7.57e7.88 (m, 62H), 8.30e8.60 (d, 2H).
Anal. Found (%) for PFCzPhThB10 [(C40H34NBS)0.1(C29H40)0.9]:
C, 88.92; H, 9.70; N, 0.34; S, 0.79. Found: C, 88.17; H, 9.69; N, 0.30;
S, 0.74.

2.3.5. Synthesis of PFCzPhThB30
With the same procedure as that described for the synthesis of

copolymer PFCzPhB10, compound6 (0.44 g, 0.6mmol), compound7
(0.22 g, 0.4 mmol) and compound 8 (0.64 g, 1 mmol) were used to
prepare copolymer PFCzPhThB30. A pale yellow solid was obtained
in 65% yield (0.58 g). 1H NMR (600MHz, CDCl3): d [ppm]: 0.60e0.92
(br, 14H), 0.95e1.20 (br, 56H), 1.80e2.18 (br, 21H), 2.36 (s, 6H), 6.82
(s, 4H), 7.34e7.50 (m, 2H), 7.55e7.97 (m, 22H), 8.30e8.60 (br, 2H).
Anal. Found (%) for PFCzPhThB30 [(C40H34NBS)0.3(C29H40)0.7]:
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C, 87.53; H, 8.63; N, 0.95; S, 0.72. Found: C, 87.45; H, 8.60; N, 0.89; S,
0.68.

2.3.6. Synthesis of PFCzPhThB50
With the same procedure as that described for the synthesis of

copolymer PFCzPhB10, compound 6 (0.73 g,1mmol) and compound
8 (0.64 g, 1 mmol) were used to prepare copolymer PFCzPhThB50.
A pale yellow solid was obtained in 44% yield (0.42 g). 1H NMR
(600 MHz, CDCl3): d [ppm]: 0.60e0.92 (br, 6H), 0.92e1.25 (br, 24H),
1.80e2.10 (br, 16H), 2.25e2.38 (br, 6H), 6.82 (s, 4H), 7.34e7.50 (br,
2H), 7.50e7.98 (m, 14H), 8.30e8.60 (br, 2H). Anal. Found (%) for
PFCzPhThB50 [C69H74NBS]: C, 86.36; H, 7.72; N,1.46; S, 0.34. Found:
C, 86.31; H, 7.94; N, 1.36; S, 0.32.

2.4. Instruments

1H NMR spectra were recorded on a Bruker AMX-600 MHz spec-
trometer, and elemental analysis was carried out on an elemental
analyzer (Elementar Vario EL III). Mass spectra were carried out on
a Finnigan/Thermo Quest MAT mass spectrometer. Gel permeation
chromatography (GPC) measurements were performed on a Waters
chromatograph (Waters 1515 plus Autosampler) using two Waters
Styragel linear columnswithpolystyreneas a standard andTHFas the
eluent. Glass transition temperatures (Tgs) were measured by differ-
ential scanning calorimetry (TechMax Instruments DSC 6220) in
a nitrogen atmosphere at a heating rate of 10 �C/min. Thermo-
gravimetric analysis (TGA) of the polymers was measured under
a nitrogen atmosphere at a heating rate of 20 �C/min by using
a Thermo-gravimetric analyzer (VersaTherm thermo-gravimetric
analyzer). The UVevis absorption and PL spectra were recorded on
a Shimadzu UV-1240 spectrophotometer and an Acton Research
Spectra Pro-150 spectrometer, respectively. Cyclic voltammetric (CV)
measurements were conducted on a CHI model611D with the use of
a three-electrode cell, in which an ITO sheet, a platinum wire and
silver/silver nitrate (Ag/Agþ) were used as the working electrode,
counter electrode and reference electrode, respectively. All electro-
chemical experiments were performed in deoxygenated acetonitrile
(CH3CN) solution with 0.1 M tetrabutylammonium perchlorate
(Bu4NCl6) as the electrolyte.

2.5. EL device fabrication and electro-optical characterization

The PLED structure in this studywas ITO glass/hole-transporting
material (HTM)/copolymer/TPBI/LiF/Al. The ITO-coated glass, with
a sheet resistance of 8 U/sq, was purchased from Applied Film Corp.
Glass substrates with patterned ITO electrodes were washed well
and cleaned with an O2 plasma treatment. A thin film (60 nm) of
HTM poly(3,4-ethylenedioxythiophene) doped with poly(styr-
enesulfonate) (PEDOT:PSS, CH8000, Bayer) was formed on the ITO
layer of a glass substrate by the spin-casting method and dried at
130 �C for 1 h. Light-emitting layers were then spin-coated
(1500 rpm) from the LEP solutions (10 mg/mL) onto the HTM layer
and dried at 80 �C for 1 h in a glove box. LEP solutions were
prepared with 1,2-dichloroethane (DCE). The hole-blocking and
electron-transporting material, TPBI, was evaporated to a thickness
of 30 nm in a vacuum chamber. Finally, a thin LiF (1 nm) cathode
was thermally deposited onto the light-emitting layer, followed by
the deposition of Al (120 nm) metal as the top layer, in a high-
vacuum chamber. After the electrode deposition, the PLED was
transferred from the evaporation chamber to a glove box purged
with high-purity nitrogen gas to keep oxygen and moisture levels
below 1 ppm. The device was then encapsulated with glass covers
sealed with UV-cured epoxy glue in the glove box. The deposition
rate of the cathode was operated with a quartz thickness monitor
(FU-12CR). The EL spectra, luminescence, and current-voltage
characteristics of the devices were measured on a programmable
electrometer with current and voltage sources (Keithley 2400) and
a Newport Optics 1835C luminance spectrophotometer.

3. Results and discussion

3.1. Synthesis and Characterization

Scheme 1 illustrates the synthetic routes of the monomer and
carbazole/fluorene copolymers. Compound 1 was synthesized from
carbazole and 1,4-dibromobenzene through an Ullmann coupling
reaction [48] and then further reacted with thiophen-2-ylboronic
acid via Suzuki coupling to obtain compound 2. Compound 1 and
compound 2 were then further reacted with n-BuLi in THF at
�78 �C, followed by the addition of dimesitylboron fluoride to give
compounds 3 and 4, respectively. Compounds 5 (CzPhB) and 6
(CzPhThB) were obtained through bromination at the 3- and 6-
positions of carbazole compounds 3 and 4 with NBS in THF at room
temperature, respectively. A series of CzPhB/fluorene and CzPhThB/
fluorene copolymers (PFCzPhB and PFCzPhThB) were synthesized
via Suzuki coupling reaction of the appropriate diboronates and
dibromo compounds in toluene at 90 �C for 48 h in the presence of
Pd(PPh3)4 and 2 M K2CO3. The chemical structures of the conju-
gated polymers were verified by 1H NMR spectroscopy, and the
spectra of PFCzPhB50 and PFCzPhThB50 are shown in Fig. 1. The
signals in the ranges of 0.79e2.27 ppmwere assigned to the dihexyl
chains, whereas the peaks at 6.38e8.52 ppmwere attributed to the
protons of the fluorene and carbazole rings. The absorption peak of
proton i was observed at 2.2e2.4 ppm, which corresponds to the
protons of methyl groups in the dimesitylboryl moiety. The char-
acteristic peak at around 0.6e0.9 ppm was assigned to the protons
of the methyl group in dihexyl chains of the fluorene unit.
According to the 1H NMR spectrum of PFCzPhB50, the integral
values of protons i and a are about 8.13 and 8.43, respectively. This
demonstrates that the molar percentage of the CzPhB unit was
about 50% for PFCzPhB50. In the case of PFCzPhThB50, the
integration values of peaks i and a are about 7.82 and 7.53,
respectively, meaning the amount of the CzPhThB unit was about
50% for PFCzPhThB50. The molar ratio of the carbazole derivative
and 9,9-dioctylfluorene in the copolymers according to 1H NMR
are summarized in Table 1. The chemical shifts and relative inten-
sities of the signals are in agreement with the proposed structures
for the carbazole/fluorene copolymers. The molar ratio of the
carbazole derivative and 9,9-dioctylfluorene in the copolymers
according to 1H NMR are summarized in Table 1. The chemical
shifts and relative intensities of the signals are in agreement with
the proposed structures for the carbazole/fluorene copolymers.

The number- and weight-average molecular weights (Mn and
Mw) of the carbazole/fluorene copolymers are summarized in Table
2. The Mn and Mw of copolymers PFCzPhB10-PFCzPhB50 were in
the range of 11.7e16.3 and 26.3e38.5 kg/mol, respectively, while
the Mn of the poly(9,9-dioctylfluorene) (POF) was 19.2 kg/mol and
the Mw for POF was 38.1 kg/mol. For copolymers PFCzPhThB10-
PFCzPhThB50, the Mn and Mw were in the range of 8.4e14.6 and
18.2e36.5 kg/mol, respectively. Generally, the thermal stability of
conjugated polymers plays an important role in the operating
stability of a PLED. Operational lifetime of a PLED is directly related
to the thermal stability of the LEP. Therefore, high Tg and Td are
important requisites for application of an LEP in outdoor displays.
TGA and DSC thermograms of the copolymers are shown in Fig. 2.
The temperatures at which five percent weight loss occurred for the
copolymers are summarized in Table 1. The Tds of PFCzPhB10-
PFCzPhB50 were found to be approximately 408e412 �C, while the
copolymers PFCzPhThB10-PFCzPhThB50 had a Tds in the range of
340e425 �C. Thermal stability is affected by the molecular weight



Fig. 1. 1H NMR spectra of (a) PFCzPhB50 and (b) PFCzPhThB50.
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and the chemical structure of the conjugated polymer backbone.
The conjugated polymers with low molecular weight possess low
thermal stability. For example, PFCzPhThB50 has the lowest
molecular weight and showed the lowest Td of all of the polymers.
The Tg of the POF was about 100 �C, while the Tgs values of CzPhB/
fluorene copolymers were around 83e92 �C. For the CzPhThB/flu-
orene copolymers, the Tgs values were in the range of 105e117 �C.
The results indicated that the CzPhThB/fluorene copolymers
showed a slightly higher Tg than the CzPhB/fluorene copolymers.
This can presumably be attributed to the more rigid molecular
segment of the CzPhThB/fluorene copolymers compared to those of
the CzPhB/fluorene copolymers. In addition, the solubilities of the
conjugated polymers in organic solvents are summarized in Table 2.
The carbazole/fluorene copolymers were completely soluble in
most organic solvent at room temperature, including toluene, THF,
DCE, chloroform (CHCl3), and chlorobenzene (CB). However, the
copolymers were only partially soluble in 1,4-dioxane and
dimethylacetamide at room temperature, but completely soluble
after a mild heating procedure.

3.2. Photo-physical properties

UVevis absorption and PL spectra of the carbazole/fluorene
copolymers in DCE (1 �10�5 M) solution and thin films are shown
in Fig. 3. The photo-physical properties of the copolymers are
itemized in Table 3. All polymers exhibited only a distinct absorp-
tion band, which was attributed to the pep* electronic transition
of the conjugated polymer backbones. In dilute DCE solution, the
absorption maximum wavelengths (lmax) of the PFCzPhB10,
PFCzPhB30, and PFCzPhB50 were 376, 365 and 344 nm, respec-
tively, while PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50 were
located at 378, 366, and 356 nm, respectively. Notably, with an
increase of carbazole-p-boron units in the polymer main chain, the
absorbance spectra of CzPhB/fluorene and the CzPhThB/fluorene



Table 1
Compositions, molecular weights, and thermal properties of the carbazole/fluorene
copolymers.

Copolymers Cz-p-B
unit (%)a

Cz-p-B
unit (%)b

Mn

(�103)
Mw

(�103)
PDI
(Mn/Mw)

Td
(�C)

Tg
(�C)

POF e e 19.2 38.1 1.98 432 100
PFCzPhB10 10 12 16.3 38.5 2.36 408 92
PFCzPhB30 30 29 12.0 26.3 2.19 412 83
PFCzPhB50 50 50 11.7 29.3 2.51 409 86
PFCzPhThB10 10 11 14.6 36.5 2.49 425 105
PFCzPhThB30 30 31 9.3 21.1 2.28 420 108
PFCzPhThB50 50 50 8.4 18.2 2.16 340 117

a Molar ratio of carbazole unit in feed monomer mixture.
b Molar ratio of carbazole unit calculated from 1H NMR spectra.

Table 2
Solubility of the carbazole/fluorene copolymers in the organic solvents.

Copolymers Toluene THFa DCEa CHCl3a CBa 1,4-dioxane DMAca

POF þþb þþ þþ þþ þþ þ�b þ�
PFCzPhB10 þþ þþ þþ þþ þþ þ� þ�
PFCzPhB30 þþ þþ þþ þþ þþ þþ þ�
PFCzPhB50 þþ þþ þþ þþ þþ þþ þ�
PFCzPhThB10 þþ þþ þþ þþ þþ þ� þ�
PFCzPhThB30 þþ þþ þþ þþ þþ þþ þ�
PFCzPhThB50 þþ þþ þþ þþ þþ þþ þ�
a Organic solvents: Tetrahydrofuran (THF), 1,2-dichloroethane (DCE), chloroform

(CHCl3), chlorobenzene (CB), and dimethylacetamide (DMAc).
b The solubility was measured in the concentration of 1 mg/mL; þþ: soluble at

room temperature; þ�: partially soluble at room temperature.
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copolymers exhibited a blue-shift, which was also found in
previous reports on the analogous fluorene-carbazole copolymers
[32]. Such a hypsochromic shift is probably attributable to inter-
ruption of the p-conjugation along the polymer backbone caused
by the meta-linkage between the fluorene unit and the carbazole-
p-boron unit. This would result in the conjugation length of the
polymer being shortened [20]. Additionally, the absorption spectra
of PFCzPhB10 and PFCzPhThB10 were similar to that of POF due to
the minimal content of carbazole-p-boron units in the backbone.
However, as the content of the carbazole-p-boron units increased
to 50%, the spectral characteristics of PFCzPhB50 (lmax ¼ 344 nm)
and PFCzPhThB50 (lmax ¼ 356 nm) were assigned to the combined
electronic contribution from the carbazole and fluorene segments,
which indicated that the electronic configurations of both units in
the copolymers were almost mixed. Similar absorption results were
previously reported for a 3,6-linked carbazole-fluorene/spiro-
fluorene alternating copolymer [32]. Therefore, the absorption
Fig. 2. TGA (a) and DSC (b) thermograms of the copolymers.
results of the copolymers confirmed that changing the content of
the 3,6-linked carbazole units could effectively manipulate the
maximal absorption wavelength of the copolymer. In addition, the
maximum absorption values of the copolymers in a thin film were
red-shifted slightly compared to those of the copolymers in DCE
solution. These results were attributed to the interactions and pep
stacking between the polymer chains.

When irradiatedwith UV light at 350 nm, the PL emission colors
of the copolymers in solution and as thin films ranged from blue to
green. In dilute DCE solution, the main emission peaks of copoly-
mers PFCzPhB10, PFCzPhB30, and PFCzPhB50 were 417, 470, and
474 nm, respectively. As shown in Fig. 3, the PL spectrum of the
PFCzPhB10 showed maximum correspondence to the 0e0 transi-
tion at around 420 nm, with a well defined vibronic feature (0e1
transition) at around 436 nm, which is almost identical to that of
POF [11]. On the other hand, PFCzPhB30 showed a sky-blue emis-
sion peak at 470 nm, with a shoulder emission peak at 418 nm,
while PFCzPhB50 demonstrated a featureless vibronic PL spectrum,
Fig. 3. UVevis and PL spectra of the carbazole/fluorene copolymers in (a) DCE solution
and (b) thin films.



Table 3
Optical properties of the carbazole/fluorene copolymers.

Copolymers lUVmax (nm)a lUVmax (nm)b lPLmax (nm)c lPLmax (nm)d Ffl (%)e

POF 382 391 420, 442, 470 440, 460, 484 58
PFCzPhB10 376 384 417, 439, 468 420, 436 60
PFCzPhB30 365 372 418, 470 422, 435 63
PFCzPhB50 344 351 474 431 53
PFCzPhThB10 378 384 441, 466, 498 439, 462 72
PFCzPhThB30 366 370 419, 495 456 69
PFCzPhThB50 356 352 501 464 65

a Maximal absorption wavelength of the copolymers in DCE.
b Maximal absorption wavelength of the copolymers as solid film.
c Maximal PL wavelength of the copolymers in DCE.
d Maximal PL wavelength of the copolymers as solid film.
e PL quantum efficiency (Ffl) of the copolymers in DCE.

Table 4
Electrochemical properties of the carbazole/fluorene copolymers.

Copolymers Eox (V)a LUMO (eV) HOMO (eV) Eoptg (eV)b

POF 1.08 �2.96 �5.78 2.82
PFCzPhB10 1.01 �2.82 �5.72 2.89
PFCzPhB30 0.84 �2.63 �5.55 2.91
PFCzPhB50 0.78 �2.53 �5.49 2.96
PFCzPhThB10 1.04 �2.93 �5.75 2.82
PFCzPhThB30 0.87 �2.78 �5.58 2.80
PFCzPhThB50 0.85 �2.19 �5.56 2.77

a Onset oxidation potential versus Ag/AgNO3.
b Estimated from the UVevis absorption edge.

Y.-H. Chen et al. / Polymer 52 (2011) 976e986 983
reflecting their different electronic features. Accordingly, upon
increasing the content of the CzPhB moiety, the PL spectra of the
CzPhB/fluorene copolymers revealed a relatively intensive emis-
sion peak at around 470 nm in dilute DCE solutions. This result can
be explained as follows: partial ICT from fluorene segments to the
carbazole-p-boron units occurred with an increasing content of
3,6-linked carbazole-p-boron units in the polymer main chain [50].
As a result, the relative intensity of the emission peak at 470 nm
was strikingly enhanced. Such ICT behavior had been observed
in other conjugated polymers with donoreacceptor segments [51].
In DCE solution, the main emission peaks of copolymers
PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50 were at 440, 495,
and 503 nm, respectively. The PL emission maximum values of the
CzPhThB/fluorene copolymers exhibited a large red-shift compared
to those of the CzPhB/fluorene copolymers. This PL trend was also
observed for the copolymers in the thin film state. Such differences
in PL spectra between CzPhB/fluorene and the CzPhThB/fluorene
copolymers may be attributed to incorporation of the thiophene
moiety at the 9-position of carbazole, which not only enhances the
strength of the ICT effect via its high delocalization properties, but
also extend the side-chain conjugation length at the 9-position of
the carbazole [52]. On the other hand, thin films of CzPhB/fluorene
and CzPhThB/fluorene copolymers showed small red-shifts in their
PL maxima upon increasing the carbazole-p-boron unit content.
This could be due to less p-stacking aggregation in the polymer
backbone because of the meta-linkage of the carbazole and/or the
non-planar structures of the dimesitylboryl groups. Furthermore,
with increasing carbazole-p-boron unit content, PL maxima of the
copolymers in DCE solution exhibited a largely red-shifted as
compared to those of the copolymers as thin films. This is due to the
solvatochromic effect of the copolymers in polar organic solvent
[47]. Lambert et al. reported that the PL spectra of N-p-(diarylboryl)
phenyl-substituted 3,6-linked polycarbazoles show significant
solvatochromic shifts in polar organic solvents with respect to the
PL spectra of the copolymers as thin films [47]. Therefore, the large
red-shift was possibly caused by the dipoleedipole interaction
between the polar solvent (DCE) and bipolar side chains of CzPhB/
fluorene and CzPhThB/fluorene copolymers.

The PL quantum efficiencies (Ffl) of the carbazole/fluorene
copolymers inDCE are summarized inTable 4. TheFfl values of these
copolymers were measured in dilute DCE solution by comparing
their emission with that of a standard solution of 9,10-diphenylan-
thracene in cyclohexane (Ffl ¼ 0.90) at room temperature. Accord-
ingly, the Ffl values of POF, PFCzPhB10, PFCzPhB30, and PFCzPhB50
were 58, 60, 63, and 53%, respectively, while the Ffl values of
PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50 were 72, 69, and
65%, respectively. The CzPhB/fluorene and CzPhThB/fluorene
copolymers showhigherFfl values than the POF. Thiswas attributed
to the dual fluorescence arising from a fluorescent delocalized state
of the POF backbone and from a fluorescent ICT between the
dimesitylboron and carbazole groups. However, theFfl values of the
copolymers decreased upon increasing the carbazole derivative
content (CzPhB or CzPhThB) in the polymer main chain. Increasing
the high meta-linkage carbazole moiety content results in inter-
ruption of thep-conjugation along the polymer backbone, and thus,
the effective conjugation length of the polymer is shortened.
Therefore, the Ffl values of the copolymers decreased slightly with
increasing carbazole derivative content

The PL stability of the CzPhB/fluorene and CzPhThB/fluorene
copolymers as solid films was further investigated by thermal
annealing at 200 �C for 1 h. As shown in Fig. 4, the annealed
polymer film exhibited a new broad green emission peak at about
528 nm, which was attributed the formation of low-energy excimer
aggregates at high temperature [53,54]. High thermal energy cau-
ses the chain conformation to be altered to a higher inter-chain
order or packing density. An aggregation or excimer was likely
formed among the polymer chains, which led to the occurrence of
an inter-chain exciton emission at longer wavelengths. However,
a relatively lower intensity of green emission peakwas observed for
the CzPhB/fluorene and CzPhThB/fluorene copolymers with higher
carbazole moiety contents. A greater PL stability was observed for
both the CzPhB/fluorene and CzPhThB/fluorene copolymers
compared to that of the POF homopolymer. This was attributed to
suppression of the polymer chain packing and aggregation due to
the presence of kink linkages between the fluorene unit and
carbazole-p-boron unit and/or the presence of non-coplanar
dimesitylboryl groups as pendants [41,42]. Therefore, better PL
stability was obtained for the carbazole/fluorene copolymer with
higher carbazole units.

3.3. Electrochemical properties

CV was employed to investigate the electrochemical behavior
and to estimate the HOMO and LUMO energy levels of the copoly-
mers. The HOMO levels of the copolymers were calculated from the
onset potential of oxidation (Eoxonset) byassuming the absolute energy
level of ferrocene at �4.8 eV below the vacuum level. The LUMO
levels were calculated from the HOMO energy level and
the absorption edge [55,56]. The oxidation and reduction behaviors
of the copolymers are shown in Fig. 5. The CV curves of all copoly-
mers showed broad spectra with single quasi-reversible oxidation
and reduction waves. The electrochemical properties of the copol-
ymers are summarized inTable 4. The Eoxonset valueswere observed at
about 1.01, 0.84, and 0.78 V for PFCzPhB10, PFCzPhB30, and
PFCzPhB50, respectively. Moreover, the optical band gaps (Egs) of
copolymers PFCzPhB10, PFCzPhB30, and PFCzPhB50, determined
from the absorption edge, were 2.89, 2.91, and 2.96 eV, respectively.
Therefore, the LUMO levels of PFCzPhB10, PFCzPhB30, and
PFCzPhB50 were 2.82, 2.63, and 2.53 eV, respectively, while the
HOMO levels were 5.72, 5.55 and 5.49 eV. In addition, the values
of Eoxonset for PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50
were about 1.04, 0.87 and 0.85 V, respectively. Moreover, Egs of
copolymers PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50 were



Fig. 6. EL spectra of the carbazole/fluorene copolymer-based devices.Fig. 4. PL spectra of the carbazole/fluorene copolymers as thin films after being treated
at 200 �C for 1 h.
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2.89, 2.91, and 2.96 eV, respectively. Hence, the LUMO levels of
PFCzPhThB10, PFCzPhThB30, and PFCzPhThB50were 2.93, 2.78, and
2.79 eV, respectively, while the HOMO levels were 5.75, 5.78, and
5.56 eV. Using the same approach, the LUMO and HOMO levels of
POF were about 2.90 and 5.76 eV, respectively. The CV results indi-
cated that the Eoxonset values of the copolymers decreased upon
increasing the content of the electron-rich carbazole derivative.
Moreover,with the same carbazole unit content, higher Eoxonset values
were observed for the CzPhThB/fluorene copolymers compared to
those of the CzPhB/fluorene copolymers. When compared to the
phenyl-linked CzPhB moiety, better conjugation of the phenyl/
thiophene linkage results in a poor electro-donating capacity of the
CzPhThB moiety. Therefore, higher Eoxonset values were observed for
the CzPhThB/fluorene copolymers. In addition, the Egs of CzPhB/
fluorene copolymers were increased by increasing the CzPhB unit
content, while the Egs of the CzPhThB/fluorene copolymers were
decreased upon increasing CzPhThB content. For the CzPhB/fluo-
rene-based copolymers, the meta/kink-linkage between the fluo-
rene unit and carbazole-p-boron units resists p-conjugation along
the polymer backbone [20]. Moreover, the presence of the dimesi-
tylboryl group reduced the coplanarity of the carbazole-based
pendant and polymer backbone. Therefore, the Egs of the copoly-
mers were increased with increasing CzPhB unit content. Never-
theless, the coplanarity between the pendant and backbone would
increase because of the enhancement of the effective conjugation
length and rigidity of the pendants. A decrease of the Egs of
CzPhThB/fluorene copolymerswith increasing pendant contentwas
Fig. 5. CV spectra of the carbazole/fluorene copolymers in the thin film state.
attributed to improved coplanarity between the phenyl/thiophene-
linked carbazole moiety and polymer backbone. Apart from that,
higher LUMO and HOMO levels were observed for the carbazole/
fluorene copolymers compared to the POF homopolymer due to
incorporation of the electron-rich unit into the polymer backbone.
A higher HOMO level is favorable for hole-injection to the light-
emitting layer from an ITO transparent anode [20].

3.4. EL properties of carbazole/fluorene copolymers-based devices

For the carbazole/fluorene copolymers, the HOMO levels
increasedwith increasing carbazole-p-boron unit content, and thus
facilitated hole-injection into the copolymer-based light-emitting
layer from the indium tin oxide anode. However, the LUMO energy
levels were also enhanced upon increasing the carbazole-p-boron
unit content. A higher LUMO level will result in the poor electron
injection to the light-emitting layer from the cathode. Therefore,
multilayer devices were fabricated with the configuration of ITO/
PEDOT/copolymer/TPBI (30 nm)/LiF(1 nm)/Al (120 nm) in this
work. An electron injection/transporting layer of TPBI was inserted
into the light-emitting layer and cathode interface for better elec-
tron and hole charge balance. The EL spectra of the CzPhB/fluorene
and CzPhThB/fluorene copolymer-based devices are shown in
Fig. 6. The EL emission maximum wavelength, full width at half-
maximum (fwhm) of EL, and CIE coordinates of the carbazole/flu-
orene copolymer-based devices are summarized in Table 5. The EL
spectra showed a main emission peak at around 426e438 and
442e466 nm, respectively, for the CzPhB/fluorene and CzPhThB/
fluorene copolymer-based devices, without any shoulder emission
of an excimer or exciplex at around 500 nm. Not much difference
was observed for the maximal EL emission wavelengths of the
PLEDs in comparisonwith the maximal PL emissionwavelengths of
Table 5
Electroluminescence properties of the carbazole/fluorene copolymers-based
devices.

Copolymers lELmax
(nm)

fwhm
(nm)

Von (V)a Max
luminance
(cd/m2)

Max
efficiency
(cd/A)

CIE (x, y)b

POF 436 22 6.5 130 0.23 (0.17, 0.08)
PFCzPhB10 426 48 6.0 101 0.18 (0.17, 0.09)
PFCzPhB30 430 52 8.0 92 0.26 (0.16, 0.07)
PFCzPhB50 438 60 8.5 94 0.22 (0.18, 0.13)
PFCzPhThB10 442 58 6.5 445 0.51 (0.16, 0.11)
PFCzPhThB30 454 56 5.5 414 0.34 (0.16, 0.13)
PFCzPhThB50 466 70 6.5 288 0.19 (0.21, 0.21)

a Turn-on voltage at 1 cd/m2.
b CIE (x, y): Commission Internationale de L’Eclairage coordinates.



Fig. 9. Current efficiency versus current density of the carbazole/fluorene copolymer-
based devices.

Fig. 7. Current density versus voltage of the carbazole/fluorene copolymer-based
devices.
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the copolymers in the solid state. Nevertheless, the fwhm values of
the EL emission peaks were increased upon increasing the carba-
zole-p-dimesitylborane content in the CzPhB/fluorene and
CzPhThB/fluorene copolymer-based devices. This is because partial
emission was contributed from the light-emitting side-chain
conjugated pendants. The CIE coordinates of the PFCzPhB10-,
PFCzPhB30- and PFCzPhB50-based devices were (0.17, 0.09), (0.16,
0.07), and (0.18, 0.13), respectively, while the CIE coordinates of
PFCzPhThB10, PFCzPhThB30 and PFCzPhThB50 were (0.16, 0.11),
(0.16, 0.13), and (0.21, 0.21), respectively. High color purities of the
PLEDs indicated that these carbazole/fluorene copolymers are good
candidates for use as blue-emitting layers in PLEDs.

The EL properties of the CzPhB/fluorene and CzPhThB/fluorene
copolymer-baseddevices are showninFigs. 7e9. The turn-onvoltages
of the CzPhB/fluorene and CzPhThB/fluorene copolymer-based
devices were about 6.0e8.5 V and 5.5e6.5 V, respectively. The
maximum brightness of the CzPhB/fluorene and CzPhThB/fluorene
copolymer-baseddeviceswere about92e101 cd/m2 and288e445cd/
m2, while the current efficiencies were about 0.18e0.26 cd/A and
0.19e0.51 cd/A, respectively.Moreover, the POF-based device showed
amaximumbrightness of 130 cd/m2 and current efficiency of 0.23 cd/
A. The EL performances of POF-based device were poorer than those
reported in the literature [11,25]. This is attributed to the low molec-
ular weight of POF. Low molecular weight led to the poor thin film
quality and low brightness and small current efficiency of the POF-
based device [54]. Clearly, the carbazole/fluorene copolymer-based
Fig. 8. Luminescence versus voltage of the carbazole/fluorene copolymer-based
devices (applied voltage: 11 V).
devices showed the better EL performances than the POF-based
devices, especially for the CzPhThB/fluorene copolymer-based
devices. The better EL performance of the carbazole/fluorene copol-
ymer-based devices was attributed to dual fluorescence arising from
the polymer backbone and the carbazole-p-boron unit. The reduction
of polymer chain aggregation via incorporation of the carbazole-p-
boron unit into the polymer backbone is another reason for the better
EL performance of the devices. In addition, higher brightness and
larger current efficiency were observed for the CzPhThB/fluorene
copolymer-based devices compared to those of the CzPhB/fluorene
copolymer-based devices. This is because the phenyl/thiophene-
linked CzPhThB unit possesses a longer effective conjugation length
than the phenyl-linked CzPhB unit, and thus better EL performances
were observed with the CzPhThB/fluorene copolymer-based devices.
Apart fromthat, lowervaluesofbrightnessandcurrentefficiencywere
observed for the devices fabricated from the CzPhThB/fluorene
copolymers with higher CzPhThB contents. Interruption of the
p-conjugation along the polymer backbone via the incorporation of
a high meta-linkage carbazole moiety content occurs in these cases,
and thus the EL performances of the PLEDs are reduced.
4. Conclusion

A series of novel carbazole/fluorene copolymers with dimesi-
tylboron pendants were synthesized by Suzuki coupling. Excellent
thermal stability was observed for the copolymers due to incorpo-
ration of the rigid carbazole-p-boron (CzPhB and CzPhThB)
pendants in the fluorene-based backbone. The CzPhB/fluorene and
CzPhThB/fluorene copolymers showed a higher PL quantum effi-
ciency than the POF. Moreover, higher brightness and larger current
efficiency were observed for the CzPhB/fluorene and CzPhThB/flu-
orene copolymer-baseddevices compared to thePOF-baseddevices,
which was attributed to the dual fluorescence arising from
the polymer backbone and the carbazole-p-boron pendants. The
reduction of polymer chain aggregation via incorporation of the
rigid pendants into the polymer backbone is another reason for
the better EL performance of the carbazole/fluorene copolymer-
based devices. In addition, the phenyl/thiophene-linked CzPhThB
unit possesses a longer effective conjugation length than the
phenyl-linked CzPhB unit, and thus the CzPhThB/fluorene copol-
ymer-based devices had better EL performance than the CzPhB/
fluorene copolymer-based devices. It was concluded that the EL
properties of the copolymer-baseddeviceswere stronglydependant
on the effective conjugation length and content of the carbazole-
p-boron pendant.
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Poly(acrylic acid) (poly(AA))-grafted magnetite nanoparticles (MNPs) prepared via surface-initiated
atom transfer radical polymerization (ATRP) of t-butyl acrylate, followed by acid-catalyzed deprotection
of tebutyl groups, is herein presented. In addition to serve as both steric and electrostatic stabilizers,
poly(AA) grafted on MNP surface also served as a platform for conjugating folic acid, a cancer cell
targeting agent. Fourier transform infrared spectroscopy (FTIR) was used to monitor the reaction
progress in each step of the syntheses. The particle size was 8 nm in diameter without significant
aggregation during the preparation process. Photocorrelation spectroscopy (PCS) indicated that, as
increasing pH of the dispersions, their hydrodynamic diameter was decreased and negatively charge
surface was obtained. According to thermogravimetric analysis (TGA), up to 14 wt% of folic acid (about
400 molecules of folic acid per particle) was bound to the surface-modified MNPs. This novel nano-
complex is hypothetically viable to efficiently graft other affinity molecules on their surfaces and thus
might be suitable for use as an efficient drug delivery vehicle particularly for cancer treatment.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Synthesis of magnetite nanoparticles (MNPs) coated with a thin
filmof organic polymerhas recentlyattractedmuch attention due to
their potential biomedical applications such as magnetic resonance
imaging [1e6], magnetic separation, controlled drug release [7] and
hyperthermia treatment of tumor cells [8]. A thin shell of polymeric
coating on the particle surface is necessary to prevent nanometer-
sized particle aggregation due to their inherent anisotropic dipolar
interaction, resulting in losing the specific properties associated
with their nanometer dimensions [9,10]. In addition, the polymers
on their surface can provide a platform for incorporating biological
functional molecules, such as amino acid [11], protein [12,13] and
DNA [14e16], for particle labelingwithfluorescentmolecules [10,17]
and for attaching folic acid [18,19], a receptor for tumor cells.

Recently, atom transfer radical polymerization (ATRP) has been
reported as a potential “grafting-from” method for surface modifica-
tion [20,21,27]. ATRP is a living/controlled radical polymerization
method, which does not require stringent experimental conditions
[22,23]. ATRP enables for the polymerization and block copolymeri-
zation of a wide range of functional monomers such as styrene
[24e26],methacrylate [27], acrylate [28,29] andmethacrylamide [30],
yielding polymers with narrowly dispersed molecular weights.
Surface modification of nanoparticles via ATRP has attracted a great
þ66 5596 1025.
tuk).

All rights reserved.
attention in recent years. As compared to a conventional radical
polymerization, surface-initiated ATRP from nanoparticles produced
polymers with narrow polydispersity index (PDI) and proceeded in
a controlled fashion [31]. In addition, the advantage of ATRP technique
as compared to other controlled radical polymerization (CRP) tech-
niques is that the polymerization can be initiated at low reaction
temperature, while other CRP techniques such as reversible addition-
fragmentation chain transfer (RAFT) and nitroxide-mediated poly-
merizations require relatively high reaction temperature to generate
radicals from azo or peroxide initiators. Moreover, functionalization of
the particle surface with alkyl halide, the ATRP initiating species, can
be easily carried out either by physical absorption of acid-containing
halides [36] or covalent bonding of ATRP initiating halides via silani-
zation [32]. The “grafting from” strategy viaATRPhas thus beenmostly
adopted for MNP surface modification with a variety of polymeric
surfactants such as polystyrene [27], poly(methyl methacrylate) [33],
poly(ethylene glycol) methacylate [34,35] and poly(acrylamide) [36].

Theaimof thecurrentwork is to adopt a “grafting from”methodto
modify MNP surfaces with poly(t-butyl acrylate) (poly(t-BA)) via
ATRP, followed by acid-catalyzed deprotection of t-butyl groups to
obtain poly(AA)-grafted MNP. It is thought that ATRP can offer well-
defined water dispersible poly(AA) stabilizers with low molecular
weightdistributionon theparticle surface. The carboxylic acidgroups
overexpressed on its surface are readily reactive toward molecules
containing functional groups such as amine and alcohol. It has thus
gained our attention because, not only serving as steric and electro-
static surfactants [37], poly(AA) canalsobeusedasakey intermediate

mailto:methar@nu.ac.th
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.12.059
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for grafting a large range of functional molecules [38,39]. Folic acid
(FA) is of particular interest in this work because it can specifically
conjugate with folate receptors overexpressed on cancer cell
membranes [40]. Precedents have reported the immobilization of FA
on the outermost surface of MNPs coated with other polymeric
surfactants [41e44]. Therefore, it is expected that themultifunctional
FA-grafted MNPs prepared in this work should bind to cancer cell
membranes specifically and consequently improve uptake efficiency
of theMNP to the cells. The detail studies on the efficiencyon treating
cancer cells of this complex are warranted for a future investigation.

In the present work, poly(AA)-coated MNPs were thus prepared
via surface-initiated ATRP of t-BA, followed by acid-catalyzed
hydrolysis of t-butyl groups. FTIR was used to monitor the reaction
progress in each step. Thermogravimetric analysis (TGA) was used
to investigate percent of each composition in the polymer-MNP
complex. Transmission electron microscopy (TEM) technique was
also used to monitor the particle size and the presence of the
polymer in the complex. Vibrating sample magnetometry (VSM)
was performed to reveal their magnetic properties. In combination
with UVevisible spectrophotometry and FTIR, TGA technique was
conducted to evidence the existence of FA in the complexes.

2. Experimental section

2.1. Materials

Unless otherwise stated, all reagents were used without further
purification: iron (III) acetylacetonate (Fe(acac)3), 99% (Acros),
benzyl alcohol (Unilab), 3-aminopropyl triethoxysilane (APS), 99%
(Acros), triethylamine (TEA) (Carto Erba), 2-bromoisobutyryl
bromide (BIBB), 98% (Acros), copper (I) bromide (CuBr), 98%
(Acros), N,N,N0,N00,N00-pentamethyldiethylenetriamine (PMDETA),
ethyl-a-bromoisobutyrate (Aldrich), 99% (Acros), folic acid, 97%
(Fluka), N-hydroxyl succinamide (NHS), 98% (Acros), dicyclohexyl
carbodiimide (DCC), 99% (Acros), di-t-butyl dicarbonate (Boc2O),
99% (Aldrich), ethylene diamine (EDA), 99.5% (Fluka), trifluoroacetic
acid (TFA), 99.5% (Fluka). t-Butyl acrylate (t-BA), 99% (Fluka), was
distilled under vacuum prior to use.

2.2. Synthesis

2.2.1. Synthesis of oleic acid-coated magnetite nanoparticles
(MNPs)

MNPs were prepared via thermal decomposition following the
method previously described [45]. In a typical procedure, Fe(acac)3
(1.0 g, 2.81 mmol) and benzyl alcohol (20 ml) were mixed by
magnetic stirring in a three-neck flask with nitrogen flow. The
mixture was heated to 200 �C for 48 h. The precipitant was then
removed from the dispersion using an external magnet andwashed
with ethanol and CH2Cl2 repeatedly to remove benzyl alcohol. The
particles were then dried at room temperature under reduced
pressure. To prepare oleic acid-coatedMNPs, the driedMNPs (0.6 g)
were introduced into an oleic acid solution in dried toluene (4 ml
oleic acid in 30 ml THF) and ultrasonicated for 3 h.

2.2.2. Synthesis of 2-bromo-2-methyl-N-(3-(triethoxysilyl)
propanamide (BTPAm))

To a stirred solution of 3-aminopropyl triethoxysilane (APS)
(0.18 ml, 0.8 mmol) and triethylamine (TEA) (0.12 ml, 0.8 mmol) in
dried toluene (10 ml), 2-bromoisobutyryl bromide (BIBB) (0.1 ml,
0.8mmol) in dried toluene (10ml)was added dropwise at 0 �C for 2 h
under nitrogen. The reaction mixture was warmed to room temper-
ature and stirred for 24 h. The mixture was passed through a filter
paper to remove salts and the filtrate was evaporated to remove the
unreacted TEA under reduced pressure. The resulting product,
BTPAm, was yellowish thick liquid (78% yield). 1H NMR (400 MHz,
CDCl3) dH: 0.60 [m, 2H, SieCH2,1.20 [t, 9H, OeCH2eCH3],1.65 [m, 2H,
SieCH2eCH2], 1.95, [s, 6H, CH3eCeBr], 3.25 [m, 2H, CH2eNH], 3.80
[m, 6H, CH3eCH2eO]. FT-IR (KBr disc) ymax: 3345 cm�1 (NH stretch-
ing), 2975e2889 cm�1 (CeH stretching), 1738 cm�1 (C]O of acid
bromide stretching), 1658 cm�1 (C]O of amide stretching),
1532 cm�1 (NH bending), 1442 cm�1 (CeN stretching), 1286 cm�1

(CeBr stretching), 1112e1026 (SieO stretching).

2.2.3. Immobilization of 2-bromo-2-methyl-N-(3-(triethoxysilyl)
propanamide (BTPAm)) onto MNP surface (BTPAm-coated MNPs)
(Fig. 1)

To immobilize BTPAm on the oleic acid-coated MNP surface, the
MNP-toluene dispersion (0.1 g of oleic acid-coated MNPs in 5 ml
toluene) (30 ml), BTPAm (0.90 ml) and 2 M TEA in toluene (6 ml)
were added into a round bottom flask. The mixture was stirred for
24 h at room temperature under nitrogen. The particles were
subsequently precipitated in methanol, following by magnet
separation to obtain the BTPAm-modified MNPs. Then, the MNPs
were re-dispersed in toluene and re-precipitated in methanol. This
procedure was repeated several times to completely remove
unreacted BTPAm. The particles were finally dried in vacuo.

2.2.4. Synthesis of poly(t-butyl acrylate)-coated MNPs (poly(t-BA)-
coated MNPs) via ATRP reaction

To a schlenk tube containing dioxane (1 ml), CuBr (0.3 g,
0.0021 mol), and PMDETA (0.42 ml, 0.0021 mol) were added under
nitrogen blanket. The mixture was stirred until homogenous blue
color was observed. Then, t-butyl acrylate (t-BA) (3 ml, 0.021 mol)
monomer and BTPAm-immobilized MNPs (0.3 g) were added via
a syringe. The mixture was degassed and nitrogen-purged by three
freeze-thaw cycles. The solution was then heated to 90 �C for 24 h
to commence ATRP reaction. At a given time, the reactions were
ceased and poly(t-BA)-grafted MNPs were magnetically separated
and washed thoroughly with methanol and dried in vacuo.

2.2.5. Synthesis of poly(acrylic acid)-coated MNPs (poly(AA)-coated
MNPs) via hydrolysis of poly(t-butyl acrylate)-coated MNPs

Poly(t-BA)-coated MNPs were hydrolyzed to obtain acrylic acid
functional groups on MNP surfaces. Briefly, poly(t-BA)-coated
MNPs (0.05 g) were hydrolyzed in a 20-ml TFA solution (0.1 M of
TFA in THF) at room temperature for 24 h. The solution was
concentrated under reduced pressure, diluted with CH2Cl2, and
repeatedly precipitated in cold hexane. The precipitate was sepa-
rated by a permanent magnet and dried in vacuo. The possible
reactions between TFA and polymers coated on MNP surface are
illustrated in supplementary data.

2.2.6. Synthesis of N-(2-aminoethyl) folic acid (EDA-FA) (Fig. 2)
2.2.6.1. Protection of an amino group of ethylene diamine (EDA) with
t-butyl carbamate (Boc). A solutionof di-t-butyl dicarbonate (Boc2O)
(0.23 ml, 1 mmol) in anhydrous CH2Cl2 (10 ml) was added dropwise
to a cold solution of ethylene diamine (EDA) (0.67 ml, 10 mmol) in
anhydrous CH2Cl2 (10 ml) at 0 �C under nitrogen atmosphere. The
mixture was magnetically stirred at 0 �C for 2 h and at room
temperature for 24 h. Then, distilledwater (5ml) was added into the
mixture to dissolve the precipitate. The organic layer was washed
with brine (15 ml) 5 times, dried over anhydrous Na2SO4, and then
concentrated under reduced pressure to give t-butyl N-(2-amino-
ethyl) carbamate (EDA-Boc), appearing as thick oil (82% yield). 1H
NMR (400 MHz, CDCl3) dH: 1.40 [s, 9H, CH3 Boc], 2.80 [m, 2H,
CH2eNH2], 3.20[m, 2H, CH2eCH2eNH-Boc]. FTIR (KBr disc) ymax:
3360 cm�1 (NH stretching), 2955e2923 cm�1 (CeH stretching),
1693 cm�1 (C]O of amide stretching), 1525 cm�1 (NH bending),
1366-1277 cm�1 (CeN bending), 1172 cm�1 (CeO stretching).
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2.2.6.2. Coupling folic acid with the amino-protected EDA. To a stir-
red solution of FA (0.275 g, 6.25 10�4 mol) in anhydrous DMSO
(5 ml) and pyridine (4 ml), the solution of EDA-Boc (0.10 g,
6.25 10�4 mol) and DCC (0.21 g, 7.5 10�4 mol) in anhydrous DMSO
(5 ml) were added. The mixture was stirred at room temperature
for 18 h under nitrogen blanket. After the reaction completed, the
mixture was gradually poured into a vigorously stirred diethyl
ether (20 ml) at 0 �C. The yellow precipitate was collected and
washed with cold diethyl ether several times and dried under high
vacuum to obtain {t-butyl N-(2-aminoethyl) carbamate} folic acid
(Boc-EDA-FA), appearing as a yellow solid (85% yield). 1H NMR
(400 MHz, DMSO-d6) dH: 1.40 [s, 9H, CH3 Boc], 2.0 [m, 2H,
CH2eCH2eCOeNH], 2.40 [m, 2H, CH2eCOeNH], 2.90 [m, 2H,
CH2eNHeCO], 3.10 [m, 2H, CH2eNHeBoc], 4.30 [m, 1H,
HOOCeCHeNH], 4.50 [d, 2H, phenyl-NH-CH2 folic acid], 6.60 [d,
J ¼ 8 Hz, 2H, 2CH]CH phenyl folic acid ], 6.90 [t, 1H, phenyl-NH-
CH2], 7.60 [d, J ¼ 8 Hz, 2H, 2CH]CH phenyl folic acid], 8.60 [s, 1H,
N]CH Ar folic acid]. FTIR (KBr disc) ymax: 3360e2600 cm�1 (OH
and NH stretching), 1700 cm�1 (C]O of amide stretching),
1605 cm�1 (CeO of acid stretching), 1168 cm�1 (CeO stretching).

TFA (2 ml) was then added to Boc-EDA-FA and stirred at room
temperature. After 2 h stirring, TFA was removed under reduced
pressure and the resulting residue was dissolved in anhydrous DMF.
Pyridinewas added until a formation of yellowprecipitate and itwas
subsequently washed with diethyl ether and dried to give N-(2-
aminoethyl) folic acid (EDA-FA) (80% yield, Tm 290 �C). 1H NMR
(400 MHz, DMSO-d6) dH: 2.0 [m, 2H, CH2eCH2eCOeNH], 2.40 [m,
2H, CH2eCOeNH], 2.60 [m, 2H, CH2eNHeCO], 3.30 [m, 2H,
CH2eNH2], 4.20 [m, 1H, HOOC-CH-NH], 4.40 [d, 2H, phenyl-NH-CH2
folic acid], 6.60 [d, J ¼ 8 Hz, 2H, 2CH]CH phenyl folic acid], 6.90 [t,
1H, Phenyl-NH-CH2], 7.70 [d, J ¼ 8 Hz, 2H, 2CH]CH phenyl folic
acid], 8.60 [s, 1H, N]CH Ar folic acid]. FTIR (KBr disc) ymax:
3600e2800 cm�1 (OHandNHstretching),1684 cm�1 (C]Oof amide
Fig. 1. Synthesis of poly(AA)-coated MNPs via AT
stretching), 1605 cm�1 (CeO of acid stretching), 1532e1335 cm�1

(CeN bending), 1202e1132 cm�1 (CeO stretching).

2.2.7. Immobilization of folic acid on the surfaces of poly(AA)-
coated MNPs

Poly(AA)-coated MNPs were dispersed in a 10 ml aqueous
solution containing NHS (40 mg) and EDC.HCl (20 mg) and the
mixture was kept in a dark place for 2 h. The particles were
recovered, washed with water and dried in vacuo. Then, the parti-
cles were added in a solution of 200 mg of EDA-FA and 50 mg of
EDC in 10 ml anhydrous DMSO. The suspension was agitated
overnight at 37 �C in dark. The particles were then recovered,
washed with DMSO and methanol several times and dried in vacuo.

2.3. Characterization

FTIR was performed on a PerkineElmer Model 1600 Series FTIR
Spectrophotometer. The solid samples were mixed with KBr to
form pellets. Nuclear magnetic resonance spectroscopy (NMR) was
performed on a 400 MHz Bruker NMR spectrometer using CDCl3 as
a solvent. Gel permeation chromatography (GPC) data was con-
ducted on PLgel 10 mm mixed B2 columns and a refractive index
detector. Tetrahydrofuran (THF) was used as a solvent with a flow
rate of 1 ml/min at 30 �C. TEM were performed using a Philips
Tecnai 12 operated at 120 kV equipped with Gatan model 782 CCD
camera. TGA was performed on SDTA 851 Mettler-Toledo at the
temperature ranging between 25 and 600 �C at a heating rate of
20 �C/min under oxygen atmosphere. VSM was performed at room
temperature using a Standard 7403 Series, Lakeshore vibrating
sample magnetometer. The magnetic moment was investigated
over a range of applied magnetic fields from �10,000 to þ10,000 G
using 30 min sweep time. Hydrodynamic diameter of the particles
was measured via PCS using NanoZS4700 nanoseries Malvern
RP reaction and immobilization of folic acid.



M. Rutnakornpituk et al. / Polymer 52 (2011) 987e995990
instrument. The sample dispersions were sonicated for 10 min
before the measurement at 25 �C. The presence of FA was investi-
gated using SPECORD S100 UVeVisible spectrophotometer (Ana-
lytikjena AG) coupled with a photo diode array detector at
lmax ¼ 371 nm.

3. Results and discussion

The aim of this work is to modify MNP surfaces with poly(AA)
and immobilize folic acid on their surfaces. Poly(AA) grafted on the
particle surfaces is thought to provide steric and electrostatic
stabilizations and dispersibility of the particles in aqueous media.
Another major advantage of this system was that the carboxylic
acid-enriched surfaces of poly(AA)-grafted MNPs provided a plat-
form for efficient surface immobilization of any functional mole-
cules such as DNA, drugs, protein and fluorescent molecules. Hence,
the novelty of this current work is that this is the first report on
synthesizing multifunctional poly(AA)-coated MNPs for attaching
folic acid (FA), a model molecule in this work. Precedents have
reported the immobilization of biomolecules on the distal ends of
MNPs coated with other polymeric surfactant [41e44]. This novel
system is hypothesized to increase the loading efficiency of FA on
the MNP surfaces.

To perform surface-initiated ATRP from MNPs, BTPAm, a mole-
cule containing an ATRP initiating site was first synthesized
through amidization between APS and BIBB, followed by silaniza-
tion of triethoxysilane of BTPAm on MNP surface. The results of the
synthesis of BTPAm including FTIR and 1H NMR are illustrated in
supplementary data. To immobilize BTPAm on MNP surfaces, bare
MNPs were first coated with oleic acid to formwell dispersedMNPs
in toluene. The advantage of this procedure was that the MNPs
were well dispersible in the media before reacting with BTPAm,
allowing BTPAm to effectively silanize to their surfaces due to its
greater surface approaching ability in the dispersed MNPs.
Fig. 2. Synthesis of N-(2-amino
Fig. 3 displays FTIR spectra of poly(t-BA)-coated MNPs with-
drawn from the dispersions at 1, 6, 12 and 24 h of ATRP reaction.
Because ATRP is known as a controlled radical polymerization, the
time period for the ATRP reaction is thus crucial for tuning the
molecular weight of the polymers. A progressive growth of ester
linkage signals (eO(C]O)- stretching, w1724 cm�1 and CeO
stretching,w1147 cm�1) of t-BA repeating units in relative to those
of a SieO signal of the linker (w1100e1020 cm�1 and w800 cm�1)
indicated that the molecular weights of poly(t-BA) onMNP surfaces
increased as increasing ATRP reaction time. It should be noted that
the signal corresponding to Fe-O bonds from MNP core
(w589 cm�1) were observed throughout the reactions without
significant change in its intensity.

Weight loss from TGA technique of poly(t-BA)-coated MNPs at
various ATRP reaction times was investigated to determine the
relative amount of poly(t-BA) that can be grafted on the particle
surface. It should be noted that the particles were separated from
the uncoordinated species using an external magnet. Using an
assumption that % char yield was the weight of magnetite
remaining at 600 �C, the weight loss of the surface-modified MNPs
was thus attributed to the decomposition of organic components
including BTPAm and poly(t-BA) that complexed to the particle
surface. Hence, percent char yield of bare MNP and MNP coated
with BTPAm were determined to obtain percent of BTPAm in the
complexes in each sample. According to TGA results, percent of
BTPAm in the complexes was about 2 wt%, while percents of poly(t-
BA) were 3 wt%, 15 wt%, 26 wt% and 43 wt% of the complexes at 1, 6,
12 and 24 h ATRP reaction times, respectively (Fig. 4). This was
a supportive result to FTIR that poly(t-BA) chain length was pro-
longed when ATRP reaction time was extended.

To investigate the molecular weight and the molecular weight
distribution of poly(t-BA), small amount of ethyl bromoisobutylate
(EBiB) was added in the dispersion as a “sacrificial initiator” to form
free poly(t-BA) along with poly(t-BA) grafted on MNP. After 24 h of
ethyl) folic acid (EDA-FA).
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the reaction, the free poly(t-BA) was removed from the MNP
complex using an external magnet. According to GPC results,
molecular weight of poly(t-BA) was about 18,600 g/mol and its
molecular weight distribution was about 1.22. This narrow molec-
ular weight distribution indicated the living mechanism of
controlled radical polymerization. 1H NMR spectrum of free poly(t-
BA) is shown in supplementary data.
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Fig. 4. TGA thermograms of poly(t-BA)-coated MNPs at various ATRP reaction times,
A) 1 h, B) 6 h, C) 12 h and D) 24 h.
TEM images of MNP complexes at each step of the reaction are
illustrated in Fig. 5. Bare MNPs observed in Fig. 5A were well
organized because they were somewhat uniformed in size, which
was in the range of 6e10 nm in diameter with the average of about
8 nm. Surface modification of the MNPs resulted in a slightly
broader size distribution due to the presence of organic compounds
coated on their surface (Fig. 5BeD). However, the average particle
size was not significant difference from those of bare MNPs. It
should be noted that poly(t-BA)-coated MNPs were well dispersed
in toluene due to the existence of hydrophobic poly(t-BA) on their
surface (Fig. 5C), while poly(AA)-coated MNPs were well dispersed
in water because of the presence of hydrophilic and charge
surfactants of poly(AA) (Fig. 5D).

The M-H curves of bare MNP, BTPAm-coated MNP, poly(t-BA)-
coated MNPs and poly(AA)-coated MNP were illustrated in Fig. 6.
They showed superparamagnetic behavior at room temperature as
indicated by the absence of reminance and coercivity upon
removing an external applied magnetic field. According to the
results in Table 1, the decrease of saturation magnetization (Ms)
from 59 emu/g of bare MNPs to 27 emu/g of poly(t-BA)-coated
MNPs was attributed to the presence of the organic surfactant on
their surface, resulting in the decrease of percent of magnetite in
the complexes. After the hydrolysis of poly(t-BA) to form poly(AA)-
coated MNP, itsMs value increased from 27 to 39 emu/g sample due
to the removal of t-BA groups in poly(t-BA), which subsequently
increased percent of magnetite in the complexes. Interestingly,
when taking percent of magnetite in the complex into account, the
Ms values in emu/g magnetite basis of these complexes were not



Fig. 5. TEM images of A) bare MNPs, B) BTPAm-coated MNPs, C) poly(t-BA)-coated MNPs, D) poly(AA)-coated MNPs. In the TEM sample preparation, MNPs in Figure AeC were
dispersed in toluene and those in Figure D were dispersed in water.
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significantly different from each other, indicating that magnetic
properties of the particles were not considerably affected upon
ATRP of poly(t-BA) and hydrolysis to form poly(AA)-coated MNPs.

After the hydrolysis reaction, it was conceived that MNPs having
carboxylic acid-enriched surfaces were obtained. These carboxylic
acid functional groups are readily reactive toward coupling reac-
tions with other molecules having affinity functional groups such
as amine and alcohol. In the current work, folic acid (FA) was
chemically immobilized on the surface-modified MNPs. FA has two
carboxylic acid groups at the a and g positions, which can cova-
lently react with amino functional groups of EDA. However, it has
already been verified that g-COOH is more accessible to covalently
react with amino groups due to its high reactivity [46,47]. FA needs
to be first activated with ethylene diamine (EDA) to obtain primary
amine-terminated FA (N-(2-aminoethyl) folic acid or EDA-FA). This
logical strategy enhanced the reactivity of FA to efficiently react
with carboxylic acid overexpressed on the surface of poly(AA)-
coatedMNPs through amidization reaction. Results of the synthesis
of EDA-FA including FTIR and 1H NMR spectra were detailed in
supplementary data.
Fig. 6. M-H curves of A) bare MNP, B) BTPAm-coated MNP, C) poly(t-BA)-coated MNP
and D) poly(AA)-coated MNP.
In the grafting reaction between poly(AA)-coated MNPs and
EDA-FA, N-hydroxyl succinimide (NHS) was used to activate the
dangling carboxylic acid groups. FTIR spectra of the products in
each step were thus illustrated in comparison with the starting
compounds (Fig. 7). Fig. 7A showed the FTIR spectrum of poly(AA)-
coated MNPs and those of NHS was depicted in Fig. 7B. In Fig. 7C,
the sharp and strong characteristic signal of ester linkages appeared
at 1723 cm�1, indicating the coupling reaction between carboxylic
acid of poly(AA)-coated MNPs and NHS. In addition, Fe-O linkages
of magnetite core were also observed at 586 cm�1. After the
coupling reaction with EDA-FA (Fig. 7D), the characteristic signals
of FA, such as 1700e1500 cm�1 and 1153e1069 cm�1, appeared in
the FA-bound MNPs (Fig. 7E), indicating the successful conjugation
of FA on the MNP surfaces.

UVevisible spectrophotometry was also applied to confirm the
presence of FA in the conjugated MNP complex. FA showed a lmax
value at 371 nm (Fig. 8A), whilst those of FA-conjugated MNPs also
exhibited a weak absorbance signal at the same wavelength
(Fig. 8B). It is worth to mention that poly(AA)-coated MNPs before
FA loading did not show any absorbance signal at the same wave-
length (Fig. 8C). This result implied that FA was, to some extent,
covalently conjugated to the MNP surfaces.

To determine percentage of magnetite core and organic shell in
the complexes in each step of the reactions, the complexes were
characterized via TGA to investigate their mass loss. Bare MNPs
manifested a drastic weight loss between 200 and 350 �C with 90%
Table 1
Percentage of magnetite in the complex and their magnetic properties.

Sample emu/g samplea % Fe3O4
b emu/g Fe3O4

Bare MNP 59 90 65
BTPAm-coated MNP 53 88 60
Poly(t-BA)-coated MNP 27 45 61
Poly(AA)-coated MNP 39 63 62

a Estimated from the saturation magnetization (Ms) at 10,000 G from VSM
technique.

b Estimated from % char yield at 600 �C from TGA technique.



Fig. 7. FTIR spectra of (A) poly(AA)-coated MNP, (B) NHS, (C) NHS-poly(AA)-coated MNP, (D) EDA-FA and (E) FA-poly(AA)-coated MNP.
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char yield (Fig. 9A). This was attributable to the decomposition or
desorption of the absorbed ammonium salt at elevated tempera-
ture and eventually loss some weight [48,49]. The weight loss of
MNPs coated with BTPAm, poly(t-BA) and poly(AA) were attributed
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Fig. 8. UVevisible spectra of (A) folic acid (FA), (B) FA-conjugated MNP and (C) poly
(AA)-coated MNP without FA.
to the decomposition of organic components complexing to the
particle surface and % char yields were the weight of magnetite
core. From TGA thermograms in Fig. 9B,C, there was about 2 wt% of
BTPAm and 49 wt% of poly(t-BA) in poly(t-BA)-coated MNPs. The
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Fig. 9. TGA thermograms of (A) bare MNP, (B) BTPAm-coated MNP, (C) poly(t-BA)
coated MNP, (D) poly(AA)-coated MNP and (E) FA-poly(AA)-coated MNP.



Fig. 10. The effect of pH of the aqueous dispersions containing poly(AA)-coated MNP (A) and FA-poly(AA)-coated MNP (-) on their hydrodynamic diameter and zeta potential. The
experiments were performed at 25 �C.
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grafting density of BTPAm, the initiating site for ATRP on the
particle, can be calculated and it was found that therewas about 0.8
molecule/nm2 (150 molecules/particle). Examples of the calcula-
tion are illustrated in supplementary data. The grafting density of
poly(t-BA) were comparable to that of BTPAm on the surface.

After the hydrolysis of poly(t-BA), percent of organic components
in the case of poly(AA)-coated MNPs significantly dropped (from 49
to 27 wt%) due to the removal of t-BA groups from the polymeric
layer of the particles (Fig. 9D). The 27 wt% of poly(AA) corresponded
to 23 carboxylic acid/nm2 (4600 acid/particle). From Fig. 9E, there
was about 14 wt% of FA in the complex, corresponding to about 2 FA
molecules/nm2 (400 FA molecules/particle). Therefore, percent
conversion of carboxylic acid to FA was about 8%. The lowering
temperature of TGA curve in Fig. 9E (FA-poly (AA)-coated MNP) as
compared to that in Fig. 9D (poly (AA)-coatedMNP)was attributed to
the weight loss of FA component in the complex. The decomposed
TGA thermogram of free FA has been investigated and shown in
supplementary data. In addition, it was also found that there was
about 2.7 FA molecules/site of the ATRP initiator (400 FA molecule/
150 sites of BTPAm in a single particle). The limited number of the %
conversion and grafting density of FA on the particle surface was
attributed to limited accessibility of bulky FA to reactwith steric poly
(AA). However, the grafting density of FA might be improved by
copolymerization of poly(AA) with other polymers to lessen steric
hindrance of the compact poly(AA), so that FA con be more effec-
tively conjugated. Also, utilization of spacer from the particle surface
is another approach that can diminish steric hindrance on the dense
surface.

Because carboxylic acid functional groups can be easily ionized
in an aqueous solution, it is thus interesting to understand how pH
of the dispersions affect hydrodynamic diameter and surface
charge of poly(AA)-coated MNPs and FA-poly(AA)-coated MNP. pH
of the aqueous dispersions containing the complexes (0.2 mg/ml)
were varied from approximately 1e11 and their hydrodynamic
diameters were determined via PCS technique. In both samples, as
pH of the dispersions increased, their hydrodynamic diameters
rapidly decreased at acidic pH (ranging between pH 1.2e5.4) and
gradually decreased at pH ranging between 5.4 and 11.3 (Fig. 10). It
was hypothesized that as increasing pH of the dispersions, ioniza-
tion of carboxylic acid on the surface of poly(AA)-coated MNPs took
place, resulting in the formation of carboxylate ions on their
surfaces. The negative charges of carboxylate ions led to additional
electrostatic repulsion toward neighboring particles and thus pre-
vented massive flocculation.

The results from zeta potential measurements also supported
this assumption. The surface charges of poly(AA)-coated MNPs
were positive at the pH ranging between 1.2 and 6.5 and negative at
the pH range of 6.5e11.3, implying that point of zero charge (PZC) of
this complex was pH 6.5 (Fig. 10). It was also found that FA-con-
taining complex showed a slightly higher zeta potential than the
other at pH ranging between 1.2 and 6.5. This was attributed to the
presence of amines in FA structure, resulting in protonated amino
groups. Similarly, the enriched amines in the complex might also
influence the lower zeta potential in FA-containing complex at
basic pH.

The large size of the particles in DLS as compared to those from
TEM measurements (8 nm in diameter) might come from the fact
that there were some nano-clusters of particles in the dispersions.
These nano-clusters of the particles can be observed in TEM
measurements from the first step of the particle synthesis (shown
in supplementary data). When poly(AA) was chemically grafted on
their surface, these clusters still presented. Although these nano-
clusters existed in the dispersions, the particles were well
dispersible in aqueous dispersions without macroscopic aggrega-
tion visibly observed because there were poly(AA) coated on their
surface.

Cytotoxicity testings of poly(AA)-coated MNP and FA-poly(AA)-
coated MNP were also performed. According to our preliminary
results, it was found that the dispersions were not toxic against
Vero cell line up to 50 mg/ml concentration of the sample (sulfo-
rhodamine B (SRB) assay method). Detail studies regarding the
toxicity of the magnetite complexes are warranted for future
studies.

4. Conclusions

This work presented a “grafting from” strategy to modify MNP
surfaces with poly(t-BA) via ATRP, followed by a hydrolysis of t-BA
groups to obtain poly(AA) and finally immobilization of folic acid on
their surfaces. The originality of this work is that this is the first
report on modifying MNP surface with poly(AA) which serves as
a platform for folic acid immobilization. Because the folate receptor
is overexpressed on the surface of cancer cells, it is for this reason
that folic acid is of particular interest in the current work in an
attempt to facilitate the intracellular uptake by specific cancer cells
for cancer therapy. Folic acid was successfully activated with
ethylene diamine (EDA) to obtain primary amine-terminated folic
acid derivative. This logical strategy enhanced the reactivity of folic
acid to be efficiently immobilized on MNP surfaces through amid-
ization reaction.

In addition to the use of binding affinity of carboxylic acid
functional groups, poly(AA) on their surface can also provide
stabilization mechanisms through both steric repulsion due to the
long chain polymers and electrostatic repulsion owing to the
formation of negative charges in basic pHdispersions. Furthermore,
poly(AA) on their surfaces also promoted particle dispersibility in
water, which is a minimum requirement for biomedical uses. This
novelmagnetically guidable nanocomplexmight be suitable for use
as an efficient drug delivery vehicle particularly for cancer
treatment.
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Appendix. Supplementary data

Proposed reaction mechanisms of trifluoroacetic acid (TFA) with
the polymers on MNP surface. FTIR and 1H NMR spectra of 2-
bromo-2-methyl-N-(3-(triethoxysilyl) propanamide (BTPAm)) and
N-(2-aminoethyl) folic acid (EDA-FA). 1H NMR spectrum of poly(t-
BA), TEM images showing some nano-aggregation. Examples of
calculation of grafting density. TGA thermogram of folic acid.

Appendix. Supplementary data

Supplementary data associated with this article can be found in
the online version, at doi:10.1016/j.polymer.2010.12.059.
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A novel method for preparing cell support membrane which employs heterogeneously cross-linking (CR)
process to prepare water-insoluble gelatin (GEL) films was suggested, and compared with 1-ethyl-
(3,3-dimethylaminopropyl)carbodiimide. In this study, we found that 2-chloro-1-methylpyridinium
iodide (CMPI) is an effective zero-length cross-linker of gelatin, and showed a superior activation ability
of carboxylic acid sodium salt under heterogeneous reaction. The CMPI-CR-GEL films showed high water
uptake ability, reasonable biodegradability, and excellent cytocompatibility. In vitro studies with 3T3
fibroblasts demonstrated an increased cell viability for those cells grown on CMPI-CR-GEL membranes,
and significantly increased cell numbers from Day 1e12. Furthermore, under heterogeneous process, the
gelatin film can fabricate in advance, and maintained the original dimension, thickness, and shape after
cross-link. Meanwhile, the reaction residues can be easy removed by rinsing and washing processes.
These characteristics make the process easily transfer to industrial manufacturing in the future.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Tissue engineering has been applied to various tissues, and
particularly significant progress has been made in the areas of skin,
cartilage, and bone regeneration. Skin tissue engineering provides
a prospective source of advanced therapies for treatment of acute
and chronic skin wounds [1e3]. Scaffolds of natural and synthetic
polymers have been used to facilitate tissue regeneration. The
design concept of skin equivalent is based on existing models
comprising a stratified squamous epithelium grown on a collagen-
containing matrix populated with dermal fibroblasts. It is envis-
aged that the tissue-like character of this construct would generate
a three-dimensional and organotypic culture, demonstrating
correct epithelial differentiation, morphology, and proliferation
rates similar to that found in skin [4]. Certain key factors require
consideration for optimizing the performance of tissue engineering
system [3]. These are biomaterial selection, additional solvent
required for processing, the formulation conditions, and cell type.
The most important key factor in the design of a tissue engineering
delivery system is the choice of an appropriate polymeric excipient
917; fax: þ886 2 26736954.
g).

All rights reserved.
[5,6], which must meet several requirements, including suitable
mechanical properties, biodegradation kinetics, tissue compati-
bility, cell compatibility, cell and nutrition permeability, and ease of
processing. Theoretically, engineering of skin substitutes can allow
deliberate fabrication of biomaterials with properties that address
specific patho-biologic conditions (e.g., burns, scar, cutaneous
ulcers, and congenital anomalies). Collagen is currently one of the
most popular materials for scaffold production in soft tissue repair
and reconstruction such as Apligraf� tissue engineered human skin
equivalent [7]. The disadvantages of collagen are however offset by
possible toxicity caused by residual catalysts, initiators and
unreacted or partially reacted chemical cross-linking agents that
are generally employed to improve stability and mechanical prop-
erties. In here, we developed a cost down material combined with
easy industrial prepared that have the potential to become useful
biomaterials. By design and incorporation of specific therapeutic
factors in skin substitutes, promotion of wound healing and
reduction of morbidity and mortality from large wounds may be
achieved.

Gelatin (GEL) is obtained by a controlled hydrolysis of the
fibrous insoluble protein, collagen, which is widely found in nature
and is themajor component of cartilage, skin, bones and connective
tissue, and constitutes the major part of the extracellular matrices
(ECM). However, gelatin has a relatively low antigenicity because it
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www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.10.060
http://dx.doi.org/10.1016/j.polymer.2010.10.060
http://dx.doi.org/10.1016/j.polymer.2010.10.060


M.-k. Yeh et al. / Polymer 52 (2011) 996e1003 997
is denatured, which is in contrast to the high antigenicity of
collagen due to its direct animal origin. In addition, the biocom-
patible, biodegradable, nontoxic and noncarcinogenic properties of
gelatin has seen wide-ranging applications in the pharmaceutical
and medical fields; for example, in sealants for vascular prostheses,
bone-repairing matrices, wound healing agents and scaffolds for
tissue engineering. Furthermore, gelatin is significantly less
expensive than collagen.

Gelatin hydrogel, film, and sponge quickly hydrate in aqueous
media and rapidly degrade in vivo. Cross-linking gelatin can
improve its mechanical properties, increase stability, and make
gelatin scaffolds insoluble in water. A number of cross-linking
methods have been achieved by adding enzyme such as trans-
glutaminase [8,9] or chemical agents such as fructose [10], dextran
dialdehyde [11], diepoxy [12], formaldehyde [13], glutaraldehyde
[10,13,14], genipin [12,15,16], diisocyanates [17], or carbodiimides
[18]. However, these cross-linking agents may themselves be toxic
chemicals and/or bind to biopolymers during the cross-linking
reaction and subsequently be released into the host as a result of
biodegradation.

Water-soluble 1-ethyl-(3,3-dimethylaminopropyl)carbodiimide
(EDC) has been used as a zero-length cross-linker of biomaterials,
such as gelatin [10,12,19], collagen [20], hyaluronic acid (HA) [21],
heparin [22], collagen-HA [23], collagen-chitosan (CS) [24],
collagen-chondroitin sulfate (ChS) [25], GEL-CS [26], GEL-HA [27],
GEL-alginate [28], GEL-ChS [29], GEL-ChS-HA [30], GEL-CS-HA [31],
and tissues [32]. Theoretically, EDC is a zero-length cross-linker
that will not chemically bind to biopolymers during cross-linking
reactions. However, in our previous report, we found that N-acy-
lurea substitutions were introduced into the HA molecules by
means of an O/N migration mechanism during the EDC cross-
linking procedure [33]. Furthermore, EDC is an expensive and
hygroscopic coupling reagent that must be store at �20 �C, it
rapidly loses its activity in low pH aqueous media and only reacts
with carboxyl groups at a relatively narrow low pH range (3.5e4.5)
[34]. Therefore, it would be helpful to identify other cross-linking
reagents that could be used in place of EDC for bioconjugation in
aqueous media.

The Mukaiyama reagent [35], 2-chloro-1-methylpyridinium
iodide (CMPI), is a room-temperature stable coupling reagent used
for the synthesis of peptides of biological interest, and it has the
following advantages: low toxicity, water soluble, simple reaction
conditions, short reaction time, highyields and is less expensive than
EDC. CMPI was used as the activating reagent of carboxyl group in
the cross-linking reaction of polysaccharide such as HA [36], alginate
[37] or carboxymethylcellulose [38]. However, in those reports, the
reaction only performed on carboxylic acid quaternary ammonium
salt and carried out in organic solvent such as DMF or DMSO under
homogeneous reaction condition. The quaternary ammonium salt
was obtained from carboxylic acid sodium salt via an ion displace-
ment technique by ionic exchange resin [39], and it has to transfer
back to the sodium salt after reaction; the procedure is long-winded
and inconvenient, and the reaction residues were hardly removed
after cross-link. In our laboratory, we found that the CMPI cross-
linking reaction of HA film can perform on carboxylic acid sodium
salt and carried out in aqueous solution under heterogeneous reac-
tion condition [33]. However, there have not been any reports
regarding the use of CMPI in the cross-linking of gelatin films. The
HA (polysaccharide) and gelatin (polypeptide) have quite different
properties, and the cross-linking bonds formed within the HA and
gelatin molecules were ester and amide bonds, respectively. Thus, it
is worthy to investigate the effect of CMPI in the heterogeneously
cross-linking reaction of gelatin film. Furthermore, it is unlike
homogeneous process, as the biomaterials can be fabricated to
different dimensions, thicknesses, shapes and physical forms (such
as films and sponges) in advance, and then cross-linked using the
heterogeneous process without loss of these attributes. Meanwhile,
the reaction residues can be easy removed by rinsing and washing
processes. These characteristics make this process easily transfer to
industrial manufacturing in the future.

In this study, the gelatin membranes were prepared by
impregnation of gelatin film with a cross-linking solution of CMPI
or EDC. The cross-linking characteristics, in vitro biodegradation
rate, 3T3 fibroblasts cell proliferation ability and cytocompatibility
of both CR-GEL films were investigated and compared.

2. Experimental section

2.1. Materials

Gelatin (from porcine skin) was purchased from Fluka (Buchs,
Switzerland). 1-Ethyl-(3, 3-dimethylaminopropyl)carbodiimide
hydrochloride (EDC), hydrindantin, triethylamine, glutaraldehyde,
hexamethyl-disilazane (HMDS), fetal bovine serum, collagenase type
I, collagenase type IV (from Clostridium histolyticum), and 2-Chloro-
1-methylpyridinium iodide (CMPI) were obtained from Sigmae
Aldrich (St. Louis, MO, USA). Ninhydrin, acetone, ethanol, and
dimethylsulfoxide (DMSO) were commercially available from Merck
(Darmstadt, Germany). Dulbecco’s Modified EagleMedium (DMEM),
antibiotics solution (100 IU/ml penicillin and 100 mg/ml strepto-
mycin), trypsin-EDTA solution, and phosphate-buffer saline (PBS, pH
7.4) were purchased from Gibco BRL (Grand Island, NY, USA).
Monoclonal mouse anti-human beta-actin antibody (1:1000) and
fluorescein (FITC)-conjugated goat anti-mouse IgG (1:200) were
purchased from Novus Biologicals (Littleton, CO, USA) and Jackson
Immuno Research Laboratories (West Grove, PA, USA), respectively.

2.2. Heterogeneous cross-linking of gelatin films with CMPI or EDC

A total of 2 wt% of gelatin solutionwas prepared from the gelatin
powder using milli-Q water at 45e50 �C. Then, 30 g of gelatin
solutionwas poured into a polystyrene Petri dish (inner diameter of
8.6 cm). The cast solution was allowed to air dry within Laminar
flow hood at room temperature for 2 days; then the filmwas peeled
off (0.1 mm thick) carefully and dried in vacuo (<0.1 mmHg) over
8 h, and stored in electric desiccators before further use.

Gelatin films were weighed and directly immersed in an 80%
aqueous acetone solution containing 10 mM CMPI (presence of
Et3N; molar ratio of Et3N/CMPI ¼ 1:1) or EDC (absence of Et3N) at
a range of 0.133e2 mmol cross-linking reagent per gram of gelatin.
The films were then shaken at room temperature for 24 h. The CR-
GEL films were washed with 80% aqueous acetone solution
(3 � 50 ml) and acetone (20 ml), and then placed between two
pieces of filter paper to flatten them out. The films were dried for
24 h at room temperature under reduced pressure (<0.1 mmHg)
and stored in electric desiccators before further use.

2.3. Measurement of the water content

CR-GEL films with a known weight were immersed in PBS (pH
7.4) at room temperature for 4 h and then placed between two
pieces of filter paper to wipe off the excess water. The swollen films
were weighed, followed by drying under reduced pressure
(<0.1 mmHg) at room temperature for 24 h, and then weighed
again to calculate their water content by the following equation (1):

Water content ð%Þ ¼ ½ðWs�WdÞ=Ws� � 100 (1)

where Ws is the weight of swollen films and Wd is the weight of
dried films.
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room temperature for 24 h.
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2.4. Determination of the degree of cross-linking by
ninhydrin assay

The ninhydrin solution was prepared as described by Moore
[40]. Briefly, ninhydrin (2 g) and hydrindantin (0.3 g) were dis-
solved in 75 ml DMSO under a stream of nitrogen gas. After adding
25 ml lithium acetate buffer (4 N, pH 5.2), the resulting dark red
solution was further bubbled with nitrogen for at least 2 min,
sealed and stored in a refrigerator (4 �C). Fresh ninhydrin solution
was prepared each day. Subsequently, about 1 mg of CR-GEL film in
1 ml of water and ninhydrin solution (1 ml) was put in a screw-
capped sample vial and then heated in a boiling water bath for
30 min. After heating, the vials were immediately cooled to room
temperature in a cold water bath. Then, 5 ml of 50% aqueous
ethanol was added to each vial and thoroughlymixed with a Vortex
mixer for 20 s. The optical absorbance of the solution was recorded
on a spectrophotometer (CT-8200; ChromTech, Singapore) at
570 nm. Gelatin at various known concentrations (2, 1, 0.5, 0.25,
0.125 and 0 mg/ml) served as the standard. Linear regression was
performed with commercial statistical software on a personal
computer. The amount of free 3-amino groups in the residual
gelatin was proportional to the optical absorbance of the solution.
The extent of cross-linking was defined as:

Cross� linking degree ð%Þ ¼ ð1� NHt=NH0Þ � 100 (2)

where NH0 is the amount of free amino groups in the gelatin before
cross-linking and NHt is the amount of free amino groups after
cross-linking.

2.5. In vitro degradation of CR-GEL films

Pieces of CR-GEL film with known dry weights were immersed
in PBS Collagenase (type IV, 60 mg/ml) solution at a sample
concentration of 2 mg of CR-GEL film per milliliter of medium, and
then the percentage of weight remaining was determined at 37 �C.
The enzyme medium was changed every 7 days. At the pre-
determined intervals, the swollen films were taken out and washed
twice with excess milli-Q water. The swollen films were dried
under vacuum (<0.1mmHg) at room temperature for 24 h and then
weighed again to determine the percentage of weight remaining
based on equation (3).

Weight remaining ð%Þ ¼ Wr=Wo� 100 (3)

whereWo is theweight before degradation andWr is the remaining
weight after degradation.

2.6. Cell culture

Fibroblasts used in this study were isolated from human dermis
by collagenase (type I) digestion [41,42]. Briefly, the epidermis and
subcutaneous tissue of human skin were removed using a scalpel.
The residual dermis was diced into 0.5e1 mm sized tissues and
washed three times with PBS (pH 7.4) supplemented with 1%
antibiotic solution (100 IU/ml penicillin and 100 mg/ml strepto-
mycin). These dermis pieces were then placed in a spinner flask
containing 10 ml of 1 mg/ml collagenase (type I) in Dulbecco’s
modified Eagle medium (DMEM) supplemented with 1% antibiotic
solution. After digestion in an incubator (37 �C, 5% CO2) for 5 h, the
digestion was discontinued by addition of commercial DMEM
supplemented with 10% fetal bovine serum and 1% antibiotic
solution (complete medium). The digested solution was filtered
through a copper mesh (cell strainer, 200 mesh) and then centri-
fuged at 1000 rpm for 10min. The cell suspensions were cultured at
37 �C with 5% CO2, and 95% humidity in complete medium. The
culture medium was changed every 3 days. Cells were passaged at
confluence, and the 4e8th passage fibroblasts were used for the
seeding.
2.7. Cell adhesion

For cell adhesion studies, human fibroblasts were seeded in 4ml
glass shell vials containing square sheets (1 cm [w] � 1 cm [l]) of
CR-GEL membranes at a density of 4.0 � 104 cells/vial. Cells were
cultured in complete medium, which was changed every 12 h, for
12 days. Cells were also seeded in 24-well plastic tissue culture
plates as controls. All the materials used were sterilized in advance
by immersion in 70% ethanol for 4 h.

At Day 4 and 10, cells were labeled with a monoclonal mouse
anti-human beta-actin antibody (1:1000) and fluorescein (FITC)-
conjugated goat anti-mouse IgG secondary antibody (1:200) to
visualize cell nuclei and F-actin filaments, respectively. Then,
samples were then prepared on glass slides. GFP fluorescence was
visualized using an inverted fluorescence microscope (TE 2000-U;
Nikon, Tokyo, Japan) equipped with a GFP filter cube. GFP images
were used to quantify the total cell area using NIH ImageJ software.

Total cell numbers were quantified at Day 1, 4, 7, 10, and 12
(mean � SE) to enable construction of cell growth curves. Each
substrate with its attached cells was washed in sterile PBS, and the
CR-GEL membrane samples were transferred to 24-well plates. Cell
detachment was performed by adding 0.25% trypsin in EDTA
solution (0.5 ml) to each sample well and incubating at 37 �C for
3 min. Trypsin was inactivated by adding fibroblast culture
medium. Cell detachment from the CR-GEL film was assisted by
aspiration, and cells were counted using a Weber’s haemocy-
tometer. Samples of each substrate typewere seeded in triplicate to
obtain each time point measurement.
2.8. Cell encapsulation

3T3 fibroblasts were trypsinized and resuspended in a CR-GEL
membrane containing 0.5% (w/v) photoinitiator at a concentration
of 4.0 � 104 cells/vial. The glass slides containing membranes were
washed with PBS and incubated for 8 h in 3T3 medium under
standard culture conditions. A LIVE/DEAD Viability/Cytotoxicity Kit
(Invitrogen, Carlsbad, CA, USA) was used to quantify cell viability on
the membranes according to the manufacturer’s instructions.
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2.9. Morphology

The morphology of fibroblasts attached on membranes after 4
and 7 days in cell culture was examined via scanning electron
microscopy (SEM) using a Hitachi S-3000N microscope (Hitachi,
Tokyo, Japan). The culture media was removed, and the samples
were rinsed briefly with PBS before fixing the cells by addition of
2.5% glutaraldehyde in PBS for 30 min. The cells were then washed
with 0.1 M sodium cacodylate buffer and dehydrated in a series of
ethanol dilutions (20e100%) for 10min per dilution. Themembrane
samples with attached cells were dried overnight in hexamethyl-
disilazane (HMDS), attached to aluminum SEM stubs using carbon
tabs, and sputter coated with gold prior to examination.
2.10. Statistical analysis

Data were analyzed using the ANOVA two-factor with replica-
tion test and variances were further investigated using the Student
NewmaneKeuls test. Data are shown as mean� SE (standard error)
where sample numbers (n) were not less than three. Statistical
significance was accepted when the p value was less than 0.05
(p < 0.05).
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3. Results and discussion

3.1. Cross-linking of gelatin films under heterogeneous reaction
condition

In the present study, the gelatin films were cross-linked with
different volumes of either CMPI or EDC solution at room temper-
ature using the film immersion method. It is known that both CMPI
and EDC easily lose their activity in aqueous solution. In order to
prevent CMPI and EDC deactivation and to prevent the gelatin films
from dissolving during the overnight reaction period, this hetero-
geneous reaction must be carried out in an aqueous organic solu-
tion. Results showed that just 10mM of CMPI or EDC in an 80% (v/v)
aqueous acetone or an 80% (v/v) aqueous ethanol solution was
enough to obtainwater-insoluble CR-GELmembranes. According to
a previous report [27], in the case of a homogeneous reaction in
which the EDC solution is directly added to the reaction solution, at
least 20 wt% of EDC is required to obtain an insoluble GEL-HA
sponge. Furthermore, the cross-linking reaction carried out in
aqueous acetone demonstrated a better efficiency than that in
aqueous ethanol (data not shown).
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Fig. 5. Photomicrographs of cell adhesion, proliferation and migration on EDC-CR-GEL (A), and CMPI-CR-GEL (B) membrane surfaces cultured in vitro at 37 �C for 4 and 10 days.

M.-k. Yeh et al. / Polymer 52 (2011) 996e10031000
Both CMPI and EDC are useful reagents for carboxyl group acti-
vation. The intra- or intermolecular cross-linking reaction via amide
bond formation occurred between the carboxyl group of glutamic
acid or aspartic acid residues and the 3-amino group of lysine resi-
dues within the same or different gelatin molecules, respectively.
The quantity of amide bonds formation after cross-linking is difficult
to observe directly using spectrometry methods. Thus, the extent of
cross-linking of the gelatin film must be evaluated using indirect
measurements, such as the content of free amino groups, the ability
to take up water, and the in vitro enzymatic degradation rate.
Furthermore, it is hard to estimate the percentage of glutamic acid
and aspartic acid residues in gelatin, thus we used molar ratios of
cross-linking reagents based on the weight of the gelatin film rather
than equivalents based on the carboxyl functional groups in the
following quantitative determination.
3.2. Degree of cross-linking of gelatin films

The extent of cross-linking was determined by monitoring of
change in the free 3-amino group content in the test CR-GEL film
using the ninhydrin assay. Ninhydrin (2,2-dihydroxy-1,3-indan-
dione) is a well-know, widely used chemical for the colorimetric
determination of amino acids. Ninhydrin is reduced in the presence
of free amino groups to produce an aldehyde and carbon dioxide via
a three-step reaction. The used of ninhydrin depends on the
formation of a purple color (Ruhemann’s purple) with amine
functionality.

Fig. 1 shows the relationships between the degrees of cross-
linking of the CR-GEL films with different molar ratios of zero-length
cross-linkers. The result indicated that the extent of cross-linking of
the films was affected by the amount of CMPI or EDC. The degree of
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cross-linking increased with the molar ratio of CMPI and EDC up to
a maximum value of about 61.9% and 68.8%, respectively. This
tendency reflected the fact that the remnants of free amino groups in
the CR-GEL film reached a plateau. According to the cross-linking
mechanism, carboxyl group activation reagents have different cross-
linking types compared to bi-functional cross-linkers. In the case of
carboxyl group activation reagents, the cross-linking bridge occurs
between the carboxyl group and the amino group, with each cross-
linking bridge consuming only one free amino group. However, in
the case of bi-functional cross-linkers, each cross-linking bridge
consumes two free amino groups. Thus, when using the ninhydrin
assay as a measurement method, the gelatin film cross-linked with
CMPI or EDC would have twice the cross-linking bridge density
compared to those cross-linkedwith bi-functional cross-linkers with
the same degree of cross-linking. Since, no spacer is introduced for
amide-bond-type cross-linking, zero-length cross-linkers may form
intramolecular cross-links within a gelatin molecule or short-range
intermolecular cross-links between two adjacent gelatin molecules.
The consumption of the free amino groups in the gelatinmolecules is
limited, thus the maximum degree of cross-linking of the CR-GEL
film is constant and independent of the type of zero-length cross-
linkers used. In fact, the degree of cross-linking of the insoluble CR-
GEL films measured by the ninhydrin assay was higher than the
actual degree of cross-linking; this is because only the free amino
groups on the surface of the gelatin film could reduce ninhydrin. The
different maximum degrees of cross-linking between the CMPI-CR-
GEL (61.9%) and EDC-CR-GEL (68.8%) films might have been influ-
enced by difference in the surface area of the gelatin films, as the
gelatin films had different thickness and were shrunk at different
ratios during the cross-linking process depending on the type and
the amount of the cross-linkers used.

3.3. Water uptake ability of CR-GEL films

The water uptake ability of the gelatin film is a function of the
percentageof theoretical cross-linking.Highlycross-linkedfilmtends
to show lower water uptake since the highly cross-linked structure
could not sustain muchwater within their network structure. All the
CR-GEL films were saturated within 4 h (data not shown). After
immersed inPBS (pH7.4) for 4 h, the dependenceofwater contents of
CR-GEL films on the molar ratio of CR-GEL films is shown in Fig. 2.
Apparently, it showed the tendency toward the decreasing water
uptake ability with the increase in molar ratios of cross-linking
reagents. EDC-CR-GELfilmshadmuchmorewatercontentdecreasing
(29.7%) than CMPI (23.1%) at the range of 0.133 and 2 mmol. As our
previous mentioned, the cross-linking degree of gelatin reached the
maximumvalue at 2mmol ofmolar ratio of CMPI and EDC. However,
the lowest water content of the EDC-CR-GEL film (44.3%) was much
lower than the CMPI-CR-GEL film (57.5%). This phenomenon can be
explainedby thedifferent cross-linking reactionmechanismsofCMPI
andEDC (Fig. 3). EDC reactswith a carboxyl group to formanunstable
intermediate O-acylurea under acidic conditions, after which the
nearby free amino group acts as a nucleophile undergoing a substi-
tution reaction and generating an amide bond. However, because of
a steric effect, not all O-acylurea can react with an amino group to
forman amide bond, thus it rearranges to forma stableN-acylurea by
means of an O/N migration mechanism. In contrast, the interme-
diate obtained from the reaction between a carboxyl group and CMPI
shows a relatively high reactivity and stability. It reacts with a nearby
free amino group of the same or differentmolecule of gelatin to form
aninter-or intramolecularcross-link, and theunreacted intermediate
can hydrolyze back to the carboxylic acid without introducing any
hydrophobic substituent during the cross-linking process. The
introduced of a hydrophobic N-acylurea substituent certainly
reduced the water uptake ability of the EDC-CR-GEL film. This is the
reasonwhy the lowestwater content of EDC-CR-GELfilm (44.3%)was
much lower than CMPI-CR-GEL film (57.5%) at cross-linking satura-
tion. This is also evidence indicating that an N-acylurea substituent
was introduced to the gelatin molecule during the EDC cross-linking
process.

The water-soluble EDC was also used in the fixation of bio-
prosthetic tissue, such as heart valve [43]. Since gelatin is the
primary structure of collagen, thus using EDC as cross-linking
reagent may also introduce large quantities of hydrophobic
N-acylurea substituent to the collagen molecules within the tissue.
This phenomenon may change the molecular structure and dis-
torted the conformation of the collagen molecules, and causing the
EDC fixed tissue to lose its water uptake ability, biodegradability
and cytocompatibility. Furthermore, there is some possibility that
this hydrophobic N-acylurea substituent may themselves be cyto-
toxic chemicals and subsequently be released into the host as
a result of biodegradation. Apparently, using CMPI in place of EDC
in the fixation of bioprosthetic tissue may avoid the disadvantage
and the risk caused by EDC.

3.4. In vitro enzymatic stability of CR-GEL films

Bacterial collagenase from C. histolyticum was selected as the
enzyme for our in vitro degradation studies. It is reported that
bacterial collagenase, a specific protease, splits gelatin and collagen
molecules into small water-soluble fragments between X and Gly in
the Pro-X-Gly-Pro-X sequence. The in vitro degradation profiles of
the CR-GEL films in PBS collagenase solution (60 mg/ml, pH 7.4) at
37 �C are shown in Fig. 4. The degradation behavior of the CR-GEL
film is quite different with the CR-HA film as our previous report
[33]. It can be seen that the CMPI-CR-GEL films had much higher
degradation rates in the PBS collagenase solution than the EDC-CR-
GEL films. The gelatin films cross-linked with less than 0.4 mmol of
CMPI were fully digested within 4 days, and remained only 19% of
its initial weight at day 28 in the case of 2 mmol of CMPI used.
However, the gelatin films cross-linked with more than 1 mmol of
EDC remained over 90% of their initial weight from day 1 to day 35.
Furthermore, additional degradation of all EDC-CR-GEL films was
mostly absent after 14 days of incubation. The enzymatic degra-
dation rate of CR-GEL films may be influence by two factors: the
degree of cross-linking and the bioavailability of the enzyme. Fig. 1
shows that there were similar degrees of cross-linking of the CR-
GEL films formed using the same molar ratios of CMPI and EDC.



Fig. 7. Characterization of embedded 3T3 fibroblasts behavior in EDC-CR-GEL (A) or CMPI-CR-GEL (B) film. Macroscopic images of cell morphology were stained with calcein-AM
(live: green)/ethidium homodimer (death: red) LIVE/DEAD assay 24 h after encapsulation.
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Thus, the different degradation behaviors between CMPI- and EDC-
CR-GEL films were not affected by their degree of cross-linking.
Therefore, the limited degradation of EDC-CR-GEL films was likely
due to the introduction of the hydrophobic N-acylurea substituent,
which changed the conformation of the cleavage site and pro-
hibited its availability to collagenase.

3.5. Interaction of 3T3 fibroblasts with CR-GEL films

The ability to bind to scaffold materials is essential for cell
survival and function in engineered tissues. Cell infiltration and
proliferation are crucial for a scaffold to support and guide tissue
Fig. 8. SEM images for spread of 3T3 fibroblasts of the EDC-CR-GEL membrane (
regeneration. Therefore, the 3T3 fibroblasts adhesion on CMPI- and
EDC-CR-GEL membrane surfaces are shown in Fig. 5, and the
proliferation rates are shown in Fig. 6. Fig. 5 presents the images of
human fibroblasts cultured for 4 and 10 days in the EDC-CR-GEL (A)
andCMPI-CR-GEL (B)membranes. Exploiting the photomicrographs
sequential scanningmode, a large number of fibroblasts were easily
distinguished from the membranes (Fig. 5-I). The merged image
(Fig. 5-III) revealed that thefibroblasts tightly adhered to the surface
of membrane with a typical shuttle-like morphology. Cells on the
EDC- or CMPI-CR-GEL surfaces elongated, migrated, and aggregated
with surrounding cells forming branched and interconnected
multicellular networks byDay 4. After 7 days in culture, cells readily
A), and the CMPI-CR-GEL membrane (B), after 4 and 7 days culture in vitro.
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elongated and migrated in all CR-GEL membranes. Moreover, in
CMPI-CR-GEL membranes, more cells elongated, migrated and
formed interconnected networks with neighboring cells compared
to the EDC-CR-GEL membranes. Cell proliferation was determined
over time as an additionalmeasure of cell compatibility (Fig. 6). Both
EDC- and CMPI-CR-GEL membranes demonstrated significantly
increased cell numbers over 4 days, increasing at least 2- or 3-fold
over this time period, and cell numbers steadily rose fromDay 1e12.
As determined within the first 10 days, there were no significant
differences in the cell number, the measurements being within the
range of standard error. However, significant differences (p < 0.05)
in overall cell numbersbetweenEDC- andCMPI-CR-GELmembranes
were seen by Day 12.

Viability of 3T3 cells after encapsulation in CMPI-CR-GEL
membranes for 24 hwas clearly higher than that in the EDC-CR-GEL
membranes (Fig. 7). General losses in viability may occur due to
encapsulation stress, nutrient limitations, drying during processing
or stress due to transient swelling after placement in media.
However, potential cytotoxicity of the EDC-CR-GEL and CMPI-CR-
GEL membranes was not evident.

Adhesion of 3T3 fibroblasts on the CR-GEL membranes was
observedbySEMatDay4and7after cell seeding (Fig. 8). TheEDC-and
CMPI-CR-GEL scaffolds exhibited smoothly surface microstructure
andnoobviouslyporeswereobserved. The3T3fibroblasts adheredon
the membrane surface, and exhibited flattened and uniformly
morphology. The overall cellular morphology appeared to be largely
single cell-widthnetworkson theCR-GELmembranes,with anoverall
width of 20 mm and length of 100 mm. The CMPI-CR-GEL membrane
was apparent indicating effective cellesubstrate binding. SEM images
revealed roundedfibroblasts in contactwithCMPI-CR-GELmembrane
surfaces at Day 4 and spread cells at Day 7(Fig. 8B).

Many of the currently available tissue engineering membranes
suffer from poor mechanical properties, cell binding and viability,
or the inability to control the microarchitecture. Native ECM
molecules, such as gelatin, can be used to create cell-laden micro-
gels, however, the ability to create lasting micropatterns is limited,
typically due to insufficient mechanical robustness. CMPI-CR-GEL
membranes had strong mechanical and degradation properties
demonstrated significant cell adhesion, and had excellent encap-
sulated cell viability. These features greatly enhanced the ability of
the cells to proliferate, elongate, migrate, and organize into higher-
order structures. These results indicated that the CMPI-CR-GEL
scaffold retained the original cytocompatibility of gelatin. Potential
cytotoxicity of CMPI was not evidenced in these experiments, as all
the in vitro results indicated that the CMPI-CR-GELmembranes had
good biocompatibility. Further study of the tissue response to these
membranes in vivo is thus warranted.

4. Conclusions

The water-soluble EDC was used plentifully as a zero-length
cross-linker of biomaterials such as proteins and polysaccharides.
Theoretically, residue from the reagent is not introduced during the
EDC cross-linking reaction; in fact, large quantities of hydrophobic
N-acylurea substituents were introduced into carboxyl groups of
the biomaterial. This phenomenon may have changed the molec-
ular structure and distorted the conformation of biomaterial, thus,
causing the EDC cross-linked biomaterials to lose its water uptake
ability, biodegradability and biocompatibility.

In this study, we using CMPI in placed of EDC as a zero-length
cross-linker of gelatin film. The obtained results indicated that CMPI
showed comparable cross-linking ability with EDC and without
introductionofanyhydrophobic substituent.Moreover, theCMPI-CR-
GEL films showed an increased water uptake ability, cell support
ability and cytocompatability compared with the EDC-CR-GEL films.
The study of the thermal andmechanical properties of CMPI-CR-GEL
films and the use of CMPI as a cross-linking reagent in other bioma-
terials and composites are currently in progress in our laboratory.
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A hyperbranched organiceinorganic hybrid benzoxazine monomer based on cyclotriphosphazene (CP)
has been synthesized, which possesses six organic benzoxazine moieties distributed on the inorganic
ring of CP. The high molecular weight (1491 g/mol) monomer showed excellent solubility in common
organic solvents. Fourier transform infrared spectroscopy (FT-IR) and differential scanning calorimetry
(DSC) were used to study the thermal ring-opening polymerization reaction of the novel benzoxazine
monomer. FT-IR spectrum implied that the characteristic absorption peaks of the benzoxazine ring
disappeared completely after curing at 240 �C for 1 h, which illustrated that the completion of poly-
merization reaction. DSC plots indicated that the melting point of the new monomer was 77 �C and an
exothermic peak was 225 �C owing to the ring-opening polymerization of the monomer. Due to its highly
steric crosslinking structure with rigid and thermal stable inorganic CP as the core, the polybenzoxazine
based on the new monomer showed excellent thermal stability and mechanic properties. The char yield
of the polymer at 850 �C was 66.9% in nitrogen, and the Tg of the polybenzoxazine was 152 �C.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Recently, there has been an increasing interest in design and
preparation of polybenzoxazine because thematerials are developed
class of high-performance thermosetting resins instead of common
phenoliceformaldehyde resin in high-tech field. These thermoset-
ting resins not only possess all the advantages of traditional phenolic
resins such as excellent mechanical and thermal properties, but also
have unique advantages of near-zero shrinkage upon curing, thermal
andflameretardant, lowwaterabsorptionandremarkablemolecular
designflexibility [1]. Furthermore, thepolybenzoxazine resins canbe
easily gained from corresponding monomers under heat polymeri-
zation with or without catalyst, and the corresponding monomers
can be conveniently generated by the Mannich condensation reac-
tion of phenol, formaldehyde, and primary amine [2].

However, there are also several shortcomings that limit the
application of common polybenzoxazine resins, such as high
polymerization temperature, difficulty in processing and poor
mechanic strength (low toughness) [3] and low-level flame retar-
dant. To properly solve these problems and overcome the
encountering disadvantages, lots of researchers have attempted
x: þ86 27 87543632.
).

All rights reserved.
many methods. Generally, the methodologies can be summarized
in three approaches:

(i) Blending with other high-performance polymers or filling
with inorganic materials. Rubber [4], polycarbonate [5], poly
(3-caprolactone) [6], polyurethane [7], epoxy [8] and other
polymers were blended with the benzoxazine resins to
improve the mechanic and thermal properties. Phosphorus-
containing resin [9,10], clay [11] and magnetic Fe3O4 [12] were
added to polybenzoxazine to modify flame retardant and
thermal stability, or to prepare functional materials.

(ii) Synthesis of newpolymeric precursors. Therewere threemodes:
(a) Main-chain precursors: Liu [13] and Ishida reported the
concept of oligomeric benzoxazine resins where oxazine rings
were in the main chain. Pedro and his copartners [14] synthe-
sized a series of highlyfluorinatedmain chainpolybenzoxazines.
Commonly, high molecular weight polybenzoxazine precursors
weremostly synthesized fromaromatic or aliphatic diamine and
bisphenol with paraformaldehyde; (b) Side-chain precursors:
Side-chain polymer strategy was a way to incorporate benzox-
azinemoieties intoapolymerbackbone toachieveahighlydense
network, “click reaction” was the most popular routine to ach-
ieve this aim [15e17]. Using this method, benzoxazine groups
were grafted to PVC, polystyrene, polybutadiene; (c) Cross-link-
able telechelic polymers with benzoxazinemoieties at the chain

mailto:liukui@mail.hust.edu.cn
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.003
http://dx.doi.org/10.1016/j.polymer.2011.01.003
http://dx.doi.org/10.1016/j.polymer.2011.01.003


Fig. 1. The structures of HPP, BOz, CB1, CB2 and CB3.
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end [18,19]. These three kinds of polymeric precursors with
benzoxazine moieties were allowed later crosslinking for
dimensional stability, chemical resistance, and high-tempera-
ture stability.

(iii) Design and synthesis of new benzoxazine monomers with
additional functionality. One strategy was introducing addi-
tional polymerizable groups into benzoxazine, such as nitrile
[20], acetylene [21], propargyl [22], allyl [23],maleimide [24] or
epoxy [25] functionalities. This approach allowed increasing
crosslinkingdensityandminimizingdangling side groups, thus
leading to improving toughness and thermal properties.
Another strategy was introducing self-catalyst groups into
benzoxazine. Carboxylic acid [26], oxyalcohol [27] and primary
amine [28] functional groups were connected to benzoxazine
to lower the polymerization temperature. Furthermore, the
effect of different substituted groups on polymerization
temperature and thermal stability of polybenzoxazine were
also investigated in-depth [29].

Among the mentioned above the three methods to improve the
performance of polybenzoxazine, designing new benzoxazine
monomer is a more attractive approach to overcome the short-
comings of traditional polybenzoxazine. By now, although most of
benzoxazine monomers consisted of organic element only, more
and more attention has been paid to design and synthesis of inor-
ganic heteroatom-containing benzoxazine monomer [30e35].
Cyclotriphosphazene (CP) derivatives are typical classes of organ-
iceinorganic compounds with a planar non-delocalized cyclic ring
consisting of alternating N and P atoms. Six functional groups can
be attached onto a CP ring and the groups are normally projected
above and below the CP plane due to steric hindrance [36e38].
Because of the versatility of cyclotriphosphazene chemistry, the CP
ring of high stability and biocompatibility allows a wide range of
functional groups to be attached onto CP. Highly branched
conductive polyaniline with high electrochromic contrast based on
CP [39], star-branched polymers with CP cores [40], catalysts of
transition metal ionic compounds based on CP [41], CP conjugates
with varied properties in vitro [42] and flame-retardant CP-con-
taining polyurethanes [43] were prepared through different
methods. By introducing the CP units into the polymers or com-
pounds, the corresponding hybrid materials were endowed with
thermal stability and environment-friendly flame-retardant prop-
erties or other functionalities.

In current study, a star-like benzoxazine monomer based on CP
has been synthesized, and the new benzoxazine monomer
possesses six benzoxazine moieties substituted onto CP ring. The
new hyperbranched benzoxazine monomer underwent ring-
opening polymerization with or without catalysts to produce
highly dimensional crosslinking structure with rigidly inorganic CP
as the core. The structure of the new monomer was confirmed by
1H NMR, 13C NMR, 31P NMR and elemental analysis. Fourier trans-
form infrared spectroscopy (FT-IR) and differential scanning calo-
rimetry (DSC) were used to study the thermal ring-opening
polymerization reaction of the monomer; the thermal property and
mechanic performance of the thermoset polymer were also eval-
uated by thermal gravimetric analyzer and dynamic mechanical
thermal analysis (DMA), respectively.

2. Experimental

2.1. Materials

4-acetamidophenol (98%) was purchased from Alfa Aesar
Reagent Co., Ltd., USA. Salicylaldehyde (�98%), sodium borohydride
(96%), paraformaldehyde (95%), phenol, p-hydroxylbenzoic acid
(�99%), p-aminobenzoic acid (�99%), sodium hydroxide (�96%),
and potassium carbonate were all gained from Sinopharm Chem-
ical Reagent Co., Ltd., China. Hexachlorocyclotriphosphazene
(synthesized as described in the literature [44]) was recrystallized
from dry hexane followed by sublimation (60 �C, 0.05mmHg) twice
before use (mp 112.5e113.0 �C). Hexaphenoxycyclotriphosphazene
(HPP) was prepared according to the report [45]. All solvents were
purified by standard procedures.

2.2. Measurements

Thestructureof the compoundwasverifiedbyproton (1H), carbon
(13C) andphosphorus (31P) nuclearmagnetic resonance spectroscopy
(NMR)usingBrukerAV400NMRspectrometer at proton frequencyof
400 MHz as well as the corresponding carbon and phosphorus
frequencies at room temperature using deuterated solvents as the
solvent. Signals were averaged from 256 transients for 1H NMR and
31P NMR, and 1024 transients for 13C NMR to yield spectra with
sufficient signal-to-noise ratio. Thermal transitions were monitored
with a differential scanning calorimeter (DSC), Model 204F1 from
NETZSCH Instruments, and scan rate of 10 �C/min over a temperature
range of 30e300 �C andnitrogenflow rate of 20mL/minwere used in
DSC experiments. Thermogravimetric analysis (TGA) was performed
with a NETZSCH Instruments’ High Resolution STA 409PC thermog-
ravimetric analyzer that was purged with nitrogen at a flow rate of
70mL/min. A heating rate of 20 �C/minwas used and scanning range
was from 40 �C to 850 �C. Infrared spectra were recorded using
a Bruker VERTEX 70 Fourier transform infrared spectrometer (FT-IR)
with a heating device. Elemental analysis was carried out on
a German Vario Micro cube microanalyzer. Mechanical properties
weremeasured using a dynamicmechanical thermal analysis (DMA)
apparatus (PerkinElmer, Diamond DMA). Specimens (50 � 10 �
1.0mm)were tested in3pointbendingmode.The thermal transitions
were studied in the scope of 20e200 �C at a heating rate of 4 �C/min
and at a fixed frequency of 1 Hz.

2.3. Synthesis of [N3P3(OC6H4{NHC(O)CH3}-4)6] (I)

This compound was synthesized as reported [46]. White crystal,
Yield: 91%, MP. 252e255 �C 1H NMR (DMSO-d6, TMS, ppm): 9.92
(1H, eNH), 6.79e7.45(4H, dd, AreH), 2.04(3H, eCH3). 13C NMR
(DMSO-d6, TMS, ppm): 168.0(C]O), 144.9(CeO), 136.4(CeN), 120.5
(CH), 119.9(CH), 23.8(CH3). 31P NMR (DMSO-d6, ppm): 9.18.

2.4. Synthesis of [N3P3(OC6H4{NH2}-4)6] (II)

The compoundwas synthesized as reported [46]. White powder,
yield: 80%, MP. 172e174 �C 1H NMR (DMSO-d6, TMS, ppm):



Scheme 1. Synthesis of highly branched benzoxazine HBOz.
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6.41e6.52(4H, dd, AreH), 4.91(2H, AreNH2). 13C NMR (DMSO-d6,
TMS, ppm): 145.3(CeN),140.5(CeO),120.6(CH),113.9(CH). 31P NMR
(DMSO-d6, ppm): 10.67.

2.5. Synthesis of [N3P3(OC6H4{NCHC6H4(2-OH)}-4)6] (III)

A solution of salicylaldehyde (18.3 g, 149.9 mmol) in ethanol
(50 mL) was added to a solution of II (16.3 g, 20.8 mmol) in ethanol
(200 mL) under argon atmosphere, and the mixture was refluxed
under vigorous stirring for 24 h. The resulting yellow solid
(compound III) was filtered off and washed with a large excess of
water, ethanol (3�5mL), andhexane (3�5mL) anddried invacuum
at 40 �C for 48 h. Yield: 27.5 g (96%),MP.152e154 �C 1HNMR (DMSO-
d6, TMS, ppm): 12.88(1H, CH]N), 8.84(1H, HOeAr), 6.86e7.49(8H,
AreH). 13C NMR (DMSO-d6, TMS, ppm): 164.5(CeOH), 161.3(C]N),
149.6(CeO),146.5(CeN),134.4(CH),133.7(CH),123.8(CH),122.6(CH),
120.3(C), 120.2(CH), 117.7(CH). 31P NMR (DMSO-d6, ppm): 9.12.
Elemental analysis Calcd. (%) for C78H60N9O12P3: C, 66.52; H, 4.29; N,
8.95. Found: C, 65.46; H, 4.33; N, 9.00.

2.6. Synthesis of [N3P3(OC6H4{NHCH2C6H4(2-OH)}-4)6] (IV)

Sodium borohydride (1.8 g, 46.1 mmol) was added to a solution
of III (18 g, 12.8 mmol) in 150 mL tetrahydrofuran (THF) in small
portionwhile stirring. After reaction at 25 �C for 12 h, 100 mL water
was added to the solution, and the mixture was stirred at 25 �C for
another 12 h. Then the solution was evaporated under reduced
pressure to remove the organic solvent, the resulting solid was
extracted with CH2Cl2, washed with water, dried over anhydrous
Na2SO4, concentrated and precipitated in petroleum ether. Pale



Fig. 2. 1H NMR spectrum of HBOz (solvent: CDCl3). Fig. 4. 31P NMR spectrum of HBOz (solvent: CDCl3).
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powder was gained, and dried in vacuum at 40 �C for 48 h. Yield:
16.3 g (90%), MP. 154e156 �C 1H NMR (Acetone-d6, TMS, ppm): 9.50
(1H, HOeAr), 6.41e7.17(8H, AreH), 5.78(1H, NH), 4.14e4.16(2H,
CH2). 13C NMR (Acetone-d6, TMS, ppm): 155.9(CeOH), 146.8(CeN),
134.9(CeO), 129.2(CeCH2), 128.3(CH), 126.4(CH), 121.8(CH), 119.6
(CH), 115.7(CH), 113.2(CH), 42.8(CH2). 31P NMR (Acetone-d6, ppm):
10.62. Elemental analysis Calcd. (%) for C78H72N9O12P3: C, 65.96; H,
5.11; N, 8.88. Found: C, 65.78; H, 5.06; N, 8.88.

2.7. Synthesis of [N3P3(OC6H4{NCH2CH2C6H4(2-O)}-4)6] (HBOz)

A solution of IV (10.0 g, 7.0 mmol) and paraformaldehyde (1.9 g,
63.4 mmol) in 150 mL 1,4-dioxane was stirred at 100 �C for 4 days
under an argon atmosphere. Then the solution was evaporated
under reduced pressure to remove the organic solvent, the result-
ing solid was dissolved in CH2Cl2, and washed with diluted solution
of sodium hydroxide. The organic layer was collected, dried over
anhydrous Na2SO4, concentrated and then precipitated in petro-
leum ether. A light yellow powder was collected, dried in vacuum at
40 �C for 48 h. Yield: 9.9 g (95%), MP. 75e77 �C.

2.8. Synthesis of C6H4NCH2CH2C6H4(2-O) (BOz), (4-COOH)
C6H4NCH2CH2C6H4(2-O) (CB1), C6H4NCH2CH2C6H3(2-O)(4-COOH)
(CB2), and (4-COOH)C6H4NCH2CH2C6H3(2-O)(4-COOH) (CB3)

The structures of BOz, CB1, CB2 and CB3 were showed in Fig. 1
and synthesized as reported methods [26].
Fig. 3. 13C NMR spectrum of HBOz (solvent: CDCl3).
3. Results and discussion

3.1. Synthesis and characterization

The HBOz monomer was synthesized according to Scheme 1.
The overall yield after five steps was about 60%. The purified sample
was satisfactory for further analysis. Herein, the structure of the
novel HBOz monomer was confirmed with 1H, 13C, 31P NMR and
element analysis.

Fig. 2 shows the 1H NMR spectrum of HBOz. Resonances
appearing at 4.52 ppm and 5.25 ppm are assigned to the methylene
protons of AreCH2eN and OeCH2eN of the oxazine ring, respec-
tively. The multiplets at 6.70e6.72, 6.79e6.88, and 6.90e7.11 ppm
are assigned to the aromatic protons.

In the corresponding 13C NMR spectrum in Fig. 3, resonances
appearing at 50.5 ppm and 79.7 ppm are assigned to the methylene
carbons of AreCH2eN and OeCH2eN of the oxazine ring, respec-
tively. Other chemical shifts (ppm) are assigned to the aromatic
carbon resonances: 154.3(CeO), 145.3(CeN), 144.9(CeO), 127.9
(CH), 126.8(CH), 121.7(C), 120.9(CH), 120.7(CH), 119.1(CH), 116.9
(CH).

The 31P NMR is shown in Fig. 4, and there is a single peak at
9.67 ppm, which indicates that the substituted reaction onto CP
ring was complete.
Fig. 5. The FT-IR spectra of HBOz and HBOz curing at 240 �C for different time in the
region between 2000 and 500 cm�1.
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Elemental analysis for HBOz is following: Calcd. (%): C, 67.60; H,
4.86; N, 8.45. Found: C, 66.86; H, 4.91; N, 8.57. All analysis results
indicate that the desired hyperbranched benzoxazine monomer
has been prepared successfully.

3.2. Curing behavior of HBOz monomer monitored by FT-IR

The ring-opening polymerization characteristic was monitored
by FT-IR spectrometer, the results were shown in Fig. 5. The KBr pill
containing HBOz powder was heated at 240 �C for different time
and the FT-IR spectra were recorded. The characteristic absorption
bands due to benzoxazine structure are situated at 972 cm�1 (out of
plane-bending vibrations of CeH), 1227 cm�1 (asymmetric
stretching of CeOeC), 1184 cm�1 (asymmetric stretching of
CeNeC), 1033 cm�1 (symmetric stretching of CeOeC), and
1337 cm�1 (CH2 wagging), respectively [47]. The wave-numbers
from 700 cm�1 to 900 cm�1 and at 1458 cm�1 are assigned to
disubstituted benzene ring; two very strong absorption peaks
located at 950 cm�1 and 1165 cm�1 are corresponding to stretching
of PeOeAr and N]P, respectively. The spectrum of Fig. 5(b) was
recorded immediately after the sample pill was quickly heated to
240 �C. It was found that the intensity of characteristic absorption
of benzoxazine structure and disubstituted benzene ring obviously
decreased, the characteristic peaks located at 972 cm�1 and
1337 cm�1 were nearly to disappear. When the curing time was
prolonged to 0.5 h and 1 h at 240 �C, the intensity of benzoxazine
characteristic peaks continued to decrease, then disappeared after
1 h. These results indicate that the HBOz monomer has been
polymerized completely. At the same time, the intensity of disub-
stituted benzene ring’s characteristic peaks located in the range of
700 cm�1e900 cm�1 and 1458 cm�1 also began to decrease grad-
ually, this indicated a high substitution pattern of the aromatic
rings as a consequence of the crosslinking reactions, and the ring-
opening reaction model of HBOz was displayed in Scheme 2.
Besides, comparing the absorption peaks located at 950 cm�1 and
1165 cm�1 from Fig. 5(aed), there were no significant changes even
under high temperature for 1 h, which illustrated that the inorganic
CP ring was thermally stable at such condition.

3.3. Curing behavior of HBOz monomer scanned by DSC

It is known that the high polymerization temperature is one
important factor that limits the application of polybenzoxazine. The
Scheme 2. Polymerization of HB
curing behavior of the new monomer HBOz was examined by DSC.
Herein, several catalysts were used to estimate the possibility of
decreasing the polymerization temperature of HBOz monomer by
mixing the catalysts with HBOz powder. Three compounds whose
boiling point temperatures are higher than 180 �C were utilized as
the catalyst because of the high polymerization temperature of
benzoxazines. These catalysts were imidazole (Ci), N, N-dime-
thylbenzylamine (Cii) and a neutral salt [48] obtained from the
reaction of diethanolamine and p-toluenesulfonic acid with the
molar ratio 1:1 (Ciii). The results of the heat curing behaviors using
the catalysts to reduce the polymerization temperatures of the
monomer were shown in Fig. 6, a sharp exothermic peak corre-
sponding to the ring-opening polymerization was observed for
HBOz, the onset andmaximum temperatures of the exothermwere
177 �C and 225 �C, respectively. The amount of exotherm for HBOz
was 215.5 J/g. In addition, there was a small endothermic peak
corresponding to melting point at 77 �C for HBOz. By adding curing
catalysts with the content of 3 wt% to HBOz monomer, the
exothermic peaks changed obviously from the DSC results. For
HBOz/Ci-3 wt%, the onset and maximum temperatures of the exo-
therm were reduced to 132 �C and 215 �C, respectively. The corre-
sponding amount of exotherm was lowered to 202.4 J/g; for HBOz/
Cii-3 wt% and HBOz/Ciii-3 wt%, the onset temperatures of the exo-
thermwere both reduced to 135 �C, the maximum temperatures of
the exotherm were separately lowered to 222 �C and 212 �C. And
the corresponding amounts of exotherm were correspondingly
diminished to 204.5 J/g and 70.8 J/g, respectively. Comparing to
HBOz, the polymerization temperatures and enthalpies were
obviously reduced. Besides, the HBOz/catalysts mixtures with
catalysts’ contents of 1 wt% and 5 wt% were also investigated and
the results were summarized in Table 1. It was found that the onset
exothermic temperatures, maximum exothermic temperatures and
exothermic enthalpies were all decreased with the increase of the
catalysts’ content.

On the other hand, carboxylic acid-containing benzoxazines
(Fig. 1) used as the functional catalysts were also studied. Andreu
[26] reported that CB1, CB2 and CB3 produced significant decrease in
the polymerization temperature of BOz monomer. Herein, the
carboxylic acid-containing benzoxazines were also added to HBOz
monomer as curing catalysts. To carry out this study, several
samples of HBOz/CB1, HBOz/CB2 and HBOz/CB3 were prepared, and
scanned by DSC. The results obtained from heating DSC plots were
collected in Fig. 7. When small amount (3 wt%) of carboxylic acid-
Oz monomer under heating.



Fig. 6. DSC plots of HBOz monomer using common catalysts with the content of 3 wt%.
a. HBOz, b. HBOz/Ci-3 wt%, c. HBOz/Cii-3 wt%, d. HBOz/Ciii-3 wt%.

Fig. 7. DSC plots of HBOz monomer using functional catalysts with the content of 3 wt
%. a. HBOz, b. HBOz/CB1-3 wt%, c. HBOz/CB2-3 wt%, d. HBOz/CB3-3 wt%.
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containing benzoxazines were added, the maximum exothermic
peaks had little change, the onset temperatures of the exothermic
peaks (To) just reduced a little comparing with that of pure HBOz:
the To of HBOz/CB1-3 wt%, HBOz/CB2-3 wt% and HBOz/CB3-3 wt%
were lowered to 172 �C, 168 �C and 172 �C, respectively; and it was
177 �C for HBOz. However, the exothermic enthalpies had signifi-
cant decrease: the enthalpies of HBOz/CB1-3 wt%, HBOz/CB2-3 wt%
and HBOz/CB3-3 wt% were reduced to 191.6 J/g, 197.7 J/g and
191.3 J/g, respectively; while it was 215.5 J/g for HBOz. Changing the
amounts of carboxylic acid-containing benzoxazines at 1 wt% and
5 wt% level resulted in similar effect and the results were also
summarized in Table 1. We can conclude that carboxylic acid-
Table 1
Thermal property of HBOz/Catalysts series samples.

Samples Tma

(�C)
Tob

(�C)
Tmax

c

(�C)
DHd

(J/g)
T5%e

(�C)
T10%f

(�C)
Tmax

g

(�C)
Yc

h

(%)

HBOz 77 177 225 215.5 403 449 453 66.9

HBOz/Ci-1 wt% 80 140 224 213.6 374 431 445 60.4
HBOz/Ci-3 wt% e 132 215 202.4 378 419 441 59.4
HBOz/Ci-5 wt% 88 115 208 193.5 373 405 459 57.8

HBOz/Cii-1 wt% 70 167 228 207.2 341 401 440 56.7
HBOz/Cii-3 wt% e 135 222 204.5 379 422 435 57.2
HBOz/Cii-5 wt% 78 130 225 202.7 301 402 471 30.3

HBOz/Ciii-1 wt% 78 138 220 135.2 363 401 420 60.5
HBOz/Ciii-3 wt% 68 135 212 70.88 329 374 434 51.2
HBOz/Ciii-5 wt% e 130 203 60.1 331 384 423 43.5

HBOz/CB1-1 wt% 78 176 225 199.6 395 435 492 61.4
HBOz/CB1-3 wt% 79 172 225 191.6 409 450 478 62.4
HBOz/CB1-5 wt% 76 168 222 153.1 415 457 461 59.0

HBOz/CB2-1 wt% 78 170 225 203.7 398 436 450 58.7
HBOz/CB2-3 wt% 78 168 225 197.7 400 441 474 60.3
HBOz/CB2-5 wt% 78 160 225 189.0 393 436 470 60.1

HBOz/CB3-1 wt% 77 175 225 202.1 390 429 445 57.7
HBOz/CB3-3 wt% 79 172 225 191.3 395 437 468 59.3
HBOz/CB3-5 wt% 75 168 221 187.5 387 429 462 58.5

a Melt point temperature determined by DSC (10 �C/min).
b Onset temperature of exothermic peak.
c Maximum of the polymerization exotherm.
d Polymerization enthalpy by DSC.
e T5%: The temperature for which the weight loss is 5% by TGA scan (20 �C/min)

under nitrogen.
f T10%: The temperature for which the weight loss is 10%.
g Tmax: Maximum weight loss temperature.
h Yc: Char yields at 850 �C.
containing benzoxazines show little effect on decrease polymeri-
zation temperature, but the exothermic enthalpies are diminished
obviously with increasing the catalysts’ content and it will let the
monomer mixture polymerize more mildly than that of pure
monomer.

Comparing the two series of catalysts, it is clear to find that the
common curing catalysts (Ci, Cii and Ciii) are more suitable for the
curing of HBOz than the carboxylic acid-containing benzoxazines,
they effectively decrease the polymerization temperature. The
carboxylic acid-containing benzoxazines reduced the polymeriza-
tion temperature of BOz effectively in report [47], but not obviously
in HBOz system. Possible reason is that the common curing cata-
lysts can dilute the reactionmixture, low viscosity is a benefit to the
polymerization rate; but functional carboxylic acid-containing
catalysts can copolymerize with the monomer, the high viscosity
system owing to the highly crosslinking polymerization reaction
between HBOz and functional catalysts restrains the catalytic
activity of the carboxylic acid groups located on the carboxylic acid-
containing benzoxazines (Fig. 7).

3.4. Thermal properties of the new polybenzoxazines

A series of samples forming by HBOz powder with different
curing catalysts (see in Table 1) were added to test tubes, and the
Fig. 8. TG curves of PHBOz by curing HBOz monomer using common curing catalysts
with the content of 3 wt%. a. PHBOz, b. PHBOz/Ci-3 wt%, c. PHBOz/Cii-3 wt%, d. PHBOz/
Ciii-3 wt%.



Fig. 9. TG curves of PHBOz by curing HBOz monomer using functional curing catalysts
with the content of 3 wt%. a. PHBOz, b. PHBOz/CB1-3 wt%, c. PHBOz/CB2-3 wt%, d.
PHBOz/CB3-3 wt%.

Fig. 11. TG curves of PHBOz and PBOz/HPP.
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sample tubes were cured stepwise at 120 �C for 1 h and 200 �C for
2 h, and then post-cured at 220 and 240 �C for 1 h each in salt-bath
under an argon atmosphere. All the cured samples were dark red
color. Thermal stability of the novel polybenzoxazines was inves-
tigated by TGA. The TGA profiles of polybenzoxazines from the
polymerization of HBOz monomer, HBOz/Ci-3 wt%, HBOz/Cii-3 wt%,
and HBOz/Ciii-3 wt% were shown in Fig. 8. The 5% and 10% weight
loss temperatures (T5% and T10%) for PHBOz were 403 and 449 �C,
respectively. While with 3 wt% catalysts, the T5% and T10% were all
lower than that of PHBOz: for PHBOz/Ci-3 wt%, they were 378 and
419 �C, respectively; for PHBOz/Cii-3 wt%, they were 379 and
422 �C; meanwhile they were 329 and 374 �C for PHBOz/Ciii-3 wt%.
Similarly, the maximum weight loss temperature (Tm) of PHBOz
was also higher than those of the others with catalysts, and the
details were shown in Table 1. The Char yields at 850 �C (Yc) of
polybenzoxazines were also recorded in Table 1. The Yc of PHBOz
was as high as 66.9%, and the others with 3 wt% these common
catalysts were much lower than that of PHBOz, PHBOz/Ciii-3 wt%
sample held the lowest yield, only 51.2%. It is well known that the
common catalysts do not copolymerize with the monomer for lack
of reactive groups; they remain in the polybenzoxazine systems
after polymerization and act as unstable impurities. The remaining
catalyst will accelerate the degradation of polybenzoxazine under
high temperature and result in reducing the heat resistance (Fig. 9).
Fig. 10. DSC curves of HBOz and BOz/HPP (molar ratio 6:1).
The thermal stability of the novel polybenzoxazines using
functional curing catalysts (CB1, CB2 and CB3) was also investigated
by TGA, the results were shown in Fig. 9 and Table 1. It was excited
to find that the thermal stability of the polybenzoxazines with acid-
containing benzoxazines was as good as that of PHBOz, some of
themwere even higher than that of PHBOz. For example, the 5% and
Tm for PHBOz/CB1 were higher than that of PHBOz, they were 409
and 478 �C, respectively (PHBOz were separately 401 and 451 �C).
The T5% and T10% of PHBOz with different contents of functional
catalysts were separately located in the range of 390e410 �C and
430e460 �C. And the Tm and Yc were mainly distributed in the
range of 460e490 �C and 58%e62%, respectively. These factors
reflecting to the thermal stability were better than that of PHBOz
with common curing catalysts (Ci, Cii and Ciii). The reasons maybe
result from the reactive benzoxazines groups on the acid-contain-
ing benzoxazines, which can copolymerize with HBOz monomers
and get into the skeleton of crosslinking system.

3.5. Thermal properties of HBOz and PHBOz comparing to
monofunctional benzoxazine and its polymers

To compare the thermal properties with common poly-
benzoxazines, another benzoxazine sample was introduced, which
was prepared from themixtures of BOzmonomer and HPP at molar
ratio of 6:1 (Its theoretical elemental composition is similar to
HBOz). BOz/HPP was polymerized under the same curing condition
of PHBOz to obtain PBOz/HPP polymer. The DSC curves of HBOz
monomer and BOz/HPP are shown in Fig. 10. A sharp exothermic
Fig. 12. Storage moduli of PHBOz and PBOz/HPP polybenzoxazines.



Fig. 13. Tand of PHBOz and PBOz/HPP polybenzoxazines.
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peak is observed for BOz/HPP, and the maximum temperature of
the exotherm is 262 �C, which is nearly 40 �C higher than that of
HBOz monomer. An endothermic peak at 58 �C is assigned to the
melting point of BOz/HPP mixture, which is a little lower than that
of HBOz. The enthalpy of BOz/HPP is 211.2 J/g, which is near to
215.5 J/g of HBOz.

The thermal stability of PBOz/HPP and PHBOz was also carried
out on TGA, the results were shown in Fig. 11. As expected, the
thermal stability of PHBOz was much higher than that of PBOz/HPP,
T5% of them were 403 and 285 �C, respectively; and Yc at 850 �C of
themwere 66.9% and 33.4%, respectively. The results illustrate that
PHBOz polymer shows much higher thermal stability than that of
common monofunctional polybenzoxazine composite. The reason
is deemed that the inorganic cyclotriphosphazene ring possesses
high thermal stability for its unique structure and can act as an ideal
core to prepare high-performance organiceinorganic hybrid mat-
erials. At the same time the branched benzoxazine moieties are
spatially distributed above and below the CP ring, and bring the
new polybenzoxazine a highly spatial crosslinking structure which
minimizes dangling side groups and improves dimensionally
thermal stability.

3.6. Mechanic property of the new polybenzoxazine

The dynamic mechanical behavior of the cured benzoxazine
resins was obtained as a function of the temperature beginning in
the glassy state of each sample to the rubbery plateau of each
material. As seen in Fig. 12, the storage modulus (E0) of PHBOz at
room temperature is 4.14 GPa, which is a little higher than that of
PBOz/HPP (3.64 GPa). The E0 value of PHBOz starts to decrease at
about 120 �C, while the E0 value of PBOz/HPP begins to decrease at
about 80 �C. Comparing the decreasing slope of the E0 value from
glassy state to rubbery plateau for PHBOz and PBOz/HPP, it is
found that the decreasing slope of PHBOz is obviously lower than
that of PBOz/HPP. The glass transition temperatures (Tg) of the
polybenzoxazines can be deduced in Fig. 13 from the corre-
sponding temperature of peak of tand value. Tg of PHBOz and
PBOz/HPP are 152 �C and 101 �C, respectively. The tand value of
PHBOz is much lower than that of PBOz/HPP after 80 �C because
of higher dimensional crosslinking structures of PHBOz. It is
known to us that PBOz/HPP is low crosslinking structure, while it
is highly steric crosslinking structure for PHBOz curing from the
star-branched organiceinorganic hybrid benzoxazine. Besides,
there are lots of rigid and stable CP in the PHBOz as crosslinking
cores, which also contribute to improving the mechanic properties
of PHBOz to some extent. For these reasons mentioned above,
PHBOz shows higher mechanic performance than that of PBOz/
HPP under heat.
4. Conclusions

We have synthesized a novel star-branched benzoxazine
monomer based on CP ring, the new organiceinorganic hybrid
benzoxazine monomer possesses low melting point (77 �C) and
good solubility in common solvents though with high molecular
weight. The new benzoxazine monomer could be ring-opening
polymerized completely at 240 �C for 1 h, according to the disap-
pearance of benzoxazine characteristic peaks located at 1227 cm�1

and 972 cm�1. A sharp exothermic peak at 225 �C for ring-opening
polymerization of the benzoxazine monomer was observed at DSC
plots, and the onset polymerized temperature was about 180 �C.
Two species of curing catalysts were used to reduce the polymer-
ization temperature, the common catalysts (Ci, Cii and Ciii) could
effectively decrease the onset polymerization temperature and
exothermic enthalpywith small amount of them (�5wt%), but they
led to reduction in corresponding polymers’ thermal stability;
while using the functional catalysts (carboxylic acid-containing
benzoxazines: CB1, CB2 and CB3), the onset polymerization
temperatures had little decrease, but final polymers held excellent
thermal stability from TGA results, some of themwere even higher
than that of the pure polybenzoxazine. Comparing to the blending
resin of BOz/HPP, the polymerization temperature of the benzox-
azine monomer was about 40 �C lower than that of BOz/HPP
mixture. Besides, the hyperbranched polybenzoxazine also showed
outstanding thermal stability and good mechanic performance
resulting from the highly dimensional crosslinking structure with
the core of rigid and stable inorganic CP ring. It had higher thermal
stability (T5% at 403 �C) and higher char yield (66.9% char yield at
850 �C) than that of PBOz/HPP blend. And the Tg of PHBOz was as
high as 152 �C, which was about 50 �C higher than that of PBOz/HPP
resin. The new polybenzoxazine may be an applicable material in
the application of high technology for its excellent thermal stability
and mechanic properties.
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Cross-link behavior of an amorphous poly (para-arylene sulfide sulfone amide) synthesized via low
temperature solution polycondensation was observed for the first time, when the polymer was subject to
a series of thermal curing at 260 �C in air condition. The formation of cross-link network was demon-
strated by the DSC and TGA results that Tg of the polymer enhanced from 259.17 �C to 268.89 �C, and the
1% weight loss temperature increased remarkably from 243.75 �C to 345.87 �C. EPR analysis further
suggested that two kinds of free radicals, CO� and C�, induced by thermal curing were responsible for this
cross-link behavior. According to FT-IR spectrum, the origin of these free radicals was confirmed as amide
C]O group in the polymer backbone. The cross-linking type was attributed to conventional radical
cross-link reaction and the cross-link mechanism was discussed in detail subsequently.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Poly (phenylene sulfide) (PPS) is a semi-crystalline thermo-
plastic engineering polymer, which has attracted much attention
from researchers due to its excellent mechanical properties, good
solvent resistance, high temperature resistance and so on [1e10].
As a structurally modified material of PPS, an amorphous poly
(arylene sulfide sulfone amide) (PASSA) was synthesized via low
temperature solution polycondensation in our laboratory [11]. It
possesses the desirable dimensional stability and chemical resis-
tance of PPS as well as the high strength of polyamide (PA); in
addition, it has higher glass-transition temperature than PPS which
makes up for the disadvantage of PPS. PASSA is soluble in some
polar solvents due to its improved solubility compared to PPS, such
as N-methyl-2-pyrrolidone (NMP) and N,N-dimethylformamide
(DMF), but it still has much higher chemical resistance than PA. The
superior characteristics of PASSA make it valuable and potentially
applicable in polymer electrolyte membranes, composite bipolar
plates, conductive materials, surface mounted devices, vehicle
sensors and so on [12e15].

Thermal behavior is one of themost significant characteristics of
polymers due to its crucial influence in application. So it is of great
importance to understand the changes in chemical structures and
nce and Technology, Sichuan
28 85412866.

All rights reserved.
physical properties, which may occur during thermal histories. In
recent years, a large number of experimental data have established
the thermal properties of PPS [16e19]. Gies et al. [20] reported that
PPS thermal curing in the presence of oxygen leaded to oxygen
uptake in the form of sulfoxides in the PPS backbone. Perng [21]
researched the mechanism and kinetic model for thermal decom-
position behavior of PPS by stepwise pyrolysis/gas chromatography/
mass spectrometry and thermogravimetry analysis/mass spec-
trometry techniques. However, there were few literatures that dis-
cussed the thermal properties of amorphous structurally modified
materials of PPS.Wang [22] studied the thermal degradation of poly
(phenylene sulfide sulfone) (PPSS) by thermogravimetric analysis,
and suggested the reaction mechanismwas a Dn deceleration type.
It is not yet clear about the thermal behavior before degradation of
these amorphous polymers. For the purpose of theoretical research
and application, it is necessary to study the thermal properties of
this PASSA resin.

In our previous work, the effect of annealing treatment onmeta-
PASSA in nitrogen atmosphere was studied [23]. The result showed
that decarboxylation of the terminal carboxylic acid group occurred
during the annealing treatment, and annealed m-PASSA exhibited
different thermal properties compared to the untreated one.
However, no cross-link behavior of the polymer was discovered in
this work.

In the recent study, we present experimental results on thermal
curing of para-PASSA in air condition. Our aim is to learn the
thermal property of this polymer and the changes of chain
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Fig. 2. 1H NMR spectrum of BAPS.
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structure in different thermal histories. Thermal cross-link
behavior of the polymer is demonstrated for the first time via the
enhancement of glass-transition temperature and 1% weight loss
temperature. Amide C]O group in the polymer backbone produces
two kinds of free radicals which are responsible for this cross-link
behavior, and the reaction mechanism is discussed.

2. Experimental

2.1. Materials

4,40-Dichloro diphenyl sulfone (DCDPS)was supplied by Jinsheng
Chemical Reagents Company (Huaian, China). 4-Aminothiophenol
was acquired from Shouerfu Chemical Reagent Corporation (Jinyun,
China). 1,4-Benzenedicarbonyl chloride was purchased from Lianda
Chemical Reagent Corporation (Nanchang, China). Sodiumhydroxide
(NaOH) and potassium carbonate (K2CO3) were gained from Chan-
glian Chemical Reagent Corporation (Chengdu, China). N,N-dime-
thylformamide (DMF) and anhydrous alcohol were obtained from
Kelong Chemical Reagent Corporation (Chengdu, China). N-methyl-
2-pyrrolidone (NMP) was provided by Jinlong Chemical Industry
Company (Nanjing, China). All the above chemicalswere commercial
products and used as received.

2.2. Synthesis of p-PASSA

The monomer, 4,40-bis(4-aminophenylthio) diphenyl sulfone,
was synthesized using DCDPS via an aromatic nucleophilic substi-
tution reaction. The typical reaction condition was at 150 �C in
nitrogen atmosphere.

The synthesis of para-PASSA was performed following the poly-
condensationmethod in a glassbatch reactor. Theproper amounts of
4,40-bis(4-aminophenylthio) diphenyl sulfone and appropriate
1,4-benzenedicarbonyl chloridewith a molar ratio of 1.01/1.00 were
charged into the reaction tube of the polycondensation apparatus.
The reaction mixture was dissolved in NMP at freezing temperature
remaining for hours [11]. The product was washed repeatedly with
hot water and then dried at 120 �C for 48 h. The synthesis route is
shown in Fig. 1.

2.3. Preparation of the p-PASSA membranes

The p-PASSA membranes were prepared by dissolving the
polymer powders in NMP, and then casting the solution on
microscopy slides directly. The films were subsequently dried in an
oven at 80 �C for 24 h to remove the residual solvent.

2.4. Thermal curing

The prepared polymer (powder or membrane) was subject to
a series of thermal histories by beingheated at 260 �C for 2 h, 6 h and
10 h, respectively, in air, oxygen andnitrogen environment, followed
Fig. 1. Schematic illustrations of synthesis route of p-PASSA.
by the cooling in air until the temperature drops to the indoor one.
The samples for ESR measurement should be quenched into ice
water after the treatment to freeze the unreacted free radicals.

2.5. Thermal property measurements

Differential scanning calorimetry (DSC) was performed using
the NETZSCH DSC 200 PC thermal analysis equipment with poly-
mer powders, fitted with a cooler system using liquid nitrogen. It
was operated at a gas rate of 10 ml/min in nitrogen atmosphere.
The heating rate of DSC measurement was 10 �C/min.

Thermogravimetric analysis (TGA) measurements were con-
ducted using the TGA Q500 V6.4 Build 193 thermal analysis equip-
ment with a heating rate of 10 �C/min in nitrogen atmosphere.

2.6. Characterization of the polymer structure and molecular
weight

Fourier-transform infrared (FT-IR) spectroscopic measurements
were characterized by examining thin, homogeneous membranes
in the NEXUS670 FT-IR instrument.

Nuclear magnetic resonance (1H NMR) instrument was used to
provide the chain structure with a BRUKER-400 NMR Spectrometer.
The samples were dissolved in deuterated dimethyl sulfoxide.

X-ray diffraction (XRD) analyses were carried out with a Philips
electronic instrument (X’pert Pro MPD) using CueKa radiation at
40 kV and 150 mA with scanning from 0� to 50�.

Molecular weight distributions were measured by conventional
gel permeation chromatography (GPC) system equipped with
a Waters 515 Isocratic HPLC pump, a Waters 2414 refractive index
detector, GPC measurements were carried out at 60 �C using DMF
as eluent with a flow rate of 1.0 mL/min. The systemwas calibrated
with linear polystyrene standards.

2.7. Characterization of free radicals

Electron Paramagnetic Resonance (EPR) measurements were
conducted at 15 �C on an X-band JEOL JES-FA200 EPR spectrometer,
andoperated at a 9.4 GHzmodulationfieldwithmicrowavepowerof
1 mW.When themicrowave power saturationmethodwas used, the
microwave powerwas changed from0.04 mWto49 mW. The radical
concentration was characterized by the ESR spectrum intensity
compared to a standard sample of weak pitch. The sample powders
or membranes (18.5� 0.2 mg) were examined in a quartz cell.
Table 1
Chemical shifts (d) of the monomer.

Chemical shifts d (ppm) Ha Hb Hc Hd He

BAPS 7.661 7.134 7.038 6.615 5.620



Fig. 3. FT-IR spectrum of p-PASSA before curing (black line), and after curing in air at
260 �C for 10 h (dash line).

Fig. 4. Wide-angle X-ray diffraction of p-PASSA before curing (black line), and after
curing in air at 260 �C for 10 h (red line). (For interpretation of the references to colour
in this figure legend, the reader is referred to the web version of this article).
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3. Results and discussion

3.1. Structure and molecular weight characterization

The chemical structures of monomer and polymer were char-
acterized with 1H NMR and FT-IR spectrometer. 1H NMR spectra for
4,40-bis(4-aminophenylthio) diphenyl sulfone (BAPS) is shown in
Fig. 2 and details are tabulated in Table 1. Five groups of peaks
Fig. 5. TG and DTG curves of p-PASSA before curing (a), and after cur
appear in the NMR spectrum, and the ratio of corresponding inte-
gral curves is 1:1:1:1:1, which implies the symmetric disubstitution
of the benzene ring. This structure can also be verified by the
representative FT-IR spectrum of the polymer (Fig. 3).

The presence of sulfuryl S]O stretch in the backbone of the
polymer is indicated by absorption at 1313 cm�1 and 1155 cm�1

[24], and the broad band in the 3245e3341 cm�1 region corre-
sponds to the NeH stretch [25,26]. The absorption peaks around
763 cm�1 and 827 cm�1 are attributed to the CeH out of plane
stretch of 1,4-disubstituted benzene, which indicate a linear or
1,4-conjugated phenyl structure. This fact is in agreement with
Wang’s work on synthesis of poly (phenylenesulfidephenylen-
amine) by self-polycondensation of methyl-(4-anilinophenyl)
sulfide [27].

The aggregative structure of p-PASSA was determined by the
XRD analysis. The presence of strong polar O]S]O bonds in
a repeated unit of the polymer backbone imparts a highly amor-
phous character to the polymer as is evident from the presence of
a broad amorphous diffraction peak (Fig. 4) [28]. The position of
a quite wide peak in the range of 15e25� is taken as a measure
of the most probable intersegmental spacing [29], and the narrow
peak of p-PASSA after curing compared to the untreated one results
from the reduction of distances among molecules.

Molecular weight of the polymer was determined by GPC
analysis with Mn value of 59,565, and Mw value of 215,930.

3.2. TGA measurements

TG and DTG curves of the polymer, measured in nitrogen, are
presented in Fig. 5 and details are listed in Table 2. The onset
degradation temperature is as high as 456.37 �C, which is a good
indication of the polymer thermal stability.

The comparison in Table 2 indicates that thermal stability of the
polymer is improved after curing. The 1% weight loss temperature
rises remarkably from 243.75 �C to 345.87 �C, and weight loss at
800 �C decreases by about 2%. The mass loss is due to the elimi-
nation of volatile species from the polymer. The low 1% weight loss
temperature of p-PASSA before treatment implies that some vola-
tiles and low molecular weight oligomers are contained in the
samples [30]. The enhanced temperature of 1% weight loss and
reduced weight loss at 800 �C after curing suggest that thermal
cross-link behavior of the polymer could exist and the oligomers
are efficiently incorporated into the cross-linked structure during
the treatment process. To identify the existence of cross-link
behavior, DSC measurements were employed as described below.

3.3. DSC measurements

Fig. 6 represents the DSC curves of p-PASSA samples which were
subject to different thermal histories. The endothermic peaks
ing in air at 260 �C for 10 h (b) heated at 10 �C/min in nitrogen.



Table 2
Thermal properties of p-PASSA: results of TGA measurements.

Samples 1% weight loss
temperature (�C)

Onset degradation
temperature (�C)

Maximal degradation
temperature (�C)

Weight loss at 800 �C (%)

p-PASSA before curing 243.75 456.37 490.69 59.12
p-PASSA after curing 345.87 457.84 490.84 57.54

Fig. 6. DSC thermograms of p-PASSA before curing (a), and after curing in air at 260 �C for 10 h (b) measured with a 10 �C/min heatecooleheat cycle in nitrogen.
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revealed in the scans are attributed to the glass transition of the
polymer [23]. In Fig. 6a, the Tg value increases by nearly 4 �C in the
second heating curve. This is indicative of curing and indicating the
presence of cross-link structure [31]. After thermal curing at 260 �C
for 10 h in air, the Tg value increases from 259.17 �C to 268.64 �C
(Fig. 6b), and the Tg values in the first and second heating curves are
almost the same. This fact implies that the cross-link structure has
already formed. Furthermore, the second sample was put in a vial
withw3 mL of NMP. After 1 week, the sample was not dissolved in
the solvent. This also illustrates that thermal curing has occurred to
a sufficient extent to form the cross-link material.

3.4. EPR measurements

EPR analysis is used to identify the generation of free radicals
[32], and confirm the cross-link reaction type. The effect of thermal
curing on p-PASSA powders in a time span of 0e10 hwas studied by
using the EPR spectrum. As it can be seen from Fig. 7, a typical single
line shape (g¼ 2.0023) is exhibited in the spectrum. R1 is used
hereinafter to represent this kind of free radicals. A comparison of
Fig. 7. EPR spectrum of p-PASSA samples for different thermal curing times at 260 �C
in air.
the line feature clearly shows an enhancement of the peaks with
the increase of curing time, which indicates a rise of R1 free radical
concentration.

Thevariationof radical concentrationwith time is shown in Fig. 8.
The curveof concentrationversus treatment timecanbedivided into
three stages. The first 3-h is a stage of activating free radicals. In this
stage, free radicals have little chance to impact each other, which is
caused by their few existences, so the concentration rises with time
linearly from 0.007�1013 spinsmg�1 to 4.36�1013 spinsmg�1. The
radicals increase slightly in the next stage from 3 to 6 h, only from
4.36�1013 spinsmg�1 to 6.62�1013 spinsmg�1. It is considered
that the free radicals are initiated and consumed via the cross-link-
ing reaction in this stage [33]. The rate of radical generation is only
a little above the rate of consumption,which results in themildly rise
of concentration. When the treatment time is above 6 h, the
concentration enhances linearly again. It is inferred that a network
structure has already formed in this stage, and the free radicals
produced are not consumed anymore. This fact corresponds to the
DSC result at the same curing temperature.

From the line shape in Fig. 7 one can see that the left side of the
peak is a little wider than the right one, which is highlighted by an
Fig. 8. Concentration of R1 free radicals vs. time of thermal curing.



Fig. 9. EPR spectrum of p-PASSA samples cured in air at 260 �C for 10 h with different power.

Fig. 10. Schematic illustrations of EPR signals at different microwave power: (a) 2 mW; (b) 36 mW.
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arrow. It is possible that another weak peak (R2) covered by R1
exists, so the microwave power saturation method is employed to
confirm and differentiate them [34].

With the increase of microwave power in Fig. 9a, R2 signal
appeared gradually, which could be observed in the amplifying
signal of 8 mW (Fig. 9b). Due to the few number of R2 free radicals,
the R2 signal is so weak that covered the R1 signal. Meanwhile, the
EPR signal enhanced to maximum at 2 mW, and then weakened
gradually. The variations of signal intensities are attributed to the
saturated characteristic of R1 radicals [33], which is easily saturated
by microwave power at a level around 2 mW. The phenomenon
that left side of the peak widened with the increase of power could
be explained by the existence of R2 free radicals. As shown in Fig.10,
the EPR signal is the superposition of R1 (blue line) and R2 (red line).
When microwave power grows above 2 mW, R1 signal is saturated
and weakens gradually. However, R2 signal does not saturate with
power easily, which increases slightly in the power range (Fig. 10b).
Fig. 11. EPR spectrum of p-PASSA samples cured
In conclusion, the different saturated characteristics of R1 and R2
are the reason for broadened left side of the peak in EPR signals.

The phenomenon that EPR signal enhanced with the increase of
thermal curing time suggested that R1 may be oxygen free radicals
because of the treatment environment in air. In order to analyze the
origin of these free radicals, a group of contrast experiments were
carried out in N2, air and O2 atmosphere, respectively, with
a thermal curing at 260 �C for 10 h.

A comparison of the three signals in EPR spectrum (Fig. 11a)
clearly shows that the radical concentration produced in N2 is much
lower than that in air, and close to the untreated one, meanwhile O2
environment induces the highest radical concentration. Fig. 11b is
the amplifying signal of the sample cured in N2, fromwhich one can
see that the R1 signal decreased sharply due to the curing envi-
ronment, and R2 signal is clearer in this picture (highlighted by an
arrow). So it is considered that the production of R1 and R2 is closely
related to O2, and R1 could be RO� free radicals.
in different atmosphere at 260 �C for 10 h.



Fig. 12. Schematic illustrations of the cross-link reaction process.
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According to the FT-IR spectrum of the polymer (Fig. 3), an
obvious decrease in the amide C]O peak at 1644 cm�1 after curing
is observed, which coincides with our inference. Therefore it can be
concluded that the origin of R1 and R2 is the amide C]O group.
Combined with EPR analysis it is reasonable that R1 are CO� free
radicals, and R2 are C� free radicals. The cross-linking reaction
mechanism is suggested as below.

3.5. Possible reaction mechanism of cross-link

Based on the research hereinbefore, the thermal cross-link
behavior ofp-PASSAcouldbe explainedby the followingmechanism.

The double bonds of amide C]O are opened when they are
subject to thermal curing in air, and two kinds of free radicals,
C� and CO�, are produced consequently. With the effect of O2, most
C� are transformed into CO� free radicals, which causes the higher
concentration of R1 than R2. The cross-linking network was formed
afterward which was induced by these two kinds of free radicals.
The cross-linking reaction type belongs to conventional radical
cross-link reaction, and the reaction process is shown in Fig. 12.

4. Conclusions

An amorphous p-PASSA was synthesized via low temperature
solution polycondensation. The polymer with high glass-transition
temperature (259 �C) and thermal stability suggests a potential use
in heat-resistant materials.

We have demonstrated, for the first time, the thermal cross-link
behavior of the polymer at 260 �C in air condition. The results
showed that the formation of cross-link network enhanced the Tg
from 259.17 �C to 268.89 �C, and the 1% weight loss temperature of
the polymer increased remarkably from 243.75 �C to 345.87 �C.
Two kinds of free radicals, CO� and C�, existed in the polymer, and
concentration of the formerwasmuch higher than that of the latter.
These two kinds of free radicals were responsible for the inter-
molecular cross-linking behavior. The cross-linking type was
attributed to conventional radical cross-link reaction, and the
reaction mechanism was also suggested.

This cross-linkable polymer represents a new class of super engi-
neering plastic with great thermal stability. Further investigations
regarding the processing and mechanical properties of this material
are in active progress and the results will be presented in our future
articles.
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Flocculation studies between cationic polymers and oppositely charged colloidal particles are reported in
which both flocculation kinetics and floc structures are systematically investigated. The flocculation rate
constant, stability ratio and kinetics laws are experimentally determined using particle counting for two
polymer architectures; a cationic linear polymer and a two-branched polymer. Comparisons are also made
using NaCl at different ionic concentrations for the destabilization of the colloidal particles. Detailed
measurements of electrophoretic mobility and kinetics rate constants on varying the polymer dosage are
reported. Results suggest that the polymer architecture plays important roles on the polymer dosage for
the rapid destabilization of the colloidal suspension. The branched polymer at optimal dosage exhibits the
highest flocculation rate constant, whereas on the other hand, the linear polymer concentration range of
flocculation is larger. In both cases, polymer flocculation is more efficient by a factor of 5e6 than charge
screening effects due to the presence of salt. Analysis of the stability ratio indicates that tele-bridging
flocculation and electrostatic forces dictate the stability of the charged latex particle suspension. It is
shown that the fractal concepts which are valid for aggregation processes are also applicable here and
branched polymers as well as linear polymers yield to the formation of compact flocs in comparison to
those obtained with salt.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

In theaquatic systems,flocculationprocessesareplayingessential
roles in removing pollutants [1,2]. Trace metals and organic pollut-
ants are mainly adsorbed at the surface of mineral particles like
silicates, alumino-silicates or iron oxyhydroxides [3,4] owing to their
high specific surface area, diffusivity and reactivity. In these systems
algal and bacterial exudates composed of polysaccharide chains
promote the flocculation of these mineral particles and the subse-
quent removal of pollutants. Flocculation is also used in numerous
industrial processes such as water purification and wastewater
treatment where flocculation is usually induced by positively
charged synthetic polymers (polyelectrolytes) [5,6]. Considering
wastewater treatment, the liquid phaseneeds to be rapidly separated
with the highest efficiency from the solid one in order to obtain
a clearfiltrate, avoid to reject pollutants into natural aquatic systems,
andmaintain themaximumofpollutants in theminimumdrymatter
volume to minimize the waste quantity to treat, recycle or simply
stock. Unfortunately, and for several reasons, polymeric flocculants
: þ41 22 379 0302.

All rights reserved.
are not always used in a rational way for optimal flocculation with
regards to the natural fluctuations of the suspended material
concentration, composition or, optimal dosage determination.
Therefore, an improved understanding of the interaction mecha-
nisms between cationic flocculants and colloidal particles is impor-
tant for the rational use of polymeric flocculants. Furthermore, the
synthesis of new polymer structures to accelerate coagulation rates
beyond diffusion control and improve the efficiency of the floccula-
tion processes by enlarging for example the polymer flocculation
concentration range in which polymers are efficient is another
important aspect [7,8].

Froma fundamentalpointof view, there are twoprincipal forces to
consider in colloidal particle aggregationprocesses. Thefirst concerns
the long distance electrostatic repulsions between colloids which
prevent coagulationwhile the second is related to the short distance
van der Waals attractions which promote coagulation [9,10]. Simple
electrolytes such as iron chloride (FeCl3) or aluminium sulphate
(Al2(SO4)3), polysalts, including aluminium polychlorosulfates (Alx-
Cly(SO4)z), modify the nature of the electrostatic repulsions between
particles by promoting electrostatic attractions [11e13]. As a result,
the probability of forming permanent bonds between particles
increases and screening effects, charge neutralization and charge

mailto:serge.stoll@unige.ch
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.12.033
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Table 1
Polymer properties (cationic flocculants). h represents the intrinsic viscosity, Rh the
hydrodynamic radius and z the zeta potential.

Name Charge
[Wt %]

Number of
branches

h
[mL/g]

Molar mass
[106 g/mol]

Rh
[nm]

z
[mV]

AF BHMW 80 0 1720 7.2 311 � 11 þ72 � 3
AF B1þþ 80 2 2636 12 252 � 21 þ78 � 3

D. Palomino et al. / Polymer 52 (2011) 1019e10261020
inversion mechanisms are involved. The use of charged synthetic or
biopolymers involves different mechanisms [7]. When the polymer
radius of gyration is small in comparison to the particle size, aggre-
gation is mainly promoted by local polymer adsorption and local
inversion of the particle surface charges. Oppositely charged patches
are then createdwhich can interact with bare surfaces. Depending of
the polymer concentration, complete surface charge neutralization
canalsobeachievedat thecolloid surface sothatvanderWaals forces,
which are always attractive, can induce particle aggregation.
However, if polymer dosage is not controlled, an excess of polymers
will disperse the colloidal suspension by charge inversion or steric
stabilization [14]. Polymer dosage is hence an important parameter
for optimal destabilization of colloidal suspensions but also for
economic reasons since excess of polymer represent extra costs.
Three significant regimes have to be considered when i) polymer
concentration is too low to induce rapid flocculation, ii) polymer
concentration has an optimal value for rapid destabilization and iii)
polymer concentration is too high and results in colloids restabiliza-
tion [15]. It shouldbenoted that, other thanpolymerdosage, there are
several parameters to consider in order to achieve optimal floccula-
tion conditions. They concern polymer geometry, polymer linear
charge density and sign (oppositely charged polymer are usually
used), and polymer intrinsic flexibility which are expected to control
not only the aggregate structure but also the kinetics of flocculation.
These parameters have to be considered for the rational synthesis of
new flocculant structures. To show how little differences in some
parameters can influence aggregation processes, Zhou and Franks
[16] measured zeta potential and floc sizes of particleepolymer
mixturesusingDynamicLight Scattering. Theydemonstrated that the
flocculation mechanism of 90 nm silica particles, by addition of
charged cationic polymers, was variable in accordancewith polymer
dosage, solid concentration, background electrolyte concentration
and shear rate. Someparameterswere correlated suchas the increase
of the polymer charge with the aggregate mass fractal dimension,
reflecting themechanisms involved. It was also observed thatweakly
charged polymers promote bridging whereas highly charged poly-
mers induce electrostatic patch flocculation or full charge neutrali-
zation. Furthermore, itwasshownthat thepolymerdosage influences
both the aggregation mechanisms and the aggregate geometry. On
the other hand, Yang [17] studied the flocculation of kaolin suspen-
sions using small-angle laser light scattering. It was shown that the
low molecular weight and highly charged polydiallyldimethylam-
monium chloride polymers induce aggregation by charge neutrali-
zation. The observed flocculation rate values were small and the
resulting flocs compact. High molecular weight and relatively low
charge density polymers were shown to promote bridging aggrega-
tion, high flocculation rates and less compact flocs. Rasteiro and
Garcia [18] applied light diffraction spectroscopy to monitor the
flocculation, deflocculation and reflocculation processes of cationic,
linear and branched polyelectrolyte/precipitated calcium carbonate
mixtures when different types of shear forces were applied. Floc
resistance was correlated with floc structures, based on mass fractal
dimension data. They also investigated the effect of the presence of
inorganic salts on the polyelectrolyte performance and required
flocculant dosage [19] showing that the presence of inorganic salts
affects significantly the overall performance of the polyelectrolytes.
Such studies also demonstrate that polymer molecular weight and
charge are important parameters to consider in the understanding of
flocculation mechanisms and floc geometry.

In this study, positively charged linear chains and positively
charged branched polymers having two branches are used, and the
influence of the polyelectrolyte microscale architecture on the
kinetics of flocculation, polymer dosage, change of the electric pro-
perties of the colloidal particles, floc structures are addressed in an
quantitativeway. Thepolymersareevaluatedon thedestabilizationof
a solution containing well defined negatively charged particles.
Optimal flocculation conditions and kinetics constants are deter-
mined by adjusting the polymer concentration. Stability ratio and
collisionefficiencyparameters are calculated to get an insight into the
parameters governing the flocculation processes. Floc structures are
then examined to obtain the fractal dimension of the resulting
structures. In all cases,flocculation rates, optimal polymerdosage and
stability ratio are comparedwith salt induced particle destabilization
(homocoagulation). Based on a detailed analysis of electrophoretic
measurements and variations of the stability ratio, flocculation
mechanismsarediscussed, comparison ismadewith thesalt situation
and the validity of the DLVO theory to describe salt induced aggre-
gation is verified.

2. Experimental

2.1. Flocculant composition and properties

Sodiumchloride 99.5% fromAcrosOrganicswasused to adjust the
solution electrolyte concentration and promote salt induced aggre-
gation. Positively charged linear (AF BHMW) and the two-branched
(AF B1þþ) polyacrylamide polymers synthesized by Aqua þ Tech
Specialties S.A (Switzerland) [20,21] were used to induce the floc-
culation of well characterized and monodisperse latex particles. The
polymer charge, molar mass and intrinsic viscosity are given in
Table 1.

2.1.1. Materials
White crystals of acrylamide monomer (AAM) were supplied by

Kemira water (formerly Cytec, Botlek, Netherlands) and used as
received.Dimethylaminomethylmethacrylate (DMAEA)quaternized
with methyl chloride was obtained from Ciba Specialty Chemicals
(Bradford, England) as an aqueous solution (80%). For the polymeri-
zation in inverse-emulsion, the aqueous phase was emulsified in
Exxsol D-100, a narrow cut of an isoparaffinic mixture without any
VOCs (supplied by Exxon Chemical, Koln, Germany). Sorbitanmono-
isostearate (Montane 70) as well as polyethoxylated sorbitan mon-
ooleate (Montanox 80) purchased from Seppic (Paris, France) were
also used as nonionic stabilizing agents. Type I reagent grade water
with a resistance of 18.2 mU/cm was obtained through a series of
deionization. 2,20-azobis(2,4 dimethylvaleronitrile) (V-65, Wako
Chemical, Germany) was used as received as oil soluble initiator.
CertifiedACSEDTA (ethylene diamine tetra-acetic acid, disodiumsalt
dihydrate) (Fluka, Switzerland) was used as a chelating agent in the
copolymerizationwith unpurifiedmonomers. Adipic acid purchased
from Riedel-de Haen (Seelze, Germany) was further used to prevent
polymer hydrolysis. Rolfor TR/8 Cisalpina (Italy) was employed as
wetting agent to invert the polymer-emulsions with excess water to
yield a highly viscous dilute polymer solution.

2.1.2. Polymer synthesis
The polymerization reaction of acrylamide with dimethylami-

noethyl acrylate quaternizedmethyl chloride,wasperformed in a1-L
stainless glass reactor cooled with a jacket and a water bath. The
water-to-organic phase ratio was 2.7:1 by weight. The monomer
concentration was nominally 40 wt% of the total mass of emulsion
and the emulsifier blend was dissolved in the organic phase at
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a concentration of 2.3 wt% of the total reaction mass. The HLB value
was approximately 5.8. The chemical initiator 2,20-azobis(2,4-
dimethyvaleronitrile) (V-65, Wako Chemicals. Neuss, Germany)
dissolved intoxylenewasadded into the reactorat40 �C.The reaction
timewas6hand followingan isothermalperiodof1e2h the reaction
was allowed to exotherm to a temperature between 70 and 80 �C.

2.1.3. Inversion and viscometric characterization
of the inverse-emulsion

The inversion of polymerized inverse-emulsions was carried out
as follows. In a large and baffled beaker (l-L capacity), 500 g of
deionized water was stirred at 400 rpm (Rushton type of impeller).
A precalculated amount of emulsion (containing the inverting
surfactant) was added to yield 0.1 wt% active weight of polymer in
solutionwas addedwithin a short time (less than 1 s) directly to the
center of the vortex. The agitation speed was further increased to
600 rpm andmaintained for an additional 5min. A rapid increase in
solution viscosity and the absence of agglomerates in the aqueous
phase usually indicated a good inversion. The resulting polymer
diluted solution was then characterized by viscosity measure-
ments. The polymer viscosity was measured with a model L
VDVIIþ viscometer (Brookfield, Stoughton, MA, USA) at 50 rpm and
room temperature [22].

2.2. Latex particle properties

Monodisperse spheres of latex polystyrene from IDC (Interfa-
cials Dynamics Corporation) were used. Their mean diameter was
determined by TEM and found equal to 0.99� 0.03 mm. The spheres
were provided in an aqueous suspension containing 81 g/L of latex
particles. The particle number, per milliliter of solution, equalled to
1.5 � 1011 and the specific surface area to 5.7 � 104 [cm2/g]. The
latex particles exhibit negatively charged surfaces due to the
presence of sulphate groups (7.6 � 105 per particle) and the charge
density has a constant value equal to 3.9 [mC/cm2] for pH values
above 4. The charge content, equal to 2.3 [mEq/g], was determined
using conductimetric titrations. The Zeta potential of the latex
particles was measured with a Malvern Zetasizer Nano and found
equal to�100 � 3 mV for a NaCl concentration equal to 1.5$10�4 M.

2.3. Size distribution determination and zeta potential
measurements

A Coulter� Counter Multisizer II� was used to measure the
decay of the number of colloidal monomers (free particles) with
time. This device determines through 256 channels the equivalent
size (from 1 to 30 mm) and number of particles or aggregates
passing through an aperture orifice of 50 mm. Each measurement is
performed during 30 s corresponding to 287 ml of solution. Isoton�
IIA was used as a support electrolyte. It was pre-filtered with
a 0.22 mm Millipore� ISOPORE� GTTP filter to reduce the back-
ground noise. It should be noted here that the diameter given by
Coulter� Counter corresponds to the diameter of the sphere equi-
valent to the aggregate as if all the latex monomers were collapsed
in one compact volume. In order to determine experimental
kinetics aggregation rates KS, the decrease with time of the free
latex particles number has been followed in the 1 mm channel in
order to take into consideration only non aggregated particles (free
monomers).

The Malvern Zetasizer Nano instrument was used to measure
the zeta potential of the latex particles in solution as a function of
flocculation time and polymer concentration. Each sample was
measured 5 times with 15 sub-runs for each measure. Between
runs a pause of 10 s was imposed to allow the system to relax and
stabilize before the next measurement.
2.4. Determination of the aggregate fractal dimension Df

Mandelbrot [23] introduced fractal dimension concepts to
various objects such as colloidal aggregates to quantitatively des-
cribe their structural properties. To gain insight into the aggregate
structures, by considering mass distribution in space, flocs were
magnified 40 times with a Laborlux S microscope from Leitz. Images
were takenwith a Nikon D90 then treated with the SigmaScan Pro 4
software to enhance the contrast between the background and the
aggregates. The total number of aggregates, relative masses (in term
of total number of pixels) and aggregate dimensions (here themajor
axis lengths) were calculated to determine Df according to the
scaling law relationship [24]:

mwlDf (1)

wherem represents the aggregatemass (number of pixels) and l the
aggregate major axis length in reduced coordinates. Df was calcu-
lated by considering a log/log plot ofm versus l. In order to validate
this method we applied this procedure to solid spheres and lines
and Df values equal to 2.00� 0.01 and 1.05� 0.03 respectively were
found in good agreement with the theoretical expected values [24].

3. Results and discussions

3.1. Aggregation in presence of salt

The influence of the concentration of simple electrolyte on the
aggregation kinetics of latex suspensions was investigated first. Salt
is expected to screen the electrostatic repulsive forces between
latex particles. Increasing the salt concentration Ci is thus expected
to result in an increase of the aggregation rate constant. Suspension
containing 0.5 g/L suspensions of latex particles have been desta-
bilized at 25 �C by adjusting the final salt concentrations to 0.15,
0.18, 0.2, 0.25, 0.5 and 1 M in orthokinetic conditions at a mixing
speed of 100 � 2 RPM.

From the monomer number evolution with time the aggrega-
tion rate constants KS were calculated and compared to 1st and 2nd
order kinetic laws. Aggregation rate constants KS were found to
follow a 2nd order process according to:

dN1

dt
¼ �KSjN1j2 (2)

A linear proportionality between time and the inverse of the
number of free particles N1 was found (Fig. 1).
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KS was directly obtained from the slope value for each salt
concentration and was found to increase continuously with incr-
easing Ci. The initial number of particles at t0 was determined by the
Coulter Counter in order to get more accurate linear regressions
[25]. To get an insight into the aggregation rate constant variation
with salt concentration, KS values are summarized in Fig. 2. A rapid
increase of KS is observed at Ci ¼ 0.15M followed by a plateau for salt
concentrations greater than 0.5M.

Using the DLVO theory [9,10], the experimental KS evolution
with Ci was compared with theoretical calculations of the total
interaction potentials between two latex particles (Fig. 3). The total
interaction potential VT(H) was expressed as the sum of the van der
Waals attractive forces VvdW(H) and electrostatic repulsive forces
Vel(H). The van-der-Waals-Hamaker and the Linear Superposition
Approximation [25,26] were used to evaluate VvdW(H) and Vel(H):

VvdWðHÞ ¼ �A1;3;1

6
$

(
2a2

HðHþ 4aÞ þ
2a2

ðHþ 2aÞ2
þ ln

 
HðHþ 4aÞ
ðHþ 2aÞ2

!)

(3)

VelðHÞ ¼ 2p303raJ
2
0e

�kH (4)

where A1,3,1 represents the Hamaker constant which corresponds to
1.40 � 10�20 [J] and represents an average value for latex particles
[27e29], a the radius of the latex particle (0.5 mm) and H the
distance between the two particle surfaces. 30 and 3r are respec-
tively the vacuum permittivity and the water relative permittivity
whereas J0 represents the latex surface potential which was
calculated for each ionic strength [15]. Finally, the Debye-Hückel
parameter [15,28] was calculated according to :

k ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2n0e20
3r30kBT

s

(5)

By comparing Figs. 2 and 3, good agreement is found between
the experimental values and the theoretical predictions. Fig. 3
shows that within the range 0.25e1M NaCl the interaction curves
are fully attractive; particles can aggregate rapidly and this situa-
tion corresponds to the maximum aggregation rate plateau value
observed in Fig. 2 when NaCl concentration Ci � 0.4. When
Ci < 0.25M, due to the presence of an energetic barrier, particles
repel significantly hence reducing the aggregation rate. In such
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cases, the effect of colloid interactions is often expressed as
a collision efficiency factor a (with 0 � a � 1). A collision efficiency
of unity implies that every collision leads to permanent attach-
ment. Repulsion forces reduce the collision efficiency such that
practically no aggregation occurs. Because of the key role played by
this parameter, the sticking probability a was determined by
considering the ratio between the rate constant determined in the
fast aggregation regime at high salt concentration, and assuming
a value a ¼ 1 for the highest aggregation rate constant value
obtained experimentally [14]. For example, the sticking probability
was assumed to be equal to 0.10 at 0.18MNaCl indicating that 10% of
the collisions between elementary particles result in the formation
of a permanent bond.

The reciprocal value of a,w ¼ 1/a, known as the stability ratiow
was calculated and presented in Fig. 4 as a function of the salt
concentration. Fig. 4 shows that log w decreases linearly when log
[NaCl] increases. When [NaCl] > 0.2M, log w becomes constant and
equal to 1. This value of [NaCl] corresponds to the Critical Coagula-
tion Concentration (CCC ¼ 0.2M). For [NaCl] < CCC, the energy
barrier disappears andparticle aggregation can occur at amaximum
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Fig. 5. Variation of the inverse of the number of free latex particles as a function of the
flocculation time. Experimental KS values in the inset are obtained from the different
slopes and for the destabilization of 0.5 g/L solutions of latex particles at different
linear polymer AF BHMW concentrations: - ¼ 3, , ¼ 3.5, > ¼ 4, B ¼ 4.5, : ¼ 4.75,
Δ ¼ 5, C ¼ 5.25, = ¼ 5.5, < ¼ 6$10�4 g/L.
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rate, determined by the transport rate and the collision frequency
between latex particles.

3.2. Flocculation in presence of linear cationic polymer chains

The destabilization of the latex suspension is now investigated by
using oppositely charged linear polymers (AF BHMW). 1 g/L suspen-
sions of latex particles have been considered at 25 �C by adjusting the
final AF BHMW concentrations to 3, 3.5, 4, 4.5, 4.75, 5, 5.25, 5.5, 6, 7
[10�4 g/L] and at a constant mixing speed equal to 100� 2 RPM. The
kinetic law is also found to follow a 2nd order process, since a linear
proportionality between time and the inverse of the number of free
particles N1 is only obtained in such conditions (Fig. 5).

KS values are directly obtained from the slope values in Fig. 5. As
shown in Fig. 6, representing the Ks variations as a function of the
polymer dosage, and in contrast to the salt effect which promotes
aggregation until a maximum plateau value, the increase of polymer
concentration is first promoting the flocculation of latex suspensions
until a maximum value which represents the optimal flocculant
dosage. After this point, the increase of polymer concentration stabi-
lizes the latex suspension. It is important to note here that the highest
KS value is about 5 times higher than the one obtained previously
using salt. The adsorbed polymer here significantly decreases the
suspension stability and accelerates the aggregation rate beyond
diffusion control. One complementary information can also be
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extracted from Fig. 6: the polymer effective flocculation dosage
window. Thewidth of the polymer dosagewindowgives information
about the polymer efficiency concentration domain. The larger is the
window, themoreefficientwillbetheflocculant indifferent situations
resulting for example from initial particle concentration variations.
Another important parameter is the zeta potential of the free latex
particleswhich is also presented in Fig. 6. The zeta potential variations
show that the free latex particles are still negatively charged within
the rangeof theeffectivewindowofflocculation. Thisparameter gives
important information about the polymer flocculation mechanism
which is discussed more in detail in Section 3.4.

3.3. Flocculation in presence of branched cationic polymer chains

The behaviour of the latex suspension is then investigated by
using the oppositely charged two-branched polymers (AF B1þþ). In
order to compare from a kinetic point of view the linear and
branched polymer behaviour we used strictly the same procedure
and parameters for both experiments, varying only the polymer
geometry. The calculated KS values as a function of the AF B1þþ

polymer concentration are presented in Fig. 7.
The highest KS value obtained at optimal polymer dosage is

equal to 5.87 � 10�10 [cm3/s]. Such a value is about 6 times higher
than the maximum value obtained with the salt experiment and
significantly higher than the highest KS value obtained with the
linear polymer at optimal dosage. As for AF BHMW, Fig. 8 shows
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that using AF B1þþ the free latex particles are still negatively
charged within the range of the effective window of flocculation.

For comparison, the corresponding stability ratio evolution of
the two polymers with dosage is presented in Fig. 9. Two main
differences between the linear and branched polymers are found: i)
branched polymers destabilize the latex suspensions significantly
faster than the linear polymers ii) the width of the linear polymer
dosage window is substantially larger than the branched one. Such
observations reveal a better efficiency at the optimal dosage for the
AF B1þþ despite the fact that more important quantities are
needed. The Critical Flocculation Concentration* (CFC*) and CFC**

[30,31] are also calculated and presented in Fig. 9. The evolution of
w can be described into three different regimes: i) one regionwhere
flocculation is increased (decrease of the stability ratio w) by
increasing the polymer dosage. The maximum value obtained in
this region is represented by the CFC*, ii) a second regionwhere the
stability ratio w has its maximum value and the polymer its max-
imum efficiency, iii) a third region where w increases again indi-
cating the stabilization of the colloid suspension.

3.4. Flocculation mechanisms

To get an insight into the flocculation mechanisms, IDC latex
spheres, linear and branched polymer hydrodynamic radius Rh were
measured by DLS with a Malvern Zetasizer Nano ZS. The results
below show that polymer Rh, respectively 311 � 11 nm for linear
polymers and 252 � 20 nm for two-branched polymers, are slightly
lower than the IDC particle Rh which is equal to 508 � 37 nm.
Experiments clearly demonstrate that the latex particle zeta poten-
tial is increasingwith thepolymerdosage from�100mVuptocharge
reversal and stabilization atþ20mV. Here polymer adsorption leads
to the characteristic charge reversal (or overcharging) of the latex
particles after one isoelectric point (IEP). When adding polymer at
the optimal flocculation dosage, the zeta potential is found close to
�20 mV for both linear and branched polymer denoting that, in the
two cases, themainflocculationmechanism is not related to a charge
neutralization process. Also owing to the hydrodynamic radius and
molarmassesof the twopolymers, thepatchneutralizationprocess is
not expected, at optimal dosage, to play an important role. These
findings suggest that “tele-bridging” flocculation and electrostatic
forces dictate the stability of our oppositely charged latex particle
suspension. The stability ratio w versus the polymer dose which is
shown in Fig. 9 reveals the important finding of this paper. One
observes the characteristic “U” shaped plots with the minimum sit-
uated at optimal dosage and before the IEP. After the IEP, by
Fig. 9. Logelog plot of the stability ratio w versus the AF BHMW and AF B1þþ polymer
concentrations. The Critical Flocculation Concentrations*/** (CFC* and CFC**) were deter-
mined for both polymers respectively CFClin*/** for AF BHMWand CFCbran*/** for AF B1þþ.
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Fig. 11. Aggregate and floc pictures obtained by destabilization of latex suspensions at
optimal dosage using : (a) NaCl, (b) linear polymer, (c) branched polymer. Large struc-
tures are observed for both polymers in agreement with the high kinetics aggregation
rates. Aggregates obtained with salt are smaller and exhibit open structures.
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increasing the polymer dose, a steric stabilization, due to bound
polymer layers at the latex particles is achieved hence preventing
them from coagulation via attractive van der Waals forces. One also
observes in Fig. 9 that the stability ratio is rapidly increasing after the
CFC** (asymmetric “U” shaped). Indeed, after the CFC**, steric and
electrostatic stabilization of the polymer is rapidly achievedowing to
the relative large dimensions of the two polymers in comparison to
the latex particle sizes.

3.5. Determination of the floc structures

In order to evaluate the fractal character and calculate the floc
fractal dimensions in presence of salt, linear and branched polymers,
flocs were collected after 2400 s at optimal salt and polymer dosage
(respectively: 0.5M, 4.75$10�4 g/L and 1.25$10�3 g/L). For each situ-
ation, 10 samples representing at least 1000 aggregates were
analysed. In Fig. 10 is presented on logelog plots the variation of the
flocs major axis lengths as a function of their masses (number of
pixels). Pictures corresponding to the resulting flocs are given in
Fig. 11 for the salt, linear and branched polymers. The fractal
dimension Df (1.80 � 0.02) of aggregates induced by NaCl charge
screening is in good agreement with the common values found for
the clusterecluster aggregation model [32,33] for the diffusion
limited aggregation process (DLCA) which results in the formation
of open structures.

Flocs induced by linear and branched polymers exhibit signifi-
cant higher Df values, respectively 1.88 � 0.04 and 1.91 � 0.03,
denoting that theses flocs are more compact and larger in good
agreement with the respective kinetics rate constants. There is
a noteworthy difference between flocs induced by the presence of
linear polymers and those by branched polymers which are more
dense.
4. Conclusions

A Coulter Counter was used to investigate in a systematic way
the floc formation between negatively charged particles and
oppositely charged polymeric flocculants. Kinetics aspects as well
as structural parameters (fractal dimensions) with special focus on
the effects of polymer dosage were investigated. The role of poly-
mer dosage on the flocculation rate constants, stability ratio w
variations and the determination of the CCC were also investigated
and a systematic comparison was made with salt induced particles
aggregation for a better estimation of polymer efficiency and
optimal dosage concentration range.

Our study points out the differences between the flocculation
and the salt induced destabilization mechanisms. At optimal
polymer dosage, the flocculation rate constants are significantly
larger than the aggregation rate constant obtained with salt i.e.
when charge screening has reached its optimal effect. The structure
of the polymer is shown to play a significant role on the kinetics of
flocculation, floc characteristics, and the range of concentration
over which flocculation occurs. Optimal polymer dosage concen-
tration is higher for the branched polymer which exhibits a greater
flocculation rate constant, whereas the linear polymer is shown to
have a larger concentration domain of use.

Overall, our findings suggest that bridging flocculation and
electrostatic forces dictate here the stability of the charged latex
particle suspension, in comparison to charge neutralization and
patch formation flocculation mechanisms. Another interesting
result of this study is the fact that the analysis of the resulting
structures clearly demonstrates the fractal character of the flocs
and exhibits a significant difference between the two polymers
denoting the importance of the polymer architecture not only in
the kinetics rate constant and concentration range, but also in the
fractal floc structure which is expected to control important floc
properties such as floc settling velocity and cohesion. Mixtures of
polymers and salt will be investigated in a future paper to gain
insight into the effect of charge screening on the polymeric floc-
culant efficiency.
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In order to study the influence of melt viscosity and molecular weight on nanotube dispersion and
electrical volume resistivity, three different polycarbonates (PCs) varying in molecular weight were melt
compounded with 1 wt% multiwalled carbon nanotubes (MWCNTs, Baytubes� 150 HP) using a small-
scale compounder. The experiments were performed at constant melt temperature but at varying mixing
speeds, thereby applying different magnitudes of shear stress. Light transmission microscopy was used to
access the state of agglomerate dispersion, and electrical resistivities of the composites were measured
on pressed plates. The results indicate that with increasing matrix viscosity the agglomerate dispersion
gets better when using constant mixing conditions but worse considering comparable shear stress
values. To study the effect of molecular weight, in a second set of experiments melt temperatures were
adjusted so that all PCs had similar viscosity and mixing was performed at constant mixing speed. As
investigated on two viscosity levels, the composites based on the low molecular weight matrix showed
smaller sized un-dispersed primary agglomerates as compared to composites with higher molecular
weight matrices, highlighting the role of matrix infiltration into primary nanotube agglomerates as the
first step of dispersion. The resistivity values of composites prepared using low viscosity matrices were
lower than those of composites from high viscosity matrix.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

The production of composites based onpolymer andmultiwalled
carbon nanotubes (MWCNT) by melt processing has acquired great
interest for research, as it is a fast and economic method for indus-
trial scale manufacturing. For the commercial success of these
composites and, especially to get suitablemechanical properties, it is
necessary to produce these composites free of un-dispersed primary
agglomerates. However, it has been discussed in literature [1e7] that
it is difficult to get rid of un-dispersed primary MWCNT agglomer-
ates during melt compounding, particularly if the agglomerate
density of the used nanotube materials is relatively high. In the
process of dispersive mixing operation duringmelt compounding of
polymer-filler systems, the applied shear stresses acting on the
nanotube agglomerates cause their size reduction. If the filler
agglomerates are infiltrated by the polymermelt, the infiltration can
affect the packing structure and the agglomerate strength of the
agglomerates or alter the cohesive forces binding small agglomerates
within bigger ones [7]. This might weaken the agglomerates which
x: þ49 351 4858 565.

All rights reserved.
then require relatively lower shear stresses for their size reduction.
For this reason, the applied shear stresses and the melt infiltration
into the nanotube agglomerate structure play a decisive role in
controlling and accelerating the size reduction of filler agglomerates
during melt processing. In this context the polymer matrix proper-
ties like melt viscosity and molecular weight are important factors
that might affect these processes. In literature, some investigations
concerning the influence of matrix melt viscosity on the dispersion
of fillers like carbon black (CB), calcium carbonate (CaCO3), nanoclay
etc., and also on nanotubes (CNTs) have been reported and some of
them are summarised below.

Yamada et al. [8] reported the influence of polydimethylsiloxane
(PDMS) infiltration on the dispersion kinetics of carbon black (CB)
agglomerates. They found that the viscosity of the matrix and the
porosity of the agglomerates are important factors that affect
infiltration and therefore the process of filler dispersion. The
authors stated that the matrix with the higher melt viscosity would
infiltrate slower into agglomerates than the low melt viscosity
matrix [9]. Similar observations have been reported by Levresse
et al. for CaCO3 agglomerates [10]. The authors modelled the infil-
tration kinetics into CaCO3 agglomerates and found that decreasing
agglomerate radius, agglomerate density, and polymer viscosity
result in higher infiltration rates. Roland et al. reported on the

mailto:poe@ipfdd.de
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.007
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Fig. 1. TEM micrograph illustrating matrix infiltration and subsequent separation of
MWCNT due to erosion from the agglomerate surface.
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dispersion of CB in linear and branched polyisobutylene (PIB) by
performing dynamic mechanical analysis and electrical resistivity
measurements [11]. The measured values reflected that the
dispersion of CB was worse in branched PIB as compared to that
observed in linear PIB even though high shear stresses were
applied. It can be interpreted that the branching of PIB restricted its
infiltration into CB agglomerates. In a study dealing with the
intercalation of nanoclay in polystyrene (PS) during annealing, Vaia
et al. found that faster intercalation of nanoclay was achieved in
a matrix with lower melt viscosity and molecular weight as
investigated using X-ray diffraction [12].

The shear stress present in the compounder during melt com-
pounding is crucial for the agglomerate size reduction. A high melt
viscosity of the matrix would help to apply higher shear stresses on
agglomerates leading to their faster dispersion. In fillers like
nanoclay, several such studies are reported like in [13e15] where
better dispersion is claimed to be achieved by using high melt
viscosity matrices thereby applying high shear stresses. However,
these studies observed tendencies based on experiments where
only a single/fixed mixing speed was employed.

In case of polymer-MWCNT systems few studies have been
reported where the influence of matrix viscosity on MWCNT
dispersion or composite properties is investigated systematically.
For example, Le et al. [16] reported the state of dispersion ofMWCNT
in natural rubbers varying in melt viscosity by using online
measured electrical conductance. Lowering the viscosity of the
starting rubber until an optimum level resulted in faster MWCNT
agglomerate dispersion at a certain mixing speed. This was related
to the optimal balance between infiltration speed of rubber chains
into MWCNT agglomerates and the shear stress transferred by the
mechanical forces in the mixer. Mi�cu�sík et al. diluted an industrial
polypropylene (PP) masterbatch with other PPs of varying viscosity
[3]. Lower resistivity values or lower electrical and rheological
percolation thresholds were obtained for composites based on low
melt viscosity or low molecular weight matrices. Hermant et al.
produced polymethylmethacrylate (PMMA) and PS latex based
composites and observed lower percolation thresholds in compos-
ites which had higher fractions of lower molecular weight polymer
[17]. In a recent study, Socher et al. produced composites using
different molecular weights and end group functionalities of poly-
amide 12 (PA12, acid and amine excess) [18]. Composites of low
molecular weight PA12 with acid excess showed lower percolation
thresholds than those based on high molecular weight and amino
terminated materials. However, at a fixed mixing speed, the best
MWCNT dispersion was obtained in high viscous PA12 composites.

The influence of variation in melt viscosity, induced by different
compounding temperatures, on MWCNT dispersion during melt
compounding of polycarbonate (PC) with 1 wt% MWCNT was
reported in Ref. [4]. At low mixing speeds, MWCNT dispersion was
better in high viscosity matrix as the applied shear stresses were
also high. At high mixing speeds similar states of dispersion were
observed irrespective of the set melt temperature or viscosity. The
results are in agreement with Le et al. [16] and indicated that high
shear stresses are not the only requirement to achieve good
dispersion of MWCNT agglomerates.

However, the common view in melt mixing of polymers with
agglomerated nanotubes is that high applied shear stresses give
best dispersion, even if there are some opposite results already
reported in literature. In order to clarify that, a systematic study
varying the polymer viscosity and thus the applied shear stresses
was done on a model system, namely amorphous polycarbonate
with MWCNTs Baytubes, representing an agglomerated CNT mate-
rial with relatively high agglomerate density. The special focus was
on the role of melt viscosity on matrix infiltration into primary
nanotube agglomerates and its influence on the dispersion process.
To illustrate the process of matrix infiltration, in Fig. 1 a TEM
image of one MWCNT agglomerate undergoing dispersion in
a polycarbonatemelt is shown. Themelt infiltrates the agglomerate
and tubes from the surface of the agglomerate are being separated
and dispersed in the melt.

In order to investigate the distinct influences of applied shear
stresses and melt infiltration on MWCNT agglomerate dispersion,
three PCs differing in molecular weight were melt mixed with 1 wt
% Baytubes C150HP using a DACAmicrocompounder by varying the
applied mixing speed. To investigate the influence of melt viscosity
on agglomerate dispersion, in a first set of experiments com-
pounding was done at a constant temperature leading to different
shear stresses for the different PCs. In a second set of experiments,
the compounding temperatures were adjusted in a way that the PC
has similar melt viscosity and thereby solely the influence of matrix
molecular weight on agglomerate dispersion could be observed.
The state of macrodispersion at different levels of applied shear
stress was analysed using optical micrographs and the electrical
properties of the composites produced under the different condi-
tions are discussed.
2. Experimental

2.1. Materials

As polycarbonates, a low viscosity grade Makrolon� 2205,
a medium viscosity grade Makrolon� 2600, and a high viscosity
grade Makrolon� 3108 (from Bayer MaterialScience AG, Germany)
with a density of 1.2 g/cm3 were selected. In Table 1, molecular
weights, melt viscosities at 280 �C, and melt temperatures to reach
a certain viscosity level of these polycarbonates are given.

The MWCNTs used in this work (Baytubes� C150HP, Bayer
MaterialScience AG, Germany) are produced by a catalytic chemical
vapour deposition process and were supplied as agglomerates. The
carbon purity of this highly purified material is >99%, the outer
mean nanotube diameter is reported to be in the range of 13e16 nm,
the length of the tubes is in the range of 1to >10 mm, and their bulk



Table 1
Melt volume flow rates MVR, molecular weights (Mw, Mn, PD), zero shear melt viscosities, and melt temperature to reach desired viscosity levels of different polycarbonates.

Polycarbonate MVRc

(cm3/10 min
@ 300 �C/1.2 kg)

Mw
a

(g/mol)
Mn

a

(g/mol)
Polydispersity
(DP)a

Complex
viscosityb at
280 �C (Pa s)

Melt temperature (�C) to reach
viscosity levelb of

w500 Pa s d w1200 Pa s d

Makrolon 2205 36 20,100 7700 2.62 240 260 240
Makrolon 2600 12.5 26,200 9500 2.76 720 290 265
Makrolon 3108 6 29,800 11,400 2.62 1240 310 280

a Molecular weights determined by GPC using THF as solvent.
b Zero shear melt viscosities determined using an ARES oscillatory rheometer in frequency sweeps (strain 5%).
c MVR from material data sheets.
d Determined using an ARES oscillatory rheometer using dynamic temperature ramp. 0.1 rad/sec, strain 5%.

G.R. Kasaliwal et al. / Polymer 52 (2011) 1027e1036 1029
density is 140e230 kg/m3 [19]. The porosity of these MWCNT
agglomerates is found to be 0.18 [7].

These MWCNT agglomerates have a broad particle size distri-
bution (4.5 mme600 mm) [7]. For a part of the investigations, the
primary MWCNT agglomerates were sieved and separated into
certain size classes (using a Fritsch sieving equipment, sieving
amplitude 2, time 20 min). The separated size fractions were: over
500 microns (top cut), 355e400 microns, 100e125 microns, and
below 63 microns (bottom cut).

Before melt mixing, PC and MWCNTs were dried overnight at
100 �C in vacuum.

2.2. Composite preparation

2.2.1. Melt compounding
A DACA microcompounder (DACA Instruments, Goleta, CA) rep-

resenting a small-scale, co-rotating twin-screw microcompounder
with a bypass and a filling volume of 4.5 cm3 was used for melt
mixing. In this compounder, mixing parameters such as mixing
temperature, speed, and time can be easily controlled and the torque
values can be monitored. The material was added step wise in the
running microcompounder and a charge of 4.2 g material was pro-
cessed during each experiment. The mixing duration was set to the
short time of 5 min considering the maximal residence time in
a twin-screw extrusion process. The material was taken out as
a strand (diameterw 2mm) using the set screw speeds through the
heated cylindrical die into air without additional cooling or drawing.
As reported in a previous study [4], Baytubes C150HP show electrical
percolation in PC at 1 wt% and so this concentrationwas used for the
present study. The experiments were performed in two sets.

Set 1: To investigate the influence of melt viscosity on CNT
dispersion, melt-compounding temperature (barrel temperature)
was set at 280 �C. To apply different shear stresses,mixing speeds of
10, 30, 50, 75, 100, 150, 200, 250, and 300 rpm were employed,
thereby using the complete mixing speed range of the equipment.

The applied shear stress was calculated using equation (1):

sapplied ¼ K 0$h$ _g (1)

The shear rate _g was evaluated following Ref. [20]:

_g ¼ p$ðD� 2dÞ$N
d

(2)

Here, K0 (for spherical particles) was set to 2.5 [21], D is the screw
diameter (9.725 mm) and d is the screw clearance with barrel
(100 mm), N is the mixing speed in rps. The viscosity values h at the
applied shear rates _g were taken from Ref. [22].

Set 2: To investigate the distinct influence of the matrix molec-
ular weight in a second set of experiments twomelt viscosity levels,
namely viscosity level 1 of 500 Pa s and viscosity level 2 of 1200 Pa s,
were applied. The viscosity levels were controlled by adjusting the
melt temperatures (barrel temperature) for the different PCs as
indicated in Table 1. The compounding was carried out at a mixing
speed of 100 rpm. For the sieved fractions of MWCNT, melt com-
pounding was performed on viscosity level 1 only.

2.2.2. Compression moulding
The extruded strands were compression moulded into circular

plates (diameter 60mm, thickness 0.5mm) using aWeber hot press
(Model PW 40EH, Paul Otto Weber GmbH, Remshalden, Germany).
Compression moulding was carried out following the detailed
procedure described in Ref. [4]. For composites prepared by set-1,
the moulding was carried out at 265 �C using a pressing time of
1min and pressing speed of 6mm/s. For composites prepared in set
2, only those samples prepared with un-sieved MWCNT were
compression moulded and the temperatures were adjusted (as
indicated in Table 1) to maintain the viscosity level 1 and 2 also
during the pressing procedure whereas other pressing conditions
remained same.
2.3. Composite characterisation

2.3.1. Optical microscopy
For light transmission optical microscopy, thin sections of

20 microns thickness were prepared from extruded strands
(perpendicular to extrusion direction) using an RM 2055 micro-
tome (Leica, Germany) at room temperature. A glass knife with
a cut angle of 35� was used. The thin sections were imaged with
a BH2 microscope equipped with a camera DP71 (both Olympus)
considering the entire cross-sectional area.

From the micrographs the area ratio of un-dispersed agglomer-
ates to themicrograph area (A, in %)was analysedusing digital image
processing (software ImageJ). Further, un-dispersed agglomerates
are classified as per the size classes based on their circle equivalent
diameters (size class with 10 mmwidth). Agglomerates smaller than
1 mmwere excluded for further data evaluation and interpretation.

To have a sufficient statistics of measured values, at least eight
images from four different positions along the length of the strand
were used for analysis leading to an investigated area of at least
4.8 mm2.

2.3.2. Electrical measurements
Electrical volume resistivity measurements were performed

either on compression-moulded circular plates (diameter: 60 mm,
thickness 0.5 mm) or on strips depending upon their resistivity
values. For high resistivity samples (resistivity > 107 U cm),
a Keithley Electrometer 6517A with a 8009 Resistivity test fixture
equipped with ring electrodes was used. For samples having lower
volume resistivity, the measurements were performed on strips
(w20 mm � w7 mm) cut from the compression-moulded plates
using a four-point test fixture combinedwith a KeithleyMultimeter
DMM 2000. The four-point test fixture has gold contact wires with
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a distance of 16 mm between the source electrodes and 10 mm
between the measuring electrodes. The volume resistivity was
measured at 24 �C and 40% relative humidity. Before measure-
ments, the surfaces of the samples were cleaned with ethanol. For
each specimen at least two measurements were made for high
resistivity and four for low resistivity samples.

3. Results and discussion

3.1. Influence of PC melt viscosity

3.1.1. Investigation of MWCNT dispersion
Optical micrographs of composites with 1 wt% Baytubes�

C150HP prepared using the PCs with different viscosity at selected
mixing speeds are shown in Fig. 2.

In Fig. 3, the area ratio of un-dispersed agglomerates, A, is
plotted versus themixing speed. At lower mixing speeds, relatively
larger sizes of agglomerates resulting in higher A values were
observed in the matrix with the low viscosity as compared to
medium and high viscosity matrices. However, as higher mixing
speeds were employed, the difference in the state of MWCNT
agglomerate dispersion between the PC narrows. Interestingly,
above a certain mixing speed, here on and above 200 rpm, the
difference in the state of dispersion becomes marginal. Thus, the
use of high mixing speeds results in similar states of dispersion of
CNT agglomerates in all matrices.

To analyse the rate of morphology development in different PC
matrices with increasing mixing speed, the relative change in the
area ratio (1�(Ax/A0) i.e. the relative decrease in the area of un-
dispersed agglomerates Ax at any mixing speed x in correlation to
the area A0 at a mixing speed of 10 rpm) was evaluated. These
relative changes in area ratio are plotted versus the mixing speed
for all three PC matrices in Fig. 4 illustrating a common curve.
Fig. 2. Optical micrographs illustrating the state of agglomerate dispersion of 1
Irrespective of matrix viscosity and the initial state of dispersion,
approximately 90% change in the area ratio was realised by
increasing the mixing speed from 10 rpm to 300 rpm.

In Fig. 5, the shear stress applied from the PC matrices varying
in melt viscosity onto the primary agglomerates is plotted versus
the mixing speed. Obviously, higher shear stresses are exerted by
the high viscosity matrix as compared to the lower viscosity ones.
The difference in the applied shear stress becomes more evident
as the mixing speed increases.

The applied shear stress is responsible for the evolution of the
MWCNTagglomerate dispersion in the composites. The shear stress
wt% MWCNT in PCs with different melt viscosity at selected mixing speeds.
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causes break up and dispersion of the agglomerates. To observe the
difference in MWCNT agglomerate dispersion in correlation to the
applied shear stress, the area ratio A was plotted versus applied
shear stress in Fig. 6. As the mixing speed and the shear stress
increase, the dispersion improves in all matrices. Interestingly, as
the applied shear stress increases, the change in area ratio is faster
in low viscosity matrix followed by medium and high viscosity
matrix. At shear stresses corresponding to 200 rpm and higher
mixing speeds, surprisingly only a marginal difference is observed
in the area ratio of un-dispersed agglomerates among composites
made by the different PC. In Fig. 7, the relative change in the area
ratiowithmixing speed is plotted versus applied shear stress. Much
higher applied shear stress was required for high viscosity matrix
as compared to medium and low viscosity matrix to achieve
comparable relative area changes (1�(Ax/A0)). This result of faster
development in area ratio with applied shear stress at lower matrix
viscosity is on the first view unexpected. However, it illustrates the
role of the infiltration process as first step of the dispersion process.

The filler agglomerates usually have a certain porosity, which
facilitates melt infiltration into them. Further, the pores present in
the agglomerates allow flow within them, which is driven by the
shearing motions present within the external fluids. This internal
flow affects the manner in which the hydrodynamic stress is
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distributed within the agglomerate [8]. In the process of filler
dispersion during melt compounding, mainly the applied shear
stresses acting on the agglomerates are responsible for their size
reduction. The molecular weight of the polymers and the melt
viscosity (which is temperature dependent) influence in different
ways the final state of filler dispersion. If melt viscosity is high then
the applied shear stresses on the agglomerates are high; on the
other hand, if the melt viscosity is low melt infiltration into the
agglomerates is pronounced so that their strength can be signifi-
cantly weakened. Further, peripheral erosion of agglomerates is
also enhanced by infiltrated surfaces. High melt viscosity of matrix
slows the infiltration speed but produces high shear stress and vice
versa for low viscosity matrix.

The agglomerates in the low viscosity matrix can be assumed to
bemore complete infiltrated than the agglomerates in medium and
high viscosity matrices. At lower mixing speeds, poor dispersion
was observed in the low viscosity matrix because the applied shear
stress was also quite low. Thus, at low speeds better dispersionwas
observed in high viscosity matrix as applied shear stresses are high.
However, at high mixing speeds, in low viscosity matrix the shear
stresses are high enough to disperse the infiltrated MWCNT
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agglomerates having lower agglomerate strength. Thus, although
much higher shear stress is applied using a high viscosity matrix,
a similar level of dispersion is achieved as in low viscosity matrix.
At higher mixing speeds a counteracting balance is observed
between melt infiltration and applied shear stress. Considering the
applied shear stress, MWCNT agglomerates offer relatively less
resistance for dispersion in low viscosity matrix than in a high
viscosity matrix. The resistance for dispersion is generally the
cohesive strength of agglomerates. In order to estimate this resis-
tance for dispersion of agglomerates or the cohesive strength of the
agglomerates in the following paragraph a model is proposed.

For a givenmatrix, at the lowest mixing speed considered, in our
case at 10 rpm, a certain state of dispersionwas achievedwhichwas
further improved as higher shear stresses were applied at higher
mixing speeds. A schematic description of this improvement in
dispersion due to the applied shear stress is shown in Fig. 8.

Assuming that the change in the area ratio with applied shear
stress is proportional to the initial area ratio, equation (3) can be
derived:

d A0

d sapplied
fA0 (3)

Integrating equation (3) for A0 ¼ A0 (at 10 rpm) to A0 ¼ Ax at x rpm
results in

ln
Ax

A0
¼ �k$Dsapplied/k ¼ 1

scohesive
(4)

where the constant of proportionality k is the inverse of the
cohesive strength of the agglomerates.

In Fig. 9, ln (Ax/A0) is plotted versus the applied shear stress. The
dotted lines represent the fits of equation (4).

From the slope k of the dotted lines the resistance of the
agglomerates against dispersion, i.e. the average cohesive strength
of (partially infiltrated) agglomerates in a given polymer melt, is
estimated. For low viscosity matrix it is 0.26 MPa, for medium
viscosity it is 0.5MPa, and for high viscosity it is 0.82MPa. The lower
value of scohesive obtained for MWCNT agglomerates in a low
viscosity matrix indicates that using low viscosity matrices is
favourable for manufacturing composites. Further, applying high
shear stress on agglomeratesmight cause breakage of tubes and this
might be undesirable. Applying high shear stress is also undesirable
for polymers as they can degrade by polymer chain breakage. It has
been stated previously that it is difficult to get rid of the agglom-
erates of certain low size classes, as such agglomerates have very
high agglomerate strengths [7]. However, the values calculated here
indicate average scohesive over all agglomerate size classes. The
values are helpful to estimate and understand that agglomerates
can be dispersed in low melt viscosity matrix at relatively low
expense of energy as compared to medium or high viscosity matrix.

3.1.2. Electrical resistivity
To investigate the state of electrical network formation in these

composites, volume resistivity measurements were carried out and
Fig. 8. Schematic showing the improvement in dispersion by increasing rotation speed
and thus applied shear stress.
are plotted in Fig.10 versus themixing speed employed duringmelt
mixing.

All composite produced at lowmixing speeds (50 rpmandbelow)
are non-conductive. As higher mixing speeds were employed, the
resistivity of all composites decreases. However, the decrease in the
resistivity of composites is not similar. On one hand, the decrease in
the resistivity of composites basedon lowandmediumviscosityPC is
strong and starting from 75 rpm, these composites are electrically
percolated. Nevertheless, further increase in the mixing speed does
not help in further decreasing the resistivity. On the other hand, the
resistivities of the composites produced using PC with high melt
viscosity decrease slowly with increasing mixing speed and reach
a semi-conductive state. However, at the highest mixing speed
employed the resistivity of the composite increases. This anomaly of
increase in resistivity might be due to breakage of tubes during
compounding, but this is only a hypothesis, as the breakage in tube
length was not investigated in this study.

It has to be taken into account that pressing of the plates used
for resistivity measurements was done at a constant temperature of
265 �C leading possibly to different states of secondary agglomer-
ation. Higher re-agglomeration at lower viscosity may lead to lower
resistivity values as compared to lower re-agglomeration at higher
matrix viscosity ([4] and the references therein).
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Fig. 10. Electrical resistivity of composites with 1 wt% MWCNT vs. mixing speed.



Fig. 11. Optical micrographs of PC with 1 wt% MWCNT prepared at two viscosity level: (aec) low melt viscosity level (ca. 500 Pa s) (def) high melt viscosity level (ca. 1200 Pa s).
As matrix molecular weight increases (from left to right), the size of un-dispersed MWCNT agglomerate increases. The area ratio A is indicated in %.
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3.2. Influence of PC molecular weight

3.2.1. Investigation of MWCNT dispersion
Polymers vary in melt viscosity due to the difference in their

molecular weight. To investigate if the polycarbonate matrix
molecular weight has an additional influence (next to the viscosity
effect) on CNT dispersion, melt mixing was performed by adjusting
temperatures in a way that the polycarbonates with different
molecular weights had similar viscosities. Thus, at a given mixing
speed the applied shear stresses are comparable. In Fig. 11, optical
micrographsare shown illustrating the state of dispersionofMWCNT
agglomerates for composites produced at low viscosity level
(500 Pa s, Fig.11(aec)) and for composites produced at high viscosity
level (1200 Pa s, Fig.11(def)). The number of agglomerates is plotted
versus the equivalent diameter of un-dispersed agglomerates in
Fig.12. From these experiments itwas found that at highermolecular
weight of the matrix, the size of the largest un-dispersed agglomer-
ates was higher. A considerable difference in the area ratio was also
Fig. 12. Size distribution of un-dispersed agglomerates observed in PC with 1 wt% MWCNT (a
high viscosity level (1200 Pa s).
observed with increasing values at higher molecular weights. This
tendency was observed at both viscosity levels. Nevertheless, the
possibility of finding relative large sized agglomerates is not
completely ruled out in low or medium molecular weight matrices
even though they were not detected.

3.2.2. MWCNT dispersion of different agglomerate size fractions
In order to verify the effect of molecular weight on the size of un-

dispersed agglomerates from different size classes, four sieved
fractions of Baytubes� C150HPwere used inmelt compoundingwith
the different polycarbonates. In Fig. 13, the size distribution i.e. the
number of agglomerates is plotted versus the equivalent diameter of
un-dispersed agglomerates observed in these composites. The
results verify the earlier mentioned observation that the size of the
largest un-dispersed agglomerate increases with the matrix molec-
ular weight. It was also found that the sieved agglomerates from the
highest size classes undergo the maximum size change. In those
composites where initial MWCNT agglomerate size fractions of
) composites produced at low viscosity level (500 Pa s) and (b) composites produced at



Fig. 13. Size distribution of un-dispersed agglomerate observed in 1 wt% MWCNT composites produced using different PC at melt viscosity level 1 (500 Pa s). MWCNT from different
size fractions were used (a) below 63 mm, (b) 100e125 mm, (c) 355e400 mm, (d) 500 mm and above.
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500 mmandabove and355e400 mmwere used, themaximumsize of
un-dispersed agglomerate was found to be below 130 mm. Large
sized agglomerates were broken down to small sized agglomerates
and the decrease in agglomerate size was significant. In composites
where smaller MWCNT agglomerate size fractions of 100e125 mm
and below 63 mmare used, the observed size of largest un-dispersed
agglomerates was 110 mm and 62 mm, respectively. Scurati et al. [23]
observed during dispersing silica in PDMS that fractional reduction
in large sized agglomerates occurs faster than for small sized
agglomerates, when dispersion occurs under identical hydrody-
namic conditions.

3.2.3. Electrical resistivity
The electrical volume resistivity of the composites preparedusing

un-sieved MWCNT and by adjusting the melt viscosity during melt
processing (compounding and moulding) is plotted in Fig. 14 versus
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Fig. 14. Volume resistivity versus processing temperature of composites prepared
using different molecular weight matrices.
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the processing temperature. As expected, the composites processed
at low viscosity level had lower resistivity values as compared to
those prepared at high viscosity level. In literature, such observations
were reported quite often and the lower level in resistivity at lower
matrix viscosity was attributed to more pronounced secondary
agglomeration of MWCNT ([4] and the references therein). During
compression moulding, the movement of tubes for such secondary
agglomeration intensifies at lowermelt viscosity or longer annealing
time at higher melt viscosity.

It was expected that the resistivity values of the composites
produced at a given viscosity level should be in a similar range.
However, an additional influence of temperature apart from
viscosity on electrical volume resistivity is observed.

At the high viscosity level, only the highest molecular weight PC
processed at the highest temperature of 280 �C results in composites
with resistivities deviating from the insulating range. At the low
viscosity level, the composites based onmedium and highmolecular
weight, processed at the higher temperatures of 290 �C and 310 �C,
respectively, showed lower resistivity values than the composite
based on PC with lowmolecular weight. The lower resistivity values
were achieved despite higher agglomerate area ratios at higher
molecular weights. The experiments were repeated to confirm the
tendencies. The results indicate that the melt temperature plays an
additional role in lowering resistivities although the melt viscosities
during mixing and compression moulding were same. Possibly, next
to viscosity effects on the remaining primary agglomerates, the
formation of a network consisting of separated nanotubes and
agglomerates is more pronounced at higher temperatures. Higher
melt temperature also leaves more time for structuration during
cooling at similar rates, possibly thereby contributing to the observed
reduction in electrical resistivity.

4. Summary and conclusion

The influence of polymer matrix melt viscosity and molecular
weight on the dispersion of MWCNTagglomerates was investigated
on the model system of polycarbonate and Baytubes� C150HP.

In studies concerning the effect of melt viscosity on MWCNT
agglomerate dispersion it was observed that at low mixing speed
better dispersion was obtained in the matrix with high melt
viscosity, indicating that high shear stresses are necessary for good
dispersion. Interestingly, above a certain mixing speed, indepen-
dent of viscosity, similar states of dispersion were achieved in all
composites although significantly different levels of shear stress
were applied. This illustrates a balance between the counteracting
effects of matrix viscosity on agglomerate infiltration and
agglomerate dispersion. The faster improvement in dispersionwith
shear stress clearly reflects that MWCNT agglomerates have lower
resistance to disperse or disperse relatively easier when incorpo-
rated into low viscosity matrices as compared to high viscosity
matrices.

The electrical resistivity values of these composites indicate that
highmelt viscosity of thematrix can hamper the nanotube network
formation which is in agreement with other results reported in
literature (e.g. Ref. [18]).

In studies concerning the effect of molecular weight on MWCNT
agglomerate dispersion it was observed that increasing the matrix
molecular weight, despite constant melt viscosities achieved by
adapting melt temperatures, results in larger un-dispersed agglom-
erates. This finding illustrates the very important role of matrix
infiltration into the primary agglomerates as the first step of
dispersion which is much faster and more complete in case of low
molecular matrices. This is also reflected in lower values of the
resistance of the agglomerates against dispersion, i.e. the average
cohesive strength of (partially infiltrated) agglomerates in case of the
low molecular PC as it was estimated from the slope of the relative
agglomerate area ratio versus the change in applied shear stress.

Further, sieved MWCNT agglomerates from four different size
classes were used to confirm this observation. These results show
that sieved agglomerates from larger size classes undergo higher
changes in size than agglomerates from smaller size classes.

The electrical resistivity values of the composites produced at
constantmelt viscosity level of thematrices indicate that increasing
melt temperature has an additional influence on lowering the
resistivity.

The results clearly indicate that the step of melt infiltration into
primary agglomerates, which at a given nanotube agglomerate
structure is faster at low melt viscosities and molecular weights of
the matrix, plays an important role in lowering the agglomerate
strength. Thus, the infiltration has, next to the applied shear stresses,
a big influence on the agglomerate dispersion by rupture and erosion
mechanisms.

In order to optimise agglomerate dispersion, attention has to be
paid on that infiltration step despite just only to apply high shear
stresses.

The tendencies found can be assumed to be also applicable to
other polymermatrices and nanotube types, even if thosemay have
different agglomerate properties and specific infiltration conditions
and kinetics.
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In this study, the morphology and rheological properties of nanocomposites prepared by melt mixing of
isotactic polypropylene (i-PP), ethylene-propylene-diene terpolymer rubber (EPDM), and Cloisite 15A
organoclay, were investigated at rest and under of uniaxial compression and stretching deformations at
room temperature. Transmission electron microscopy (TEM) and wide-angle X-ray diffraction (WAXD)
experiments revealed that intercalation took place between the clay and the blend. The lamellar long
period (L) of the polymeric structure determined by small-angle X-ray scattering (SAXS) was found to
increase upon the addition of nanoclay, which also resulted in variations in the angle of rotation (f)
between the polymer and clay lamellae. The intercalated nanoclay improved the storage and loss
modulus of the resulting materials in the melt state significantly, as determined from oscillatory rheology
analyses. Finally, we verified that the uniaxial plane deformation caused by compression of the nano-
composites contributed to the reduction of crystalline domains in the blend, while the crystallinity
remained almost constant in the case of uniaxial stretching deformation.

Published by Elsevier Ltd.
1. Introduction

Polymeric blends consisting of polypropylene (PP) and
ethylene-propylene-diene terpolymer (EPDM) rubber have wide-
spread applications in the industry due to their excellent chemical
and thermal properties. In some cases, however, these materials
exhibit poor mechanical resistance. Nonetheless, the mechanical
resistance can be conveniently reinforced by a number of
approaches, including the addition of fillers such as nanoclays.
Recently, nanometer-sized clay particles have garnered increasing
interest as a means to tune the properties of polymeric materials
[1e4] with cost-effective and naturally occurring materials. The
studies reported to date in the literature show that the mechanical
properties of specimens are improved by intercalation of the
polymer and the clay [3,5e14].
ão em Materiais, CCET, Uni-
fax: þ55 81 3334 7231.
Machado).

r Ltd.
There have been considerable efforts toward the discovery and
subsequent characterization of novel clay systems. Montmorillon-
ites are been the most studied class of clays and have attracted
much attention due to their physical chemical versatility and low
cost. The interaction between montmorillonite-like surfaces with
a number of chemical functions, such as quaternary ammonium
salts, allows for the modification and control of the mechanisms of
interaction between nanoclays and their surroundings. For
instance, Cloisite�15A (C15A) is a montmorillonite with a nega-
tively charged surface that has been modified with antagonists
comprising positively charged quaternary ammonium salts con-
taining an alkyl chain [2,15e17]. This clay has proved to be an
interesting alternative as an inorganic filler in polymeric materials
for the purpose of tuning selected properties of materials such as
mechanical resistance and gas barrier [9e13,18].

Nevertheless, the effect of the organoclay is strongly related to
the extent of its dispersion within the polymer matrix. In general,
three types of nanocomposites, namely immiscible or agglomer-
ated, intercalated and exfoliated nanocomposite, can be produced
by mixing an organic polymer and an inorganic nanoclay. In an
agglomerated composite, interactions between polymer chains

mailto:giovannamachado@uol.com.br
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.005
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Fig. 1. WAXD diffraction patterns recorded at rest for (a) 75/25 and (b) 60/40 wt% i-PP/EPDM blends containing different amounts of C15A, as indicated.
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remain practically the same because of the limited clay-polymer
interfacial area that is generated in the newmaterial. Consequently,
the properties will resemble those of a conventional micro-
composite. On the other hand, the lamellar structure usually swells
upon intercalation of polymer chains in the clay galleries, creating
novel polymereclay interaction mechanisms that impart signifi-
cant improvements to the materials properties. Such improve-
ments can be made far more effective with much less inorganic
content by producing exfoliated nanocomposites in which the clay
platelets are fully separated from one another and are dispersed
individually in the polymer matrix. Therefore, it can be rationalized
that the higher the degree of exfoliation, the greater the effect of
organoclay on the properties of the resulting hybrid materials. It
should be noted, however, that the effect of organoclays can be
explained by the theory of nanocomposites in most cases without
invoking any special “nano-effect” [19].

Within this context, the development of novel isotatic poly-
propylene (i-PP)/ethylene-propylene-diene terpolymer (EPDM)
rubber nanocomposite systems containing naturally occurring
montmorillonites have been already investigated by many groups
[3e13,19] because of their great potential for applications in the
automotive industry where they can contribute to weight reduc-
tion, and consequently, more fuel-efficient vehicles. Recently,
Mehta et al. [9] reported an increase of nearly 100% in the tensile
strength of a 70/30 (wt%) i-PP/EPDM blend in the presence of 3 phr
C15A. This improvement is very sensitive to the concentration of the
nanoclay, as demonstrated by Mishra et al [18]. These authors
studied the incorporation of up to 10 phr of C20A (of similar polarity
to C15A) in a 75/25 (wt%) i-PP/EPDM blend. They verified that the
presence of the C20A nanoclay promoted a 60% increase in the
Fig. 2. TEM images of 75/25 wt% i-PP/EPDM blends containin
tensile strength, a 40% augmentation in the elongation at break, and
an increase of up to 100% in the storage modulus. However, such
effects on the mechanical properties were much more accentuated
with lower concentrations of clay. In particular, it was observed that
the characteristics of the nanocomposites had a tendency to either
stabilize or decline with concentrations above 3 phr.

At the molecular level, the incorporation of clay into a polymer
blend results in novel interfacial interactions between the
components of the resulting material. Not surprisingly, these
interactions are the origin of most changes in the polymer chain
conformation and crystallinity. The latter, in particular, is normally
subjected to appreciable changes during the mechanical deforma-
tion of the material by compression or stretching. If consistently
applied in a uniaxial direction, such mechanical work may induce
anisotropic responses due to orientation effects [20e31]. A study by
Pluta et al. [27], for example, revealed that the stretching of i-PP at
110 �C led to well-defined chain orientation in the sample. Aboul-
faraj et al. [20] observed different spherulite deformations under
stretching depending on the crystal structure of the i-PP, with
spherulites of the b phase having a tendency to suffer plastic
deformation at lower loads than spherulites of the g phase.

Some studies have been conducted with stretching deforma-
tions in elastomers and composites. Obviously, thesematerials tend
to elongate more than polyolefins before suffering permanent
deformation. For example, Asami et al. [22] observed that stretch-
ing deformation imparts a better orientation of crosslinkings in
blends of i-PP and dynamically vulcanized EPDM. The uniaxial
stretching deformation also changes the structure of thermoplastic
polyurethane (TPU) due to the formation of tactoids [25,32]. In
contrast to the considerable efforts devoted to the effect of
g (a) 1 phr, (b) 2 phr, and (c) 4 phr of C15A organoclay.



Fig. 3. WAXD diffraction patterns for (a) 75/25 and (b) 60/40 wt% i-PP/EPDM blends containing 2 phr C15A recorded under uniaxial compression at pressures indicated and
stretching.
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stretching deformation on the characteristics of polymer materials,
there are only a few studies addressing the influence of uniaxial
compression deformation [33e37].

In this study, we investigated the morphology and rheological
properties of nanocomposites prepared by melt mixing of i-PP,
EPDM rubber and Cloisite 15A nanoclay at rest and under uniaxial
compression and stretching deformations at room temperature.
Fig. 4. Degree of crystallinity (Xc) determined by WAXD as a function of the C15A conc
compression (left) and stretching (right).
2. Experimental

2.1. Preparation of nanocomposites

Nanocomposites were prepared by melt mixing isotatic poly-
propylene (i-PP, Braskem H-606), ethylene-propylene-diene
terpolymer rubber (EPDM, DSM Keltan-27) and Cloisite�15A (C15A,
entration for 75/25 (top) and 60/40 (botton) wt% i-PP/EPDM blends under uniaxial



Fig. 5. 2D-SAXS patterns of 75/25 wt% i-PP/EPDM blends with 2 phr of C15A recorded (a) undeformed, and under uniaxial compression at (b) 50 MPa, (c) 100 MPa, (d) 1000 MPa,
and (e) deformed by stretching to 100% of their initial length.
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Southern Clay) in a Haake Rheocorder operating at 190 �C and
a 100 rpm rotor speed for a total mixing time of 15 min. The blend
composition was 75/25 or 60/40 wt% i-PP/EPDM, while the
concentrations of C15A investigated in this work were 0, 1, 2 and
4 phr. The resulting materials were hot-pressed at 190 �C for 5 min
using a Schulz PHS press operating at 10 MPa and 7.5 MPa to obtain
samples with an average thickness of 1.0 and 2.0 mm, respectively.
2.2. Uniaxial deformation

The samples were subjected to compression and stretching
deformation. The uniaxial compression was carried out using
2.0 mm thick samples, which were placed in a channel die [38], and
deformed at room temperature using a Carver Monarch G30-H
hydraulic press at 50, 100 and 1000 MPa. The duration of
compression was 30 s, and the pressure was applied in the z-axis
direction of the samples. The uniaxial compression ratio, E, is
defined by equation (1), where lo and lf are the initial and final
sample dimensions along the compression axis, respectively.
Uniaxial compression ratios of 20, 40 and 100% were achieved for
deformations at 50, 100 and 1000 MPa, respectively. The advantage
of applying plane strain compression in a channel die was that the
Fig. 6. TEM images of nanocomposites consisting of 75/25 wt% i-PP/EPDM and 2.0
deformation was homogeneous, thus avoiding spurious cavitation
phenomena, such as the ‘‘microneckings’’ observed by Peterlin [39],
during uniaxial stretching deformation. For uniaxial stretching
tests, plates of 1.0mm thick samples were cut with 30mm in length
and 10 mm neck and deformed by streching to 100% of their initial
length (equation (1)) in room temperature.

E ¼ lf � l0
l0

� 100 (1)

2.3. Wide angle X-Ray diffraction (WAXD)

WAXD measurements were performed using a Shimadzu XRD-
6000 apparatus operating at 40 kV and 30mA. Diffraction datawere
collected at room temperature in the BraggeBrentano q-2q geom-
etry with CuKa radiation (l ¼ 1.5405 Å). The scanning covered the
1.5e35� range at a rate of 0.5�/min. The thickness of the samples
oscillated between 1.0 and 2.0 mm because of the deformation. The
diffraction patterns were normalized, and then the degree of crys-
tallinity (Xc) was calculated according to equation (2) below:
phr C15A after (a) compression at 1000 MPa and (b) stretching deformations.



Fig. 7. Representative (a) SAXS curves for 75/25 wt% i-PP/EPDM blends containing 2.0 phr of C15A, and (b) lamellar rotation angle 4 related to qpolymer.
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Xc ¼ Ac

Ac þ Aa
(2)

where Ac is the crystalline area, and Aa is the amorphous area in the
diffraction pattern [40].

2.4. Small angle X-ray scattering (SAXS)

The SAXS technique was employed in this study to identify the
lamellar long period (L) and lamellar rotation angle (f) of the
nanocomposites. The experiments were conducted at the D11A
SAXS1 beamline of the Brazilian Synchrotron Light Laboratory
(LNLS, Campinas). The collimated beam crossed the samples and
was scattered to a 2D CCD detector with an active area of 16 cm2.
The 2D scattering patterns were collected using slightly different
experimental parameters depending on the nature of the defor-
mation. For uniaxial compression, the exposure time was 60 s, the
sample-to-detector distance was 1244 mm, and l ¼ 1.488 Å. For
uniaxial stretching, the exposure time was 300 s, the sample-to-
detector distance was 1446 mm, and l ¼ 1.530 Å. Silver behanate
was used for sample-to-detector distance calibration. SAXS data
were analyzed using the FIT2D software developed by A. Ham-
mersley [41] and the SASfit software package developed by J.
Kohlbrecher [42]. The lamellar long period (L) was calculated from
the equation

L ¼ 2p
qmax

(3)

where qmax is the wavevector corresponding to peak scattering
intensity.

2.5. Transmission electron microscopy (TEM)

The samples for TEM analysis were microtomed into 70 nm
thick slices with a cryogenic diamond knife in a Leica Ultracut at
�120 �C. The specimens were imaged using a JEOL JEM 1200 EX II
microscope operating at an accelerating voltage of 80 kV.

2.6. Oscillatory rheology

The viscoelastic behaviors of the nanocomposites were analyzed
in a melt state using an Anton Parr MCR 101 dynamic oscillatory
rheometer equipped with 25 mm diameter parallel plate geometry
at 190 �C under nitrogen atmosphere. The gap between the plates
was maintained at 2 mm. The linear viscoelastic region was
determined using an amplitude sweep experiment. The frequency
sweep tests were performed using stress control, as determined in
the amplitude sweep experiment. The storage modulus (G0) and
loss modulus (G00) were measured as a function of angular
frequency (u) from 100 to 0.1 rad/s.

3. Results and discussion

3.1. Characterization of nanocomposites

The typical WAXD diffractograms of 75/25 and 60/40 wt% i-PP/
EPDM blends with different concentrations of C15A are shown in
Fig. 1. The diffraction profile of C15A exhibited several characteristic
crystalline reflections defined by Bragg’s law, with three well-
defined peaks at 2.7�, 4.8� and 7.0� (see dotted lines in Fig. 1a). The
latter, in particular, was indicative of the platelet separation or d-
spacing, thus being very sensitive to intercalations of the species in
the clay galleries. Indeed, these three clay-related peaks were dis-
placed toward lower angles for all nanocomposites (see dotted lines
in Fig. 1b) in comparison to the pristine clay, suggesting the inter-
calation of polymer chains in the clay structure with a consequent
increase in the spacing between galleries. However, agglomeration
of clay particles occurred as their concentration increased, as
revealed by TEM imaging analysis of the blends having the highest
amount of clay and EPDM. The TEM micrographs shown in Fig. 2
correspond to 75/25 wt% i-PP/EPDM blends containing (a)
1.0 phr, (b) 2.0 phr, and (c) 4.0 phr of C15A organoclay. Fig. 2a and b,
which has similar characteristics to those in previous works [6e11],
show evidence of the intercalation of polymer chains into the
confined regions within the layered silicate structure. The presence
of domains consisting of clay agglomerates (tactoids) [32] for
nanocomposites having the highest amount of clay is also clear in
Fig. 2c.

The characteristic diffraction peaks associated with the crys-
talline phase of the i-PP polymer appeared in the 2q ¼ 13�e25�

range. Direct comparison of their absolute intensities can be used as
an indication of variations in the crystalline fraction for a series of
analog nanocomposites. Using such an approach, the degree of
crystallinity of the nanocomposites was found to remainwithin the
experimental error, thus suggesting that the presence of C15A clay
did not affect the conformation or mobility of i-PP chains.

3.2. Effect of uniaxial compression and stretching deformations

Uniaxial compression caused a significant decrease in the
degree of crystallinity due to the shear stress applied to the
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material. The WAXD diffraction patterns given in Fig. 3 are for (a)
75/25 and (b) 60/40 wt% i-PP/EPDM blends containing 2 phr C15A
and recorded under uniaxial compression at different pressures.
The intensity of the i-PP-related peaks decreased with the increase
in shear stress due to the amorphization of the nanocomposite. The
same observation also applies for specimens subjected to stretch-
ing deformation, as can deduced from their diffraction profiles
provided in Fig. 3. In the latter case, however, the intensity reduc-
tion was more accentuated, and the amorphous region seemed to
have shortened, suggesting that the crystallinity did not change
much. This behavior can be attributed to the micronecking
phenomenon [39], as well as to the deformation (especially by
stretching), which induced preferential orientation in the (040)
plane.

The effect of the organoclay and stretching and compression
deformations on the crystallinity of nanocomposites is summarized
in Fig. 4. The results show that the crystallinity decreased upon
compression but remained practically constant when samples were
deformed by stretching. Such observation can be explained on the
basis of the formation of microneckings during the stretching
deformation. In fact, microneckings can lead to the development of
domains with small crystallites, which ultimately contribute to the
existence of highly oriented microcrystalline regions in the
deformed material. The authors believe that the crystallinity
decreased upon compression and stretching, but to samples
deformed by stretching this is not evident due to the development
of domains with small crystallites caused by microneckings which
conceal important information in relation to the decrease of crys-
tallinity. Furthemore, the degree of crystallinity decreased with the
augmentation of the EPDM content in the nanocomposites.

It is also worth noting that the direction of the shear stress
generated a preferential orientation of the crystalline domains and
polymer chains, which scattered the x-ray beam anisotropically as
a result. Representative 2D-SAXS patterns for 75/25 wt% of i-PP/
EPDM blends containing 2.0 phr C15A under different load ratios of
uniaxial compressions and under stretching are depicted in Fig. 5.
In this figure, the scattering behavior was clearly isotropic under
uniaxial compression at 50 and 100 MPa, but became anisotropic
under compression at 1000 MPa or under stretching (see Fig. 5d
and e, respectively). The Fig. 5 inhighlights shows 1D x-ray sact-
tering and and 2D diffractin pattern to better clarify the effects of
addition of clay during the deformation.

When applied to the nanocomposites investigated in this work,
the deformations also contributed to the improvement of the
dispersion of the organoclay particles, as judged from TEM and
SAXS experiments. First, the TEM micrographs given in Fig. 6
confirmed the reduced amount of tactoids for samples subjected
to either compression (Fig. 6a) or stretching (Fig. 6b), compared to
the undeformedmaterial (Fig. 2b). Then SAXS experiments showed
very clear changes in the lamellar periods of both polymer and
nanoclay. The characteristic scattering peaks (qpolymer and qclay
respectively) of these periods are defined in Fig. 7 for a represen-
tative sample. Upon deformation, qclay almost disappear (see
Fig. 7a). In fact, in the 2D diffraction pattern can be observed
anisotropic behavior (Fig. 5) with the deformation and we believe
in the possibility that the compression deformation acts as
a reasonable cause for the disappearance of the clay lamellae
structure, due to the probable flow of clay galleries under such
deformation conditions, that consequently contribute to the loss of
scattering signal.

The lamellar long period (L) and the lamellar rotation angle (f)
were obtained from the qpolymer and qclay values defined in Fig. 7a.
Table 1 shows the variation of these parameters as a function of the
clay content and the nature of the deformation. The results indicate
that the L for the polymer increased sligh upon the addition of clay



Fig. 8. (a) Storage G0 and (b) Loss G00 moduli vs. angular frequency for 75/25 and 60/40 wt% i-PP/EPDM blends.

Fig. 9. (a) Storage G0 and (b) Loss G00 moduli vs. angular frequency for 75/25 wt% i-PP/EPDM blends with different contents of clay, as indicated.
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for 75/25 wt% of i-PP/EPDM blends, whereas the opposite trend
was observed for 60/40 wt% of i-PP/EPDM blends. The uniaxial
deformation by compression and stretching of the blends result in
a slight reduction of this spacing that may be related to experi-
mental errors.

The values of the f increased considerably with the deformation,
especially for the peak of q related to the clay in the blends. The
addition of clay also increased the lamellar movement in the blend,
which was revealed by the increase in f. However, this effect had
a tendency to stabilize as more clay was added to the system. The
lamellarmovement of the clay followed the polymer, and thef of the
lamellaes of clay also increased. L also decreased with the deforma-
tion,whichmadethe lamellar spacingsmaller, explaining the fact that
f was practically constant in the deformed samples, even with the
addition of clay. In the case of clay galleries, the angle f of deformed
samples followed the tendency of the undeformed samples.

3.3. Rheological properties

The rheological behavior of polymer nanocomposites in a melt
state is very critical to the understanding of processability and
structureeproperty relationships for thesematerials. Melt rheology
measurements can also probe the behavior of the relatively large
material that is crucial from the macroscopic point of view. The
storage modulus (G0) and loss modulus (G00) for i-PP/EPDM 75/25
and 60/40 wt%without the addition of clay are shown in Fig. 8a and
b, respectively. The addition of a higher content of EPDM into i-PP
resulted in an increase in the storage modulus. These increases in
the elastic component were caused by the presence of the
entanglements in the amorphous EPDM rubber [43]. Fig. 9a and
b show the isothermal curves of both dynamic moduli, G0 and G00,
respectively for the 75/25 wt% i-PP/EPDM blend with 0, 1, 2 and
4 phr of clay. Generally, the use of nanoparticles leads to a greater
gain in the viscous elastic component due to the formation of
a physical network caused by the dispersion of clay in the poly-
meric matrix [44]. The enhancement in rheological properties is
generally attributed to percolated networks formed by the physical
interactions of the clay platelets. However, there is a reduction of
percolation threshold compared to the case of isotropic spheres due
to the anisotropy of the tactoids and the individual layers that
prevent the free rotation of these elements [45].

Krishnamoorti and Giannelis [46] proposed that the presence of
the silicate layers alone is not sufficient to produce the non-
terminal flow behavior of delaminated hybrids. The domains
structure of silicate layers oriented in some preferable direction and
the lack of complete relaxation of the chains, caused by end-teth-
ered polymer molecules, contribute to the pseudo-solid-like
response of nanocomposites at low frequencies.

The addition of clay in an i-PP/EPDM blend resulted in a small
increase in the elastic component. Meanwhile, we observed an
increase in the viscous componentwith a large addition of clay. This
observation may be related to the lower energy storage per cycle
sinusoidal deformation caused by the low compatibility between
the clay and the polymer phases. The reduction in energy storage
was due to the fact that the tactoids of the clay had an intercalated
morphology, as show in WAXD and TEM analysis.

Another factor that can contribute to an increase in energy loss
is the cluster formation in clay particles. Similar results were
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observed in blends of the PP/EVA and PP/EVOH. The addition of clay
into the polymer matrix resulted in an alternative mechanism of
dissipation energy [47].

This behavior was also observed in the 60/40 wt% i-PP/EPDM
blend and has been reported in previous studies. We believe that
this is another indication of the intercalation between the blend
and the clay [43, 48e51].

4. Conclusions

A nanocomposite was obtained by the addition of the organoclay
C15A to a blendof i-PPandEPDM.WAXDpatterns demonstrated that
the clay was intercalated in the polymers chains, which was
corroborated by the techniques of TEM and oscillatory rheology. The
SAXSanalysisdemonstrated that the lamellar longperiod L increased
with the introduction of clay into the blends and decreased with the
deformation, either under compression or stretching. Additionally,
there was a variation in the angle of rotation f of the polymer and
clay’s lamellaes with the addition of the C15A, and this variation had
a tendency to stabilize when it took place with the amount of clay
introduced due to the consequent restriction of molecular move-
ment. We also demonstrated that the uniaxial compression and
stretching of the nanocomposites produced a reduction of intensity
in the peaks. Under the compression deformations, the crystallinity
of the nanocomposites decreased significantly, while under the
stretching deformation, the crystallinity remained virtually constant
due to thephenomenonofmicroneckings. Furthermore, the addition
of clay into the blend resulted in an increase in energy dissipation by
sinusoidal deformation because of the formation of the intercalated
morphology during melt processing.
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In the present research it is reported the synthesis and characterization of CdS nanoparticles (NPs)
prepared using carboxylic-functionalized poly (vinyl alcohol) (PVA) as the ligand via aqueous route at
room temperature and ambient pressure. Different molar concentrations of carboxylic-PVA and PVA
were investigated aiming at producing stable colloidal systems. Carboxylic-PVAwas conjugated with BSA
(bovine serum albumin) and used as capping ligand in the preparation of CdS nanocrystals. UVevisible
spectroscopy, photoluminescence spectroscopy, and transmission electron microscopy were used to
characterize the kinetics and the relative stability of polymer-capped CdS nanocrystals. The results have
clearly indicated that the carboxylic-functionalized PVA was much more effective on nucleating and
stabilizing colloidal CdS nanoparticles in aqueous suspensions compared to PVA. In addition, the CdS
nanocrystals were obtained in the so-called “quantum-size confinement regime”, with the calculated
average size below 4.0 nm and fluorescent activity. Thus, a novel simple route was successfully devel-
oped for synthesizing nanohybrids based on quantum dots and water-soluble chemically functionalized
polymers with incorporated carboxylic moiety with the possibility of direct bioconjugation.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Since the early studies pioneered by Brus and co-workers [1]
quantum confinements of semiconductors have drawn the atten-
tion of the research community. Physical, chemical, and electronic
properties of these zero-dimensional entities change dramatically
because of quantum effects. The semiconductor nanocrystals, often
referred as “quantum dots” (QDs), are one of the most popular
terms in nano-science of the 21st century, essentially because of
the alterations in the material as a result of the direct influence of
the ultra-small length scale on the energy band distribution in the
material [2]. These are promising nanomaterials concerning to the
exploitation of their properties in all areas of science, mainly those
associatedwith biomedical applications such as nanobiotechnology
and nanomedicine [2,3]. The synthesis of QDs was first described in
1982 by Efros [4] and Ekimov [5] who grew nanocrystals of semi-
conductors in glass matrices. Since then, several publications have
reported the preparation of semiconductor nanoparticles in all sorts
of systems, LB films [6,7], SAM [8], zeolites [9], organic [10],
:þ55 31 3409 1815.
nsur).

All rights reserved.
biomolecules [11,12] and conductive polymers [13]. Nevertheless,
despite the relative success on developingQDs,most of themethods
are in hydrophobic medium using organic solvents at high
temperatures. Usually, these nanocrystals have surfaces that readily
oxidize when exposed to water. Moreover, they have to be synthe-
sized in organic solvents under an inert atmosphere and then
transferred into aqueous media through a capping ligand exchange.
Despite reasonablyeffective, ligandexchange typicallyproduces less
than ideal surface stabilization and product luminescence yieldmay
be limited due to particle agglomeration and growth during the
exchange process [3]. More recently, few studies of water-soluble
nanoparticles have been published, but frequently with complex
routes and/or using expensive precursors [14]. In addition, to be
used in biological environments they must exhibit compatibility to
the physiological medium where water is abundant and with the
large number of molecules such as peptides, enzymes, proteins,
amongothers. Regardless the routeonemaychoose, thefinal system
size should be maintained within a very restricted range as the
“hydrodynamic diameter” will determine its behavior in most bio-
logical applications [3,10]. As a consequence, the development of
novel methods for producing water soluble QDs, with long-time
stability, narrow size distributions and biocompatibility, associated
with the least possible “hydrodynamic diameter” is still a challenge

mailto:hmansur@demet.ufmg.br
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http://www.elsevier.com/locate/polymer
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to be overcome. Amongst several choices, polymericmaterials come
as an interesting possibility of synthesizing semiconductor nano-
crystals, as they share some of the major requirements for that
purpose. Polymers are commercially available, many are water
soluble, biocompatible, and have beenwidely used in the chemistry
of colloids as dispersants, chelates, surfactants, food industry,
ligands and so forth. In the realm of water compatible polymers
reported in literature, poly (vinyl alcohol) (PVA) and its related
products appear as one very interesting choice for preparing
colloidal suspensions, due to their biocompatibility and biode-
gradability aiming at medicine, biology and pharmaceutics appli-
cations [15,16]. PVA is a hydrophilic semi-crystalline polymer
produced by polymerization of vinyl acetate to poly (vinyl acetate)
(PVAc), and successive hydrolysis toPVA. This reaction is incomplete
resulting in polymer with different degrees of hydrolysis (DH) [17].
So, it is a copolymer of poly(vinyl alcohol) and poly(vinyl acetate)
referred as poly(vinyl alcohol-co-vinyl acetate). PVA is commercially
available in highly hydrolyzed grades (DH > 98.5%) and partially
hydrolyzed ones (DH from 80.0 to 98.5%) [18]. The degree of
hydrolysis or the molar content of acetate groups in PVA affects its
physicalechemical properties, such as solubility, hydrophilic/
hydrophobic interactions, pH-sensitivity and viscosity [19]. The pH-
sensitive systems have experienced increasing interest as novel
polymeric materials [18]. Stimuli-responsive structures based on
PVA may be achieved during the synthesis (monomers and precur-
sors) or by posterior chemical grafting, for instance, with carboxylic
groups [20]. Despite of being averydynamic area of research, theuse
of chemically modified PVA as stabilizer for the production of
quantum dots colloidal suspensions is relatively unexplored. In fact,
several studies have been published using PVA or poly (vinyl-
pyrrolidone) (PVP) as stabilizers for semiconductor nanoparticles,
but none of them have actually reached biological application
[21e23]. Actually, the relatively low reactivity of alcohol groups has
significantly narrowed its direct bioconjugation with biomolecules
such as proteins, antibodies and carbohydrates. The usual alterna-
tive has been the incorporation of amine and carboxylic groups to
enhance such possibility of molecule coupling but at the cost of
increasing the “hydrodynamic size” of the entire bioconjugated
system [14]. So, direct aqueous-phase synthesis of semiconductor
nanocrystals in a single step with suitable quantum yield would
provide a convenient andplausible alternative to the labor-intensive
method of organic-phase synthesis followed by ligand exchange
concerning to biomedical applications.

Thus, in the present study, it is reported the synthesis and char-
acterization of CdS quantum dots obtained in PVA and carboxylic-
PVA aqueous solutions using colloidal chemistry. To the best of our
knowledge, this is the first report to investigate CdS nanoparticles
successfully produced in the quantum size range using carboxylic-
functionalized PVA as “capping” ligand. Also, these results were
compared with conventional PVA, regarding to the polymer
concentration and colloidal stability. Moreover, CdS quantum dots
were successfully produced and stabilized using PVA-carboxylic
bioconjugated to bovine serum albumin. Hence, the synthesis of
such nanohybrid system with incorporated carboxylic moiety in the
polymer chain has brought the possibility of direct bioconjugation.

2. Materials and methods

All reagents and precursors, thioacetamide (SigmaeAldrich,
Cat#163678, >99%), cadmium perchlorate hydrate (Aldrich,
Cat#401374, CdClO4.6.H2O), sodium hydroxide (Merck, Cat#
1.06498.1000, �99%) were used as-received, without any further
purification. Poly(vinyl alcohol) with degree of hydrolysis >99.3%
and average molecular weight (Mw) ¼ 85 000e124 000 g/mol was
supplied by Aldrich (Cat#363146). PVA chemically functionalized
(PVAeCOOH) containing 1.0 mol% carboxylic acid units was kindly
donated by Kuraray Corporation (Poval KM-118, Viscosity
26.0e34.0 [mPa.s], Mw ¼ 85 000e124 000 g/mol, degree of
hydrolysis ¼ 95.5e98.5%). Strictly, the polymer can be referred as
a terpolymer Poly(vinyl alcohol-vinyl acetate-itaconic acid). Bovine
serum albumin (BSA) lyophilized powder was supplied by Sigma
(Cat#A9418). EDC (1-Ethyl-3-[3-dimethylaminopropyl] carbodii-
mide hydrochloride, SigmaeAldrich) in the presence N-Hydrox-
ysulfosuccinimide sodium salt (NHS-sulfo, SigmaeAldrich) was
used as cross linker. De-ionized water (DI-water, Millipore Sim-
plicity�) with resistivity of 18 MU cm was used in the preparation
all solutions.

2.1. Preparation methods of precursor solutions

2.1.1. Preparation of a solution of thioacetamide 8.0 � 10�3 mol l�1

(8.0 mM)
Approximately 0.0601gCH3CSNH2was added to75mlofDI-water

in a 100 ml flask and homogenized under moderate manual stirring
for 10e15 min. Then, the volume was completed to 100 ml with DI-
water. This sulfur precursor stock solutionwas referred as “SOL-A”.

2.1.2. Preparation of a cadmium perchlorate solution
1.0 � 10�2 mol l�1 (10 mM)

Approximately 0.4193 g of Cd(ClO4)2.6H2O was added to 75 ml
of DI-water in a 100 ml flask and homogenized under moderate
manual stirring for 10e15 min. Then, the volume was completed to
100 ml with DI-water. This cadmium precursor stock solution was
referred as “SOL-B”.

2.1.3. Preparation of poly(vinyl alcohol) solution: 1.0 mol l�1 (1.0 M)
Approximately 4.4 g of PVA (PVAmolar unity of 44.0 g/mol) was

added to 80 ml of DI-water in a 100 ml flask. Then, the mixture was
heated to (85 � 5)� under vigorous magnetic stirring and kept for
4 h when a clear solution was reached. This PVA stock solution was
referred as “SOL-C”. This PVA solution was diluted by 10, 100 and
1000 for preparing the 1.0 � 10�1 mol l�1, 1.0 � 10�2 mol l�1 and
1.0 � 10�3 mol l�1 solutions, respectively. For clarity, Poly(vinyl
alcohol) will be referred as PVAeOH.

2.1.4. Preparation of PVA-carboxylic (PVA-COOH) solution:
1.0 mol l�1 (1.0 M)

Approximately 4.4 g of Poly(vinyl alcohol-vinyl acetate-itaconic
acid) (molar unity ofw44.6 g/mol) was added to 80ml of DI-water in
a 100 ml flask. Then, the mixture was heated to (85 � 5)� under
vigorousmagnetic stirring and kept for 4 hwhen a clear solutionwas
reached. This PVA-COOH stock solutionwas referred as “SOL-D”. This
PVA-COOHsolutionwasdilutedby10,100 and1000 forpreparing the
1.0�10�1mol l�1,1.0�10�2mol l�1 and 1.0�10�3mol l�1 solutions,
respectively.

In Fig. 1 it is shown the schematic representation of the exper-
imental procedure performed for the synthesis of CdS-PVA-OH and
CdS-PVA-COOH capped systems.

2.1.5. Bioconjugation of BSA to PVA-COOH
PVA-COOH solution (1.0 mol l�1) was prepared according to

previously described procedure in Section 2.1.4 (“SOL-D”). EDC
(10 mg, 1.0 wt%), NHS-sulfo (23 mg, 2.3 wt%) and BSA (5 mg, 0.5 wt
%) were dissolved in phosphate saline buffer pH 7.4 (1.0 ml). Bio-
conjugation process was carried out as follows: 500 ml of 1.0 wt%
EDC solution and 500 ml of 2.3 wt% NHS-sulfo solution were dis-
solved in 10 ml of PVA-COOH aqueous solution (1.0 mol l�1) and
magnetically stirred for 15 min at (23 � 2)C�. Under stirring, 200 ml
of 0.5 wt% of BSA solution was added. After 10 min of mixing, the
systemwas incubated at (23 � 2)�C for 2e3 h. The reaction has led



Fig. 1. Representation of the designed experimental procedure for the CdS-PVA
colloidal system; Molecular structures of (a) poly(vinyl alcohol) PVA-OH, and (b) PVA-
COOH.
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to the formation of amide bonds between carboxylic groups from
PVA-COOH and amines from BSA (protein-NH2). This bioconjugated
complex was referred as “PVA-C(O)NH-BSA” (“SOL-E”). The bio-
conjugated system “PVA-C(O)NH-BSA” was purified and concen-
trated using ultra-centrifugal device with 100 000 MW cutoff
cellulose membrane (Amicon filter, Millipore). Centrifugation was
conducted for 30 min (6 cycles � 5 min per cycle, @ 12 000 rpm,
4 �C) using a Hettich Mikro 200R centrifuge. After the first cycle, it
was washed 5 times with 300 ml DI-water. Centrifugal force
removes the excess of reagents (EDC Mw ¼ 191.7 g/mol; NHS-
sulfo ¼ 217.1 g/mol) or unreacted BSA (w67 kDa) and PVA-COOH
through themembrane into the filtrate vial. The resulting conjugate
(PVA-C(O)NH-BSA) was resuspended in 500 ml of DI-water and
stored at 4 �C until further use.
2.2. Synthesis of CdS nanoparticles in PVA solutions

CdS nanoparticles were synthesized via aqueous route in
a reaction flask by using the stock solutions as detailed in the
previous section, Cd2þ and sulfur precursors, and PVA-OH, PVA-
COOH or PVA-C(O)NH-BSA as capping ligands. The simplified
reaction is represented in Equation (1):

Cd2þ þ CH3CðSÞNH2 þ H2O/CdSþ CH3CðOÞNH2 þ 2Hþ (1)

A typical synthesis was carried out as follows: 2 ml of PVA
solution (SOL-C for PVA-OH, SOL-D for PVA-COOH or SOL-E for
PVA-C(O)NH-BSA) and 45 ml of DI-water were added to the flask
reacting vessel. Under moderate magnetic stirring, the pH was
adjusted to (11.5 � 0.5) with NaOH (1.0 mol l�1) slowly added in
droplets for approximately 2e5 min. Then, 4.0 ml of cadmium
precursor (Cd(ClO4)2, SOL-B) and 2.5 ml of sulfur source solution
(CH3CSNH2, SOL-A) were added to the flask (S:Cd molar ratio was
kept at 1:2). The solution turned yellowish and sampling aliquots of
1.0 ml were collected at different time intervals (3 h, 6 h, 8 h, 24 h,
48 h and 9 days) for UVevis spectroscopy measurements, which
were used for kinetics analysis and colloidal stability evaluation.
The actual polymer concentration during the synthesis of the
nanoparticles was diluted by approximately 25 times the original
stock solutions (w2 ml:50 ml).

2.3. UVevisible spectroscopy characterization

UVeVis spectroscopy measurements were conducted using
PerkineElmer equipment (Lambda EZ-210), wavelength from
600 nm to 190 nm, in transmission mode, using quartz cuvette.
The absorption spectra were used to monitor the reaction for the
formation of CdS QDs and their relative colloidal stability in the
medium. Moreover, based on the “absorbance onset” of the curve it
was possible to calculate the average nanoparticles sizes and their
optical properties. All experiments were conducted in triplicates
(n ¼ 3) unless specifically noted. Statistical analysis was performed
assuming the mean and the standard deviation where needed.

2.4. TEM-EDS spectroscopy characterization

The nanostructural characterizations of the CdS-polymer
samples based on the images and the electron diffraction patterns
(ED) were conducted using a Tecnai G2-20-FEI transmission elec-
tron microscope (TEM) at an accelerating voltage of 200 kV. The
Energy-dispersive X-ray spectra (EDS) were collected in the TEM
for chemical analysis.

2.5. Photoluminescence spectroscopy characterization

The emission spectra of the CdS-Polymer nanohybrids were
acquired by using an Ocean Optics USB4000 VISeNIR spectropho-
tometer and a HeliumeCadmium (HeCd) laser at l ¼ 442 nm (vio-
leteblue, 15 mW of power) as the excitation source. All the
photoluminescence (PL) spectrawere collected at room temperature.

3. Results and discussion

3.1. UVeVis spectroscopy of PVA-capped CdS quantum dots

3.1.1. Effect of PVA concentration on CdS formation and stability
In order to investigate the effectiveness of PVA working as

a stabilizer for preparing CdS nanocrystals in aqueous medium,
three different concentrations of PVA solutions were tested. It is
broadly known that semiconductor nanoparticles made from IIeVI
elements exhibit a very pronounced change in their optical
absorption properties when their sizes were reduced below
a certain diameter. Hence, in this study CdS nanoparticles colloids
were extensively characterized based on the UVevisible spectros-
copy results. In Fig. 2, it is shown the UVevis spectra of the system
immediately after the thioacetamide precursor was added to the
cadmium perchlorate and PVA solutions. It can be observed in Fig. 2
that, at relatively high PVA concentrations, i.e. 1.0 and 10�1 mol l�1,
represented by curves (a) and (b), respectively, there were signifi-
cant changes in the absorption spectra at about 500 nm. That aspect
can be attributed to the formation of CdS nanoparticles shifting the
relative position of the absorption onset. On the other hand, at
a lower PVA content [10�2 mol l�1, Fig. 2(c)], the spectrum did not
present noticeable changes on the absorption curve in that same
wavelength range. Thus, at this polymer concentration, the “as-
prepared” colloidal suspensions of CdS nanoparticles were not
stable. It should be mentioned that the peak at approximately
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Fig. 4. UVeVis spectra of PVA-OH at 1.0 mol l�1 concentration regarding to the
stability of the quantum dots after the preparation (a); 2 days (b); 9 days (c). Insert:
detail of the “absorbance onset” region.
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w280 nm was associated with the thioacetamide precursor. At
alkaline pH, the thioacetamide was practically all consumed based
on the reaction (Eq. (1)), as the kinetics of thioacetamide decom-
position is favored by the increase in pH. The stabilization effect
was even more evident after 24 h from the initial reaction of the
CdS nanocrystals formation, as it can be verified in the spectra
shown in Fig. 3. The “absorbance onset” values were not apparent
in both curves, Fig. 3b and Fig. 3c, at the PVA concentrations of
10�1 mol l�1 and 10�2 mol l�1, respectively. Thus, it could be
assumed that the CdS-PVA colloidal systems were not stable at
these concentrations. It means the CdS nanocrystals may have
flocculated or they perhaps have grown to bulk-size. In both cases,
the spectrawould be consistent with the curves presented in Fig. 3b
and Fig. 3c. Nevertheless, the systemwas stable for 24 h at the PVA
concentration of 1.0 mol l�1 [Fig. 3a]. In fact, it can be observed in
Fig. 4 that the semiconductor nanocrystals of CdS formed in the
PVA aqueous solution (1.0 mol l�1) did not present major changes
based on their visible absorption curves from the initial stage up to
9 days.
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Fig. 3. UVeVis spectra of PVA-OH solutions with different concentrations (at 24 h):
(a) 1.0 mol l�1, (b) 1.0 � 10�1 mol l�1, and (c) 1.0 � 10�2 mol l�1.
3.1.2. CdS nanoparticle size determination in colloidal media
At this point, it is assumed that a short background onphysics and

chemistry of semiconductor nanocrystals would be recommended.
This subject is intrinsically multidisciplinary and some fundamental
considerations are required to properly understand and explore the
number of possibilities on conjugating QDs with polymers. Never-
theless, an in-depth analysis of this topic based on quantum theory is
beyond the scope of this paper. So, optical excitation of electrons from
thevalence band to the conductionbandproduces anabrupt increase
in the absorbance at the wavelength associated with the band gap
energy. Due to their extreme small size, semiconductor nanoparticles
with the dimensions below the so-called “bohr-radius” will present
a quantum-confinement effect, related to the strong interaction
between the pair “hole-electron” generated by exciting photon [1]. It
means that after reaching a specific threshold in particle size
(R ¼ radius), the band gap is larger than that of the original bulk
material [3]. The reported bulk value for CdS band gap is approxi-
mately 2.4 eV or wavelength l ¼ 514 nm. For CdS, the quantum size
effect occurs as the cluster diameter becomes comparable to or
smaller than theexcitondiameterof about6.0nm(about3000e4000
atoms) [24]. As a consequence, through UVevis spectra data, the
“absorbance onset” on the curvewill be directly related to the altered
band gap caused by the quantum-confinement effect.

Essentially, in this study, the average nanoparticle size was
determined fromHenglein’s empirical model [25] which relates the
CdS nanoparticle diameter (2R) to the optical “absorption onset”
from UVevis spectra according to Eq. (2):

2RcdsðnmÞ ¼ 0:1=
�
0:1338� 0:0002345lQD

�
(2)

Where: lQD is the wavelength from the spectral “absorption onset”.
The parameter lQD can be estimated directly from the intersection
of the sharply decreasing region of the UVevis spectrum with the
baseline. However, the assessment of the optical band gap has been
accepted as a more accurate method for obtaining the wavelength
value (lQD) associated with the “absorbance onset”.

Therefore, in the present research, the optical band gap was
estimated from absorption coefficient data as a function of wave-
length using the “Tauc relation” [26,27], as shown in Eq. (3):

ahv ¼ B
�
hv� Eqd

�n
(3)

Where: a is the absorption coefficient, hn is the photon energy, B is
the band form parameter, Eqd is the optical band gap of the
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nanoparticles, and n ¼ 1/2 for direct band gap and 2 for indirect
band gap. It this case, n ¼ 1/2 as CdS is a direct band gap semi-
conductor. Therefore, one can estimate the direct band gap value
from the plots of (ahn)2 versus (hn) and extrapolating the straight
portion of the graph to (hn) axis, i.e. at a ¼ 0 (dashed lines in Fig. 5).
It should be pointed out that these are relative values extracted
from the method which are usually compared to bulk values.
Nevertheless, it has beenwidely accepted as the most accurate way
of estimating average particle size from the UVevis spectroscopy
technique.

Based on these theories, it was possible to characterize the
formation, stability and average sizes of cadmium sulfide nano-
particles in PVA colloidal solutions though UVevis spectroscopy.
Furthermore, the bandgaps of the samples were calculated in order
to determine if there was a “size quantization” effect in the
synthesized materials.

In Fig. 5, it is presented the results for the stability of the system
which was monitored since the very beginning when the reaction
has initiated up to 9 days. It can be observed that the synthesized
CdS colloidal suspensions were rather stable, with the calculated
average band gap of Eqd¼ (2.80� 0.05) eV, which is higher than the
bulk value of 2.4 eV reported for CdS. Thus, the “blue-shift” of about
0.4 eV (i.e. 2.8e2.4 eV or from l¼ 514 nme443 nm) has proven that
the CdS quantum dots were successfully synthesized under these
conditions. Moreover, this fact has given strong evidence that they
were chemically stable as colloidal aqueous solution for a fairly long
“shelf-life” period.

Hence, a similar analysis was conducted for the whole set of
colloidal systems using PVA polymer as the “capping” agent and the
Table 1
Parameters of CdS nanoparticles formation in PVA-OH and PVA-COOH media at differen

PVA concentration 1.0 mol l

Time to

Stabilizer PVA-OH Band Gap (eV) 2.80
“Blue-shift” (eV) 0.40
Absorbance onset (l, nm) 443
Particle Size (2R,nm) 3.3

PVA-COOH Band Gap
(eV)

2.81

“Blue-shift” (eV) 0.41
Absorbance onset (l, nm) 441
Particle Size (2R,nm) 3.3

tN ¼ after 9 days of reaction; to ¼ initial time of reaction; Bulk* ¼ bulk crystals or floccu
results for band gap energy and CdS nanocrystals sizes are
summarized in Table 1. These results for PVA-OH samples are
presented in Fig. 6. It can be observed the correlation between the
calculated band gap energies (“blue-shift”) with time of colloidal
preparation for each PVA-OH concentration, considering the time
immediately after the addition of the sulfur precursor up to 168 h (9
days).

From the colloidal chemistry perspective, these results can be
primarily analyzed and discussed by assuming that both thermo-
dynamics and kinetics aspects associated with the formation of
cadmium sulfide are very favorable. That is, the reaction of Cd2þ

with sulfides in water medium producing CdS crystals would
certainly cause a reduction in the free-energy (DG < 0). Regarding
to kinetics, the reaction rate is determined by the extremely small
value of the “solubility product constant” (Ksp ¼ 8.0 � 10�27).
However, after being formed, the nucleated nanocrystals would
tend to grow or agglomerate mostly driven by the decrease in
surface energy, i.e. by reducing the surface area (S) to volume (V)
ratio as in Eq. (4):

S=V ¼
�
pR2

�.�
ð4=3ÞpR3

�
¼ 3=ð4RÞ (4)

Thus, based on classic theories the growth of the nanoparticles
may have occurred by two favored pathways [22]:

a) The growth of CdS on the nucleated seeds (Eq. (5)):

Cd2þðaqÞ þ S2� þ ðCdSÞm/ðCdSÞmþ1 (5)

b) The process of “Ostwald ripening”whereby larger seeds grew
at the expense of the smaller ones (Eq. (6)):

ðCdSÞnþðCdSÞk/ðCdSÞkþ1 ðk > nÞ (6)

Therefore, in order to stabilize the just formed particles in the
aqueous solution, a relatively high concentration of PVA-OH
capping agent has to be utilized. Apparently, the most likely
mechanism acting on the system is the reduction of the surface
energy by the interactions with the hydroxyl groups from PVA-OH
chains, as schematically represented in Fig. 7. In order words, it
could be considered that the CdS quantum dots were effectively
stabilized by a polymeric-capping effect, as the diffusion of ions
(Cd2þ or S�2) was significantly restricted by the PVA surface layer
limiting further particle growth. Obviously, several other interac-
tions were present in such complex dynamic system as described in
the excellent recent review from Nel and co-workers [28]. For
instance, electrostatic forces, hydrophilic and hydrophobic inter-
actions, hydrogen bonds (PVA alcohol groups), steric hindrance
among polymer chains will influence the overall behavior of the
colloidal system. It was not found in the literature previous reports
addressing the effect of molecular weight (MW), molecular weight
distribution and degree of hydrolysis (DH) of PVA on the stability of
t concentrations and reaction time: band gap energy, “blue-shift”, size.

�1 1.0 � 10�1 mol l�1 1.0 � 10�2 mol l�1

tN to tN to tN

2.80 2.78 Bulk* 2.80 Bulk*

0.40 0.38 Bulk* 0.40 Bulk*

443 446 Bulk* 443 Bulk*

3.3 3.4 Bulk* 3.3 Bulk*

2.81 2.78 2.78 2.75 Bulk*

0.41 0.38 0.38 0.35 Bulk*

441 446 446 451 Bulk*

3.3 3.4 3.4 3.6 Bulk*

lated.
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CdS quantum dots in biological or clinical use. However, theoreti-
cally, it can be assumed that PVAwith lowMW and intermediate DH
would be easier to be biodegraded by the mammals’ metabolic
system and later excretion by liver and kidneys. On the other hand,
there is a limit on reducing the polymer MW as it should also work
as capping ligand during the QDs formation. That would certainly
require a more in-depth investigation and also a large number of
experiments to reach the optimum balance among all properties
needed to be suitable for biomedical applications.

3.1.3. EffectofPVA-COOHconcentrationonCdS formationandstability
Aiming at moving a step forward on understanding these inter-

actions between CdS quantum dots and polymer-capping agents,
PVA chemically functionalized with carboxylic groups (PVA-COOH)
Fig. 7. Schematic representation of the mechanism acting in the system: reduction of
the high surface energy by interaction with the hydroxyl groups from PVA-OH chains.
was also prepared via aqueous colloidal routes using. Fig. 8 presents
the results of the changes on band gap energy using PVA-COOH at
3 M concentrations, 1.0, 10�1, and 10�2 mol l�1. It can be clearly
observed that for PVA-COOH with the concentrations of 1.0 mol l�1

and 10�1 mol l�1 (Fig. 8a and Fig. 8b, respectively) no significant
alterations were detected from the initial stage of the reaction up to
48 h. On the other hand, the band gap shift was smaller at a lower
PVA-COOH concentration (10�2 mol l�1, Fig. 8c). That was directly
related to the CdS nanoparticles growth and/or coalescence causing
the formation of agglomerates as discussed in previous section (Eq.
(5) and (6)). These results of PVA-COOH functionalized compared to
those of PVA-OH without chemical modification of the polymer
chain (Fig. 6) have evidenced a major contribution from the
carboxylic groups on stabilizing the CdS nanoparticles in the
quantum-size range. Indeed, it is worth mentioning that the capping
behavior in the PVA-COOH solution was approximately 10 times
more effective than the solution of PVA-OH by taking into account
their respective molar concentrations, 10�1 mol l�1 and 1.0 mol l�1.

Once more, by considering the mechanism of colloidal particles
stabilization in solution, it may be assumed that the new carboxylic
species added to the PVA-COOH polymeric chains have been
attracted by the dangling bonds of CdeS at the quantum dots
surfaces. Besides that, at the used alkaline pH (pH > 11.0) the
Fig. 9. Schematic representation of the mechanism acting in the system: reduction of
the high surface energy by interaction with the carboxylate groups from PVA-COOH
chains.
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carboxylic groups from PVA-COOH should be partially ionized
forming carboxylates (COO�). As a consequence, these negatively
charged regions of PVA-COOH would have driven to a much
stronger attractive force with the positively charged ions (Cd2þ) at
the nanoparticles surface. The function of the polymer in this case
was to compete with sulfide (S2�) for metal ion-binding sites and,
presumably, to sterically hinder small nanoparticles from aggre-
gating together and growing into larger ones. Also, Cd2þ at the
surface would be stabilized by forming chelates with carboxylates
(“electron-donor”). The schematic representation of this system is
illustrated in Fig. 9. It can be assumed that, for charged polymer
systems, such as PVA-COOH, mainly strong electrostatic interac-
tions have worked and influenced the adsorption at the nano-
particles surfaces balancing their charges. On the other hand, for
uncharged polymers (PVA-OH), H-bonding and solvation forces
were expected to be more significant.
Fig. 10. (A) TEM image of produced CdS/PVA-COOH quantum dots; (B) EDS spectrum of Cd
detailed nanocrystal plane spacing and representative drawing (E); TEM image of CdS/PVA
It should be emphasized that it is a simplified approach for the
developed system. Although the adsorption behavior of PVA poly-
mer on solideliquid interface is well documented in the literature,
the amount adsorbed and the kinetics are stronglydependenton the
molecular weight and the number of acetate groups of PVA, result-
ing in different properties and behavior. The adsorption forces
usually increase when the degree of hydrolysis of the PVA is
increased mostly due to the formation of hydrogen bonds. Also, the
presence of the hydrophobic acetate groups affects the conforma-
tion of polymer chains adsorbed onto the nanoparticles surfaces
[29]. By adding functional groups such as carboxylic, the adsorption
phenomenon is more complex as the polymer chain has to reach
a 3D conformation to match the overall balance of forces involved.
Thateffectwas reported inour recentworkwhereCdSenanocrystals
were successfully produced in carboxylic modified polymer via
aqueous colloidal route [30].
S/PVA-COOH QDs; (C) Image of QDs lattice arrangements by electron diffraction; (D)
-COOH quantum dots with estimated nanoparticles sizes (F);



Fig. 11. (A) Fluorescence spectrum and (B) Fluorescence image of CdS/PVA-COOH QDs
in aqueous colloidal solution excited by laser source at l ¼ 442 nm (violeteblue,
15 mW of power); (C) image of CdS/PVA-COOH QDs in ultraviolet light compartment.
(For interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article).
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3.2. Characterization of CdS quantum dots by TEM coupled to EDS
spectroscopy

UVevisible absorption spectroscopy has been widely utilized for
estimating semiconductor nanoparticles sizes, as it is a straightfor-
ward technique of monitoring the nanocrystals nucleation and
growth in colloidal media. Nevertheless, in this research a more in-
depth and complementary evaluation of the quantum dots charac-
terization was carried out using transmission electron microscopy
(TEM). The morphological and structural analyses of the quantum
dot-polymer systems were performed by electronic transmission
microscopy experiments associated with the electron diffraction
patterns (EDP). A representative TEM image of CdS-PVA-COOH
system is shown in Fig. 10A and F. It can be observed a fairly uniform
nanoparticles size distribution, typically within the range of 1e5 nm
and the estimated mean size centered at 3e4 nm. Also, the Energy-
dispersive X-ray spectra (EDS) have shown the chemical analysis of
the nanocrystals with Cd and S as the major elements (Fig. 10B),
excluding the copper and carbonpeaks related to the TEMgrid. These
TEM results have proven that CdS quantum dots were properly
stabilized by the PVA-COOH capping polymer within the quantum-
confinement size range and theywere also consistentwith the values
estimated by UVeVisible spectroscopy in the previous section. In
Fig.10CandDitcanbeclearlyverifiedtheelectrondiffractionpatterns
associated with the CdS quantum dots crystalline structure with
plane spacingof aboutw4e5Å. These results arewell-matched to the
values reported in the literature for the CdS QDs with wurtzite-like
crystal structures (wurtzite, a ¼ 4.160; c ¼ 6.756 Å) [31,32].

3.3. Photoluminescence spectroscopy of polymer-capped CdS
quantum dots

Despite not being the major goal of the present study, it is
known that some other properties are important to be investigated
before using such colloidal system as biomarkers. For instance, the
QDs photo-stability could be accessed by photoluminescence
spectroscopy. In that sense, photoluminescence (PL) spectroscopy
was conducted aiming at verifying the preliminary activity of the
CdS nanocrystals produced via aqueous route using a relatively
facile methodwith carboxylic-functionalized PVA as capping agent.
Fig. 11A presents a typical PL emission spectrum for CdS nano-
crystals synthesized with the carboxylic modified PVA as capping
ligand. The PL emission peak energy was centered at approximately
l ¼ 520 nm (“green”), for all polymer concentrations tested. A
similar behavior was also observed for CdS nanocrystals stabilized
by “conventional” PVA (PVA-OH, PL not shown). Also, the fluores-
cence images were captured by using a 12 million pixels color
digital camera. Fig. 11B shows the characteristic “green” fluores-
cence image of CdS/PVA-COOH QDs in aqueous colloidal solution
excited by laser source at l ¼ 442 nm (violeteblue, 15 mW of
power). Fig. 11C presents the image of the synthesized CdS/PVA-
COOH QDs with a bright green fluorescence when exposed to
ultraviolet light radiation (compartment, light source l ¼ 254 nm).
These results have given support for considering this novel system
based on CdS-PVA-COOH to be potentially used in biolabeling
applications as it has indeed shown PL behavior. Besides that, it
brings an environmentally friendly alternative to the labor-inten-
sive method of organic-phase synthesis followed by ligand
exchange. The choice of PVA polymer comes as an alternative to
other aqueous routes, with some advantages. PVA and PVA-COOH
are biocompatible and biodegradable comparable to Polyethylene
glycol (PEG). Different from PEG, which is always very hydrophilic,
PVA and its derivatives can be chosen based on the polymer chain
and the degree of hydrolysis (ratio of acetates/alcohol groups)
which offers a unique opportunity for preparing solutions with
a wide range of properties (viscosity, solubility, degradability etc.)
(Fig. 12).

Therefore, it can be highlighted the following aspects when
comparing to other published studies:

1) PVA-derived polymer [terpolymer, Poly(vinyl alcohol-vinyl
acetate-itaconic acid)] was utilized as the novel capping agent
with carboxylic pendant groups (PVA-COOH) which has
decreased about 10 times the concentration of ligand needed
when compared to PVA(PVA-OH);

2) The precursor [Cd:S] molar ratio used was [2:1] as compared to
the large majority of previously consulted publications which
have used [1:1]. That has made possible some “free” Cd2þ

cations at the quantum dots surfaces for charge balancing with
carboxylate anions (eCOO�). As a consequence, it has resulted
in more stable colloidal systems;

3) The partial substitution of alcohol by carboxylic groups
increases the potential reactivity of the quantum dots-Polymer
systems with biomolecules;

4) In addition, the choice of using a carboxylic functional polymer
may contribute for reducing the total “hydrodynamic diam-
eter” of the bioconjugate QD-polymer-protein, as it can be
produced in a single-step process.

Thus, in order to move further aiming at biological applications
of this developed work, one may consider a designed system with



Fig. 12. Representative drawing of potential alternatives for bioconjugation with the carboxylate groups from PVA-modified chains (not in scale).
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the choice of the carboxylic group as a chemical functionality in
PVA to be utilized as a reactive “coupling group” for potential
bioconjugation. For instance, the synthesis of quantum dot-poly-
mer (CdS/PVA-COOH) structures conjugated with biological moie-
ties (Fig. 12) such as proteins.
Fig. 13. (A) Schematic representation of the bioconjugation reaction between PVA-COOH and
CdS quantum dots with PVA-COOH (a) and with (b) PVA-C(O)NH-BSA bioconjugation; (C) I
3.4. CdS quantum dots capped by PVA-C(O)NH-BSA bioconjugates

As a proof of concept, it was designed and performed a set of
experiments. PVA-COOH was conjugated with BSA (bovine serum
albumin) considered as a “model” biomolecule. The reaction of
BSAwith the formation of an amide using a carbodiimide linker; (B) UVeVis spectra of
nsert: detail of the UVeVis spectra of the amide region.
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the carboxyl-reactive 1-Ethyl-3-(3-dimethylaminopropyl)carbo-
diimide (EDC) was utilized as a “zero-length” cross linker in the
presence of NHS-sulfo (catalyst) for covalently coupling the
carboxylic group from PVA-COOH to the amines from BSA (protein-
NH2). The formation of an amide linkage is expected to occur
straightforward (“PVA-C(O)NH-BSA”). Also, EDC has the advantages
of not being incorporated into the structure of the protein and not
being toxic in comparison with cross-linkers (glutaraldehyde). The
results are summarized in Fig. 13. In Fig. 13A, it is shown the
schematic representation of the bioconjugation reaction with the
formation of an amide using carbodiimide (EDC/NHS-sulfo). It can
be observed in the UVeVis spectra (Fig. 13B and C) the increase of
absorbance in the amide region (curve b) of the conjugated PVA-C
(O)NH-BSA compared to the PVA-COOH not conjugated (curve a). It
is important to be pointed out that no detectable differences were
observed in the CdS quantum dots average sizes prepared using
both capping ligands, PVA-COOH or PVA-C(O)NH-BSA. Therefore,
the results have clearly proven that CdS quantum dots were
successfully produced/stabilized using a novel approach based on
PVA-COOH bioconjugated to BSA.

4. Conclusion

It can be summarized that in the present study an aqueous
colloidal route for producing CdS quantum dots was developed
using both PVA-OH and carboxylic-functionalized PVA-COOH as
polymer-capping agents. Regarding to the colloidal system stability,
the carboxylic groups in the polymeric chain have decreased about
10 times the amount of ligand required for obtaining water stable
suspensions. They have shown relatively adequate activity and
stability in PL assays, good dispersion, and the capped surfaces by
alcohol and carboxylic groups. The use of carboxylic group in the
functionalized PVA (PVA-COOH) potentially increases the overall
interactions leading to stability of the system with other chemical
species when compared to alcohol groups (PVA-OH). In fact, the
designed system based on the chemically active polymer (PVA-
COOH) was successfully bioconjugated to the “model protein”
(BSA), via carboxylic-amine reactions, leading to the formation of
amide covalent bonds (PVA-C(O)NH-BSA). The synthesized CdS/
PVA-COOH and CdS/PVA-C(O)NH-BSA nanocrystals represent
hybrid inorganiceorganic materials that can be both fabricated and
functionalized with biomolecules in a relative facile synthetic
route. In that sense, this novel nanostructured system opens a wide
window of possibilities in biomedical research and applications for
producing water soluble inorganic fluorophores based on quantum
dots.
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Non-covalently bonded crystalline inclusion compounds (ICs) have been formed by threading host cyclic
starches, cyclodextrins (CDs), onto guest nylon-6 (N-6) chains. When excess N-6 is employed, non-
stoichiometric (n-s)-N-6-CD-ICs, with partially uncovered and “dangling” N-6 chains, result. While the
host crystalline CD lattice is stable tow300 �C, the uncovered, yet constrained, portions of the N-6 chains
emanating from the CD-IC surfaces may crystallize below, or be molten above w225 �C, and confer upon
them shape-memory. When heated between the Tm of N-6 and the decomposition temperature of the
(n-s)-N-6-CD-IC, they may be deformed into a new shape, which is retained following a rapid quench
below Tm. When this newly-shaped sample is heated above the Tm of the un-included and crystalline
portions of N-6, it reverts back to its original shape in response to the constraining CD-IC crystals.

When added at low concentrations, the non-toxic (n-s)-N-6-CD-ICs serve as effective nucleating
agents for the bulk crystallization of N-6 from the melt. This is a consequence of the ability of the N-6
chains protruding from their (n-s)-CD-ICs to crystallize more rapidly and at higher temperatures than
bulk N-6 chains when their molten mixture is cooled, thereby providing finely dispersed crystalline
nuclei for the subsequent crystallization of the bulk N-6 chains. Melt-crystallized N-6 nucleated with
(n-s)-N-6-CD-ICs have finer grained more homogeneous morphologies than un-nucleated N-6 samples.
Furthermore, N-6s coalesced from their CD-ICs by appropriate removal of the host CD are also found to
effectively nucleate the melt-crystallization of bulk N-6, even after long periods of annealing above the
Tm of N-6. N-6 coalesced from stoichiometric CD-ICs, with full N-6 coverage, and from (n-s)-N-6-CD-ICs,
with only partial N-6 coverage, show very similar crystallization behaviors and both are effective as
nucleants, and this is reflected by their higher densities and improved mechanical properties.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Harada and Kamachi first demonstrated in 1990 [1], using poly
(ethylene oxide) oligomers, that non-covalently bonded crystalline
inclusion compounds (ICs) could be formed between guest poly-
mers and the host cyclic starches, cyclodextrins (CDs) (See Fig. 1a).
This is accomplished by threading of the guest polymers through
the narrow CD cavities to form polymer threaded crystalline stacks
of CDs, as illustrated in Fig. 1b and c.

More recently [2e7] it has been demonstrated that crystalline
non-stoichiometric (n-s)-polymer-CD-ICs can be obtained if an
excess of the guest polymer is used during their formation. Note in
Fig. 2 that incomplete coverage of the threaded guest polymers
results in the “dangling” of un-included portions of the polymer
i).

All rights reserved.
chains from (n-s)-polymer-CD-IC crystalline surfaces. If the guest
polymer is crystallizable, then those portions of the chains
“dangling” from (n-s)-polymer-CD-ICs may also crystallize. As
a consequence, when small amounts of (n-s)-polymer-CD-ICs are
added to the same neat bulk polymer, they have been observed
[2e7] to function as very effective nucleation agents during melt-
crystallization. This is presumably due to the ability of the
“dangling” chains to more readily crystallize at higher tempera-
tures, thereby providing nuclei for the crystallization of the bulk
polymer chains as they are cooled further from the melt.

This approach is limited to polymers with melting tempera-
tures, Tm, that are below that of the decomposition temperature
(w300 �C) of their CD-IC crystals. Because of the biodegradable/
bioabsorbable and non-toxic natures of CDs, (n-s)-polymer-CD-ICs
potentially provide environmentally responsible nucleants for
enhancing themelt-crystallization of polymers and improving their
properties [6e9].

mailto:alan_tonelli@ncsu.edu
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.12.049
http://dx.doi.org/10.1016/j.polymer.2010.12.049
http://dx.doi.org/10.1016/j.polymer.2010.12.049


Fig. 1. CD structures and cavity dimensions (a) and the channel crystal structure of polymer-CD-ICs (b) and (c).
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Recently we have reported (n-s)-CD-ICs formed between a- and
g-CD hosts and nylon-6 (N-6) guests [10]. Anionically initiated,
ring-opening polymerization of 3-caprolactam produced N-6
samples with different molecular weights (MW ¼ Mw, with Mw/
Mn w 2) ranging from 100,000 to 600,000 Da. When combined
with commercial N-6 samples with MWs ¼ 30,000 and 60,000 Da,
this series of N-6 samples provided an opportunity to compare the
effects of MW on the melt crystallization of “free” neat bulk and
“dangling” constrained (n-s)-CD-IC N-6 chains. Several different
N-6:CD ratios were employed in the formation of (n-s)-N-6-CD-ICs
to determine the effect of “dangling” chain length on their crys-
tallizability. In addition, both a- and g-CDs were selected as hosts,
because single and pairs of side-by-side N-6 chains, respectively,
are threaded through their ICs [11], producing different constraints
on the N-6 chains that “dangle” from them, and which were
demonstrated to effect their crystallization. Here we report further
on the effectiveness of (n-s)-N-6-CD-ICs to act as nucleants in the
melt-crystallization of bulk N-6 when added in small amounts,
including the isothermal crystallization kinetics of neat and
nucleated N-6 samples.
Fig. 2. Schematic representation
Following the careful removal of the host CDs from N-6-CD-ICs,
the resulting coalesced N-6s were also examined for their abilities
to nucleate the melt-crystallization of bulk N-6. The morpholo-
gies, mechanical properties, and densities of melt-crystallized
as-received and coalesced N-6 films and those nucleated with
(n-s)-N-6-CD-ICs and coalesced N-6s are compared. In addi-
tion, the “shape-memory” behavior of (n-s)-N-6-CD-ICs is also
demonstrated.

2. Experimental

2.1. Materials and methods

Aside from coalesced N-6 and nucleated N-6 films formed by
precipitation, all materials used and N-6 samples formed were
described previously [10], with the exception of N-6 with a molec-
ular weight of 60,000 (Ultramid B4001�) obtained from BASF.
Coalescence of N-6 from its CD-ICs was accomplished by treatment
with dilute aqueous solutions of HCL or extensive washing with
warmwater. In addition to the previously employed solvent-casting
of a (n-s)-polymer-CD-IC.
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method, we also formed nucleated N-6 films by suspending the
nucleants in formic acid solutions of N-6, followed by precipitation
into acetone and by melt-pressing the precipitated N-6/nucleant
mixtures. Similarly, the DSC and microscopy observations reported
herewere described previously [10], except for the isothermalmelt-
crystallization kinetics of neat and nucleated N-6s observed by DSC.
These N-6 films were heated in the DSC, maintained in the melt at
250 �C for 5 min, and cooled at �10 �C/min to 185 or 200 �C, where
the time dependent increase in their crystallization exothermswere
observed.

2.2. Densities

N-6 film densities were determined by floatation in a mixed
solution of carbon tetrachloride (CT) and toluene (T), whose densi-
ties are greater (rCT¼ 1.594 g/cm3) and less (rT¼ 0.8668 g/cm3) than
N-6. Small portions of N-6 film were floated atop 25 ml of CT in
Fig. 3. After cooling from 250 �C in the melt at �10 �C/min, isothermal crystallization (upper
with 2 wt% of the 3:1 (n-s)-N-6-a-CD-IC (c) at 185 �C and in the lower panel of neat N-6 (
a 100ml graduated cylinder containing a magnetic stir bar that was
placed on amagnetic stir plate. The tip of a 50ml burette containing
Twas inserted through aluminum foil that covered themouth of the
graduated cylinder. While stirring, T was slowly dripped in
(w10 drops/ml) until the N-6 film sank below the surface of and
became suspended in the CT/T solution when stirring was stopped.
The volume of T, vol(T), required to achieve suspension of N-6 was
then used to determine the N-6 film density, rN-6, from

rN�6 ¼ ½volðTÞrT þ 25rCT�=½volðTÞ þ 25�:

Comparative N-6 film densities were observed for melt-crys-
tallized as-received and coalesced N-6 samples possessing the
same crystallinity, as determined by DSC. This was achieved by
simultaneously placing a portion of each of the N-6 melt-crystal-
lized films in the graduated cylinder containing CT, and adding T as
just described. The film that first began to sink and became
panel) of N-6 (MW ¼ 600,000 Da) (a), its 3:1 (n-s)-N-6-a-CD-IC (b), and N-6 nucleated
b) and N-6 nucleated with 2 wt% of the 3:1 (n-s)- N-6-a-CD-IC (a) at 200 �C.



Fig. 4. DSC cooling scans (�5 �C/min) for neat (a) N6 (600,000 g/mol), (b) 6:1 (n-s)-N6-g-CD-IC and (c) N6 with 2 wt% 6:1 (n-s)-N6-g-CD-IC.
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suspended in the CT/T column had the highest density, which must
be attributed to closer packing of chains in the amorphous regions
of the sample.

2.3. Tensile testing

Tensile tests were conducted according to ASTMD-882-97 using
aMTS Q-Test�/5,CRE type tester. The test specimenswere prepared
bycutting 0.14e0.15mmthickfilms into 6mmwide and90mmlong
dog bone shapes using a template. Tensile tests were performed
using a 250lb load cell, and the gauge length was 50mm. The cross-
head speed was 500mm/min for as-received N-6 films and 50mm/
min for the other films. Load-elongation curve, modulus, peak load,
and elongation at break data were acquired at the end of each test,
and each value of the mechanical properties reported was an
average of at least five film test specimens.

2.4. “Shape-memory” test

Melt-pressed films, 6.5 cm in length, 0.8 cm in width, and
0.15 mm thick, of neat N-6 (60,000 g/mol) and its 3:1 (n-s)-a-CD-IC
(2 samples) were suspended over closely adjacent and inverted
petri dishes. A 2g weight was placed on top of the suspended
Fig. 5. DSC cooling scans (�5 �C/min) for neat (a) N6 sample (600,000 g/mol) (b) N6 with 2 w
CD-IC, from low to high maximum crystallization temperatures, respectively.
portion of one of the 3:1 (n-s)-a-CD-IC films, and they were placed
in a vacuum oven and subsequently heated to 250 �C. Upon removal
from the oven and cooling to room temperature, the small weight
was removed and the films were returned to the 250 �C oven.

3. Results and discussion

3.1. “Shape-memory” of (n-s)-N-6-CD-ICs

While the neat N-6 film melted completely and flowed down
the sides of both supporting petri dishes, the 3:1 (n-s)-N-6-a-CD-IC
films only softened and sagged very slightly (no weight) and
dramatically (2 g weight) between the supporting petri dishes, but
remained integral without flowing. Upon removal of the small
weight and return of the severely sagging 3:1 (n-s)-N-6-a-CD-IC
film to the 250 �C oven, the sagging suspended film retracted
almost completely, until it appeared closely similar to the 3:1 (n-s)-
N-6-a-CD-IC film without the weight that was heated to 250 �C.
While this procedure is only a qualitative test for shape-memory, it
does demonstrate that (n-s)-N-6-CD-ICs are essentially networks
cross-linked with and held together by the CD-IC crystalline
domains containing included portions of N-6 chains. When heated
above the Tm of N-6, the N-6 chains and the (n-s)-N-6-CD-IC
t% 3:1 (n-s)-N6-a-CD IC, (c) N-6 with 2 wt% talc, and (d) N6 with 2 wt% 6:1 (n-s)-N6-g-



Table 1
Melt-Crystallization of Nylon-6 with 2 wt% of Various Nucleants.

Samples Tm Tc DHc Xc
a

60k Neat 222 175 58 37
60k þ a-CD 217 184 55 35
60k þ 1:1 a-CD 217 184 60 38
60k þ 3:1 a-CD 220 185 62 33
60k þ Talc 220 193 64 34
60k þ g-CD 217 181 53 29
600k Neat 223 174 45 24
600k þ a-CD 218 179 44 23
600k þ 1:1 a-CD 220 180 47 25
600k þ Coal N6 220 182 51 27
600k þ 3:1 a-CD 221 179 53 29
600k þ Coal N6 220 182 56 30
600k þ g-CD 220 178 40 21
600k þ 2:1 g-CD 221 180 53 29
600k þ 6:1 g-CD 220 184 57 30
600k þ Talc 221 183 50 26

a Xc ¼ DHc/DHm
O , with DHm

O ¼ 160 J/g [18,19].
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network as a whole may be stretched. In addition, this implies that
the un-included portions of at least some N-6 chains do not actually
“dangle”, but instead are constrained on both ends by inclusion in
different CD-IC crystals.
3.2. Isothermal crystallization of (n-s)-N-6-CD-ICs

Fig. 3 presents the isothermal crystallization of neat N-6
(MW ¼ 60,000 Da), its 3:1 (n-s)-N-6-a-CD-IC, and N-6 nucleated
with 2 wt% of the 3:1 (n-s)-N-6-a-CD-IC. Each sample was heated
into themelt at 250 �C,maintained there for 5min, cooled at�10 �C/
min to TC ¼ 185 or 200 �C, and their melt crystallization(DHC)
observed as a function of time. It is clear that the un-included N-6
chains in the 3:1 (n-s)-N-6-a-CD-IC and the N-6 chains in the N-6
sample nucleated by them crystallize faster than the neat bulk
N-6 chains, similar to results observed, though not presented here,
when cooling more rapidly than �10 �C/min from the melt to TC
Fig. 6. Polarized micrographs of melt-crystallized N6 films. (a) neat N6 (600,000 g/mol), (b)
(n-s)-N6-g-CD IC.
(Comparison with the DSC results seen subsequently in Fig. 5 indi-
cates why faster cooling rates were not necessary.) This provides
visual andquantitativekinetic verificationof theabilityof (n-s)-N-6-
CD-ICs toact as effectivenucleants for themelt-crystallizationofN-6
and is complimentary to the thermodynamic results subsequently
presented (Table 1) and discussed. Though similar isothermal crys-
tallization observations were not made for N-6 coalesced from its
CD-ICs, they were found to be at least as effective as (n-s)-N-6-CD-
ICs as nucleants for themelt-crystallization of bulk N-6, butwithout
the introduction of any non-N-6 additive (See below).

3.3. (n-s)-N-6-CD-IC nucleated N-6

Even though N-6 in both neat and 6:1 (n-s)-g-CD-IC samples
seem to crystallize similarly (Fig. 4), note that the 6:1 (n-s)-n-6-g-
CD-IC nevertheless seems to effectively nucleate the melt-crystal-
lization of bulk N-6. In fact 6:1 (n-s)-N6-g-CD-IC appears a more
effective nucleant than the 3:1(n-s)-N6-a-CD-IC judging from the
DSC cooling scans in Fig. 5. Even though the un-included portions of
N-6 chains in the 6e1 g-CD-IC crystallize to a lesser extent and at
a lower temperature than those in the 3:1 a-CD-IC [10], they are
nevertheless more effective in nucleating the melt-crystallization
of bulk N-6. This behavior may be related to the presence of side-
by-side pairs of N-6 chains “dangling” from the surfaces of (n-s)-N-
6-g-CD-IC crystals, compared to the single N-6 chains emerging
from(n-s)-N-6-a-CD-IC crystals. On the other hand, the
morphology produced by the 3:1 N-6-a-CD-IC in Fig. 6 appears
more homogeneous and of a finer grain than that seen in the N-6
sample nucleated with 6:1 (n-s)-N6-g-CD IC. Because we have not
yet determined the particle sizes of the nucleants used here,
reasons offered to explain observed differences in the melt-crys-
tallized morphologies produced by them are tentative [3,5].

3.4. N-6 nucleated with coalesced N-6

Note below in Fig. 7, that the N-6 chains coalesced from 1:1 and
3:1 (n-s)-N-6- a-CD-ICs crystallize at higher temperatures than
N6 with 2 wt% 3:1 (n-s)-N6-a-CD IC, (c) N-6 with 2 wt% talc, and (d) N6 with wt% 6:1



Fig. 7. DSC cooling scans (�5 �C/min) from the melts of (a) neat bulk N-6 (600,000), and the same N-6 coalesced from its (b) 1:1 and (c) 3:1 (n-s)-N-6-a-CD-ICs.
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neat N-6, even after remaining in the melt for 5 min. Furthermore,
the N-6 chains coalesced from the stoichiometric 1:1 and (n-s)
a-CD-ICs crystallize at virtually the same temperature upon cooling
from their melts. This is consistent with our view [10] of (n-s)-N-6-
a-CD-ICs as high density polymer brushes [13,14], with highly
extended and largely parallel chains that are unentangled, like
those in Fig. 8.

Upon coalescence, the N-6 chain segments that emerge from the
crystal surfaces of the 3:1 (n-s)-a-CD-IC are apparently as extended
and unentangled as those that were threaded and covered
completely by a-CDs in the stoichiometric 1:1 IC. Heating N-6
nucleated with coalesced N-6 for 1.5 h in the melt at 250 �C, did not
produce a reduction of its melt-crystallization temperature to that
of neat bulk N-6, a result that may at first appear surprising.

When guest polymers are coalesced from their CD-ICs by care-
fully removing the host CD lattices, they are observed to solidify
with structures, morphologies, and even conformations that are
distinct frombulk samplesmade fromtheir solutions andmelts [15].
Not only are the organizations and behaviors of bulk polymer
samples significantly modified on coalescence from their CD-ICs,
but both are also maintained for significant periods of time even
whenheated above their Tgs and Tms,where their chains aremobile.
While random-coiling of their initially coalesced, largely extended,
separated, and unentangled chains may be relatively rapid, we
recently concluded [16] that the subsequent establishment of
homogeneous melts is extremely sluggish due to the hindered
center-of-mass diffusion that must accompany full entanglement of
their chains. Apparently, the process of entangling the largely
separated and not fully interpenetrating randomly coiled chains
Fig. 8. Extended and highly oriented nature of un-included portions of polymer chains
in their (n-s)-CD-ICs (Note that it is likely that both ends of the un-included portions
are constrained by their inclusion in other CD-IC crystals not drawn here).
initially coalesced from their CD-ICs is particularly slow, much
slower in fact than the center-of mass diffusion of polymer chains in
their fully entangled melts. We believe this to be a result of the
absence of reptation tubes in bulk polymers coalesced from their
CD-ICs, and their apparently very slow establishment upon heating.

Note in Fig. 9 that N-6 coalesced from the stoichiometric 1:1 and
3:1 (n-s)-N6-a-CD-ICs similarly nucleate the melt-crystallization of
N-6, which mirrors the crystallization of their neat coalesced N-6
chains (See Fig. 7). On the other hand, as seen in Fig. 10, N-6 coa-
lesced from its stoichiometric 1:1 a-CD-IC seems to nucleate amore
homogeneous and finer grained morphology than the N-6 chains
coalesced from the 3:1 (n-s)-a-CD-IC.

It should also be noted that N-6 films containing all of the nucle-
ants discussedherewereproducedby solution-casting (dissolutionof
N-6 in 90% formic acid, suspension of the nucleant by addition with
stirring, and removal of the formic acid by evaporation). This may
appear surprising in the case of the coalesced N-6 nucleants, which
are, after all, just N-6. However, it was observed that when coalesced
N-6s were added to the N-6 solutions in 90% formic acid they did not
immediately dissolve. Similar behavior has been noted previously for
Fig. 9. DSC cooling scans for (a) neat N-6 sample (600,000 g/mol), with 2 wt% of
(b) N-6 coalesced from 1:1 (n-s)-N6-a-CD IC, (c) N-6 coalesced from 3:1 (n-s)-N6-a-CD
IC, and (d) N-6 with 2 wt% talc.



Fig. 10. Polarized micrographs of melt-crystallized films of (a) neat N-6, (b) N-6 with 2 wt% talc, (c) N-6 with 2 wt% N-6 coalesced from 1:1 N-6-a-CD-IC, and (d) N-6 with 2 wt% N-6
coalesced from 3:1 (n-s)-N6-a-CD-IC.
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polymers coalesced from their CD-ICs [10,17]. Furthermore, though
not presented here, the behaviors of nucleated N-6 films prepared by
precipitation andmelt-pressingwere similar to those of the solution-
cast nucleated N-6 films.
Table 2
Nylon-6 densities.

Material Xc (DSC crystallinity) Density (g/cm3)

Nylon-6 pellets 0.53 1.1559
Nylon-6 (coalesced from

1:1 N-6-a-CD-IC)
0.51 1.1674

Density of non-crystalline regions in Nylon-6 1.084 g/cm3

Density of non-crystalline regions in Coalesced Nylon-6 1.111 g/cm3
3.5. Properties of neat and nucleated N-6 films

Table 1 summarizes the nucleated melt-crystallization of N-6s
with MW ¼ 60,000 and 600,000 Da containing 2 wt% pure CDs,
their stoichiometric (1:1) and [(n-s) ¼ (2,3, or 6:1)] N-6-ICs, or the
N-6s coalesced from them used as nucleants. All melt-nucleated
N-6 samples, exhibit Tms and Xcs very similar to those of the same
neat bulk N-6. At the same time, however, all nucleated samples
crystallize from the melt at higher temperatures (Tc) than the neat
bulk N-6s, which explains their effectiveness as nucleants.

The densities and stress-strain responses of films melt-pressed
from neat as-received, coalesced, and nucleated N-6 samples are
presented and compared in Table 2 and Fig. 11, respectively. DSC
observations were used to confirm that all films had very similar
levels of crystallinity, which required annealing of the neat bulk
N-6 films.

It is clear that coalescedN-6has a higherdensity than as-received
N-6, even though they possess closely similar crystallinities.
Therefore, the non-crystalline regions in coalesced N-6 must have
a higher density than those in as-received N-6.With the known [20]
densities of crystalline (1.230 g/cm3) and amorphous (1.084 g/cm3)
N-6, and using XC(r) ¼ (rc/r)[(r � ra)/(rc e ra)], where XC(r), r, rc,
and ra are the fractional crystallinity determined by density
[assumed ¼ XC(DSC)] and the overall sample (1.1674), crystalline
(1.230), and amorphous or non-crystalline densities, we estimate
that the density of N-6 chains in the non-crystalline regions of the
coalesced sample is 1.111 g/cm3. This is w3% greater the density of
N-6 chains in the amorphous regions of the as-received sample
(ra ¼ 1.084 g/cm3), and is consistent with our view of the extended
and largely unentangled organization of chains in polymer samples
coalesced from their CD-ICs [15]. It should also be noted that XC(r)
calculated for as-received N-6 is w0.5 and agrees closely with
XC(DSC) ¼ 0.53.

In Fig. 11 we can see that the N-6 film nucleated with 2 wt% of
N-6 coalesced from its stoichiometric 1:1 a-CD-IC has a higher
modulus and a greatly reduced elongation at break compared to the
neat N-6 films, even after annealing to achieve a closely similar
level of crystallinity as the nucleated N-6 film (See Table 2). We
believe this to be a consequence of the more homogeneous and
finer scale semi-crystalline morphology and possibly the increased
packing density of unentangled and extendedN-6 chains in some of
the non-crystalline regions. Coalesced N-6 has been shown to
crystallize predominantly in the most stable a-polymorph [12],
with antiparallel chains that maximize interchain hydrogen-
bonding.When this is considered in conjunctionwith the increased
packing density of chains in the non-crystalline regions, the
improved modulus (stiffness) of N-6 nucleated with N-6 coalesced
from its stoichiometric a-CD-IC may be understood.

Though not presented here a N-6 film nucleated with 2 wt% of
3:1 (n-s)-N-6- a-CD-IC exhibited a modulus closely similar to the
N-6 film nucleated with 2 wt% of N-6 coalesced from its stoichio-
metric 1:1 a-CD-IC, but an elongation at break that was midway
between that of the annealed as-received and nucleated N-6 films.
(See Fig. 11).



Fig. 11. Stress-strain responses of thin melt-pressed neat bulk N-6 films (as-received and annealed), and N-6 film nucleated with N-6 coalesced from its 1:1 stoichiometric a-CD-IC.
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Polymers coalesced from their CD-ICs and added in small quan-
tities to the same bulk polymers would appear to be “ideal” nucle-
ants for their melt-crystallization for the following reasons:
i. chemical compatibility, ii. non-toxicity, and iii. “stealth” natures.
Not only may they improve the mechanical properties of the poly-
mer materials they nucleate, but they may be used in implantable
medical applications as well.

3.6. Summary and conclusions

Non-covalently bonded crystalline inclusion compounds (ICs)
have been formed by threading a- and g-CDs onto guest N-6 chains.
Non-stoichiometric (n-s)-N-6-CD-ICs, with partially uncovered and
“dangling” N-6 chains are produced when an excess of the guest
N-6 is employed, and they evidence shape-memory. When heated
between the Tm of N-6 and the decomposition temperature of
(n-s)-N-6-CD-ICs, theymay be deformed into a new shape, which is
retained following a rapid quench below Tm. When this newly-
shaped sample is heated above the Tm of the un-included portions
of N-6, it reverts back to its original shape in response to the con-
straining CD-IC crystals.

When added at low concentrations, the non-toxic (n-s)-N-6-CD-
ICs serve as effective nucleating agents for the bulk crystallization of
N-6 from the melt. This is a consequence of the ability of the N-6
chains protruding from their (n-s)-CD-ICs to crystallizemore rapidly
and at higher temperatures than bulk N-6 chainswhen theirmolten
mixture is cooled, thereby providing finely dispersed crystalline
nuclei for the subsequent crystallization of the bulk N-6 chains.
Melt-crystallized N-6 samples nucleated with (n-s)-N-6-CD-ICs
have finer grained more homogeneous morphologies than un-
nucleated N-6 samples, and this is responsible for their improved
mechanical properties and higher densities. Furthermore, N-6s
coalesced from their CD-ICs by appropriate removal of the host CD
are also found to be effective nucleating agents for the melt-crys-
tallization of N-6, and are unaffected by long periods of annealing
above the Tm of N-6. N-6 coalesced from stoichiometric CD-ICs, with
full N-6 coverage, and from (n-s)-N-6-CD-ICs, with only partial N-6
coverage, show very similar crystallization behaviors and both are
effective as nucleants, confirming our previous suggestion that the
un-included portions of N-6 chains in (n-s)-N-6-CD-ICs form
a dense brush anchored on both ends by inclusion into different
CD-IC crystals and are characterized by high N-6 chain extension
and orientation.

N-6 films nucleated with (n-s)-N-6-CD-ICs or the N-6 coalesced
from them and from their stoichiometric 1:1 N-6-CD-ICs evidence
more homogeneous finer grain semi-crystalline morphologies,
with more densely packed chains in the non-crystalline sample
regions that lead to improved mechanical properties.
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Shape memory semi-interpenetrating polymer networks (semi-IPNs) composed of crystalline poly
(ethylene oxide) (PEO) and crosslinked poly (methyl methacrylate) (x-PMMA) have been investigated.
The selected compositions show shape memory property with a reasonable fast recovery (recovery time
w1 min) and shape recovery ratio of 99%. Effects of composition (x-PMMA/PEO ¼ 80/20.60/40) and
crosslinker (triethyleneglycol dimethacrylate) concentration (up to 6 wt.%) on the creep property were
also studied. The recovery time of the semi-IPNs increased and the creep compliance decreased with
increasing crosslinker concentration. The network structure containing PEO crystal was characterized by
scanning electron microscopy (SEM). Differential scanning calorimetry (DSC) indicated that the PEO,
present confined in the semi-IPN, melts at a lower temperature compared to the pure PEO. Dynamic
mechanical analysis (DMA) showed a decrease in the glass transition (Tg) of the semi-IPN due to the
phase mixing of amorphous PEO and PMMA. Both the glassy and rubbery moduli (Eg and Er, respectively)
were lower for the semi-IPNs than for the x-PMMA network. On the other hand, the Eg/Er ratio was
markedly increased for the semi-IPNs supporting an easy shaping along with a good shape fixing.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Materials are said to show shapememory effect [1e3] if they can
be deformed and fixed into a temporary shape and recover their
original permanent shape only on the exposure of external stimuli,
like heat, light etc. Thermally induced shape memory effect is more
common where the recovery takes place with respect to a certain
critical temperature. The most widely used shape memory material
is NieTi alloy (Nitinol) [4]. Shapememory alloys (SMA) exhibit high
recovery strength and have found wide technical applications
[5e9]. However, they have obvious disadvantages such as high
manufacturing cost, limited recoverable deformation, and toxicity
issues [10,11].

Shape memory polymers (SMPs) offer deformation to a much
higher degree and a wider scope of varying mechanical properties
compared to SMAs, in addition to their inherent advantages of
being cheap and easily processable (e.g. [12e15]). SMP can be
designed by taking a polymer material, in which the polymer
chains are able to fix a given deformation by cooling belowa certain
transition temperature (Ts) (e.g. [16,17]). The transition temperature
(Ts) can be the glass transition (Tg) or melting point (Tm). Melting
.

All rights reserved.
point is preferred over the glass transition as melting is compara-
tively sharper. Upon reheating to above Ts, the oriented chains in
the network restore the random coil conformation resulting in
a macroscopic recovery of the original shape [18e22].

Such polymer systems consist of two phases: one is the revers-
ible or switching phase for maintaining a transient shape and the
other is a fixed one for recovering the original shape [23,24]. In case
of an amorphous system, at Tg the switching segment relaxes
and allows the deformation. On cooling the switching segment
“hardens” by entering in the glassy state and the shape is fixed. On
further heating the shape is recovered due to softening of the
switching segment [19e21]. In semicrystalline systems the crystals
melt allowing the required deformation. On cooling, the shape is
fixed due to crystallization and recovered on heating as a result of
melting [25,26]. Physical or chemical crosslinking are responsible
for the permanent shape (fixed phase).

The control of the fixed and the switching phases is most critical
for the developmentof SMPs. Avariety of polymer systems including
polymer blends, block copolymers have been reported to show
shape memory effect [27,28]. Among all, polyurethanes have been
investigated most extensively [29,30], following the pioneering
work carried out by Hayashi and coworkers [23,30]. The shape
memory polyurethanes were first commercialized by Mitsubishi
heavy industries, Japan.
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Full or semi-interpenetratingpolymernetworks (IPNs) oftenoffer
the possibility to broaden the range of properties [31,32]. However,
there are only a limited number of reports on IPN-based SMPs
[33e36] and detailed structureeproperty relationships for such
systems have not been attempted. In an IPN system, the network
properties are expected to play an important role in controlling
the shape memory performance and need to be addressed for the
successful development of IPN-based SMPs. The objective of the
present investigation is to study the network properties (especially
creep) and to establish the correlation with shape memory proper-
ties of IPN-based SMPs.

Poly (ethylene oxide) (PEO) has been widely used as a crystal-
lizable switching component for SMP systems [37,38]. The fixed
melting and crystallization temperature of a switching component
often restricts the applications of the related SMPs. For example,
biomedical application requires a switching temperature of 37 �C
(body temperature). Hence use of a crystalline switching compo-
nent with adjustable switching temperatures, will have broader
scope of applications. Our recent investigation showed that the
crystallization temperature of PEO can be widely varied and
the switching temperature can be adjusted by a simple blending
method using suitable polymers [39,40]. Accordingly, such blends
will offer the possibility to develop SMP systems with adjustable Ts.
That is why we have selected PEO as a switching component. The
reported works have mostly used PEO of low molecular weight
(<3000 g/mole) unlike to the present one (weight-average molec-
ular weight ¼ 20,000 g/mole).

In this work PEO/crosslinked PMMA (x-PMMA) based semi-IPNs
have been investigated. Note that semi-IPNs are such systems in
which one of the continuous phases is given by a thermoplastic,
whereas the other by a thermoset (crosslinked) polymer. The
selection of x-PMMA as a continuous phase is due to the fact that
PEO forms compatible blend with PMMA in amorphous phase
[33,34]. The combination of a crystalline phase and an amorphous
crosslinked network is expected to produce SMPs with two transi-
tion temperatures; one corresponds to melting point of crystalline
phase (PEO) and other due to the glass transition of the semi-IPN.
The synthesis and characterization of semi-IPN systems and effect of
crosslinking on the shape memory and creep properties of semi-
IPNswill be discussed in the present paper. Use of PEO-based blends
for the development of SMPs with adjustable switching tempera-
ture will be addressed in a later communication.

2. Experimental

2.1. Materials

PEO with weight-average molecular weight of 20,000 g/mole
was purchased from Aldrich and used as received. Methyl meth-
acrylate (MMA) (Fluka, 99%) was purified by washing twice with
sodium hydroxide solution (5% w/v) to remove the inhibitors and
thenwashed repeatedly with distilled water. It was then dried over
anhydrous calcium chloride for 48 h. Benzoyl peroxide (Aldrich,
97%) and triethyleneglycol dimethacrylate (TEGDM) (Aldrich, 95%)
were used as an initiator and a crosslinker, respectively, without
any further purification.

2.2. Synthesis of x-PMMA PEO semi-IPN

About 20 ml of MMA was introduced in a circular aluminum
mold (diameter10 cm) and heated to a temperature of 60 �C.
Required amount of PEO was added and mixed with a glass rod.
Once the PEO was completely dissolved in MMA, the required
amount of crosslinker and initiator were mixed thoroughly and the
mold was kept in an oven at 70 �C for 6 h. The sample was then
placed in vacuum oven at 50 �C for 6 h to remove the unreacted
monomer. An initiator concentration of 1 wt%(with respect to the
weight ofMMA)was used for all the samples. Different quantities of
TEGDM (2, 4, 5, 6 wt%) were used to get the networks with various
crosslink densities. Note that the concentration of TEGDM is
calculated with respect to the quantity of monomer (MMA). The
networks madewith the crosslinker concentrations more than 6 wt
% do not offer sufficient deformability to carry out the bend test for
shape memory evaluation. That is why IPNs having crosslinker
concentrations more than 6 wt% were not investigated.

2.3. Characterizations

Thermal behavior of PEO and the semi-IPN samples was studied
with a differential scanning calorimeter (DSC) (MettlereToledo
DSC821 Instrument, Greifensee, Switzerland). About 10 mg of
sample was placed in an aluminium pan and heated from 25 to
150 �C at a heating rate of 5 �C min�1.

Dynamic mechanical thermal analysis (DMTA) was carried out
for all the specimens with dimensions of 20 mm � 8 mm � 2 mm
(length � width � thickness) using a Q800 instrument (TA Instru-
ments, NewCastle, USA). The test specimenswere analyzed from 30
to 150 �C with a heating rate of 3 �C/min. The experiments were
carried out in a three-point bendingmode using afixed frequency of
1 Hz. Short-time flexural creep tests were also performed in the
sameDMTAmachine using a three-point bendingmode at the room
temperature (RT). Each specimen was equilibrated for 5 min at RT
(27 �C) and then the flexural creep was measured for 10 min. In
a dynamic mechanical analysis, the viscoelastic properties are
determined using the linear viscoelastic behavior. This linear
behavior is realized up to a certain minimum strain depending on
the nature of the material and beyond the optimum strain the
behavior deviates from linearity. That is why it is necessary to use
a load in such a way that the generated strain maintains the linear
viscoelastic behaviour. In the present case, the tests were perfor-
med under a constant load of 0.9 MPa, which corresponds to the
linear viscoelastic strain range. Test specimens of dimensions
60 � 15 � 2 mm3 (length � width � thickness) were used for the
creep tests.

The morphology of the semi-IPN samples was investigated by
a Zeiss Supra 40 VP (Oberkochen, Germany) scanning electron
microscope (SEM). For SEM analysis the samples were quenched in
liquid nitrogen and cryogenically fractured to obtain cross sections,
which were sputter coated with carbon to avoid charging prior to
the SEM observation [31].

To demonstrate the shape memory property, a circular spec-
imen was heated at 100 �C and folded to give a temporary bent
shape and cooled to fix it. The diameter and thickness of the circular
specimen were 7.5 cm and 3 mm, respectively. When the sample
was heated it started recovering and the photographs at different
time intervals were taken and presented in this paper. The shape
memory properties were determined using a bend test method
[33]. In this method a straight rectangular sample is bent to right
angles (strain angle is 90�) at 100 �C. The temporary shape is fixed
by cooling to room temperature (27 �C). The sample is then heated
to a particular temperature (80, 90, 100, 110, 120 �C) and the time
required for recovery is noted.

The strain recovery rate (Rr), which qualifies the ability of the
material to memorize its permanent shape is determined from the
following formula [3]:

Rrð%Þ ¼ q1 � q2
q1

� 100 (1)
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The strain fixity rate (Rf), which describes the ability of the
switching segment to fix the mechanical deformation is deter-
mined from the formula given below [3]:

Rf ð%Þ ¼ q3 � q1
q1

� 100 (2)

where q3 is the deformed angle under loading, q1 is the fixed angle
after load release, and q2 is the deformation angle after the
recovery. Three specimens of each samples are tested and average
values are reported. The heating, bending, cooling and recovery
operations are repeated to study the effect number of cycles on the
respective shape memory properties.
3. Results and discussions

PEO ismisciblewithMMAand TEGDMmixture at 70 �C.With the
advancement of crosslinking reaction involving MMA and TEGDM,
the combinatorial entropy of mixing tends to decrease. As a result
the crystalline part of PEO undergoes phase separation leading
to the formation of a two-phase microstructure and the amorphous
part of PEO remains dissolved in the PMMA network. Thus PEO/
x-PMMA semi-IPN systems consist of PEO crystals dispersed in the
PMMA network. The SEM photographs of x-PMMA/PEO semi-IPNs
(composition: 68/32) made using 2, 4, 5 and 6 wt% crosslinker
concentrations are shown in Fig. 1. All the samples show uniformly
dispersed PEO crystals in the x-linked PMMA network. The sizes of
the PEO crystals are in the range of 0.1 to 0.2 mm. Similar sizes of PEO
crystals were reported for PEO/phenolic blends [41,42]. However, it
is clearly found that thebestdistributionPEOcrystals are achieved at
Fig. 1. a. SEM micrograph of the fracture surface of x-PMMA/PEO semi-IPN (x-PMMA/PEO ¼
x-PMMA/PEO semi-IPN (x-PMMA/PEO ¼ 68/32) prepared by using 4 wt.% of crosslinker. c.
prepared by using 5 wt.% of crosslinker. d. SEM micrograph of fracture surface of x-PMMA
an optimumcrosslinker concentrationbeyondwhich theuniformity
is destroyed. We can see for the semi-IPN sample made using 6 wt%
crosslinker (Fig. 1d), the fracture surface contains some area which
does not seem to show the presence of PEO crystals. Initially, the PEO
remains dissolved in the MMA/crosslinker mixture and with the
progress of polymerization/crosslinking, the PEO crystals undergo
phase separation leading to the formation of a two-phase micro-
structure. As mentioned above, this is attributed to the decrease in
combinatorial entropy of mixing due to the polymerization/cross-
linking reaction. At a very high crosslinker concentration, the
crosslinking takes place very fast and the PEO crystalline phase
cannot undergo phase separation uniformly. The amorphous PEO
remains dissolved in the crosslinked PMMAmatrix.

The PEO crystal is expected to serve the purpose of switching
segment. It is well established that the concentration of switching
segment plays an important role in determining the shape memory
properties of SMP systems [3]. The best shape memory properties
are observed at an optimum concentration of switching segment
[2,10,13,16]. That is the reason why, the semi-IPNs with the varying
concentrations of PEO were evaluated for their shape memory
performance. Bending deformation is widely employed for evalu-
ating shape memory properties of polymer materials because
a large deflection is easily obtained in the range of small strain
through bending. The shape fixity and recovery of various samples
were determined at different cycles and presented in Table 1. The
table compares the shape memory properties of semi-IPN samples
with varying concentrations of PEO (switching component). It
was observed that the semi-IPN sample having a composition
(PMMA/PEO ¼ 68/32) offers the best shape memory properties
compared to the semi-IPNs having higher or lower concentration of
68/32) prepared by using 2 wt.% of crosslinker. b. SEM micrograph of fracture surface of
SEM micrograph of fracture surface of x-PMMA/PEO (x-PMMA/PEO ¼ 68/32) semi-IPN
/PEO semi-IPN (x-PMMA/PEO ¼ 68/32) prepared by using 6 wt.% of crosslinker.



Table 1
Shape memory properties of x-PMMA/PEO semi-IPNs measured at 100 �C.

Semi-IPN
composition
x-PMMA/PEO
(wt/wt)

Crosslinker
concentration
%

Cycle
number

Shape
recovery
(Rr) %

Shape
fixity
(Rf) %

78/22 2 1 80 � 3 80 � 4
59/41 2 1 90 � 4 77 � 3
68/32 2 1 98 � 2 95 � 2
68/32 2 2 92 � 2 90 � 3
68/32 2 3 90 � 5 90 � 4
68/32 4 1 99 � 1 98 � 1
68/32 4 2 92 � 2 95 � 3
68/32 4 3 89 � 4 95 � 2
68/32 5 1 83 � 2 97 � 2
68/32 5 2 77 � 3 98 � 1
68/32 5 3 75 � 2 98 � 2
68/32 6 1 80 � 3 99 � 1
68/32 6 2 75 � 5 98 � 2
68/32 6 3 74 � 4 98 � 2
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PEO (e.g. x- PMMA/PEO: 59/41 and 78/32). Hence, this composition
was used further for the optimization of crosslinker concentration.
The increasing crosslinker concentration resulted in an improve-
ment in the shape fixity.
Fig. 2. Recovery of a disk shaped sample of x-PMMA/PEO semi-IPN (x-PM
At the same time, the increasing crosslinker concentration tends
to decrease the deformability of the semi-IPN due to the formation
of a tighter network resulting in a reduction in shape recovery
performance. The optimum crosslinker concentration was found to
be 4 wt%. The effect of number of cycles on the shape memory
properties was also investigated. A decrease in shape recovery rate
was observed with each successive cycle. However, the largest
decrease occurred between cycles 1 and 2. This trend is commonly
observed for SMPs and it is attributed to the fact that an extensive
chain alignment in the originally cast sample takes place only
during the first memory cycle [3,41].

In order to demonstrate the shape memory property, the
recovery of a circular specimen was investigated. A circular spec-
imen of semi-IPN (composition: x-PMMA/PEO ¼ 68/32, crosslinker
concentration¼ 4wt%) was heated at 100 �C and given a temporary
folded shape by bending and cooled to fix the shape. When the
sample was heated, it started to recover the permanent shape
which was photographed in different time intervals (see Fig. 2).
Fig. 2 clearly demonstrates the shape memory behavior with
almost a complete shape recovery.

The effects of crosslinker concentration and recovery tempera-
ture on the recovery time of the semi-IPNs are shown in Fig. 3. At
a temperature below the melting point of PEO, the recovery is very
MA/PEO ¼ 68/32, 4 wt% crosslinker) as a function of time at 100 �C.



Fig. 3. Effect of crosslink density and temperature on the recovery time of x-PMMA/
PEO based semi-IPN samples (x-PMMA/PEO ¼ 68/32).
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slow or not even visible. However, at a temperature higher than
70 �C, the semi-IPNs show a reasonably fast recovery. The recovery
time decreases significantly up to 100 �C (Fig. 3), which is the Tg of
the semi-IPN. Thus, the semi-IPNs show a shape memory function
due to the melting of the switching phase (PEO) and the Tg of the
x-PMMA-PEO network. It is noteworthy that the fixing mode in the
semi-IPN has also a dual character: chemical (x-PMMA) and
physical crosslinking (intermingling of the PEO and x-PMMA pha-
ses). The semi-IPN samples have different transition temperatures
(DMA result e Fig. 7) ranging from 85 to 100 �C. The recovery
behavior did not correlate exactly with the DMA results, probably
due to the low thermal conductivity of the thick samples. However,
Fig. 4. Creep properties of semi-IPN samples with different compositions (x-PMMA/PEO
it was observed that the difference between the values of recovery
times at 90 �C and the same at 100 �C is the highest for a semi-IPN
sample with the highest transition temperature i.e. the semi-IPN
containing 6 wt% crosslinker. This supports the fact that the
recovery was associated with both the melting of PEO crystals as
well as the glass transition of the semi-IPN.

The recovery time is found to increasewith increasing crosslinker
concentration for all the recovery temperatures under investigation
i.e. the networks with a lower crosslink density recovered faster.
Hence to design a polymer system with a reasonably fast recovery
(less recovery time), it is necessary to keep the crosslink density at
a low value. However, the shape fixity tends to decrease with
decreasing crosslink density, i.e. the networkwith a higher crosslink
density shows a better fixity. This is well demonstrated by the
related data in Table 1. Hence a shape memory polymer has to be
designed with an optimum crosslink density considering the
requirements: fast recovery and good shape fixity.

In this context it is essential to consider the creep properties of
semi-IPN samples. Creep is the continuous deformation of a material
at a constant load. It is desirable that the creep to be aminimum for an
effective fixing of a shape memory polymer [3,41,42]. Interestingly,
creep properties of shape memory polymers have not been explored
extensively. We have studied the creep properties of the semi-IPNs
usingDMTA. The effects of composition and crosslinker concentration
on their creep properties of semi-IPNs have been investigated and
the results are shown in Figs. 4 and 5, respectively. It is clear that all
the semi-IPNs show much higher creep compared to the x-PMMA.
This is attributed to the presence of thermoplastic PEO. It is well
known that a thermoplastic in general shows much higher creep
compared to its thermoset counterpart due to the absenceof chemical
crosslinks in the former [43]. The creep did not change significan-
tly with the compositional change in the studied range. The two
semi-IPN samples made using 4 wt% crosslinker, however, having
different compositions (namely x-PMMA/PEO ¼ 68/32 and ¼ 59/41)
ratio) using 4 wt.% of crosslinker : 100/0 (-�–�-) 68/32, (-A–A) 59/41 (-:;–:;-).



Fig. 5. Creep properties of x-PMMA/PEO semi-IPN (x-PMMA/PEO ¼ 68/32) samples
made using various concentrations of crosslinker.

Fig. 7. Loss factor vs. temperature plots for x-PMMA/PEO semi-IPN prepared by using
different concentrations of the crosslinker.
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display similar creep behavior. For a fixed semi-IPN composition (e.g.
x-PMMA/PEO ¼ 68/32), the creep compliance decreases with in-
creasing crosslinker concentration for the obvious reason of the
formationof a tighternetworkat ahigher concentrationof crosslinker.

However, at a very high crosslinker concentration the network
loses its shape memory properties due to the lack of deformability
as discussed above. For example the semi-IPN sample made using
higher than 6 wt% crosslinker shows very low creep but does not
show the expected shape memory properties. Thus, a semi-IPN
(and probably also full IPN) should have an optimum crosslinker
concentration to satisfy both the requirements of fast recovery and
Fig. 6. DSC thermogram of PEO, PMMA and x-PMMA/PEO semi-IPN (x-PMMA/
PEO ¼ 68/32) made using 4 wt.% of crosslinker.
low creep (contributing to a better fixity). It may be noted that the
above parameters again depend on for what application the
material is going to be used. Apparently, the IPN with 4 wt%
crosslinker shows optimum properties.

DSC thermograms of x-PMMA, PEO and the semi-IPN (x-PMMA/
PEO¼68/32) are shown in Fig. 6. Theappearanceof themeltingpeak
indicates the presence of PEO crystals in the semi-IPN system. The
semi-IPN exhibits a melting peak at a lower temperature compared
to the pure PEO. Melting point depression of a crystalline polymer
observed in blends or interpenetrating polymer networks is the
result of kinetic, morphological and thermodynamic factors [44,45].
The amorphous phase hinders the crystallization by exerting steric
effect. The morphological effects are associated with the changes in
crystal perfections or geometries with different thermal histories of
the sample. Addition of amorphous component decreases the
chemical potential and thereby reduces the Tm. The depression of
melting point only due to the thermodynamic reason according to
Flory-Huggins theory can be expressed as [46]:

1
Tm

� 1
T0m

¼ RV2
DH0V1

�
lnf2
m2

þ
�

1
m2

�
f1 þ c12f

2
1

�
(3)

The subscript 1 and 2 represent the x-PMMA and PEO, respec-
tively, c12 is the polymerepolymer interaction parameter, V is the
molar volume of the polymer repeat unit at the equilibriummelting
temperature, f is the volume fraction, DH0 is the heat of fusion of
the crystalline polymer, m2 is the degree of polymerization of PEO.
Attempts have been made by various authors to determine the
interaction parameter from the above equation but failed due to the
Fig. 8. Dynamic storage modulus vs. temperature plots for x-PMMA/PEO semi-IPN
(x-PMMA/PEO ¼ 68/32) made using different concentrations of crosslinker.



Table 2
DMTA properties of x-PMMA/PEO semi-IPNs.

Semi-IPN composition
x-PMMA/PEO (wt/wt)

Crosslinker concentration
wt %

Glassy modulus
at 36 �C (Eg) GPa

Rubbery plateau modulus
at 140 �C (Er) MPa

Tg �C Crosslink density
mol m�3

100/0 2 2.50 � 0.05 91 � 1.2 120 e

68/32 2 1.73 � 0.03 5 � 0.08 84 1389
68/32 4 1.70 � 0.02 8 � 0.10 90 2223
68/32 5 1.70 � 0.04 11 � 0.09 94 3056
68/32 6 1.66 � 0.05 13 � 0.13 100 3611
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contributions of kinetic and morphological effects and composition
dependence of the interaction parameter. That is why no attempt
was made in this work to quantitatively determine the interaction
parameter. The Tg value of the semi-IPN was also slightly reduced
compared to the x-PMMA. This can be attributed to the mixing of
amorphous PEO with the crosslinked PMMA.

Loss factor vs. temperature and storagemodulus vs. temperature
plots of x-PMMA and the semi-IPNs containing various concentra-
tions of crosslinker are shown in Figs. 7 and 8, respectively. The
broad loss peak indicates the formation of semi-IPN [25,26]. It is
more interesting to see that the difference between the glassy (Eg)
and rubbery moduli (Er) is much higher in case of the semi-IPN
compared to the pure x-PMMA. This is one of the criteria of SMPs as
the shape memory effect is often described by the following
mathematical model [47]:

Shape fixity ratio Rf ¼ 1 � Er/Eg (4)

Shape recovery ratio Rr ¼ 1 �fIR/[(1 � Er/Eg)fa] (5)

where Eg is the glassy modulus, Er is the rubbery modulus, fIR is
the viscous flow strain and fa is the strain when t > > tr. A high
elasticity ratio (Eg/Er) allows for an easy shaping at T > TS (shape
memory temperature) and a great resistance to the deformation at
T< Ts. Fig. 8 also demonstrates that the Tg and rubberymodulus (Er)
of the semi-IPN samples change significantly with increasing
crosslinker concentration while the glassy modulus remains rela-
tively constant. Similar observation was reported by Wornyo et al.
[48] for a crosslinked acrylate based SMP network. The increase in
the rubbery modulus is attributed to the increase in crosslink
density. The rubbery modulus is often used to calculate and
compare the crosslink density of similar types of networks. From
the theory of rubber elasticity E ¼ 3RTve where R is universal gas
constant, T is the temperature corresponding to the rubbery
plateau modulus and ve is the crosslink density. The apparent
crosslink density calculated for the semi-IPNs made with different
concentrations of the crosslinker used in this study are presented in
Table 2. The crosslink density data obtained from the above equa-
tion can only be compared for similar systems, for example for
semi-IPNs of same composition with different crosslink densities.
The crosslink density of crosslinked PMMA cannot be compared
with the semi-IPNs and hence the value of x-PMMA is not reported.
It is obvious that the crosslink density of the semi-IPN samples
increases with increasing crosslinker concentration.
4. Conclusion

Shape memory semi-interpenetrating polymer network (semi-
IPN) systems, composed of crystalline poly (ethylene oxide) (PEO)
and crosslinked poly (methyl methacrylate) (x-PMMA), have been
prepared at various PMMA/PEO ratios using different amounts of
crosslinker, and their shape memory properties were investigated.
For the switching function the melting of the PEO and the glass
transitions of the semi-IPN, whereas for the permanent shape
fixing the x-PMMA and the semi-IPN structuring itself (represent-
ing a physical network structure) were made responsible. Based on
the work done the following conclusions can be drawn:

- Shapememory polymers with two transition temperatures can
be successfully developed by introducing a suitable crystalline
component in an interpenetrating polymer network.

- Creep compliance of the semi-IPNs did not change significantly
with the compositional change in the studied range. The same
is significantly reduced with increasing degree of crosslinking
of PMMA.

- Shape memory properties (shape recovery and shape fixity) of
the semi-IPNs can be tailored upon the x-PMMA/PEO ratio and
crosslinking degree of x-PMMA.
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Novel Thermoplastic Polyurethane (TPU)-dual modified Laponite clay nanocomposites were prepared by
ex-situ and in-situ techniques. Two types of modified clays used in this work differ from each other by the
number of active functional groups (tethering). Modified nanoclays are characterized by FTIR, Solid State
NMR, XRD and TGA. Structural differences in the modified clays lead to novel tubular, elliptical and
spherically aggregated morphologies of clays together with the hard segments of TPU. Changes in such
morphology result in the difference in segmental relaxation, mechanical and rheological properties of
the nanocomposites. In-situ prepared nanocomposites register inferior properties as compared to their
ex-situ counterparts. The percent improvement in tensile strength and elongation at break of the ex-situ
prepared nanocomposites with the modified clay having lesser tethering are found to be 67% and 208%,
respectively. Thermal stability is enhanced by 35 �C as compared to that of the neat TPU.

� 2010 Published by Elsevier Ltd.
1. Introduction

Thermoplastic polyurethane (TPU) is a block copolymer of (AB)n
type consisting of soft segments (B) and hard segments (A). The soft
segment is prepared by the reaction of diisocyanate with the olig-
omeric polyol and the hard segment is formed by the reaction
between the diisocyanate with the short chain diol or diamine. Due
to the difference in polarity between the two segments and pres-
ence of higher degree of H-bonding in the hard segments, phase
segregation occurs. This leads the hard domains to provide rein-
forcing effect to the soft segments [1e6]. When nanoclays are
added into the TPU matrix, the mechanical and dynamic mechan-
ical properties, thermal stability and barrier properties are
improved significantly. Three different techniques are normally
adopted to prepare TPU-clay nanocomposite (TPUCN), e.g., melt
blending, ex-situ (solutionmixing) and in-situ synthesis techniques.
Ex-situ and in-situ preparation techniques are more favorable in the
laboratory for the preparation of the nanocomposites [7,8]. In
general, in-situ synthesis technique has been found to provide
better improvement in property of the resulting nanocomposites as
compared to the ex-situ prepared nanocomposites. This is because
of the improved state of dispersion of the nanoclay that can be
b); fax: þ91 3222 282292.
b); fax: þ91 3222 282292.
Chattopadhyay), golokb@rtc.

Elsevier Ltd.
achieved by the former technique. At present, researchers are more
focused towards using tethered clay as a pseudo chain extender
[9e14]. Tethering of the clay (clay with modifiers containing active
functional groups) is found to provide improved property spectrum
as compared to the nontethered clay in nanocomposites prepared
by both ex-situ and in-situ techniques [15].

It is observed that among the available nanoclays, modified
montmorillonite (popularly known as Cloisite�) is most widely
used and very well explored for the preparation of TPU-clay
nanocomposite. However, literature is strikingly scanty [16e21] on
TPU-Laponite clay nanocomposites, despite of several advantages
associated with Laponite clay.

Laponite (synthetic hectorite nanoclay) possess well controlled
dimensions, chemical purity and smaller diskette size (25e30 nm).
The size scale of the individual diskettes matches well with the size
of the hard domains in TPU. Laponite RD in the unmodified state
remains aggregated in organic solvents like tetrahydrofuran (THF).
Hence, it is mandatory to modify the surface of the clay by using
either ionic [19,20,22] or covalent [23e27] modification techniques
to improve its state of dispersion in polymers. Literature on the dual
modification of Laponite [28e30] (combined ionic and covalent
modification) is strikingly small in number. In one of our recent
communications, we have illustrated salient aspects of dual modified
Laponite RD in commercial TPU matrix by solution mixing technique
for the first time [31].

Thismanuscript dealswith thepreparation of TPU-dualmodified
Laponitenanocomposite byboth ex-situand in-situ techniques. Ionic
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modification of Laponite RD has been carried out by using cetyl-
trimethyl ammonium bromidewhereas, two types of alkoxy silanes
(Octyl trimethoxy silane and 3-aminopropyl triethoxy silane,
differing fromeach other by the number of active functional groups)
have been used for the covalent modification of the eOH groups
present on the surface of the clay. The resulting structures of the
modified clays have been characterized by different spectroscopic
techniques (FTIR and Solid State NMR, XRD) and thermogravimetric
analysis. The developed supramolecular assemblies due to the
addition of these dual modified nanoclays in TPU have been corre-
lated with the mechanical, viscoelastic and thermal properties.

2. Experimental

2.1. Materials used

4,40-Methylene bis(phenylisocyanate) (MDI), Polytetra-
methylene glycol (PTMG of Mn ¼ 1000), 1,4-butanediol (BD), Dibu-
tyltin dilaurate (DBTDL), Octyl trimethoxy silane (OS), 3-
aminopropyl triethoxy silane (AP) and Cetryltrimethyl ammonium
bromide (CTAB) were obtained from SigmaeAldrich, USA. Laponite
RD was purchased from Southern clay limited (Mumbai, India).
Toluene and Tetrahydrofuran (THF) purchased from Merck,
Germanywereused as the solvents for themodificationof nanoclays
and for the preparation of nanocomposites, respectively. Toluene
was dried over pressed sodiumwire and kept for two days prior to
use. THF was refluxed over pressed sodium metal and a pinch of
benzophenone, until the appearance of deep blue colouration. Then
the dried THF was collected by the process of distillation.

2.2. Clay modification

Laponite RD (L) was modified with CTAB by using the standard
ion exchange process, as mentioned in one of our earlier publica-
tions[22]. The modified clay was purified by repeatedwashing with
hot deionized water to remove the resulting sodium halide ion and
the excess CTAB. It was then dried in a vacuum oven at 70 �C. The
granules were grinded into powder and again dried to remove the
physically adsorbed water. The equation for calculating the amount
of surfactant required for the cation exchange is given below:

Amount of Surfactant ¼ 2:8� 1:2
31� 100

�W �M (1)

where, 2.8 is the percentage of Na2O present in Laponite, 1.2 is the
number of equivalents of surfactant taken, 31 is the equivalent
weight of the replaceable sodium ion present, W is the amount of
clay in grams to be modified and M is the molecular weight of the
surfactant. Clay modified with ‘c’ is designated here onwards as ‘cL’.

2 gm of ‘cL’ (dried in vacuum oven at 70 �C) was dispersed in
50 ml of dry toluene in a two necked round bottomed flask (RB)
Table 1
Nomenclature of modified clay along with percentage of modification and designation o

Designation Details

cL Laponite RD modified by cetyl trimethyl ammonium bromide
cOSL Laponite RD modified by cetyl trimethyl ammonium bromide
cAPL Laponite RD modified by cetyl trimethyl ammonium bromide
PU Neat TPU
PUCN Polyurethane clay nanocomposite
E Nanocomposites prepared by ex-situ technique
I Nanocomposites prepared by in-situ technique

weight % of clay (1, 3%)

PUCN preparation technique types of clay (cOSL or cAPL)
Example:
PU¼ TPU with 0% clay; E1cOSL¼ TPU with 1% of cOSL prepared by ex-situ techniqu
under nitrogen atmosphere. Calculated amount of octyl trimethoxy
silane (OS) was added to it and the resulting colloidal suspension
was refluxed for 6 h with stirring. The solvent was dried and then
the excess amount of silane (unreacted) was extracted with dry
toluene by a soxhlet extractor for 12 h. The resulting modified clay
was dried and ground into powder. The clay modified by this
procedure is designated as ‘cOSL’. Similarly, ‘cL’ modified by 3-
aminopropyl triethoxy silane (AP) is represented as, ‘cAPL’.
Nomenclature for the modified clays is presented in Table 1. The
extent of modification of the nanoclays are calculated from the
weight loss in the temperature region from 130 to 600 �C and
discussed in details in Section 4.1.4.

2.3. Preparation of TPU-clay nanocomposite by ex-situ technique

Calculated amount of PTMG (dried in a vacuum oven at 70 �C for
12 h) was weighed in a dry 3 necked round bottom flask under dry
nitrogen atmosphere. 0.1% DBTDL catalystwith respect to theweight
of PTMG taken, was added to it and stirred at 50 �C and 850 rpm
speed by using an SCOTT magnetic stirrer (model SLR, SCHOTT
Instruments GmbH, Germany). 3.5 equivalent of MDI with respect to
the weight of PTMG premixed in THF was added drop wise for 1 h.
After complete addition of MDI, the mixture was allowed to stir for
additional 2hrs at 50 �C, to prepare the prepolymer.

2.35 equivalent of 1,4-butanediol was added to the prepolymer
and further stirred at 50 �C and at 1000 rpm for a period of 2hrs to
prepare the final TPU. The mixture was purified by precipitating in
methanol followed by repeated washings. The precipitate was then
dried in vacuum oven at 70 �C.

The TPU was dissolved in THF to prepare a 10% solution. It was
then sonicated for 30 min and cast on a petridish. THF was evap-
orated at room temperature followed by vacuum drying at 70 �C
and then molded into a sheet under pressure (at 170 �C and 5 MPa
pressure). The samples were allowed to cool slowly under pressure
by cold water circulation before further characterization. The TPU
sheet so obtained is represented as “PU”.

Calculated amount of claywas dispersed inTHFand sonicated for
30 min. Thecolloidaldispersionof claywasadded to theTPUsolution
(10 weight % in THF). It was stirred for 15 min followed by another
round of sonication for 30min and then cast on a petridish. THFwas
evaporated at room temperature followedbyvacuumdrying at 70 �C
and thenmolded into sheets following the sameprocess asdescribed
earlier. The resulting nanocomposites are represented as “E”.

2.4. Preparation of polyurethane clay nanocomposite by in-situ
technique

The prepolymer was prepared following the same procedure as
described in Section 2.3. Calculated amount of clay dispersed in THF
(sonicated for 30 min in a sealed container under N2 atmosphere
f TPUCN.

Extent of modification (%)

15.6
followed by octyl trimethoxy silane 21.9
followed by 3-aminopropyl triethoxy silane 29.3

e; I3cAPL¼ TPU with 3% of cAPL prepared by in-situ technique



Fig. 1. FTIR spectra of the unmodified and modified clay.

Fig. 2. a: 13C NMR spectra of (i) cL (ii) cOSL and (iii)cAPL b:
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prior to adding to the prepolymer solution) was added to the pre-
polymer at 50 �C. The mixture was stirred for 15 min and sonicated
for another 30 min for homogeneous dispersion of the clay. 2.35
equivalent of 1,4-butanediol was added to the prepolymer-nano-
clay composite and further stirred at 50 �C and at 1000 rpm speed
for a period of 2hrs to prepare the final TPU-clay nanocomposite.
The mixture was then purified by precipitating in methanol fol-
lowed by repeated washing. The precipitate was then dried in
a vacuum oven at 70 �C. The nanocomposite so prepared was
molded into sheets under pressure at 170 �C and 5 MPa pressure
followed by slow cooling. The resulting nanocomposites are rep-
resented as “I”.

Nomenclature of the neat TPU and the resulting nano-
composites are given in Table 1.
3. Characterization

Fourier transform infrared (FTIR) spectroscopy studies were
performed in a Perkin Elmer FTIR spectrophotometer at a resolu-
tion of 4 cm�1 in the range from 4000 to 400 cm�1. The clay
samples were ground with KBr salt (FTIR grade) and made in the
form of a disk under pressure and used for the analysis. 13C and 29Si
solid state Nuclear Magnetic Resonance Spectroscopy (NMR) was
conducted on a Bruker instrument AV 300 spectrophotometer
29Si NMR spectra of (i) L (ii) cL (iii) cOSL and (iv) cAPL.
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Scheme 1. Proposed structure of the dual modified clay platelets.
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operating at 75.46 and 59.6 MHz, respectively using the CP/MAS
technique. Wide angle XRD (WAXRD) in the lower angular range
(2q value 2 to 10�) and in the higher angular range (2q value 10 to
50�) were performed using a Phillips Pan alytical X-ray diffrac-
tometer (model: Xpert Pro, the Netherlands) equipped with Cu
target (Cu Ka) and Ni filter operating at a voltage of 40 kV and with
a beam current of 30 mA.

Percentage crystallinity of the neat TPU and various nano-
composites has been calculated by using Hermans-Weidinger’s
method [32]. The crystallite sizes have been calculated by using
Scherrer’s equation corresponding to the most intense peak (peak
at 19.4� 2q) found in the X-ray diffractogram [33].

Transmission Electron Microscopy (TEM) was performed by
using a high resolution TEM of JEOL JEM 2100 make, Japan, oper-
ating at a voltage of 200 kV after cutting thin sections from the
samples (w50 nm section) using LEICA ULTRACUT UCT (Austria)
cryomicrotome, equipped with a diamond knife. Thermal analysis
was carried out using differential scanning calorimeter (model
number DSC Q100 V8.1) and thermogravimetric analyzer (model
number TGA Q50 V6.1) of TA instruments make, USA. DSC was
performed under nitrogen atmosphere in the temperature range
from 0 to 250 �C at a heating rate of 10 �C/min. TGAwas performed
in N2 environment within the temperature range from w50 to
600 �C, at a heating rate of 20 �C/min. Dynamic rheological
Fig. 3. WAXRD of unmodified and modified nanoclay at lower angular range.
behaviors of the samples were studied on a rubber process
analyzer, RPA-2000 of Alpha Technologies, USA. Frequency sweep
was carried out at 140 �C using 1% dynamic strain in the frequency
range from 0.033 to 32 Hz. Temperature sweep experiment
(dynamic) from high to low temperature was carried out within
a temperature range of 180 to 40 �C at a constant frequency of 1 Hz
and 1% strain by using RPA.
4. Results and discussion

4.1. Characterization of the modified nanoclay

4.1.1. Fourier transform infrared spectroscopy (FTIR)
Fig. 1 shows the FTIR spectra of unmodified and modified

nanoclays. The presence of additional peaks corresponding to 2928
(C-Hassym str), 2852 (C-Hsym str), 1469 (C-Hbend) and 980 cm�1 (C-
Nbend) in case of ‘cL’ as compared to that in the unmodified Laponite
RD shows that the surface of Laponite RD is modified with cetyl-
trimethyl ammonium bromide by cation exchange process. Simi-
larly, presence of the peaks at 3685 (N-Hstr), 1042 (Si-O-Sistr), 796
(Si-Cstr), 652 (Si-Obend) and 518 cm�1 (Si-O-Sibend) in case of ‘cOSL’
and ‘cAPL’, respectively, confirms the successful dual modification
Fig. 4. TGA thermogram of the unmodified and modified Laponite clays.



Fig. 5. a: WAXRD of PUCN prepared by ex-situ technique at lower angular range
b: WAXRD of PUCN prepared by in-situ technique at lower angular range.
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of Laponite RD (with CTAB and silanes). Peaks corresponding to
3429 and 1636 cm�1 due to O-Hstr and O-Hdef confirm the presence
of eOH group. ‘cAPL’ registers a new peak at 1568 cm�1 as
compared to ‘cL’ and ‘cOSL’ due to N-Hbend [22,34].

4.1.2. Solid state nuclear magnetic resonance (NMR) spectroscopy
Fig. 2a and b display the 13C and 29Si NMR spectra of modified

clays, respectively. 13C NMR spectrum of unmodified Laponite
confirms the absence of any carboneous species (not shown). 13C
NMR spectrum of ‘cL’ shows peaks at 14.6 ppm (C16), 23.3 ppm (C3
and C15), 30.7 ppm (C2 and C4-C13), 32.6 ppm (C14), 53.8 ppm (N-
CH3) and 67.2 ppm (C1) [35]. In case of the dual modified Laponites,
several other peaks appear along with the signatures of ‘cL’ due to
the additional covalent modification of ‘cL’ with ‘OS’ and ‘AP’,
respectively, for ‘cOSL’ and ‘cAPL’. In ‘cOSL’, NMR peaks for ‘OS’ are
present at 14.2 ppm (C80 and C10), 23.2 ppm (C2

0 and C7
0), 29.9 ppm

(C40 and C5
0) and 32.5 ppm (C30 and C6

0) [36] are embedded within
the corresponding peaks present in ‘cL’. This is reflected from the
increase in the relative peak height of ‘cOSL’ in these regions as
compared to that of ‘cL’. Similarly, for ‘cAPL’, new peaks appear at
10.9 ppm (C100) and 43.0 ppm (C300) [37]. But the peak for C2

00 at
23.3 ppm, is not clearly discernable and it remains overlapped with
the peak observed for ‘cL’. The absence of eOMe (present in ‘OS’)
peak at 50.0 ppm indicates the complete condensation of SieOMe
groups of ‘OS’ during silane modification [30]. Similarly, absence
of eOEt (present in ‘AP’) peaks at 58.4 ppm and 18.4 ppm confirm
the complete reaction of SieOEt groups of ‘AP’ [38].

29Si NMR spectrum of unmodified Laponite shows two peaks
at �94.7 and �85.1 ppm due to Q3 [Si*(OMg)(Osi)3] and Q2

[Si*(OMg)(OSi)2(OH)] structures, respectively [30]. Both the peaks
are retained in the same position with similar intensities in case of
‘cL’. However, reduction in the relative intensity of the peak at
�85.2 ppm and development of new peaks at�67.0 and�58.4 ppm
due to T3 [Si*(OSi)3R] and T2 [Si*(OSi)2(OR’)R] structures confirm
the reaction of ‘OS’ with the Si-OH present only on the edge of the
clay to produce ‘cOSL’ [27]. Similarly, in case of ‘cAPL’ two new
peaks at �67.9 and �59.5 ppm due to T3 and T2 structures confirm
the reaction of ‘AP’with ‘cL’. The absence of T1 [Si*(OSi)(OR’)2R] and
appearance of T2 and T3 structure confirms the oligomerization of
the respective silanes (‘OS’ and ‘AP’ in case of ‘cOSL’ and ‘cAPL’,
respectively). Appearance of T2 [Si*(OSi)2(OR’)R] structure indicates
the presence of either eOR (R ¼ Me in OS and Et in AP) or eOH
group on the surface of clay, after dual modification. However,
absence of any peak corresponding to 50 ppm and 51 ppm in 13C
NMR spectrum of ‘cOSL’ and ‘cAPL’, respectively confirms the
presence of eOH group on ‘cOSL’ as well as in ‘cAPL’. Presence
of eOH group is also indicated from the FTIR spectrum earlier.
Based on these observations a scheme has been proposed to
elucidate approximate structures of the dual modified clays
(Scheme 1). The absence of T0 [Si*(OR’)3R] structure confirms the
nonexistence of unreacted silanes.

4.1.3. Wide angle X-ray diffraction study
Fig. 3 shows the WAXRD at lower angular range (2e10� 2q) of

the unmodified and modified clays.
No distinct peak for unmodified Laponite RD is observed from

the WAXRD pattern due to the disordered nature of clay diskettes
[11,28]. However, the sharpness of the diffraction pattern increases
upon modification and new peaks appear depending on the type of
modifier. A peak centered at 6.0� 2q (d value of 14.7 Å) is observed
in case of ‘cL’. Uponmodification of ‘cL’with octyl trimethoxy silane
and aminopropyl triethoxy silane, the peak shifts towards a lower
angle with a mean value of around 5.8� 2q (d value of 15.2 Å) for
both ‘cOSL’ and ‘cAPL’. This further supports the fact that the
Laponite is successfully modified by dual modification technique.
4.1.4. Thermogravimetric analysis
Fig. 4 represents the TGA thermogram of the unmodified and

modified clays. Weight loss due to different types of associated
water in clay has been reported by Burgentzlé et al. [39].Weight loss
from 130 to 600 �C corresponds mainly to the degradation of the
alkyl groups (Fig. 4). The weight loss at higher temperature
(600e700 �C) is probably due to the dehydroxylation of the mag-
nesiosilicate (similar to that of aluminosilicate in case of MMT) [39].
It is observed that in the temperature range from 130 to 600 �C,
unmodified Laponite RD suffers 4% loss inweight. Hence, the extent
of grafting of themodifier can be calculated by deducting 4%weight
loss from the corresponding weight loss of the modified clays. Thus
the extent ofmodification is found to be 15.6, 22.0 and 29.3weight %
for ‘cL’, ‘cOSL’ and ‘cAPL’, respectively (Table 1). This further
supports the success of dual modification of the clay surface.

4.2. Characterization of the nanocomposites

4.2.1. Wide angle X-ray diffraction study
4.2.1.1. WAXRD at lower angular range. Fig. 5a and b show the
diffractograms of the TPUCN prepared by ex-situ and in-situ
techniques, respectively. It is observed that neat TPU registers
a peak at around 9e10� 2q in the diffractogram (Fig. 5a and b)
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possibly due to an ordered hard domain. This peak almost
diminishes upon incorporation of nanoclays. However, in I3cAPL
an exception is noticed where, the signature remains rather at
a lower angle.

In case of ex-situ prepared nanocomposites, addition of cOSL
does not increase the d-spacing of the clay gallery and it remains at
5.8� 2q (d value of 15.2 Å). But an increase in clay content increases
the broadness of the peak. This reflects the presence of a broad
distribution of the clay aggregates for cOSL based nanocomposites.
However, E1cAPL does not exhibit any peak corresponding to the d-
spacing in the clay gallery, whereas, E3cAPL shows a peak centered
at 5.8� 2q (d value of 15.2 Å) as a mark of the increased aggregation,
which is not so apparent at lower clay content.

Similarly, in case of in-situ prepared nanocomposites, I1cOSL
gives rise to a peak at 5.8� 2q (d value of 15.2 Å). Although the
peak position remains the same, but the intensity of the peak
increases with I3cOSL. However, I1cAPL and I3cAPL show peak at
6.0� 2q (d value of 14.7 Å) having similar peak intensities indi-
cating the clay platelets to stay closer as compared to the parent
modified clay, cAPL.
a

b

Scheme 2. Schematic representation of (a) IcOSL and (b) IcAPL. *Solid ( ) and
From these observations, it is apparent that the diskette spacing
of the modified clay remains in the similar range except in case of
cAPL based nanocomposites prepared by in-situ technique (where
the clay diskettes approach closer). This can be ascribed to the
formation of siloxane oligomers during covalent modification,
which are attached to two closely spaced diskettes and do not allow
the clay platelets to expand further. However, the interplatelet
distance is slightly reduced in case of I1cAPL and I3cAPL. This is
possibly due to the presence of greater number of active functional
groups (like eOH and eNH2 groups) in cAPL. This provides greater
number of sites on the clay surface for the reaction with the eNCO
group of the prepolymer (Scheme 2). Possibly this leads to an
increased H-bonding within the vicinity of the clay platelets. The
schemes depicting the intermolecular H-bonding in the poly-
urethane system is shown by Dai et al. [40].

4.2.1.2. WAXRD at higher angular range. WAXRD in the higher
angular range (10e50� 2q) for the ex-situ and in-situ prepared
nanocomposites and the neat TPU are presented in Fig. 6a and 6b,
respectively. It is observed that the neat TPU shows two broad
dotted ( ) circles represent the urethane and urea linkages, respectively.
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hallows starting from 12.6 to 33.2� 2q and 34.5 to 50� 2q, respec-
tively. The broad hallows in the range from 12.6 to 33.2� 2q contains
a sharp peak at 19.4� 2q along with two shoulders. The presence of
sharp (semicrystalline) peaks in the neat TPU is due to the self
organization of the hard domains present in TPU. The self organi-
zations of the hard domains occur due to annealing and slow
cooling process during molding. The sharp peak and shoulders
remain in all the nanocomposites prepared by ex-situ technique
with reduced intensity. Interestingly, these features completely
disappear in case of the nanocomposite prepared by in-situ tech-
nique. Reduction in the peak intensities can be ascribed to the
interference of the clay platelets with the ordering of the hard
domain [19] (Scheme 3). However, absence of these features in case
of in-situ prepared nanocomposites can be explained on the basis of
reaction between the isocyanates (eNCO group) of the prepolymer
with the eXH group (eX ¼ eO in case of cOSL and eO and eNH in
case of ‘cAPL’) of the modified clays. The extent of reaction is
expected to be higher in case of ‘cAPL’ as compared to ‘cOSL’
(Scheme 2) due to the presence of greater number of active
Fig. 6. a: WAXRD of PUCN prepared by ex-situ technique at higher angular range
b: WAXRD of PUCN prepared by in-situ technique at higher angular range.
functional groups in cAPL (additional eNH2 groups in each silane
units for cAPL).

Relative crystallinity and crystallite size have been calculated
from theWAXRD studies and are presented in Table 2. It is observed
that the relative crystallinity of all the nanocomposites is lower than
that of the neat TPU, but the crystallite size of the nanocomposites
stands higher than that of the neat TPU. Relative crystallinity follows
an increasing trend with the increase in amount of clay (in both
‘cOSL’ and ‘cAPL’). Similar trend is observed in crystallite size with
the addition of cOSL but interestingly, it follows a reverse trendupon
a 

b 

c 

Scheme 3. Schematic representation of (a) PU (b) EcOSL and (c) EcAPL. *Encircled
regions represent the presence of active functional groups in the modified clay.



Table 2
Percentage crystallinity and Crystallite size of the TPU and ex-situ prepared TPUCN.

Sample ID Crystallinity* (%) Crystallite Size (Å)

PU 33.9 19.8
E1cOSL 18.1 24.6
E3cOSL 18.9 25.5
E1cAPL 18.2 24.4
E3cAPL 22.0 21.6

* Crystallinity values calculated represent the relative values with respect to the neat
TPU rather than the exact values for the peak at 19.4� 2q.

Table 3
Temperature corresponding to themelting of the hard domains of TPU and TPUCN as
obtained from DSC thermograms (error ¼ �0.5%).

Sample ID Tm1 (�C) Tm2 (�C)

PU 214.2 224.7
E1cOSL 209.7 225.3
E3cOSL 208.4 222.7
E1cAPL broad 223.4
E3cAPL 206.5 219.8
I1cOSL 190.4 206.8
I3cOSL 187.9 209.2
I1cAPL 188.2 213.3
I3cAPL 194.2 217.7
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addition of cAPL. The decreased relative crystallinity with the
addition of clay is due to interference of clay in the hard domain
ordering (Scheme 3). The increased crystallite size infers that the
modified clays possess the capability to change the mode of orga-
nizationof theharddomains due to the availability of theH-bonding
sites (active functional groups) on its surface.

4.2.2. Differential scanning calorimetry (DSC)
DSC thermograms of the ex-situ and in-situ prepared nano-

composites are shown in Fig. 7a and b, respectively. Neat TPU
shows two endotherms corresponding to the destruction of the
short range (Tm1) and long range (Tm2) ordered hard domains (or
a

b

Fig. 7. a: DSC thermogram of the ex-situ prepared nanocomposites b: DSC thermogram
of the in-situ prepared nanocomposites.
semicrystalline melting) resulting from enthalpy relaxation
[20,41e44]. In case of neat TPU and nanocomposites prepared by
ex-situmethod, the relaxations due to short range ordering are very
less prominent as compared to that of the long range ordering
(Fig. 7a). Both the endothermic peaks Tm1 and Tm2 decrease with
the addition of clay (Table 3). Increase in the amount of clay further
decreases the corresponding values. This is possibly due to the
interference of the clay platelets in the molecular arrangement of
the hard domains (as reflected from WAXRD Section 4.2.1.2).
Presence of more number of active functional groups on the surface
of cAPL leads to further decrement in Tm values of the resulting
nanocomposites as compared to their cOSL counterparts at a fixed
clay content. This is possibly due to the change in molecular
arrangement (Scheme 3).

However, a different kind of relaxation behavior is encountered
with in-situ prepared nanocomposites. This is because of the
difference in molecular arrangement and hard domain ordering in
case of in-situ prepared nanocomposites (Scheme 2). Pattnaik and
Jana [12] have already reported that a complete disappearance of
the hard domainmelting peak occurs, when tethered clay is used as
a pseudo chain extender. Both the melting endotherms (Tm1 and
Tm2) are drastically reduced in case of in-situ prepared nano-
composites as compared to the neat TPU and their ex-situ based
counterparts. Tm2 of the in-situ prepared nanocomposites are very
close to that of the Tm1 of the ex-situ prepared nanocomposites. This
is possibly due to the increased fraction of short range ordered hard
domain in case of the in-situ based nanocomposites. However, the
formation of new endotherm (Tm1) in case of in-situ based nano-
composite is possibly due to the presence of different type of
molecular arrangement (as already mentioned).

4.2.3. Transmission electron microscopy
Fig. 8 shows the representative TEM photomicrographs of the

neat TPU and TPUCN containing 3% clay prepared by ex-situ and in-
situ technique. The grey regions indicate the hard domains, lighter
regions indicate the soft domains and the dark regions reveal the
clay platelets distributed in the hard domains. Fig. 8a shows the
morphology of the phase separated self organized hard domains. In
all the nanocomposites clay platelets are found not to be distrib-
uted in the soft domain regions. This is in agreement with our
deductions presented earlier (Section 4.2.1.2).

The self organized hard domains in neat TPU forms a spherical
pattern (Fig. 8a). Size of the individual spherical hard domains
varies from 35 to 100 nm. Several such spherical hard domains join
together, forming arrays of hard domains (with an average length of
200 nm and l/d ratio of 5). In case of E3cOSL, clay platelets along
with the hard segment form a tubular type of morphology (with an
average length of the aligned clay to be 780 nm and l/d ratio of
nearly 6.4, Fig. 8b). Similarly, in case of E3cAPL elliptical type of
morphology (with an average length of 400 nmwith l/d ratio of 2.4,
Fig. 8c) is formed. The tubular type of morphology can be ascribed



Fig. 8. TEM photomicrographs of neat TPU, ex-situ and in-situ prepared PUCN.
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to the formation of arrays of H-bonding between the hard domain
of TPU and the eOH groups of the siloxane oligomers (attached to
the clay platelets) along with the hindrance offered by the cetyl-
trimethyl ammonium ions against the clay platelets to come closer.
Presence of eOH group on the siloxane oligomers has been
confirmed from FTIR and solid state NMR study earlier.

In case of in-situ prepared nanocomposites, (I3cOSL and I3cAPL)
spherically aggregated morphology is obtained in both the cases
(Fig. 8d and e). The size of the individual aggregate vary from 100 to
150 nm in case of I3cOSL, whereas, it is of the order of 100e320 nm
in case of I3cAPL. However, several such small spherical units form
long arrays of micro-aggregates with approximately 600 nm length
(with average l/d ratio 4) in case of cOSL. For cAPL the average size
of micro-aggregates is 800 nm (with average l/d ratio 4). Reaction
between theeNCO group of prepolymer with theeXH group of the
modified clay (X ¼ eO for cOSL and eO and eNH for cAPL) leads to
a different type of molecular arrangement of the hard domain
leading to the spherical structures. The spherical aggregates are
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relatively darker in case of I3cAPL as compared to that of I3cOSL.
This may be due to the formation of a tight aggregate with I3cAPL
due to the presence of more number of active functional groups.

Based on the spectroscopic analysis and the results obtained
from WAXRD and TEM studies, a scheme has been proposed
depicting the mechanisms of the formation of various types of
morphologies (Scheme 4). The spherical pattern in case of neat TPU
is due to the presence of H-bonding between the eC ¼ O and eN-H
groups (from the urethane linkage) present in the hard domain of
TPU (Scheme 4a). Formation of the tubular morphology in case of
E3cOSL can be explained on the basis of formation of an array of H-
bonding between the urethane linkage of the hard domain and the
eOH groups present on the modifier of the clay (Scheme 4b).
However, the increased number of active functional groups (teth-
ering) on the surface of cAPL possibly leads to elliptical type of
morphology (to minimize the surface energy, Scheme 4c). The
reaction between the eNCO group of the prepolymer with the
surfaceeOH groups in case of I3cOSL andeOH andeNH2 groups in
case of I3cAPL escorts to a different type of molecular arrangement
leading to the formation of spherically aggregated morphology
(Scheme 4d and e).
Scheme 4. Possible mechanism for the deve
Formation of these novel morphologies of the nanocomposites
infers that the microphase separated morphology of the hard
domain can be changed by changing the modifiers present in the
dual modified Laponite.

4.2.4. Effect of frequency on complex viscosity at 140 �C
Fig. 9a and b display the complex viscosity (h*) vs frequency plot

of the nanocomposites at 140 �C, prepared by ex-situ and in-situ
techniques, respectively. The corresponding values at selected
frequencies are presented in Table 4.

Ex-situ prepared cOSL based nanocomposites show higher h*

values than their respective cAPL based counterparts, at a constant
clay content. This can be ascribed to the tubular morphology of the
nanocomposites with higher aspect ratio for cOSL as compared to
that of the ellipticalmorphologypresent in cAPL. Increase in the clay
content leads to an obvious increase in the h* value in both the cases
due to the increased reinforcement and hydrodynamic effects.

Similarly, in-situ prepared nanocomposites with cOSL possess
higher h* values as compared to cAPL based nanocomposites, at
a constant clay content. However, an increase in the clay content
leads to a decrease in h* value in both varieties of clay (i.e., cOSL and
lopment of different types of structures.



a

b

Fig. 9. a: Frequency sweep at 140 �C of ex-situ prepared nanocomposites b: Frequency
sweep at 140 �C of in-situ prepared nanocomposites.
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cAPL). The extent of decrement is however, greater with cAPL based
nanocomposites. This is assumed to be due to increased active
functional groups present on the modified clays providing
increased reaction sites (for the eNCO group of the prepolymer).
This causes hindrance to the growth of the main chain of TPU
leading to change in the molecular arrangement and the segmental
mobility.

h* values of the neat TPU is always less than the nanocomposites
in case of ex-situ prepared nanocomposites but the reverse is true
Table 4
Dynamic complex viscosity values of TPU and TPUCN at different frequencies as
obtained from RPA (error ¼ �1.0%).

Sample ID Complex viscosity at 140 �C (Pa-s) at

1.67 Hz 8.33 Hz 16.7 Hz 30 Hz

PU 144000 36170 20151 12264
E1cOSL 167000 41267 22505 13494
E3cOSL 187000 46348 25673 15578
E1cAPL 157000 39018 21488 13003
E3cAPL 177000 43063 23657 14281
I1cOSL 127000 32265 17763 10834
I3cOSL 111000 27308 15158 9220
I1cAPL 108000 26285 14640 8927
I3cAPL 96554 24336 13818 8590
for in-situ prepared nanocomposites. However, ex-situ prepared
nanocomposite always possess higher h* value as compared to
their in-situ based counterpart. This is due to the difference in
segmental mobility. This is also in accordance with our earlier
observation in Section 4.2.2, where DSC results show a clear
difference in segmental relaxation process between the ex-situ and
in-situ prepared nanocomposites.

4.2.5. Effect of temperature on dynamic storage modulus
Temperature sweep experiment was carried out from a

temperature very close to the softening of the ordered hard
domains of TPU e.g., from 180 �C to 40 �C at a cooling rate of 3 �C/
min by using RPA. This experiment was performed to observe the
effect of crystallization or self organization of macromolecules
during controlled cooling under a sinusoidal frequency of 1 Hz. The
storage modulus values of the neat TPU and the nanocomposites at
different temperatures are presented in Table 5.

In case of the ex-situ prepared nanocomposites it is observed
that at a constant clay content cOSL based nanocomposites exhibit
higher storage modulus values (G0) than their cAPL counterpart.
This phenomenon is independent of the temperature range
studied. Increase in clay content increases the storage modulus
values (irrespective of the type of clay, cOSL or cAPL). These
observations are in line with our earlier observations presented in
Section 4.2.4 and the explanations are quite similar.

In-situ prepared cOSL based nanocomposites exhibits higher G0

value as compared to that of cAPL based nanocomposite at
a constant clay content. However, contrary to the ex-situ based
nanocomposites increase in clay content (of similar type),
decreases the G0 value in both the varieties of clays (cOSL and cAPL).

The storage modulus values (G0) of the nanocomposites are
always higher than that of the neat TPU irrespective of the tech-
nique of preparation of the nanocomposites and the type of clay
used. The maximum improvement in G0 value is observed to be
with E3cOSL irrespective of the temperature studied. The percent
increase in G0 values are found to be 148 and 676% higher as
compared to that of the neat TPU at 60 �C and 170 �C, respectively.

In-situ prepared nanocomposites show higher G0 value as
compared to that of the neat TPU in reverse temperature sweep
experiment, whereas, h* values of the nanocomposites are lower
than the neat TPU in case of the frequency sweep experiment. This
is possibly because in case of the reverse temperature sweep, the
initial thermal history and ordering is erased while heating upto
180 �C. In cooling cycle it is cooled at a relatively higher rate (3 �C/
min). Hence, it can be presumed that the initial ordered hard
domains has little chance to reform. This effect of loss in crystal-
linity can be significant in case of the neat TPU where the initial
crystallinity is almost double as compared to the nanocomposites.
Table 5
Dynamic storage modulus values of TPU and TPUCN at different temperatures as
obtained from RPA (error ¼ �1.0%).

Sample ID Dynamic Storage Modulus* (kPa) at

60 �C 90 �C 130 �C 170 �C

PU 4821.1 2533.8 947.6 172.1
E1cOSL 11802.0 (144.8) 7106.6 (180.5) 3179.1 (235.5) 969.4 (463.2)
E3cOSL 11970.0 (148.3) 7225.9 (185.1) 3574.5 (277.2) 1335.3 (675.9)
E1cAPL 9688.7 (100.9) 6016.2 (137.4) 2789.0 (194.3) 921.4 (435.4)
E3cAPL 11168.0 (131.6) 6754.8 (166.6) 3006.9 (217.3) 1054.3 (512.6)
I1cOSL 10562.0 (119.1) 6132.1 (142.0) 2814.5 (197.0) 798.5 (364.0)
I3cOSL 9602.1 (99.2) 5470.8 (115.9) 2495.2 (163.3) 685.3 (298.2)
I1cAPL 9197.9 (90.8) 5446.1 (114.9) 2640.0 (178.6) 786.4 (356.9)
I3cAPL 9188.3 (90.6) 5237.5 (106.7) 2480.1 (161.2) 642.8 (273.5)

* Values within the parenthesis indicate % improvement in dynamic storage
modulus with respect to the neat TPU.



Table 7
Temperature corresponding to 5 and 10% degradation for neat TPU and TPUCN as
obtained from TGA thermograms (error ¼ �2.0%).

Sample ID T5 (�C) T10 (�C)

PU 256.1 267.3
E1cOSL 288.0 (31.9)* 302.1 (34.8)
E3cOSL 290.7 (34.6) 308.0 (40.7)
E1cAPL 278.3 (22.2) 296.1 (28.8)
E3cAPL 276.1 (20.0) 294.8 (27.5)
I1cOSL 285.1 (29.0) 298.0 (30.7)
I3cOSL 291.0 (34.9) 305.3 (38.0)
I1cAPL 278.6 (22.5) 293.3 (26.0)
I3cAPL 279.7 (23.6) 295.7 (28.4)

* Values within the parenthesis indicate the numerical increase in thermal stability
as compared to the neat TPU.
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Thus, after the reverse temperature sweep, the reinforcement
provided by the nanoclays is highly reflected in terms of higher G0

values for the nanocomposites.

4.2.6. Tensile properties
The tensile properties of the nanocomposites are given inTable 6.
Ex-situ prepared cOSL based nanocomposites possess higher

tensile strength (TS) and elongation at break (EB) as compared to
that of the cAPL based nanocomposites. Nearly 67% increase in TS,
208% increase in EB and 44% increase in modulus value are
observed with E1cOSL as compared to the neat TPU. Increase in clay
content reflects marginal change in TS for cOSL based nano-
composites but nearly 1 MPa increase in TS is observed when the
amount of cAPL is increased from 1% to 3%. However, for both the
types of nanocomposites (containing cSOL and cAPL), EB follows an
increasing trend with the increase in clay content and the effect is
more prominent in case of cOSL based nanocomposites. This
is possibly due to the difference in morphology of the
nanocomposites.

In-situ prepared cOSL based nanocomposites possess greater TS,
EB and modulus at 50% strain as compared to their cAPL based
counterpart. However, in these cases increase in clay content
reduces all these properties (TS, EB and modulus at 50% strain) of
the nanocomposites independent of the types of clay used (cOSL or
cAPL). This is possibly due to the increase in the amount of active
functional groups contributed from the modified clay leading to
shorter length of the main chain of TPU so formed. A comparison
between the ex-situ and in-situ prepared nanocomposites show
that the former possess better tensile properties than the latter.
This is mainly because in-situ prepared nanocomposites possess
different morphology due to different molecular arrangement.
These structures are evolved by the reaction of the active functional
groups on the modified clays with the prepolymer. However, in ex-
situ prepared nanocomposites the clay particles do not affect the
original order of the neat TPU significantly (Scheme 3). This feature
has been discussed in Section 4.2.1.2 from the WAXRD studies.

4.2.7. Thermogravimetric analysis
Table 7 shows the temperature corresponding to 5 and 10% de-

gradation of the neat TPU and TPUCN, respectively. Thermal stability
of all the nanocomposites is higher than that of the neat TPU.

In case of nanocomposites prepared by ex-situ technique, cOSL
based nanocomposites exhibit higher thermal stability as
compared to the cAPL based nanocomposites. The thermal stability
(for 5% weight loss) of E3cOSL is found to be 34.6 �C higher than
that of the neat TPU. Increase in clay content increases the overall
thermal stability.

In case of nanocomposites prepared by in-situ technique, cOSL
based nanocomposites possess greater thermal stability as
compared to their cAPL based counterpart. The increase in clay
content also increases the overall thermal stability. I3cSOL exhibits
Table 6
Tensile properties of the neat TPU and TPUCN.

Sample ID TS (MPa)
(error ¼ �1.0%)

EB (%)
(error ¼ �3.0%)

Modulus at 50% strain
(MPa) (error ¼ �0.5%)

PU 4.8 136 4.3
E1cOSL 8.0 275 6.2
E3cOSL 7.9 418 5.6
E1cAPL 5.9 165 5.8
E3cAPL 7.0 295 6.1
I1cOSL 6.8 246 5.3
I3cOSL 5.9 131 5.2
I1cAPL 5.5 111 5.2
I3cAPL 5.4 110 5.1
an improvement of 34.9 �C in thermal stability as compared to the
neat TPU which is comparable with that of E3cOSL. However, the
temperature corresponding to 10% degradation of E3cOSL is found
to be the highest amongst all the nanocomposites studied here
(40.7 �C higher than the neat TPU).

Surprisingly, the presence of additional H-bonding in case of
cAPL does not reflect any observable influence on the initial
degradation temperature of the nanocomposites. The enhance-
ment in thermal stability at lower temperature is mostly due to the
barrier effect of the nanoclay. But at the same time, at higher
temperatures the active functional groups present on the surface of
the clay possibly act as a nucleophile, thereby reducing the thermal
stability.

5. Conclusions

Dual modification of Laponite RD is carried out successfully to
prepare two types of modified clays, viz., cOSL and cAPL which are
characterized by FTIR, Solid State NMR (13C and 29Si), WAXRD and
TGA experimental techniques. Among the two modified nanoclays
obtained, cAPL contains greater number of active functional groups
(eOH and eNH2 groups) as against only eOH groups in cOSL.
Significant changes in the morphology are observed between these
two types of nanoclays in TPUmatrix prepared by ex-situ and in-situ
techniques. This is basically due to the change in number of active
functional groups (tethering) on the dual modified Laponite
surface. Among the two techniques of preparation of nano-
composites ex-situ prepared nanocomposites offer better property
spectrum as compared to the in-situ prepared nanocomposites. In
case of ex-situ prepared nanocomposites, increase in clay content
increases the complex viscosity, dynamic storage modulus and
tensile properties but the reverse trend is observed in case of in-situ
prepared nanocomposites. cOSL (with lower degree of tethering)
based nanocomposites exhibit better mechanical and rheological
properties along with thermal stability as compared to its cAPL
(with greater extent of tethering) counterpart. The dynamic storage
modulus value of the nanocomposite containing 3% cOSL, is found
to be enhanced by nearly 148 and 676% as compared to the neat
TPU at 60 �C and 170 �C, respectively. Almost 67% increase in tensile
strength, 208% increase in elongation at break and 44% increase in
modulus value are observed for the ex-situ prepared nano-
composites containing cOSL. The onset of degradation of the cOSL
based nanocomposite is found to bew35 �C higher than that of the
neat TPU.

In overall, it may be summarized that increase in H-bonding of
the modifier and the supramolecular structure of the modifier
within the clay platelet and the polymer chains play vital roles in
the development of morphology, molecular relaxation, mechanical
properties and rheological characteristics of the TPU based dual
modified Laponite clay nanocomposite.
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In the current research, the complexation of bovine serum albumin (BSA) with poly(N-iso-
propylacrylamide) (PNIPAM) is studied in an aqueous system (pH 7) which contains NaCl as its supporting
salt, and based on the electric charge conservation law a mathematical model used to quantitatively
characterize the complexation between proteins and neutral polymers is established. This model, which is
set up on the assumptions that there exists a dynamic equilibriumof absorption and desorption among free
proteins, complexes and free polymers in the aqueous complex system and the complexation sizes of
proteins with neutral water soluble polymers are not uniform, better reveals the actual state of
complexation. By means of dynamic light scattering (DLS), fluorescence spectrophotometer and zeta
potential analyzer, all necessary parameters of the mathematical model have been acquired accurately
without destroying the dynamic equilibrium of the aqueous complex system. The calculated results
demonstrate that, with the rise of mixing ratio (rmixing, molar ratio of PNIPAM to BSA), both the average
number of bound BSA per PNIPAM (nb) and the diameters of complexes (Rh) decrease gradually, while the
zeta potential (z) and the concentration of free PNIPAM ([PNIPAM]free) increase. In addition, the average
number of PNIPAM in the complexes (4) and the molecular weight of the complexes (Mw) can also be
calculated by this mathematical model. The changing pattern ofMw with rmixing is in accordance with the
results of static light scattering (SLS). This analysis method, which interprets the interaction between
neutral polymers and proteins in an aqueous system, is a newway to calculate the complex parameters and
study the complexation mechanism between proteins and polymers.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

The complexation of proteins with synthetic and natural poly-
mers in aqueous system has great potential in the applications of
protein separation [1e3], gene transfer [4e8], enzymes immobili-
zation [9], and drug delivery [10], and consequently it is of great
importance in the field of biochemistry and has received much
attention over the last few decades. Since 1990, a number of studies
have been conducted on the mechanism of complex formation of
proteinewater soluble polymers in aqueous salt free and salt con-
taining systemsunderdifferent pHconditions [11e28]. Among them,
Dubin [5,13,16,21e26], de Kruif [6,19,20], Tribet [21,25,27,28] and
Kokufuta [9,11,12,14,16,23]0s works are particularly comprehensive.
City on Preparation and Pro-
ity of Chemical Technology,

).

All rights reserved.
In general, electrostatic interactions dominate complex forma-
tionwhen polymer is polyelectrolyte [22]. However, when polymer
is uncharged or complex solution has high salt concentration, the
main driven forces which contribute to complex formation come
from hydrogen bonds and hydrophobic effects [20,27]. Kaibara et al.
[22] studied the complexation process of BSA with poly(diallyl-
dimethyl-ammoniumchloride) (PDADMAC) and the subsequent
coacervation by continuous measurements of turbidity and light
scattering intensity. They identified that it is the electrostatic
interactions between BSA and PDADMAC that eventually result in
the separation of the coacervate phase which contains concen-
trated BSA. Two years later, a study conducted by Bohidar et al. [25]
indicted that heterogeneities existed in the coacervate micro-
structures of BSA with PDADMAC, and hydrophobic interactions
became stronger at higher salt concentration. Matsudo et al. [11,12]
studied the intramolecular complex formation of PNIPAM with
human serum albumin (HSA). They found that the increase of NaCl
concentration and the rise of temperature brought about an
increase in the number of bound proteins per polymer (nb), which
testified the hydrophobic-driven nature of PNIPAM and HSA
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complexes. Kelarakis et al. [18] investigated the interaction
between BSA and ethylene oxide/butylene oxide copolymers with
various block lengths and varying molecular architectures. It has
been found that the length of hydrophilic block of PEO has great
influence on the complexation of proteinepolymers.

At dilute or semi-dilute concentration, the binding of proteins
with water soluble polymers usually forms liquid and reversibly
complex. Inmost cases, quantitative characterization requires in situ
complex information of samples, thus scattering techniques such as
electrophoretic light scattering (ELS), DLS and SLS are the most
widely used techniques in thisfield. However, problems still remain.
First, it is difficult to measure the average molecular weight (Mw) of
the complexes precisely by SLS due to the fact that the concentration
of complexes and the value of the refractive index increment (dn/dc)
cannot be quantitative measured in heterogeneous system as
a result of scattering effects [26]. Second, as described by de Kruif
et al. [6], since the complex of proteineneutral water soluble poly-
mers is strongly hydrated and reversible, it is hard to isolate the
intact complexes from aqueous system and to count the numbers of
free proteins and free polymers accurately.

In view of these problems, previous literatures reported an
empirical formula to calculate the value of dn/dc and further
measure the Mw of the proteinepolyelectrolyte complexes (PPCs)
[13,26], which was later applied to the system of the pro-
teineneutral water soluble polymer complexes with low protein
concentration ([HSA] ¼ 0.1 mg/ml) [11,12]. However, the calculated
results obtained from this method failed to precisely describe the
real complexation state of proteins with neutral water soluble
polymers in aqueous system, for it is based on an assumption of
uniform complexation state in which every soluble complex
consists only one polymer chain and several bound proteins (i.e.,
“necklace” structure) [27]. Under most conditions, this ideal state
doesn’t exist for a complex may contain several polymer molecules.
When the Mw value of proteins is close to that of the neutral water
soluble polymers, the complexation is even more complicated [12].

A few other methods have also been developed to measure the
average complex ability of proteins with neutral water soluble
polymers in aqueous system, but they also have some limitations.
For example, dialysis technique [11,12] is time-consuming, and it is
possible to break the dynamic equilibrium of complex in dialysis
process and therefore the measurement results may not be corre-
spondent with practice. Other methods, such as potentiometric
titration [29] and conductometric titration [30], are not suitable
either, as for the complexation of protein with neutral polymer,
potential and conductivity do not change obviously in the process
of complexation.

In the present study, in order to characterize the complexation
of proteins with neutral water soluble polymers in quantities and to
understand their complex mechanism, a new model analysis
method which combines analytical and experimental approaches
has been established. This approach, established on an assumption
that there exists a dynamic equilibrium of absorption and desorp-
tion among free proteins, complexes and free polymers in the
aqueous complex system, better reflects the real complexation
state of polymers with proteins. Furthermore, in the process of
establishing the mathematic model, fluorescence spectroscopy has
been adopted to measure the average number of bound proteins
per polymer in the complex in order to avoid the experimental
error produced in dialysis process. With the help of this mathe-
matical model, both nb and Mw of the complexes can be calculated
accurately without destroying the dynamic equilibrium of aqueous
complex system. Compared with traditional experimental tech-
niques, this method has the advantages of simplicity, accuracy and
extensive application, and can provide abundant information of
complex system.
2. Experimental part

2.1. Materials

BSA was commercially obtained from Sigma Chem. Co. It is
a single polypeptide chain consisting of about 583 amino acid
residues and no carbohydrates. At pH 5e7 it contains 17 intrachain
disulfide bridges and 1 sulfhydryl group, Mw ¼ 66430 g/mol.
Neutral water soluble polymer (PNIPAM) was prepared via
controlled radical polymerization of N-isopropylacrylamide
(NIPAM) monomer in our laboratory and was purified by dialysis
method. It is a monodisperse one (PDI ¼ 1.2) with the average
molecular weight of 45,000 g/mol.

2.2. Complex formation

Water, used as solvent, was deionized and distilled. Aqueous
trisebuffer (0.02 mol/L) solution was adjusted to pH 7 using HCl
and NaCl (0.01 M) as medium. The solutions of BSA and PNIPAM
with different concentrations were prepared in the triseHCl buffer
solution, respectively. Both the BSA and PNIPAM solutions were
filtered through 0.22 mm syringe filters before complexation. The
concentrations of BSA solutions were 5, 10 and 15 mmol/L and the
concentrations of PNIPAM solutions were 3, 5.25, 13.5, 18, 27, 40.5,
52.5, 75 mmol/L. The complexation solutions were prepared via
gently adding PNIPAM solutions with different concentrations into
BSA solutions. Then themixed solutions were standing for over 16 h
before testing. The molar mixing ratio (rmixing) is defined as:

rmixing ¼ ½PNIPAM�total
½BSA�total

(1)

where [PNIPAM]total and [BSA]total represent the total molar
concentration of PNIPAM and BSA in the mixed solution,
respectively.

2.3. Measurements

DLS measurements were performed on Zeta PLAS dynamic light
scattering detector (Brookhaven Instrument, Holtsville, NY) which
employed the technique of photon correlation spectroscopy of
quasi-elastically scattered light. The particle sizes, distribution
information and zeta potential of the complexes can be measured
by this instrument. The scattered light was collected at a scattering
angle of 90�. The wavelength of the laser light source was 658 nm
and the power was 35 mW. All the measurements were carried out
at 25 �C and the particle sizes were evaluated by light intensity. The
results were obtained from Multimodal Size Distribution (MSD)
option and Non-Negatively constrained Least Squares (NNLS)
algorithm has been taken to fit the data.

Fluorescence spectra and fluorescence intensities were recorded
on a Hitachi F-4500 fluorescence spectrophotometer. A high-
quality quartz cuvette with 10 mm path length was employed for
spectroscopic measurements. The excitation wavelength was set at
290 nm, and the emissionwas recorded from 310 to 450 nm. Before
measurement, the cuvette was washed three times with blank
solution (TriseHCl buffer (0.02 mol/L), pH 7, NaCl (0.01 M)). All
experiments were carried out at 25 �C.

3. Establishing mathematical model

In the aqueous complex system of PNIPAM and BSA, the neutral
polymer (PNIPAM) interacts with the charged protein (BSA) and
finally forms complex particles with different surface charge
densities. During the whole complexation process, the total
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electric charge value of the complex system keeps invariant.
Therefore, according to the diffuse electric double layer model of
GouyeChapman [31,32] and its modified version Stern model [33],
the surface charge density on the diffuse layer of the complex
particles can be described as follows:

sc ¼ 3kTK
2pZe

sinh
�
Zez
2kT

�
(2)

K2 ¼ 4pe2

3kT

X

i

ni0Z
2
i (3)

ni0 ¼ Ci0 � NA=1000 (4)

where 3 denotes the dielectric constant, k expresses the Boltzmann
constant, z represents the zeta potential of the complex particles,
Z represents the absolute value of the ionic charge, T is the absolute
temperature, e is the absolute value of electric charge of electron,
ni0 represents the number of ions per volume and Ci0 denotes the
ionic concentration.

In the aqueous complex system, there exist free proteins, free
polymers and complex particles of different sizes. The complexa-
tion includes not only the association of polymer chains with
proteins, but the interaction among different complexes as well
(shown in Fig. 1).

As has been proven by Dubin et al. [21], Debye lengths (k�1) of
proteins and polyelectrolytes extends at low ionic strength and
suppresses at high salt concentrations. In the latter case, both
electrostatic repulsion and attraction between the charged species
are screened due to the salt addition, which leads to the coexistence
of hydrophobic and electrostatic interactions. In our experiment,
PNIPAM is a kind of uncharged polymer and the association
between BSA and PNIPAM is induced by hydrogen bonding and
hydrophobic interaction. A relatively high salt concentrationwould
strongly reduce Debye length ðk�1z0:3=

ffiffi
I

p Þ thus enhance the
association among proteins [21]. Through the Monte Carlo simu-
lation [34], it has been proved that the proteineprotein association
would promote proteinepolymer complexation and facilitate
clusters formation (i.e., complex particle consists of several poly-
mers and several proteins).

The mathematical model proposed in this paper is based on the
following assumptions:

1. The complexation of proteins with polymers is in a kind of
dynamic equilibrium state of absorption and desorption and all
the particles in the solution can move freely.

2. The shapes of both the complexes and the free proteins are
considered to be spherical and the electric charge distributes
Fig. 1. The complexation state of PNIPAM and BSA in the aqueous solution.
evenly on the surface of the spherical. The polymers in the
complex system are electroneutral.

3. The complexation state of proteins with neutral water soluble
polymers is not uniform (i.e., not always the ideal state that one
polymer molecule complex with several proteins, but possibly
several polymer molecules may complex with several proteins)

Because of the relatively loose combination between polymers
and proteins in the process of complexation, the surface charge
density of the complex particles is lower than that of free proteins
but higher than that of free polymers. Therefore, according to
electric charge conservation law, a mathematical equationwhich is
used to calculate the complexation between proteins and neutral
polymers can be established.

According to our assumptions, the shapes of both the complexes
and the free proteins in the aqueous complex system are spherical,
so the surface area of a single protein or complex can be calculated
as follows:

Spro ¼ 4pR2pro (5)

Sicom ¼ 4pR2i (6)

where Spro and Sicom donate the surface area of spherical protein
and that of complex, respectively. Rpro and Ri represent the
hydrodynamic radius of the protein and that of complex, respec-
tively. Considering of the difference in the sizes of the complex
particles, the superscript (i) in equation (6) represents the
complexes with different hydrodynamic radius (i ¼ 1, 2, 3.).

The charge density on the stern layer of the complex can be
described as the following:

sicom ¼ Q
Sicom

¼ nib � spro � Spro
4pR2i

(7)

where sicom and spro represent the charge density of complexes and
that of proteins, respectively. Q donates the electric charge of
a single complex; nib is the number of the bound proteins per
polymer in a specific complex particle.

As mentioned above, in the aqueous complex system, the total
electric charge value of all particles (including free proteins, free
polymers and complexes) keeps invariant, namely the summation
of the electric charge value of free proteins and that of complexes is
equal to the average charge density of all particles multiply the total
surface area of all particles (equation (8)).

P

i

�
sicom � Sicom � ci

�
þ spro � Spro �

�
cpro �

P

i
nib � ci

�

hs�
"

Spro �
�
cpro �

P

i
nib � ci

�
þP

i

�
Sicom � ci

�
# (8)

X

i

nib � ci ¼ nb � cbpoly (9)

Combined with equations (7) and (9), equation (8) can be
simplified as follows:

spro�Spro�nb�cbpolyþspro�Spro�
�
cpro�nb�cbpoly

�

hs�
"

Spro�
�
cpro�nb�cbpoly

�
þP

i

�
Sicom�ci

�
#

(10)

where cbpoly represents the molar concentration of the bound
polymers, cpro denotes the molar concentration of protein and ci
represents the molar concentration of the complex with a specific



Fig. 2. The fluorescence spectra of the mixed solutions of BSA and PNIPAM with
different molar mixing ratio. The concentrations of BSA were 5 mmol/L (A), 10 mmol/L
(B) and 15 mmol/L (C); the concentrations of PNIPAM were 3, 5.25, 13.5, 18, 27, 40.5,
52.5, 75 mmol/L.
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size. s is the average charge density on the stern layer of the
particles in the mixed solution, which can be calculated from
equation (2). nb is the average number of the bound protein per
polymer in complexation.

According to equation (10), nb can be calculated as follows:

nb ¼
Spro�cpro�ðs�sproÞþs�

P

i

ðSicom�ciÞ
s�Spro�cbpoly

¼
Spro�ðs�sproÞ þs�

P

i

�
Sicom�

ci
cb
poly

�
�

cb
poly
cpro

s�Spro�
cb
poly
cpro

¼
Spro�ðs�sproÞþrbmixing�s�

P

i

ðSicom�qiÞ
s�Spro�rbmixing

(11)

rbmixing ¼ cbpoly=cpro; qi ¼ ci=c
b
poly (12)

In equations (11) and (12), rbmixing represents the average
number of bound polymer per protein molecule and qi represents
molar ratio of the complexes with a specific size to the bound
polymers. Particularly, the reciprocal of q (4) can be used to
describe the average number of bound polymer in complexes
(equation (13)).

4 ¼ 1
q
¼ 1

P

i

ci
cbpoly

¼ 1
ccom
cbpoly

¼
cbpoly
ccom

(13)

where ccom represents the total molar concentration of the
complexes.

4. Results and discussion

In the above discussion, a mathematical model has been
established based on the electric charge conservation law. In order
to characterize the complexation between BSA and PNIPAM
quantitatively, some important parameters (including rbmixing, nb, Rh
and s values) in the mathematical model should be measured. In
the following part, these parameters would be measured by
dynamic light scattering, fluorescence spectrophotometer and zeta
potential analyzer respectively, and we will further discuss the
complexation mechanism.

4.1. Calculation of rbmixing and nb value

It is well known that most proteins, including serum albumin,
contain fluorescent residues such as tryptophan, which is a type of
intrinsic fluorescence. According to our investigation [35], the
addition of neutral polymer into protein solution leads to the
appearance of fluorescent quenching of intrinsic tryptophan chro-
mophores, and ultimately results in the decrease of fluorescence
intensities at a givenwavelength. Thus, the binding affinities can be
reflected via the changes of fluorescence intensities [35,36]. In the
experiments, the average number of bound proteins per polymer
(nb) in aqueous complex system is obtained by detecting the change
of the fluorescence intensities of the complexes.

Fig. 2 shows the fluorescence spectra of the mixed solutions of
BSA and PNIPAMwith different molar mixing ratio. Apparently, the
addition of PNIPAM into BSA solutions induces a decrease of the
tryptophan fluorescence intensity. The decrease of the intensity of
the tryptophan fluorescence can be quantified in terms of the ratio
I0/I (I0 and I being the fluorescence intensities, registered at a given
wavelength, in the absence and presence of the PNIPAM consid-
ered, respectively).
Fig. 3 shows the variation of I0/I value as a function of PNIPAM
concentration, obtained from the fluorescence spectra of Fig. 2. It
can be observed that the rising trend of I0/I value decrease gradually
with the increase of PNIPAM concentration and finally reach
a plateau (I0/Imin). For the three groups of mixed solutions with
different BSA concentrations (15,10 and 5 mmol/L), the I0/Imin values
are 1.262, 1.265, 1.275 respectively. In the aqueous complex system,
based on the mass conservation law, there exists a mass balance
equation as follows:

½PNIPAM�total ¼ ½PNIPAM�freeþrbmixing½BSA�total (14)

where [PNIPAM]free represents the molar concentration of free
PNIPAM and rbmixing represents the average number of bound
PNIPAM molecules per BSA molecule.

To quantify the amount of [PNIPAM]free and [PNIPAM]complex
(the molar concentration of PNIPAM which are complexed with
BSA), it is necessary to establish linear relationship between
[PNIPAM]total and [BSA]total. In Fig. 3, for an arbitrary I0/I value, three
sets of [PNIPAM]total and [BSA]total data can be obtained by drawing
a horizontal line parallel to abscissa. With the help of these data
sets, the linear relationship between [PNIPAM]total and [BSA]total
can be established, as demonstrated in Fig. 4. According to equation
(14), the intercepts of these lines in Fig. 4 correspond to
[PNIPAM]free value, while the slopes of these lines present rbmixing
value.

However, in the aqueous complex system the complexation
state of proteins with neutral water soluble polymers is not
uniform. Since rbmixing represents the average number of bound
PNIPAM molecules per BSA molecule, including free BSA and
complex BSA, it cannot reflect the real complex situations of
aqueous complex system. To describe the complexation accurately,



Fig. 5. The schematic diagram of fluorescent quenching.

Fig. 3. The variation of I0/I value, evaluated from the fluorescence spectra of Fig. 1, as
a function of [PNIPAM]total.
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a more general parameter - the average number of bound proteins
per polymer (nb) - is defined as follows:

nb ¼ ½BSA�total�½BSA�free
½PNIPAM�total�½PNIPAM�free

(15)

As mentioned above, the value of I0/I increases with the increase
of PNIPAM concentration and reaches a plateau (I0/Imin) when
PNIPAM concentration exceed a certain value. Fig. 5 is the sche-
matic diagram of fluorescent quenching. As Fig. 5 shows, I0/Imin

represents the maximum fluorescent quenching ability of the
complexation of PNIPAM and BSA. The value of 1 � Imin/I0 can be
defined as the maximum fluorescent quenching ratio of complex,
and the value of 1 � I/I0 as the fluorescent quenching ratio of
complex at any a rmixing value. The concentration of free BSA in the
mixed solutions can be calculated according to equation (16):

½BSA�total�½BSA�free
½BSA�total

¼ 1� I=I0
1� Imin=I0

(16)
Fig. 4. The linear relationship between [PNIPAM]total and [BSA]total obtained from sets
of data taken at different I0/I values.
Combined with equations (1), (15) and (16), nb value can be
calculated as follows:

nb ¼
½BSA�total� 1�I=I0

1�Imin=I0

rmixing � ½BSA�total�½PNIPAM�free
(17)

Here, the values of I/I0, I0/Imin and [PNIPAM]free can be obtained
from Figs. 3 and 4, and the average number of bound proteins per
polymer (nb) in the complexation can be calculated accurately by
equation (17). With the help of this formula, nb can be calculated in
all conditions, including its extreme value when PNIPAM concen-
tration is rather low (rmixing < 0.01). This extreme value can hardly
be obtained by other methods [11,12].

Fig. 6 shows the changing patterns of nb value with rmixing under
different BSA concentrations. As mentioned above, I0/Imin values of
the three groups of mixed solutions are different, hence, even with
the same rmixing value, their nb values are still different. It is obvious
that the nb value of these three groups of mixed solutions all
decrease with the increase of rmixing. In addition to this, nb value of
the complex solution with lower BSA concentration is higher than
that of the complex solution with higher BSA concentration. This
changing pattern of nb with rmixing is similar to what has been
reported in the previous literatures [11,12] which measured the nb
value with dialysis technique.

As it is known that, in the complex system of protein with
neutral water soluble polymer, light scattering intensity of free
neutral polymers is lower than that of proteins and complexes.
Therefore, the free neutral polymers cannot be detected precisely
by DLS [11,12]. Previous literatures have solved this problem by
investigating the complexation of HSAePNIPAM with ELS [11]. It
was found that, using ELS method, the signal of free PNIPAM
molecules can only be detected in the complex solutions when the
PNIPAM concentration exceed a certain value. On the contrary, with
the help of our method, both [PNIPAM]free and the transition point
at which large amount of free PNIPAM appears can be calculated
accurately. Fig. 7 shows the changing pattern of [PNIPAM]free with
rmixing. It can be observed that, with the rise of rmixing value,
[PNIPAM]free first increase slowly, but when rmixing > 1.2,
[PNIPAM]free value presents a rapid growth. This transition point is
in accordance with the one measured by ELS. In this way, the
accuracy of our method has been further proved.



Fig. 6. The changing pattern of nb value with rmixing at different BSA concentrations.

Fig. 8. The adsorption isotherm of the aqueous complex system of PNIPAM with BSA.
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It is also our interest to plot the number of polymers bounded
with protein against free polymer concentration (shown in Fig. 8).
The curve of Fig. 8 behaves like high-affinity polymers adsorption at
interfaces [37]. Here, wewould like to compare our results with the
finding of Tribet [28] and Goddard [38], who have previously
reported the interaction between BSA and hydrophobically modi-
fied poly(acrylic acid). They found that the association isotherm of
low molecular weight poly(acrylic acid) (Mw around 5000) onto
BSA (Mw around 67,000) is like proteinesurfactant interaction [38],
which is a cooperative-type association (S shape). Their result,
combined with DLS data, encouraged them to presuppose a “hairy”
structure of the complexes (i.e., proteins surrounded by many
polymer chains). In our case, the molecular weight of PNIPAM (Mw

around 45,000) is larger than that of poly(acrylic acid) used in
Tribet’s experiments, and the shape of association isotherm is
a classic polymer adsorption isotherm. Though, lacking further
evidence, we cannot jump to a conclusion of the space structure of
the complexes, at least, we can say that BSA is saturated to its
maximum loading capacity when rmixing is larger than 1.2 in our
experimental condition.
Fig. 7. The changing pattern of [PNIPAM]free with rmixing.
4.2. Measurement of Rh and z

In this work, the complexation between PNIPAM and BSA was
studied as a function of rmixing under a fixed solution condition:
25 �C, triseHCl buffer (0.02 mol/L), NaCl (0.01 M), and pH 7.0. The
particle diameters of PNIPAM/BSA complexes were measured by
Zeta PLAS dynamic light scattering detector (Brookhaven Instru-
ment, Holtsville, NY). Fig. 9 shows the typical examples of DLS
results of PNIPAM/BSA mixture samples as a function of rmixing.

In Fig. 9, two varieties of complex particles with different
diameters can be observed in each PNIPAM/BSA mixture solution.
According toTribet andMatsudo’s research results [11,12,27], the Rh
value of small particles (w9 nm) is very close to that of BSA, and
they assigned them to free proteins or free polymers. In addition,
the large particles whose Rh ranges from 30 to 150 nm are assigned
to PNIPAM/BSA complexes [11,12]. Thus, with the help of DLS, the
changing pattern of Rh of PNIPAM/BSA complexes with the
increasing rmixing can be obtained (Fig. 10) and the sizes of PNIPAM/
BSA complexes with different rmixing can be measured (Table 1). It is
obviously that all hydrodynamic diameters of PNIPAM/BSA
complexes are larger than that of free polymers. The smallest one
(34 nm, at rmixing ¼ 1.8) is about 2 times larger than that of free
polymer coils under same solvent quantity, which strongly suggests
the occurrence of multipolymer complexation in this complex
system [38].

In our mathematical model, zeta potential (z) is another
important parameter and the above-described Brookhaven system
has been adopt to measure the zeta potentials of different complex
Fig. 9. The DLS results of PNIPAM/BSA mixture samples as a function of rmixing.
Complexation was studied at 25 �C, triseHCl buffer (0.02 mol/L), NaCl (0.01 M), and pH
7.0. rmixing ¼ 0.01, 0.05, 0.5, 1, 2 respectively.
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samples in this work. The zeta potential values of PNIPAM/BSA
complex samples with different rmixing are showed in Fig. 10. It is
obviously that, with the rise of rmixing value, the zeta potentials of
PNIPAM/BSA complex samples increase gradually.

4.3. Calculation of 4 and Mw values

In this work, with the help of DLS, zeta potential analyzer and
fluorescence spectrophotometer, all necessary parameters of the
mathematical model (such as the particle diameters, zeta poten-
tials, rbmixing and nb values of complexes) have been measured and
the results are listed in Table 1. By virtue of the above parameters
and equations (12) and (13), the average number of PNIPAM in the
complexes (4) can be calculated. Fig. 11 shows the changing pattern
of the 4 value of PNIPAM/BSA complex samples as a function of
rmixing.

In Fig. 11, it can be observed that the average number of PNIPAM
in the complexes increases gradually with the rise of rmixing value,
indicating that the complexation state between BSA and PNIPAM
depends mainly on rmixing. It is the common knowledge that, in the
complexation system, there exist both intramolecular interaction
among segments within one polymer chain and intermolecular
interaction among different polymer chains [11,12]. With the
increase of rmixing, the interaction among polymer molecular chains
is enhanced, which made it even more difficult for proteins to
overcome the strong intra- and inter-PNIPAM interactions [11] and
finally results in the increase of the average number of PNIPAM in
the complexes.

It is of great importance to obtain molecular weight of
complexes with determinable species fraction because it reflects
which kind of association happens (intra or intermolecular inter-
action) [27]. The most general method for calculating Mw is SLS
Table 1
The particle diameters, zeta potentials and nb values of complexes under different
rmixing.

rmixing Particle diameter/nm Zeta potential/mv nb

0.01 120.0 �0.0111 3.8
0.05 87.0 �0.0077 3.2
0.1 72.0 �0.0065 2.6
0.2 55.0 �0.0058 1.7
0.3 52.0 �0.0054 1.2
1.2 34.8 �0.0047 0.6
1.8 34.0 �0.0040 0.5
[11e13]. However, the calculated results obtained from this method
cannot precisely describe the real complexation state of proteins
with neutral water soluble polymers in aqueous system, for it is
based on the assumption of uniform complexation state in which
the soluble complex consist only one polymer chain and several
bound proteins (i.e., “necklace” structure) [27]. Bearing these
problems in mind, here we developed a new analytical approach to
calculate species fraction in complexes particles, whose parameters
are determined experimentally under various rmixing. By means of
model analysis method, Mw of the complex particles can also be
calculated accurately.

Mw ¼ 1
q
�MPNIPAM þ nb

q
�MBSA

¼ 4�MPNIPAM þ 4� nb �MBSA (18)

Equation (18) is the calculation formula of the molecular weight
of the complex particles. With the help of equation (18), the
molecular weights of the complexes can be obtained (Fig. 12). It is
obviously that, with the rise of rmixing value, the molecular weight
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Fig. 12. The changing pattern of the molecular weight of the complexes as a function
of rmixing.
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of the complex particles decreases gradually. As we known, the
intermolecular interaction among polymer segments is strength-
ened by the increase of polymer concentration [11,12]. The protein
binding needs to overcome both intramolecular and intermolecular
interactions of polymers, so that the increase in rmixing hinders the
binding of BSA and results in the decrease of the molecular weight
of the complexes.

5. Conclusions

The present study investigated the complexation of BSA with
PNIPAM in an aqueous system by model analysis method. With the
help DLS, fluorescence spectrophotometer and zeta potential
analyzer, all necessary parameters (such as the particle diameters,
zeta potentials, rbmixing and nb values of complexes) have been
measured without destroying the dynamic equilibrium of the
aqueous complex system. These parameters have then been
applied in the mathematical model to provide abundant informa-
tion about the complexation state, including the average number of
PNIPAM in the complexes (4) and the molecular weight of the
complexes. Furthermore, through comparing our results with
previously literatures, the complexation mechanism of proteins
with neutral water soluble polymers is further illuminated: the
main driven forces of complexation come from hydrogen bonds
and hydrophobic effects and there exist both intra and intermo-
lecular interaction in the complex system, which results in the
inhomogeneous complexation states (i.e., not always the ideal state
that one polymer molecule complex with several proteins, but
possibly several polymer molecules may complex with several
proteins). This model analysis method, which quantitatively char-
acterizes the interaction between neutral polymers and proteins in
aqueous system, is a useful method to investigate the complexation
between electroneutral polymers and proteins.
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In our study, the effect of N-substituents on the surface free energy and hydrogen bonding network
structure of polybenzoxazine has been studied systematically. The contact angle measurement results
show the surface energies of the polybenzoxazines decrease with the increase of alkyl chain length, and
are not affected by the steric factor of the tert-butyl group. However, the FTIR curve fitting results show
that both the chain length and bulkiness of alkyl group have an effect on the hydrogen bonding network
of the polybenzoxazines, and facilitate the formation of intermolecular hydrogen bonding during the
progress of cure. This indicates that both alkyl group and the fraction of intermolecular hydrogen
bonding have an effect on the surface energy of the polybenzoxazines. Additionally, the transformation
mechanism of the intermolecular and intramolecular hydrogen bonding during the progress of cure is
proposed for the first time.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

A low surface energy behavior is important for many practical
applications in coatings, selfcleaning, and biomaterials [1e6].
Recently, polybenzoxazine has been developed and reported as
a novel class of nonfluorine, nonsilicon, low surface energy mate-
rials [6,7], having advantages of low cost and easy processability
compared with conventional fluoropolymers or silicones [8e11]. It
is expected to gain promising future due to their unique advan-
tages, and having a wide range of applications such as super
hydrophobic surfaces, in lithographic patterning, and as mold-
release materials in nanoimprint technology [8e10].

As mentioned in the literature, polybenzoxazines have been
reported to show both inter- and intramolecular hydrogen bonding
network structure [12e14]. Wang et al. discovered that the lowest
surface free energies of the two polybenzoxazines based on aniline
and methylamine were 19.21 and 16.43 mJ/m2 respectively, which
were even lower than that of Teflon (21.0 mJ/m2) [7]. They thought
that this behavior is due to the presence of strong intramolecular
hydrogen bonding matrix in the polybenzoxazines systems, and
intramolecular hydrogen bonding leads to a decrease in the surface
free energy, whereas increasing the fraction of intermolecular
hydrogen bonding leads to opposite effect. Kuo prepared a low-
surface-energy polymer material (16.8 mJ/m2) by decreasing the
ax: þ86 021 64253159.

All rights reserved.
fraction of intermolecular hydrogen bonds between the OH groups
in poly(vinyl phenol)/polybenzoxazine blends [15]. Lin et al.
discovered that poly(vinyl phenol) (PVPh) also possesses low
surface energy (15.7 mJ/m2) by decreasing the degree of intermo-
lecular hydrogen bonding between its OH groups after a simple
thermal treatment procedure. The manipulation of intermolecular
hydrogen bonding interactions had shown a good prospect as
a unique and simple approach toward preparing low-surface-
energy materials without the need to employ fluoropolymers or
silicones.

Although hydrogen bonding is important to control the surface
properties in the polybenzoxazine system, the relationship bet-
ween the surface free energy and the fraction of intermolecular or
intramolecular hydrogen bonding remains poorly understood [15].
Up to now, the surface energy of only two polybenzoxazines based
on aniline and methylamine were investigated, and a difference in
hydrogen bonding network structure and surface energy was
observed between methylamine based polybenzoxazines and
aniline-based polybenzoxazines. Ishida et al. investigated the
correlation between the eOH.N intramolecular hydrogen bon-
ding interaction and amine functional groups in the asymmetric
dimers by 1H NMR spectra, and reported that the differences in the
hydrogen-bonded structures of the model benzoxazine dimers is
closely related to the amine groups [16]. They also studied that the
compactness of a network structure is related to both the basicity
and bulkiness of the functional amines [17]. The potential contri-
bution of alkyl group of primary amine to the polymer hydrogen

mailto:xzh@ecust.edu.cn
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.009
http://dx.doi.org/10.1016/j.polymer.2011.01.009
http://dx.doi.org/10.1016/j.polymer.2011.01.009


Scheme 1. Preparation of the benzoxazine monomers(R: methyl; ethyl; butyl; tert-
butyl).
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bonding network structure and surface free energy were not
formally investigated.

In this study, four aliphatic primary amine based benzoxazine
monomers were synthesized to explore the effect of N-substituents
on the surface energy and hydrogen bonding structure of poly-
benzoxazine. The effect of aliphatic chain length and steric effect on
the polybenzoxazines film-forming property is also probed. Addi-
tionally, the thermal stability of the polybenzoxazines was char-
acterized through TGA.

2. Experimental

2.1. Materials

Bisphenol A and formaldehyde (37% in water), primary amine
were supplied by the Sinopharm Chemical Reagent Co of China. All
chemicals were used without further purification. In this paper, the
benzoxazine monomers were synthesized according to the proce-
dure presented in Scheme 1 [18], R in the structure denotes the
substituent of the primary amine. Various primary amines including
methylamine, ethylamine, butylamine, and tert-butylamine were
used. The monomers will be referred to as B-m, B-e, B-b and B-t,
respectively. The crude product was dissolved in ether and washed
with aqueous NaOH for three times to remove phenolic oligomers,
Fig. 1. Optical microscope of glass slides spin-coated with different benzoxazi
followed by distilled water, and then drying over sodium sulfate.
Evaporating theether resulted inwhite solid powder for B-mandB-t,
and yellow viscous fluids for B-e and B-b respectively. All monomers
were refrigerated until the time of use. Successful synthesis and
purity were verified by 1H NMR and FTIR spectroscopy.

2.2. Characterization

Thebenzoxazinemonomerwasdiluted to30mg/mlor200mg/ml
in THF respectively, and the solution was filtered through a 0.2 mm
syringe filter (Celanese, America) before spin coating onto a glass
slide (100� 100� 1mm3 ). The glass slides were cleaned by Piranha
solution (7:3mixtures (v/v) of 98%H2SO4 and 30%H2O2) at 120 �C for
30 min before use, and then rinsed by deionized water. The solution
was spin-coated at 1500 rpm for 45 s and evaporated in a vacuum
oven at 60 �C for 1 h, then cured in an oven at 180 �C or 210 �C. The
cured polymers were referred to as B-m, B-e, B-b and B-t poly-
benzoxazine, respectively. The advancing contact angle measure-
ment of the film was measured using the sessile drop (needle in)
technique (OCA20, Data Physics Instruments, Germany) at room
temperature. The contact angles of deionized water, ethylene glycol
anddiiodomethanewere further adopted to estimate the surface free
energy using van Oss-Good acid/base theory [19,20].

Infrared spectra were acquired with a Nicolet iS10 FTIR spec-
trophotometer. The sample was prepared by casting the solution
directly onto a KBr plate and curing under conditions similar to
those used in the film preparation.

Surface profiles of films were acquired with an optical micro-
scope (BX41-P, Olympus). Thermogravimetric analysis (TGA) was
conducted with SDT Q600 V5.0 Build 63 under a 40 ml/min flow of
nitrogen gas at a scan rate of 10 �C/min over the temperature range
from 30 to 800 �C.
ne monomers after drying at 60 �C for 1 h a) B-m; b) B-e; c) B-b; d) B-t.
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3. Results and discussion

3.1. Film-forming characteristic of polybenzoxazines

We employed optical microscope to observe the surface
morphology of the benzoxazines films. The solution was spin-
coated at a concentration of 30 mg/ml. As shown in Fig. 1, B-m and
B-t can form smooth and uniform films on the glass slides before
and after cure. The B-mfilm thickness is 20nm. AlthoughB-e andB-
b can form a film on the glass slides by spin coating initially, then
thefilmdewets and beads up after dryat 60 �C for 1 h.We think that
the thin films are not dynamically stable [21]. We know that the
spreading coefficients, Sliquid/solid ¼ gsolid-(gliquid þ gliquid/solid),
should be positive for a liquid to spread on a solid surface [22]. As
shown in Table 1, with the increase of alkyl chain length of primary
amine, the surface tension (gliquid) of B-m, B-e and B-b are 55.03,
64.91, 54.99 mJ/m2 respectively. So we think that the interfacial
tension (gliquid/solid) between the solution and substrate probably
increases very much because of the increase of alkyl group hydro-
phobic, which lead to the negative spreading coefficients [21].

Reiter [23] reported that film thickness has effect on the
spreading and stability of liquid films on the substrate. Wang [9]
suggested the observed surface free energy of the polybenzoxazine
film is fairly independent of its film thickness, and the advancing
contact angles vary insignificantly upon decreasing the thickness of
the polybenzoxazine films as shown in the literature. Therefore, we
improved the concentrations of the solution to 200 mg/ml and
increase the thickness of thefilms. Upon this concentration, thefilms
thickness is about 450 nm and all polybenzoxazines can form
uniform and stable films before and after cure. As an example, B-m
and B-e polybenzoxazine films cured at 180 �C for 1 h are listed in
Fig. 2.
Table 1
Surface free energies and advancing contact angles for water, ethylene glycol (EG), and diio

T, �C t,h Contact angle, �

H2O EG DIM

B-m polybenzoxazine
60 1 76.3 60.4 16.8
180 0.5 98.7 62.3 42.5

1 110.7 86.3 64.5
2 109.1 85.8 62.4
4 111.4 87.1 66.6
8 111.3 86.2 66.2

18 111.2 88.9 68.1
B-e polybenzoxazine
60 1 72.2 74.0 20.0
180 0.5 106.6 80.2 53.6

1 108.9 84.1 55.9
2 109.8 84.9 59.7
4 108.4 91.8 70.8
8 107.2 90.1 74.9

18 106.8 87.8 74.6
B-b polybenzoxazine
60 1 94.3 82.4 23.0
180 0.5 110.2 85.9 59.1

1 110.0 86.1 59.3
2 110.3 85.1 63.7
4 111.5 85.9 65.3
8 109.0 95.2 75.1

18 109.1 94.4 84.2
B-t polybenzoxazine
60 1 82.1 70.0 4.8
180 0.5 110.6 83.3 56.1

1 102.9 84.6 59.0
2 109.5 89.8 61.4
4 107.5 94.5 67.5
8 108.6 93.9 78.1

18 110.1 91.0 78.9
3.2. Surface free energy analysis of polybenzoxazines

The effect of alkyl functional group on the surface energies of
the aliphatic primary amine based polybenzoxazine series was
studied by the contact angle measurement. The surface free ener-
gies of the four polybenzoxazines films cured at 180 �C and 210 �C
were measured respectively. The results cured at 180 �C were
summarized in Table 1 as an example. As can be seen from the
summarized data in Fig. 3 a), the surface free energies of the B-m,
B-e and B-b polybenzoxazines decrease as a function of alkyl chain
length, and all decrease initially and then remain almost constant
upon increasing the curing time from 0.5 h to 18 h. The B-b poly-
mer, butylamine-based benzoxazine, exhibits the lowest surface
energy value of 15.72mJ/m2 after curing for 18 h, and that of the B-e
polybenzoxazine is 20.61 mJ/m2, which are all lower than that of
the B-m polybenzoxazine (24.26 mJ/m2). From the structural point
of view, the B-b polybenzoxazine with a longer alkyl chain is
expected to be more hydrophobic.

As shown in Table 1, the total surface surface energy of poly-
benzoxazine surfaces are dominated mainly by the apolar compo-
nent (gLW). The gþ (lewis acid parameters), g� (lewis base
parameters) and gAB (hydrogen bonding force) values of the four
polybenzoxazines films follow a similar trend with that of surface
free energy, and decrease initially and then remain almost in a close
range (0e2 mJ/m2) upon increasing the curing time from 0.5 h to
18 h. Ishida et al. have speculated that the eOH.N intramolecular
hydrogen bond interaction results in helical conformations of the
B-m polybenzoxazine. In such a structure, the hydrogen bonds are
on the inner side of the helix, which induce the hydrophobic
methyl groups to be located on the surface [12,14,24,25]. As we
observed, with the increase of alkyl chain length, the surface energy
of the polybenzoxazine decreases gradually. Therefore, we think
domethane (DIM) on B-m, B-e, B-b and B-t polybenzoxazines films (cured at 180 �C).

Surface free energy, mJ/m2

gþ g� gAB gLW g

0.88 11.58 6.38 48.65 55.03
0.05 0.03 0.07 38.33 38.41
0.11 0.08 0.19 25.99 26.18
0.19 0.21 0.40 27.19 27.59
0.08 0.07 0.15 24.79 24.94
0.06 0.04 0.10 25.02 25.11
0.13 0.20 0.32 23.94 24.26

4.01 25.23 20.12 47.78 67.91
0.17 0.08 0.24 32.25 32.49
0.32 0.09 0.34 30.93 31.27
0.20 0.07 0.24 28.75 28.98
0.31 1.23 1.22 22.43 23.65
0.08 1.44 0.66 20.18 20.84
0.02 1.17 0.27 20.34 20.61

3.45 4.82 8.15 46.84 54.99
0.29 0.07 0.30 29.09 29.39
0.31 0.10 0.35 28.98 29.33
0.08 0.06 0.14 26.45 26.59
0.06 0.02 0.07 25.53 25.60
0.36 1.75 1.59 20.07 21.66
0.01 1.80 0.33 15.40 15.72

2.33 9.91 9.61 50.62 60.23
0.20 0.00 0.01 30.82 30.83
0.45 1.63 1.71 29.15 30.86
0.59 0.49 1.07 27.77 28.84
0.87 2.00 2.63 24.28 26.91
0.14 1.73 1.00 18.48 19.48
0.01 0.77 0.13 18.06 18.19



Fig. 2. Optical microscope of glass slides spin-coated with different polybenzoxazine after cured at 180 �C for 1 h a) B-m; b) B-e.
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that the lowest surface energy of the B-b polybenzoxazine is due to
the butyl group to be located on the surface. gAB values are far less
than gLW, which is due to that the surfaces of the four poly-
benzoxazines are rich in the alkyl group. This results are consistent
with the speculation that the hydrogen bonds are on the inner side
of the helix which induce the hydrophobic groups to be located on
the surface [12,14,24,25].

It is interesting that the surface energy of the B-t poly-
benzoxazine reaches 18.19mJ/m2 after curing for 8 h; it also exhibits
Fig. 3. Surface free energies (g) the B-m, B-e, B-b and B-t polybenzoxazines films as a functi
bonding force (gAB) of the four polybenzoxazines films as a function of curing times at 210
the behavior of low surface energy, the low surface energy behavior
is not affected by the steric factor of the bulkier tert-butyl group.
Ishida et al. have reported that B-t dimer cannot form completely
cross-linked polymer networks when cured at 155 �C due to the
extensive degradation process, and the B-t polybenzoxazine is
unexpectedly soluble in deuterated chloroform [16]. Whereas the
B-t polybenzoxazine film we attained at 180 �C is unsoluble even
after immersing in chloroform for 48 h, which indicates that the
crosslinking degree of B-t polybenzoxazine cured at 180 �C is higher
on of curing times. a) 180 �C; b) 210 �C and c) lewis base parameters (g�); d) hydrogen
�C.



Fig. 4. FTIR spectra in the region of the hydroxyl stretching frequency for (a) B-m
polymer, (b) B-e polymer, (c) B-b polymer, (d) B-t polymer cured at 180 �C for 8 h.

H. Dong et al. / Polymer 52 (2011) 1092e11011096
than that of polybenzoxazine cured at 155 �C, and the polymer
network structure of the B-t polybenzoxazine is significantly
different when cured at different temperatures. The effect of the
alkyl group bulkiness on the surface energy is not noticeable.

Additionally, the surface energy results cured at 210 �C are listed
in Fig. 3 b). The same trend can also be seen that the surface free
energies of the polybenzoxazines decrease as a function of alkyl
chain length. But it is quite noteworthy that the surface free energy
of the polybenzoxazines as a function of curing time is different
from each other. The B-m and B-e polybenzoxazine decreases
initially and then increases steadily upon increasing the curing time
from 0.5 h to 18 h, whereas that of the B-b polybenzoxazine
decreases initially and thenmaintained almost constant up. Thus, it
appears for these polymers that the surface energies are largely
dependent of the alkyl chain length.

For B-m polybenzoxazine, the g� values decreases initially and
then increases steadily upon increasing the curing time from 0.5 h
to 18 h, and that of the B-e and B-b polybenzoxazine decreases
initially and then maintained almost constant up (see Fig. 3c).
Whereas thegAB values of the fourpolybenzoxazines remain almost
in a close range (0e2 mJ/m2) (see Fig. 3d), which indicates that the
increase of surface energies of the B-m polybenzoxazine as a func-
tion of curing times can be attibuted to the increase of g� values and
gLW. The smaller OH� content of polybenzoxazine films leads to
smaller g� values. This results show that hydroxyl groups (Lewis
bases) on the film surface increase as a function of curing times for
B-m polybenzoxazine.

Unexpectedly, the surface energy and g� value of the B-t poly-
benzoxazine is far higher than all the three other polybenzoxazines
and increase straightly during the progress of cure. This indicated
that the B-t polybenzoxazine doesn’t possess the behavior of low
surface energywhen cured at 210 �C. Later resultswill show that the
B-t polybenzoxazine have a somewhat lower thermal stability than
the alkyl straight chain compounds, and thus it can be assumed that
degradation rather than steric effect is responsible for the higher
surface energy of the B-t polybenzoxazine.

3.3. Hydrogen bonding network analysis of polybenzoxazines

Wanget al. have reported that the hydrogen bonding interactions
network structure of polybenzoxazine is a deciding factor of the
surface energyof thepolybenzoxazine [7]. Several kinds ofH-bonded
species has been identified in the polybenzoxazine system [13,14],
such as eOH$$$O intermolecular hydrogen bonding at 3366 cm�1,
broad band between 2500 and 3300 cm�1 might be designated for
O�$$$HþN intramolecular hydrogen bonding and/or eOH$$$N
intramolecular hydrogen bonding at 3115 cm�1. To investigate the
effect of N-substituents on the hydrogen bonding network of the
polybenzoxazines, FTIR spectra of the four polymers during the
progress of cure were compared.

The spectra in the regions of hydroxyl stretching frequency were
shown in Fig. 4. It can be seen clearly, the O�$$$HþN intramolecular
hydrogen bonding around 2750 cm�1 of the B-m polymer appear to
be stronger than that of the other three polybenzoxazines. Although
methylamine, ethylamine and butylamine have similar structure,
this unexpected strength difference in FTIR hydrogen bonding
spectra for the longer chain length amine based polybenzoxazines
implies that a size and structural factor may strongly affect the
hydrogen-bonded network structure of the polymer.

We performed curve-resolving of FTIR spectra with respect to
the corresponding frequencies of each hydrogen-bonded species.
The results of curve-resolving of FTIR spectra of the B-m and B-
b polybenzoxazines cured at 180 �C were shown in Fig. 5 as an
example, and the variations of fraction of intermolecular hydrogen
bonding with curing times were shown in Fig. 6.
As shown in Fig. 5, for the B-m and B-b polybenzoxazines, the
intensity of the signals corresponding to the intermolecular
hydrogen bonding at 3356 cm�1 all increase upon increasing the
curing time. However, the fraction of intermolecular hydrogen
bonding in the B-b polybenzoxazine system is higher than that of the
B-m polybenzoxazine.

From Fig. 6, it is apparent that the fraction of intermolecular
hydrogen bonding increases as a function of curing times. This
trend coincides with the conclusions reported by Wang et al. [7].
However, the fraction of intermolecular hydrogen bonding also
increases as a function of alkyl chain length, which indicates that
the distribution of hydrogen bond species is different for each of
polybenzoxazines. As reported in the literature by Ishida [17], the
intramolecular hydrogen bond length increases as the number of
alkyl chain increases. Therefore, we think that both the chain
length and bulkiness of alkyl group have an effect on the hydrogen
bonding network of the polybenzoxazine, and facilitate the
formation of intermolecular hydrogen bonding during the progress
of cure.

As we discussed above, the surface free energies of the B-m, B-e
and B-b polybenzoxazines decrease as a function of alkyl chain
length. However, the gAB values of the four polybenzoxazines remain
almost in a close range (0e2 mJ/m2) and maintain constant up as
a function of curing times. Therefore, the increase of the fraction of
intermolecularhydrogenbonding as a function of curing timesdonot
lead to theobvious increaseofgABvalue foreachofpolybenzoxazines,
which indicates that surface energy of the polybenzoxazine is
affected by both hydrogen bonding and alkyl group attached to the
nitrogen atom. But for B-m polybenzoxazine, the g� values decrease
initially and then increaseupon increasing the curing time and thatof
the B-e andB-b polybenzoxazinemaintained almost constant up.We
think that the g� is a reflection of the reduced availability of the
nonbonded electron pairs due to the masking effects of the long
carbon chains.
3.4. Transformation mechanism of intramolecular and
intermolecular hydrogen bonding

As discussed above, the surface energies of the B-m and B-e
polybenzoxazine decreases initially and then increases steadily



Fig. 5. Curve fitting for the FTIR spectra of the B-m polybenzoxazine cured at 180 �C for a) 0, b) 2, c) 8, and d) 18 h; and the B-b polybenzoxazine cured at 180 �C for e) 0, f) 2, g) 8,
and h) 18 h. 1) O�$$$HþN intramolecular hydrogen bonding; 2) OH$$$N intramolecular hydrogen bonding; 3) OH$$$O intermolecular hydrogen bonding.
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upon increasing the curing time from 0.5 h to 18 h when cured at
210 �C, whereas that of the B-b polybenzoxazine decreases initially
and then maintained almost constant up. Wang et al. [7] proposed
that enhanced intramolecular hydrogen bonding lead to a decrease
in the surface free energy of the B-m polybenzoxazine, whereas
increasing the fraction of intermolecular hydrogen bonding lead to
the opposite effect. However, the intramolecular hydrogen-bonded
structure of polybenzoxazine is very stable even as high of



Fig. 6. Variations of the fraction of intermolecular hydrogen bonding of the four
polybenzoxazines cured at: a) 180 �C; b) 210 �C.
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a temperature as 300 �C [13,25e27]. Up to now, it is still unclear
that how the fraction of intermolecular hydrogen bonding
increases during the progress of cure. Therefore, the FTIR spectra
between 600 and 2000 cm�1 of the polybenzoxazines as a function
of curing times are compared and shown in Fig. 7.

In the B-m polybenzoxazine system cured at 180 �C, the char-
acteristic absorptions of benzoxazine structure for B-m at 932 cm�1

and 1497 cm�1 (trisubstituted benzene ring of B-m) disappear
when cured for 1 h. At the same time, one unexpected feature of
a broad band at 1638 cm�1 appears when cured from 1 to 8 h, and
the spectra of the B-b and B-t polybenzoxazines also show a similar
broad band at 1635 and 1632 cm�1 respectively. As reported in the
literature [28,29], these bandswere assigned to a hydrogen-bonded
Schiff base (C]N). The C]N stretching frequency is slightly lower
for the B-b and B-t polybenzoxazines than that of the B-m poly-
benzoxazine, which is probably due to the inductive effect of
increasing number of carbon atoms. In the B-b and B-t poly-
benzoxazines system, the Schiff base band is not as same strong as
the B-m polybenzoxazine, indicating that the concentration of
Schiff base may differ from one polybenzoxazine to another,
depending on the substituent attached to the nitrogen.

Interestingly, for the B-m and B-b polybenzoxazines cured at
210 �C, it is shown that the concentration of the band at 1655 cm�1
and 1653 cm�1 increase as a function of the curing times, respec-
tively. These band assignments of Schiff base have also been reported
elsewhere, and were assigned to a free Schiff base (C]N) (non-
hydrogen-bonded) [28,29]. We think that the free and hydrogen-
bondedSchiff base couldbe the terminal groups inpolybenzoxazines
or defect structures after thermal degradation in polybenzoxazines
when cured at 210 �C. At the same time, as shown in Fig. 8, a peak at
3650 cm�1 is detected in all of thepolybenzoxazines spectrawith the
increase of the curing times, which indicates the appearance of free
OH stretching. Combined with the results shown in Fig. 9, the onset
thermal degradation temperature and char yield of the B-m poly-
benzoxazine increaseswith curing times; this indicates that thermal
degradation partially of polybenzoxazines exists during the progress
of cure. Therefore, we speculate that the increasing of the concen-
tration of free Schiff base when cured at 210 �C is the results of
thermal degradation partially of the B-m and B-b polybenzoxazines.

According to the thermal cleavage mechanism of the Mannich
base proposed by Ishida [29], due to the energetically stable six-
membered ring of intramolecular hydrogen bonding, a more likely
cleavage point in this structure is the C-N bond that is not part of
this six-membered ring. Based on our observations, the trans-
formation progress of intramolecular and intermolecular hydrogen
bonding in the polybenzoxazines system is proposed in Scheme 2.
The increase of the fraction of intermolecular hydrogen bonding is
not due to the disruption of intramolecular hydrogen-bonded, but
the disruption of the CeC bond from the Mannich base.

Considering the electron donating effect of methyl group
attached to the nitrogen atom in the B-m polybenzoxazine is
weaker than butyl group in the B-b polybenzoxazine, the strength
of the adjacent C-N bond of the former should be higher than the
latter. Consequently, the B-b polybenzoxazine is easier to degrade
to produce free Schiff base than the B-m polybenzoxazine during
the progress of cure at 210 �C. Therefore the fraction of intermo-
lecular hydrogen bonding increases with the alkyl chain length as
we observed in Fig. 5. Although the fraction of intermolecular
hydrogen bonding increases, the surface energy of the B-b poly-
benzoxazine can be maintained almost constant up at 210 �C. It
may be contributed to the most hydrophobic of the butyl group.

3.5 Thermal stability of polybenzoxazines

TGAwas studied to examine the effect of alkyl chain length and
size on the thermal stability of the polybenzoxazines. Firstly, TGA
of the B-m polybenzoxazine as a function of curing times was
conducted. The results show that the onset and progression of
weight loss is slower with the increase of curing times. The char
yield B-m increased from 37.15%, to 45.94% and 49.86% as the
curing times increase. Moreover, a two-stage weight loss process
was observed for the B-m polybenzoxazine cured for 1 h, and
a more rapid degradation (sharper slope) was observed between
260 and 320 �C for the B-m polybenzoxazine cured for 1 h when
compared with 4 h and 8 h. It has been confirmed that the first step
of degradation is due toMannich base cleavage (the cleavage of the
C-N bond), resulting in the release of Schiff base (C]N) in the
literature. We think that the first step of degradation mainly
happens when curing from 1 h to 4 h. This result suggests that the
thermal degradation of the B-m polybenzoxazine exists in the
progress of cure at 210 �C.

The four monomers were cured at 180 �C for 4 h respectively to
prepare the TGA samples. Fig. 10 shows the TGA results of the four
polybenzoxazines. For B-m, B-e and B-b polymers, it is obvious also
that the onset temperature of weight loss decreased for the longer
chain amine polybenzoxazines. The char yield decreased to 35.69%,
28.66% and 23.62% as the length of alkyl chain increases. For the B-t
polybenzoxazine based on bulkier tert-butylamine, T5 and T10 all



Fig. 7. FTIR spectra as a function of curing times. a, b, c) B-m, B-b, B-t polymers cured at 180 �C; d, e, f) B-m, B-b, B-t polymers cured at 210 �C.
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Fig. 8. FTIR spectra in the region of the hydroxyl stretching frequency for (a) B-m polymer, (b) B-b polymer, (c) B-t polymer cured at 210 �C.
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are lower than the other three polybenzoxazines with straight alkyl
chain, and the progression of weight loss is the fastest among the
polybenzoxazines. This indicated that the thermal stability of the
B-t polybenzoxazine is inferior to the polybenzoxazines with
straight alkyl chain. We think that although the surface energy of
the B-t polybenzoxazine after cured at 180 �C is even lower than the
B-m and B-e polybenzoxazines, the polymer structure of the B-t
polybenzoxazine is still unstable than the B-m, B-e and B-b poly-
benzoxazines at higher temperatures because of the steric factor of
bulkier tert-butylamine, and the char yield of the B-t poly-
benzoxazine is 31.47%. As discussed in the literature [25,29], char is
comprised of fused benzene rings, the decrease in char yield is
mainly attributed to the longer aliphatic group has a higher weight
Fig. 9. TGA of the B-m polybenzoxazine as a function of curing times at 210 �C.
contribution to the total weight of the polybenzoxazines. But the
char yield of the B-t polybenzoxazine is not correlated with this
trend, indicating that the decomposition process of the B-t poly-
benzoxazine is probably different from polybenzoxazines with
straight alkyl chain.
Scheme 2. Transformation mechanism of intramolecular into intermolecular
hydrogen bonding in the polybenzoxazines system.



Fig. 10. TGA of the four polybenzoxazines cured at 180 �C for 4 h. (a) B-m polymer, (b)
B-e polymer, and (c) B-b polymer. (d) B-t polymer.

H. Dong et al. / Polymer 52 (2011) 1092e1101 1101
4. Conclusions

Four benzoxazine monomers based on methylamine, ethyl-
amine, butylamine and tert-butylamine were synthesized to study
the effect of N-substituents on the surface energy and hydrogen
bonding network structure of polybenzoxazines. The contact angle
measurement results show the surface energies of the poly-
benzoxazines decrease with the increase of alkyl chain length, and
are not affected by the steric factor of the tert-butyl group. The
lowest value of surface energy of the B-b polybenzoxazine reaches
15.72 mJ/m2 after curing at 180 �C for 18 h, which is lower than that
of B-m polybenzoxazine (24.26 mJ/m2). The FTIR curve fitting
results indicate that both the chain length and bulkiness of alkyl
group have an effect on the hydrogen bonding network of the pol-
ybenzoxazines, and facilitate the formation of intermolecular
hydrogen bonding during the progress of cure. The increase of the
fraction of intermolecular hydrogen bonding as a function of curing
times do not lead to the obvious increase of gAB value for each of
polybenzoxazines. We think that the surface energy of the poly-
benzoxazine is affected by both hydrogen bonding and alkyl group
attached to the nitrogen atom.

FTIR spectra of the polybenzoxazine during the progress of cure
were compared. The appearance of free OH stretching and the
increasing bond strength of free Schiff base indicate that the thermal
degradation exists during the cure. Combined with the thermal
degradation progress of the polybenzoxazines, transformation
mechanism of intramolecular and intermolecular hydrogen bonding
during the cure is proposed for the first time.
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The main purpose of this study is to examine the effect of nucleation on the formation of polymorphism
in melt-crystallized syndiotactic polystyrene (sPS). By depressing the nucleation barrier (i.e., introducing
nucleating agent), the tendency of forming, a metastable crystalline phase, a crystal, significantly
increased. The metastability of crystalline phase was dependent upon the nucleation process in which
the lower nucleation barrier led to the formation of metastable phase. Consistently, by crystallizing under
shearing, the formation of a crystal dominated the crystalline polymorphism. Herein we suggest
a practical method to control the polymorphism of melt-crystallized sPS.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polymorphism of syndiotactic polystyrene (sPS), generally
including four crystal forms described as a, b, g and d, has been
extensively studied in recent years [1e9]. As an excellent engi-
neering material, polymorphous behavior of sPS during melt-crys-
tallization obtained special attention. Two types ofmelt-crystallized
crystal structures have been identified as a and b crystal, both
containing a planar-zigzag conformation of backbone chains.
b crystal form is characterized by orthorhombic chain packing,
whereas a crystal form is characterized by trigonal chain packing.
These two crystal forms have different physical properties, such as
density [10,11], gas permeability [12e15], thermal stability
[13,16,17], and solvent resistance [18] et al. Therefore, the control of
crystalline polymorphism in melt-crystallized sPS is significantly
important for its practical applications.

Many studies focused on the competition between a and b crystal
forms during melt-crystallization. In general, the formation of melt-
crystallized polymorphism is dependent upon thermal histories and
crystallization conditions such as maximum annealing temperature
(Tmax), crystallization temperature (Tc), cooling rate, crystal form of
starting material, and so on. Among these factors, Tmax was
: þ86 20 84115109.

Mai), cbwu2000@yahoo.com

All rights reserved.
considered as themost importantoneasmany literatures reported. It
iswell known that lower Tmax facilitatesmore a crystal, and there are
two views about the origin of this phenomenon. Guerra [19] and De
Rosa [20] found that only starting material in a, g and d crystal can
produce a crystal (g and d crystal usually transformed into a crystal
during the heating process), and then proposed that the Tmax effect
on the formation of polymorphismmay be attributed to thememory
effect of nucleus. The formation of a crystal is governed by a nuclei in
sPSmelts. However, Ho [16] did the similar experiment but obtained
a contrary result that both a and b nuclei showed the possibilities to
generate a crystal. Combining with the diagram of phase inversion,
he interpreted the polymorphic behaviors of sPS at different Tmax in
terms of kinetic concept of nucleation barrier. By reducing the Tmax,
the size of remaining nucleus increases and thus the energy barrier
for nucleation decreases. At low enough nucleation barrier, the
formation rate of a crystal is faster than b crystal.

Obviously, nucleation is significantly important for ultimate
crystalline structure ofmelt-crystallized sPS. Therefore, the primary
objective of this paper was to investigate the nucleation effect on
polymorphism of sPS during melt-crystallization. A similar experi-
ment mentioned above was repeated to clarify the origin of favor-
able a crystal at low Tmax. Two methods were employed to depress
the nucleation energy barrier.

Nucleation can be classified as a homogeneous or heteroge-
neous process. Homogeneous nucleation starts at an arbitrary place
within the volume of the mother phase. Heterogeneous nucleation
occurs preferably on the surfaces of active centers, such as the
residual nuclei in the melts, nucleating agent, impurities, or some
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Fig. 1. WAXD patterns of sPS crystallized non-isothermally and the corresponding Tcp
shown on the DSC thermographs. (a) cooling from Tmax ¼ 276 �C; (b) after reheating to
320 �C; (c) after reheating again to 276 �C.
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structural defects et al. In macromolecular systems, nucleating
agent was often used to promote heterogeneous nucleation,
depressing nucleation energy barrier and increasing crystallization
rate [21e26]. Aluminium salt of p-tert-butylbenzoate (PTBBA-Al)
was reported as the nucleating agent in some early patents [27,28]
to improve the mechanical properties of sPS composites. In this
paper, PTBBA-Al was added into sPS system as nucleating agent to
investigate the nucleation effect on the polymorphic behavior of
melt-crystallized sPS.

Shear force was one of the common stresses during the practical
polymer process. Shear-induced crystallization raises an increasing
interest because the shear force can dramatically affect the nucle-
ation process and the ultimate morphology of semi-crystal poly-
mer. It has been well known that shear force imposed on polymer
melts can result in molecular orientation and entropy loss [29,30],
and these oriented precursors can act as nuclei to accelerate crys-
tallization process and increase crystalline number [31e36]. In this
study, Dynamic Mechanical Analysis (DMA) was used to apply
oscillatory shear force on sPS samples to investigate the influence of
shear force on the polymorphic behavior of sPS.

2. Experimental

2.1. Materials

Syndiotactic polystyrene (sPS) was provided by Dow Chemical
Co. with Mw of 226,000 and Mw/Mn of 2.8, determined by GPC.
Aluminium salt of p-tert-butylbenzoate (PTBBA-Al) was supplied
by Royal Dutch Shell PLC.

2.2. Preparation of nucleated sPS samples

Dried sPS pellets were pre-mixed with PTBBA-Al powder. Then
the mixture was melted and mixed in a HL-200 melt-mixer equip-
ped with twin-screw (Jilin University, China). The temperature was
kept at 280 �C and the screw speed was set at 50 rpm. The melt-
mixed productsweremelted again on a hot-stage at 320 �C for 5min
and then pressed into thin film and quenched in ice cold water to
obtain amorphous sPS/PTBBA-Al samples. The samples with 0.1%,
0.4% and 1% (w/w) of PTBBA-Alwerenamed as 0.1％PTBBA-Al-sPS、
0.4％PTBBA-Al-sPS and1％PTBBA-Al-sPS, respectively. Pure sPSwas
also processed under the same conditions for parallel comparison.

2.3. Differential scanning calorimetry (DSC) analysis

Non-isothermal melt-crystallization behaviors of sPS and sPS/
PTBBA-Al samples were investigated on a PerkineElmer 7 differ-
ential scanning calorimeter. Temperature calibration was per-
formed using an indium standard (Tm� ¼ 156.6 �C and
DHf

� ¼ 28.5 J/g). The samples were heated to Tmax and melted for
10 min to eliminate thermal history and then cooled to room
temperature at a cooling rate of 10 �C/min. The crystallization
curves were recorded for further analysis. All measurements were
carried out in nitrogen atmosphere.

2.4. Polarized optical microcopy (POM) analysis

Themorphology of sPS and sPS/PTBBA-Al samples was observed
using an Orthoplan Pol Polarized optical microcopy (Leitz,
Germany) with a Linkam-THMSE-600 automatic thermal control
hot-stage (the controlling temperature precision of �0.1 �C). The
samples were heated to Tmax annealing for 10 min and then
quenched to crystallization temperature for crystallizing isother-
mally for 2 h. The morphology change during the whole process
was recorded for further analysis.
2.5. Wide angle X-ray diffraction (WAXD) analysis

The samples of pure sPS and sPS/PTBBA-Al for wide angle X-ray
diffraction were prepared in DSC cell with the same thermal
history as samples for DSC or POM experiment. The crystalline
samples of sPS under oscillatory shear force were prepared in
Dynamic Mechanical Analysis (DMA) cell. The samples were
analyzed by using a Rigaku D/max 2200 vpc diffractometer (Cu Ka
radiation, l ¼ 1.542 Å) with the step scanning rate of 2�/min. The
X-ray source was operated at a voltage of 40 kV and a filament
current of 30 mA.
2.6. Shear experiment

The influence of oscillatory shear on polymorphism of isother-
mally crystallized sPS was investigated in combination with DMA
and WAXD. Mettler-Toledo DMA/SDTA861 which can provide
precise measurements of shear rigidity ranging from 10 to 108 N/m
was used. Firstly, sPS pellets were melted at 280 �C and then
pressed into thin slices with 1 mm thickness under 4 MPa. The
slices were tailored into round slices with diameter of 1 cm. Then
two identical round slices of sPS samples were clamped symmet-
rically between two outer fixed parts and the central moving part
which provided oscillatory force onto the samples. The samples
were melted at 280 �C for 5 min and then cooled to 250 �C in a rate
of 14 �C/min, followed by a 2 h-hold to complete the isothermal
crystallization. Oscillatory shear forces with a fixed frequency of
8 Hz were imposed on the molten sPS during melting or isothermal
crystallization process. The crystal samples were then character-
ized byWAXD. Time dependence of storage shear modulus, G

00
, and

loss factor, tan d, of sPS samples under oscillatory shear were
recorded for further analysis.
3. Results and discussion

3.1. Lower nucleation energy barrier favors more a crystal

In non-isothermal crystallization, crystallization temperatures
(Tc), including crystallization onset temperature (Tcon) and



Fig. 2. The influence of PTBBA-Al on the non-isothermal crystallization behavior of sPS
(Tmax ¼ 320 �C). (a) crystallization temperature including Tcon and Tcp; (b) percentage
of a crystal Pa% and the corresponding WAXD patterns.
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crystallization peak temperature (Tcp), usually represented energy
barrier of nucleation. Higher Tc means lower nucleation energy
barrier. Our previous work [37] showed that sPS a crystal always
generated with higher Tc and lower Tmax compared with b crystal.
This may be attributed to the self-seeding of a crystal. Lower Tmax
leads to some residual nuclei in the melts which may act as
nucleation seeds in the consequential crystallization and increase
the Tc. However, the equilibrium melting temperature of b form is
higher than that of a form. Therefore, sPS melts at different Tmax
may possess various types of residual nuclei. Higher Tmax intends to
produce more b nuclei with smaller size. To clarify the effect of size
and type of the residual nuclei on sPS polymorphism, sPS samples
were cooled from different Tmax with different starting states. The
experiment results were shown in Fig. 1 and all of the cooling rates
were fixed at 10 �C/min.

As shown in Fig.1a, sPS samplewhichwas cooled from themelts
of Tmax 276 �C produced large numbers of a crystal with high Tc

p of
240.8 �C. The obtained a crystal was then annealed at Tmax of 320 �C
and cooled to room temperature. Thus, pure b crystal was obtained
with Tc

p of 236.0 �C as shown in Fig. 1b. This is because that the
crystalline was completely melted at 320 �C and the nucleation
mode transformed from heterogeneous nucleation to homoge-
neous nucleation which required higher supercooling. As the
obtained pure b sPS sample was reheated to Tmax of 276 �C, Tcp was
increased to 240.2 �C during the consequential crystallization
indicating the residual b nuclei acted as nucleation seeds and
induced sPS to crystallize at higher Tc. The final crystalline was
composed of a large amount of a crystal and a little amount of
b crystal shown in Fig. 1c. Thus, the results suggested that b nuclei
also facilitated the formation of a crystal, which is in agreement
with the report of Ho [16] but contrary to the results of Guerra [19]
and De Rosa [20]. The formation of a crystal was really determined
by the size of residual nuclei, not by the type of them. The residual
nuclei determined just the nucleation barrier, but not the final
crystalline structures. Larger nuclei at lower Tmax meant lower
nucleation barrier and always favored more a crystal regardless of
a or b nuclei. The results also indicated that nucleation process is
significantly important for the polymorphism of melt-crystallized
sPS.

Based on the above experiment results, two methods were
employed to depress the nucleation energy barrier to investigate
the nucleation effect on the control of crystalline polymorphism of
sPS melt-crystallization.

3.2. Introduce of nucleating agent

As mentioned above, attainment of sPS a crystal is favored as
residual nuclei remains in the melt. Therefore, the addition of
effective nucleating agentwas expected to also facilitate the growth
of a form because it could decrease the nucleation energy barrier.

Our early studies on non-isothermal crystallization behavior of
sPS [37] reported that both the percentage of a crystal (Pa%) and the
crystallization temperature gradually decreasedwith the increase of
Tmax due to the continuous melting of residual nuclei in the sPS
melts. Above Tmax of 296 �C, the crystallization temperature was
nearly constant and pure b crystal was obtained as a result of
complete melt of the residual nuclei. Therefore, a high annealing
temperature of Tmax ¼ 320 �C was chosen in this study to avoid the
influence of any residual nuclei, and thus, the sole effect of nucle-
ating agent on the nucleation energy barrier and the polymorphism
of sPS melt-crystallization can be investigated.

The DSC and WAXD results for PTBBA-Al-sPS samples crystal-
lized non-isothermally after melted at 320 �C for 10 min were
shown in Fig. 2. Obviously, with the addition of PTBBA-Al, crystal-
lization temperature (both Tc

on and Tc
p) of sPS significantly increased
as shown in Fig. 2a. And moreover, the more PTBBA-Al was added,
the higher Tcon and Tc

p were measured. This indicated that PTBBA-Al
acted as the nucleation active sites and provided sPS chains with
foreign surface to attach and fold, and thus, the nucleation energy
barrier was decreased compared with the pure sPS with homoge-
neous nucleation.

Based on the WAXD data, Pa% in the crystallized sPS and PTBBA-
Al-sPS samples was calculated using the following approximated
relation [19]:

Pa ¼ f½1:8Að11:7Þ=Að12:4Þ�=½1þ 1:8Að11:7Þ=Að12:4Þ�g � 100

inwhich A(11.7) and A(12.4) refer to the area of the peaks located at
2q ¼ 11.7� and 12.2�, respectively. The results shown in Fig. 2b
illustrated that more a crystal was generated with the addition of
PTBBA-Al. Pure b crystal was obtained in neat sPS and 0.1%PTBBA-
Al-sPS due to the higher Tmax and insufficient nucleating agent.
However, with addition of 0.4% PTBBA-Al, Pa% increased signifi-
cantly to 73.4%. As the content of PTBBA-Al grew to 1%, a crystal
became the dominant crystalline with Pa% of 83.9%. The results
clearly proved the hypothesis that adding nucleating agent could
facilitate the formation of a crystal even at high Tmax of 320 �C due
to the depression of nucleation barrier.
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From POM micrographs as shown in Fig. 3, the difference in
nucleation mode between pure sPS and nucleated sPS can be
distinctly observed. As crystalline were completely melted at Tmax
of 320 �C, the typical slow growth mode of sPS b crystal [38,39]
from homogeneous nucleation was illustrated in Fig. 3a. Obvi-
ously, b form became the optimum growmode under this condition
which was also affirmed by WAXD pattern in Fig. 4. For nucleated
sPS system in Fig. 3b, typical fast growth mode of a crystal was
observed [39,40] which was heterogeneous nucleation. Obviously,
the addition of nucleation agent dramatically changed the nucle-
ation mode, and 1% PTBBA-Al provided effective nucleating sites to
depress the nucleation barrier. Under this condition, a crystal form
became the preferential growth mode with its faster growth rate
(see WAXD pattern in Fig. 4).

Based on these results, both unmelted a or b residual nuclei and
foreign nucleating agents can promote the formation of a crystal
due to the depression of nucleation barrier.
Fig. 4. WAXD patterns of neat sPS and 1％PTBBA-Al-sPS crystallized isothermally at
260 �C for 2 h after melted at 320 �C for 10 min.
3.3. Imposition of oscillatory shear force on sPS melts

Polymorphism of sPS samples isothermally crystallized at
quiescent and shear states were investigated by combination of
DMA and WAXD. For all experiments, Tmax and Tc were fixed at
280 �C and 250 �C, respectively. At quiescent condition, b crystal
was found to dominate the crystalline as shown in Fig. 5a. However,
as shear force was imposed on sPS samples during melting and
crystallization, the content of a crystal dramatically increased as
shown in Fig. 5b. These results indicated that shear force facilitated
the formation of sPS a crystal. Then, shear force was applied at
melting and isothermal crystallization separately to identify at
which step shear force acted. The results shown in Fig. 5c and
d displayed a mixture of a and b crystals. Therefore, the DMA
experimental results demonstrated that shear force could promote
the formation of more a crystal no matter at which step shear force
was applied. This phenomenon may be explained in terms of
metastability of crystalline phase [41], which is dependent upon
nucleation process. Usually lower nucleation barrier leads to the
formation of metastable phase. Shear force probably produced
oriented molecular in the sPS melts which could act as nuclei to
Fig. 3. POM micrographs of pure sPS and 1% PTBBA-Al-sPS crystall
decrease the nucleation energy barrier. At low nucleation barrier,
the formation rate of a crystal was faster than that of b crystal and
the probability to grow a crystal thus increased owing to its faster
growth rate. As a kinetic result of crystallization, the formation of
a crystal was facilitated under shear force.

The preferential growth of metastable phase in shear-induced
crystallization for other polymer was also reported by some groups,
such as isotactic polypropylene (iPP) [42e44] and poly(ethylene
naphthalate) (PEN) [45] et al. For iPP, a form is thermodynamically
more stable than b form and dominates the crystallization in
quiescent state. However, the metastable b form became preferable
crystal form in shear-induced crystallization. Wu [46] interpreted
this phenomenon in PP by the concept of metastability [41] that the
metastable phase possesses higher stability at its initial small size,
grows at a faster rate in the shearedmelts and finally dominates the
crystallization. The origin of the metastable b form is accounted for
ized isothermally at 260 �C after melted at 320 �C for 10 min.



Fig. 5. WAXD patterns of sPS samples crystallized isothermally for 2 h under different
conditions: (a) melted and crystallized under quiescent condition; (b) melted and
crystallized under shear state; (c) melted under shear state and crystallized under
quiescent condition; (d) melted under quiescent condition and crystallized under
shear state. (Q-Quiescent condition; S-Shear state.)
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kinetically controlled process through the smaller energy barrier
involved in its formation.

The shear experiment result in this study afforded another
model and method for the phase inversion of metastable phase in
shear-induced crystallization. However, further investigations are
needed.

4. Conclusions

As nucleation energy barrier was affirmed to be the primary
factor to affect the polymorphism of melt-crystallized sPS, two
methods were employed to change the nucleation environment
to investigate the nucleation effect on polymorphism of sPS.
Nucleating agent was induced to depress the nucleation energy
barrier and accelerate the nucleation process. Consequently, the
portion of metastable a crystal was significantly increased even at
very high Tmax. Shear force was applied on sPS melts by DMA to
promote the orientation of molecular, and the content of a crystal
was dramatically increased compared with crystallization under
quiescent condition. It was concluded that the formation of
a crystal is actually a kinetically controlled process, and lower
nucleation barrier facilitates more a phase due to its rapid
growth. Therefore, more a crystal was obtained by depressing the
nucleation barrier, and this suggested a new method to control
the polymorphism of melt-crystallized sPS during practical
process.
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Fast scanning chip calorimetry (FSC) has been employed to study the kinetics of formation of the
mesophase of random copolymers of propylene and 1-butene from the glassy amorphous state and its
reorganization on heating. The experiments performed consistently prove a distinct decrease of the rate
of mesophase formation with increasing concentration of 1-butene chain defects. The time required for
isothermal mesophase formation at 300 K is of the order of 0.1 s in case of the homopolymer, while it is
prolonged by one order of magnitude to 1 s in the copolymer with 11 mol-% 1-butene. Similar, cold-
ordering of amorphous structure on continuous heating at 1000 K s�1 is only completed in the homo-
polymer while it is almost completely suppressed in the random copolymer containing about 11 mol-%
1-butene. The perfection of the mesophase and/or its reorganization into crystals is faster in the
homopolymer than in copolymers containing 1-butene. The critical heating rate for complete inhibition
of perfection and reorganization is reduced from about 40,000 K s�1 in the homopolymer to about
10,000 K s�1 in copolymers. The reduced rate of mesophase formation in random copolymers of
propylene and 1-butene is attributed to the decrease of the thermodynamic driving force for the phase
transformation.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Crystallization of the isotropic and quiescent melt of isotactic
polypropylene (iPP) at low supercooling leads to direct formation of
cross-hatched monoclinic lamellae which are arranged in a spher-
ulitic superstructure [1e6]. Alternatively, the melt of iPP can be
crystallized via intermediate formation of a metastable mesophase/
conformationally disordered glass (CD glass) [7e9] at high
supercooling, and its subsequent reorganization into crystals on
heating [10e15]. The crystallization via the mesophase leads to
a qualitatively different semicrystalline structure than the direct
crystallization from the liquid state since the crystals obtained
are of non-lamellar shape and not organized in a higher-order
spherulitic superstructure [13e18]. As a consequence, ultimate
properties of semicrystalline iPP crystallized along these different
thermodynamic pathways are largely different [19e21]. Semi-
crystalline preparations of iPP containing cross-hatched lamellae
and spherulites are opaque and rather non-ductile while iPP crys-
tallized via the mesophase is highly transparent and rather ductile.
x: þ49 3461 46 3891.
Androsch).

All rights reserved.
The present study is related to the crystallization of iPP via the
mesophase, which in the following is introduced in more detail.

The conditions for the formation of the mesophase and its
transformation into crystals were quantitatively evaluated recently
in the case of the iPP homopolymer. The mesophase forms at high
supercooling of the melt at temperatures (T) between about 330 K
and the glass transition temperature of the amorphous phase (T g) at
about 260 K [22e25]. In order to suppress the liquide crystal phase
transformation at low supercooling, the melt needs to be cooled
rapidly at a rate faster than about 100K s�1 [17,24e27]. If the cooling
rate is lower, then spherulitic crystallization occurs at temperatures
higher than 350 K and mesophase formation at low temperature
gets increasingly reduced with decreasing cooling rate. Isothermal
analysis of the kinetics of the liquid e mesophase transformation
revealed a half-time of the ordering process of less than a second at
ambient temperature [22,23]. Though the mesophase formation is
fast, it can be suppressed by cooling the melt faster than 1000 K s�1

toT< T g [25]. Subsequent devitrification of the glass byheating then
allows cold-ordering/mesophase formation between T g and about
350 K if the heating rate is lower than 10,000 K s�1 [28]. The liquide

mesophase transition at high supercooling is incomplete even on
long-term storage at ambient temperature, i.e., quenched prepara-
tions of iPP are heterogeneous and contain about 25e50% [12,27,29]
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isometricmesophase particles of size of 5e20nm [14e18,30,31] and
amorphousphase. Theamorphousphase in semimesomorphic iPP is
partially restrained and immobilized due to covalent coupling to the
mesophase, i.e., the amorphous phase contains mobile (MAF) and
rigid amorphous fractions (RAF)with corresponding glass transition
temperatures T g, MAF (270 K) and T g, RAF (>T g, MAF), respectively [8].
The mesophase is of lower packing density than the monoclinic
crystalline phase [27,32] and contains helix reversals as most
important conformational defect [8]. At ambient temperature, the
mesophase is below its own glass transition temperature (T g, Meso-

phase), i.e., the removal of helix reversals to achieve crystalline
registry of molecular stems requires heating of the mesophase to
T> T g, Mesophase, with T g, Mesophase > T g, RAF. The mesophasee crystal
phase transition has frequently been analyzed by temperature-
resolved X-ray diffraction [10e12,15,33] and occurs in a wide
temperature range starting at about 350K, being related to the onset
of helix mobility as detected by solid state NMR [34]. It has been
suggested that the mesophase e crystal phase transition is a local
process within the ordered domains, either proceeding by helix
rewinding or by a chain translation mechanism [35e39]. The mes-
ophase e crystal phase transition is a thermodynamically irrevers-
ible process toward equilibrium, obeys specific kinetics, and can be
suppressed by heating at rates faster than about 20,000 K s�1 into
the temperature rangeof the equilibrium liquid, i.e., to temperatures
higher than the equilibrium melting temperature [28]. In this case,
complete disordering/isotropization of the mesophase occurs at
about 350 K. An extensive review of the structure, stability and
reorganization of the mesophase of iPP has been published recently
[40].

In the present work, we focus on the evaluation of the change of
the kinetics of mesophase formation in iPP as a result of random
insertion of 1-butene co-units into the chain. Random isotactic
copolymers of propylene and 1-butene (iPP-But) are commercially
important polymeric materials, which were developed to broaden
the range of application or the processability of the iPP homopol-
ymer [1,41,42]. Significant research has been performed to describe
structure formation of iPP-But copolymers from solution [43], or
from the melt at low supercooling [44e52] while studies to gain
information about the crystallization process via intermediate
formation of a metastable mesophase at high supercooling are rare.
The application-related potential of iPP-But copolymers crystal-
lized along this specific thermodynamic pathway has been
demonstrated [53,54], and initial investigations of the kinetics of
both the liquid e mesophase and mesophase e crystal phase
transitions have been performed [55e57]. In detail, it has been
shown by non-isothermal fast scanning chip calorimetry (FSC) and
by investigation of the structure of samples cooled at different rate
that the critical cooling rate, required to suppress crystallization at
low supercooling, slightly decreases with increasing concentration
of 1-butene in the chain [57]. This result is in agreement with the
earlier observation of a decreased maximum rate of crystallization
at low supercooling [48]. Analysis of the fine structure of the
mesophase of iPP-But copolymers revealed that the 1-butene chain
defects are trapped in themesophase, and the concentrations of co-
units in the amorphous phase and the mesophase are probably
identical [58]. Heating of the mesophase to T > Tg, Mesophase allows
its reorganization to crystals with the co-units, initially trapped in
the mesophase, kept inside the crystals. The temperature of reor-
ganization of the mesophase into crystals on slow heating
decreases with increasing concentration of 1-butene chain defects,
which has been attributed to a lowering of the glass transition
temperature of the mesophase. Further information about the
kinetics of formation and reorganization of the mesophase as
a function of the copolymer composition are not available, which is
therefore primary object of this work.
Summarizing the intention of the present work, we attempt to
gain further quantitative information about the kinetics of meso-
phase formation and reorganization in iPP-But random copolymers.
To the best of our knowledge, for random iPP-But copolymers, data
about the kinetics of isothermal mesophase formation at ambient
temperature, the kinetics of non-isothermal mesophase formation/
cold-ordering on heating, and the kinetics of reorganization of
mesophase into crystals are not available. We believe that these
information are necessary to further complete the knowledge
about the various pathways of crystallization of the important class
of propylene-based polymers. In addition, and perhaps more
importantly, the data observed may allow general conclusions
about the effect of the variation of the molecular structure/intro-
duction of chain irregularities on the crystallization behavior at
conditions far from thermodynamic equilibrium, if quantified by
the supercooling. The importance of such research from both
polymer science and polymer engineering points of view has been
recognized and resulted in organization of special seminars like the
9th Lähnwitz-Seminar on Calorimetry “Transitions far from Equi-
librium e Super-heating; Super-cooling” in 2006 [59], and a work-
shop on “Polymer Crystallization under Conditions Relevant to
Processing” in 2010 [60]. In order to achieve the goal of the present
work, we employed the new experimental technique of fast scan-
ning chip calorimetry (FSC). First instruments were developed in
the 1990’s to be used under quasi-adiabatic conditions for fast
heating up to 107 K s�1 [61,62]. Further utilization of this technique
for research of polymer crystallization at fast cooling required
operation at non-adiabatic conditions, which has been achieved
only less than 10 years ago [63,64]. The particular technique of non-
adiabatic FSC needed to be used since mesophase formation at high
supercooling, and cold-ordering and reorganization during heating
occur at a time scale of few milliseconds (ms), being too fast to be
monitored by standard differential scanning calorimetry (DSC). As
such the present study is also performed to further establish and
demonstrate the capabilities of the novel instrumental technique of
FSC for analysis of phase transitions in polymeric materials.

2. Experimental section

For the present study we used an iPP homopolymer with
a mass-average molar mass and polydispersity of 373 kDa and 6.2,
respectively [65]. Isotactic poly(propyleneerane1-butene) samples
with a concentration of 6.0 and 10.9 mol-% 1-butene (iPP-But.6 and
iPP-But.11) and a molar mass of 225 kDa and polydispersity of 3.1
were purchased from SigmaeAldrich [66,67]. The as-received
materials were compression-molded at 473 K to films of 100 mm
thickness in a Collin press, using a rate of 10 Kmin�1 for cooling the
films to ambient temperature. For subsequent FSC analyses,
samples of 10e15 mm thickness and a lateral dimension of the
order of 50 mm were prepared by microscope-aided cutting. The
specimens were placed on a thin film chip sensor XI 395 (Xensor
Integration, Netherlands), with the thermal contact between the
sensor and the specimen improved by Apiezon� N grease. We used
the recently developed dual-sensor instrument setup which allows
recording of the electrical power difference between the sample
and reference calorimeters according to the programmed tem-
peratureetime profile, and subsequent conversion into an
apparent sample heat capacity [68,69]. The determination of an
instrumental baseline, required to correct for temperature-
dependent different losses of heat to the environment at the
sample and reference sites, has been performed as recommended
in the literature [68,69]. It included the measurement of the power
difference as a function of temperature during heating and cooling
at identical rates in presence of the sample of interest, and the
construction of a baseline based on averaging heating- and
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cooling-data at temperatures outside of phase transitions and
interpolation in regions of phase transitions using 2nd or 3rd order
polynomials. While calibration of the power signal was not
required, the measurement of temperature considering the
thermal lag as a function of heating/cooling rate was checked using
the melting temperature of indium, with the indium placed on top
of a sample, to consider the thermal resistance of the latter. In
order to achieve high cooling rate, the encapsulated measuring
system was inserted into liquid nitrogen, and the furnace was
purged using cold, gaseous nitrogen. The mass m of the samples
was estimated by comparing the measured total heat capacity Cp at
temperatures higher than the melting temperature with specific
heat capacity data cp (¼ Cp/m) available in the ATHAS data base
[70]. The sample mass was of the order of 10 ng.

The analysis of the kinetics of mesophase formation and reor-
ganization as a function of the content of 1-butene co-units, from
point-of-view of experiment organization, is illustrated in Fig. 1.
The left part of Fig. 1 shows the temperatureetime profile applied
for preparation (P) of samples of different content of mesophase.
Fully amorphous samples were obtained by heating to 473 K and
cooling to 120 K at a rate of 104 K s�1. Note that it is known from
former research that the critical cooling rate to avoid both crys-
tallization at low supercooling and mesophase formation at high
supercooling is around 103 K s�1 [25,57]. Subsequently, the fully
amorphous, glassy samples were heated to 300 K, and kept at this
temperature for different period of time between 0 and 60 s. This
treatment allowed preparation of semimesomorphic samples with
different concentration of mesophase. The content of mesophase
in the different preparations is then analyzed by evaluation of the
heat of isotropization/disordering on heating at 2 � 104 K s�1,
illustrated in the right part of Fig. 1 with the heating segment H1.
Heating of fully amorphous or semimesomorphic samples of iPP at
2 � 104 K s�1 suppresses cold-ordering of amorphous structure
and reorganization of mesophase [28,71], and allows therefore an
undisturbed evaluation of the heat of isotropization of mesophase
initially formed during the isothermal segment in the preparation
step (P). The kinetics of mesophase formation is then obtained by
plotting the heat of isotropization obtained on fast heating (H1) as
Fig. 1. FSC temperature e time profiles used for preparation of semimesomorphic specimen
(left), and for subsequent analysis of the mesophase content, cold-ordering of amorphous
a function of the time of isothermal ordering during preparation
(P). An identical sample preparation scheme was used for analysis
of the effect of comonomer content on cold-ordering and reor-
ganization. In this case, the samples were heated at a rate of
1 � 103 K s�1 (H2) which has been proven by preliminary
experimentation to not only being sufficiently slow to allow cold-
ordering and reorganization but also to identify different kinetics
of these processes caused by the chemical composition of
macromolecules.

An additional experiment has been performed for evaluation of
a critical rate of heating which is required to completely suppress
the reorganization of the mesophase into crystals. In a former work
it has been shown that mesophase reorganization in case of the iPP
homopolymer can only be avoided by heating faster than about
20,000 K s�1, i.e., by passing the temperature range from 300 to
400 K within 5 ms. It is now speculated that the removal/healing of
conformational defects within the mesophase during heating, in
order to obtain crystalline order, is affected by the presence of chain
defects in both the mesophase and the surrounding amorphous
phase. In order to prove this assumption, semimesomorphic
samples were prepared by isothermal ordering at 300 K, and
subsequently the extent of reorganization has been analyzed as
a function of the rate of heating. The temperatureetime profile of
this particular experiment is shown in Fig. 2.

In case of FSC analysis, preparation of the samples of ng-size
onto the surface of the sensor is the most time-consuming step of
the experiment. Therefore, once a sample is prepared and properly
placed on the sensor, all thermal treatments are performed with
this particular specimen. In order to check for degradation, change
of the nucleation mechanism/density, or instrumental drift during
the course of the experiment, validation scans were performed
between all consecutive measurements. Furthermore, selected
annealing experiments were performed three times, for the sake of
estimation the relative error on subsequent analysis of the heat and
temperature of isotropization/melting. Typically, the relative error
regarding the enthalpy of transitions is less than 1%, while the
repeatability error of the onset temperature of transitions is less
than 1 K.
s of iPP homopolymer and random iPP-But copolymers of different mesophase content
phase and mesophase reorganization on heating (right).



Fig. 2. FSC temperatureetime profile used for determination of the critical rate of heating for complete suppression of reorganization of mesophase into crystals.
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3. Results and discussion

3.1. Kinetics of isothermal mesophase formation

Fig. 3 shows FSC curves obtained on heating iPP (left plot), iPP-
But.6 (center plot) and iPP-But.11 (right plot) at a rate of
20,000 K s�1. The various curves in the individual plots represent
samples which were cold-ordered at 300 K for different time
between 0.1 ms (bottom curve) and 60 s (top curve), with the exact
temperatureetime profile shown in the left part of Fig. 1. The
variation of the time of cold-ordering resulted in the formation of
different amount of mesophase which effectively is analyzed by
evaluation of the heat of disordering in the subsequently per-
formed heating scans. It has been found in a former study that
heating at 20,000 K s�1 suppresses both cold-ordering and reor-
ganization, i.e., any endothermic transition detected during heating
is related to the structure before heating onset. Data shown in Fig. 3
reveal distinct differences of the kinetics of cold-ordering between
the investigated samples of different 1-butene concentration.
While in case of the iPP homopolymer a disordering peak is
detected after cold-ordering for a period of time as low as 0.1 ms, in
Fig. 3. Apparent heat capacity as a function of temperature obtained on heating iPP (left), iP
the individual plots represent samples which were ordered at 300 K for different periods of
the random copolymers containing 6 and 11 mol-% 1-butene first
traces of endothermic heat flow are only seen in preparations cold-
ordered for 0.1 s or 0.2 s, respectively. Regarding the experiments
performed on the iPP homopolymer, it is important to note the
change of disordering temperature during the growth of the mes-
ophase up to 0.1 s. In the early stage of the ordering process the
mesophase seems of higher stability since the disordering
temperature decreases, as has been discussed in detail in a separate
study [71]. This is not observed in the copolymers, which suggests
that the growth of small perfect mesophase domains in the initial
stage of the ordering process is not permitted due to the random
occurrence of 1-butene co-units.

The decrease of the rate of isothermal mesophase formation on
addition of 1-butene co-units into the iPP chain is illustrated in
Fig. 4 by a direct comparison of the FSC heating scans obtained on
samples cold-ordered for 0.1 s, drawn in bold in Fig. 3. Cold-
ordering of iPP for 0.1 s resulted in formation of about 21% meso-
phase which is calculated by normalizing the measured enthalpy of
isotropization of 36 J g�1 with the bulk enthalpy of isotropization of
168 J g�1 [71]. The specific heat of isotropization of the iPP meso-
phase of 168 J g�1 is obtained by subtraction of the specific heat of
P-But.6 (center), and iPP-But.11 (right) at a rate of 20,000 K s�1. The different curves in
time between 0.1 ms (bottom curve) and 60 s (top curve), according scheme P in Fig. 1.



Fig. 4. Apparent heat capacity as a function of temperature on heating iPP (top curve),
iPP-But.6 (center curve), and iPP-But.11 (bottom curve) at a rate of 20,000 K s�1, after
prior cold-ordering at 300 K for 0.1 s. The gray-shading of the endothermic disordering
peak serves for illustration of decreasing amount of mesophase with increasing
concentration of 1-butene co-units.

Fig. 5. Enthalpy of isotropization the mesophase of iPP, iPP-But.6, and iPP-But.11 as
a function of the time of prior cold-ordering at 300 K. The vertical arrows mark the
half-time of cold-ordering.
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transition of mesophase into crystals of 14 J g�1 from the specific
heat of melting of crystals of 182 J g�1, valid at 350 K [8,70]. In
contrast, in the copolymer with 6 mol-% 1-butene the enthalpy of
isotropization after cold-ordering for 0.1 s is only 8 J g�1, which is
equivalent to a mesophase fraction of only 5%. Further increase of
the 1-butene content to 11 mol-% delays the onset of mesophase
formation to more than 0.1 s.

Further quantitative information about the kinetics of the cold-
ordering process are summarized in Fig. 5. It is a plot of the
enthalpy of isotropization of the mesophase of iPP, iPP-But.6 and
iPP-But.11 as a function of the logarithm of the time of isothermal
cold-ordering at 300 K, with the transition enthalpies calculated
from the data shown in Fig. 3. The data sets in Fig. 5 for the various
copolymers reveal that the process of isothermal mesophase
formation, after the induction period, can be subdivided into two
parts. First, there is a fast increase of the mesophase fraction, fol-
lowed by a distinctly slower process. In Fig. 5, these two processes
are indicated with the gray dotted arrows. It is assumed that the
fast process is related to the primary formation of mesophase
particles while the slow process may be related to their perfection.
An indication for the slow perfection is the increase of the
temperature of disordering by about 10 K during the time interval
of the slow process, as seen in Fig. 3 with the line in the center
graph, connecting the peaks. Note that there is not only an increase
of the peak temperature but also of the onset temperature of the
disordering transition. In other words, the peak shift is not
instrumentally caused, due to the increase of the enthalpy of
transition [72]; rather it is due to the increase of thermodynamic
stability of the mesophase. A similar observation has been dis-
cussed in a preceding study about the isotropization, perfection and
reorganization of the mesophase of isotactic polypropylene [71].

Beside the identification of two isothermal ordering processes of
different kinetics/rate, the data of Fig. 5 confirm that mesophase
formation essentially is complete after about 0.1 s in case of the iPP
homopolymer, and after only about 0.5 and 1 s in the copolymers
containing 6 and 11 mol-% 1-butene, respectively, referring to the
times at the end of the fast process. The vertical arrows at the time
axis of Fig. 5 indicate the approximate half-time of the cold-
ordering of the various polymers of the present study which
correspondingly are slightly lower than the time of completion of
mesophase formation. For the homopolymer the half-time of cold-
ordering is about 0.04 s while for iPP-But.6 and iPP-But.11, 0.2 and
0.7 s, respectively, have been observed. The half-time of ordering of
the iPP homopolymer, however, is distinctly lower than has been
observed earlier in an independent study [23]. Continuous
recording of the FSC signal during the isothermal ordering process
revealed a half-time of ordering of about 0.3 s (see Fig. 7 in [23]),
and a completion of the process after close to 1 s (see Fig. 2 in [23]).
We assume that the observed difference of the kinetics of meso-
phase formation is not only due to the use of different grades of
polymers but also due to the different pathways of nucleation. In
the present study the quiescent melt of iPP was cooled to 120 K,
heated to 300 K and only then cold-ordered at constant tempera-
ture. In the earlier study, the ordering temperature was directly
approached from the quiescent liquid state, i.e., the thermal history
and the pathway of nucleation were different. Obviously, the
ordering process is accelerated on extension of the time of the
sample in the glassy state. However, further experiments are
needed to address the effect of using different grades, i.e., molar
mass, polydispersity, regio- and stereo-regularity etc. on the mes-
ophase-formation kinetics.

3.2. Kinetics of non-isothermal mesophase formation and kinetics
of reorganization

The kinetics of both non-isothermal mesophase formation and
of mesophase reorganization were analyzed by heating samples at
the low rate of 1000 K s�1 (path H2 in Fig. 1) after being isother-
mally ordered at 300 K for different periods of time (P in Fig. 1). In
this analysis, identical preparations have been employed as dis-
cussed with Figs. 3 to 5. The reduction of the heating rate from
20,000 to 1000 K s�1 permits non-isothermalmesophase formation
of initially completely amorphous samples during the slow heating
experiments, and reorganization of either isothermally or non-
isothermally formed mesophase into the more stable crystal phase.

Fig. 6 shows the apparent heat capacities of samples of iPP (left),
iPP-But.6 (center), and iPP-But.11 (right), recorded on heating at
1000 K s�1. The time of isothermal ordering at 300 K within the
preceding preparation step, according scheme P of Fig.1, is indicated
at each curve. First, the data shown confirm the observation of
retarded isothermalmesophase formation in case of the presence of



Fig. 6. Apparent heat capacity as a function of temperature obtained on heating iPP (left), iPP-But.6 (center), and iPP-But.11 (right) at a rate of 1000 K s�1. The different curves in the
plots represent samples which were ordered at 300 K for different periods of time between 0.1 ms (bottom curve) and 60 s (top curve), according preparation scheme P and analysis
by path H2 in Fig. 1.

Fig. 7. Apparent heat capacity as a function of temperature on heating fully amorphous
iPP (top curve), iPP-But.6 (center curve), and iPP-But.11 (bottom curve) at a rate of
1000 K s�1. The gray-shaded areas indicate exothermic cold-ordering.

D. Mileva et al. / Polymer 52 (2011) 1107e11151112
1-butene co-units, already discussed with Figs. 3 to 5. Inspection of
the heating scans of the samples isothermally ordered at 300 K for
a periodof 0.1 s (bolddrawn) reveals presence ofmesophase only for
the iPPhomopolymer. Themesophase formation seemsnegligible in
case of the random iPP-But copolymers since the exothermic and
endothermic peaks approximately have the same area.

Furthermore, the data of Fig. 6 provide new information about
the kinetics of non-isothermal mesophase formation on heating.
Irrespective of the concentration of 1-butene co-units, samples
isothermally ordered at 300 K for a period of 0.1 ms are completely
amorphous before heating onset . However, the concentration of 1-
butene in the various samples distinctly affects the process of cold-
ordering during heating at 1000 K s�1. Note that the choice of the
heating rate is crucial for identification of differences of the cold-
ordering behavior. If the heating rate is too high then cold-ordering
may completely be suppressed in all samples, as was demonstrated
with the experiment of Fig. 3. In contrast, if the heating rate is too
low, then cold-orderingmay complete in all samples of different co-
unit content d preventing an efficient identification of different
kinetics of cold-ordering in the various copolymers. As such, heating
at 1000 K s�1 seems optimum for evaluation of the different cold-
ordering kinetics of the copolymers of the present study. In Fig. 7, the
bottom curves in the individual plots of Fig. 6, representing fully
amorphous specimens of different comonomer concentration, were
re-drawn for direct comparison of the cold-ordering during heating.
The data show that cold-ordering gets increasingly suppressedwith
increasing concentration of 1-butene co-units. The enthalpy of cold-
ordering is about 38 J g�1 in case of the iPP homopolymer, while it is
reduced to 34 and 7 J g�1 in the copolymers containing 6 and 11mol-
% 1-butene, respectively. The values of 38, 34 and 7 J g�1 correspond
to mesophase fractions of 23, 20, and 4%, respectively. A further
indication of deceleration of the rate of mesophase formation on
addition of 1-butene co-units is the shift of the exothermic cold-
ordering peak to higher temperature. Finally, the data of Fig. 7 show
that the composition of the copolymers affects the temperature of
isotropization of mesophase or melting of crystals, formed by reor-
ganization ofmesophase. The temperature of the endothermic peak
succeeding the exothermic cold-ordering on heating decreaseswith
increasing amount of 1-butene co-units in the copolymers which
likely is due increasing suppression of perfection and/or reorgani-
zation of mesophase during heating. As such, the addition of
1-butene co-units not only slows down the formation ofmesophase
from the liquid structure, but also decreases the rate of mesophase
perfection and reorganization. In addition, the decrease of the
temperatureof disorderingormeltingmaybedue to the inclusion of
1-butene co-units into the mesophase which has recently been
evidenced by X-ray scattering [58].

The tendency for a reduction of the rate of mesophase perfec-
tion and reorganization on increasing the concentration of
1-butene can also be recognized on inspection of the heating scans
of semimesomorphic preparations. The top curves in the individual
graphs of Fig. 6 were obtained on specimens that have isothermally
been cold-ordered at 300 K for a period of 60 s, and were re-drawn
in Fig. 8 for direct comparison. It has been shown with the exper-
iments of Figs. 3 and 5 that the cold-ordering process at 300 K has
been completed after 60 s. Heating of these semimesomorphic
preparations of iPP homo- and copolymers, in general leads to
isotropization of the mesophase, which, however, can only be
completed if perfection and reorganization into the crystal phase



Fig. 8. Apparent heat capacity as a function of temperature on heating semi-
mesomorphic iPP (top curve), iPP-But.6 (center curve), and iPP-But.11 (bottom curve)
at a rate of 1000 K s�1.
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get suppressed. For the iPP homopolymer, the critical heating rate
for complete suppression of perfection and reorganization is
20,000 K s�1. If the heating rate is lower, then completion of the
disordering process, i.e., of the mesophasee liquid phase transition
is incomplete due to simultaneous onset of perfection and reor-
ganization, inducing disordering/melting of perfected/reorganized
mesophase at higher temperature. The data of Fig. 8 clearly show
that the rate of perfection and reorganization of the mesophase
during heating at 1000 K s�1 decrease with increasing concentra-
tion of 1-butene co-units since both the enthalpy of isotropization/
fusion and the temperature of the high-temperature transition
decrease. Simultaneously, and as expected, the enthalpy of iso-
tropization of the low-temperature peak increases. The tempera-
ture of the low-temperature peak represents the initial
thermodynamic stability of themesophase formed and perfected at
constant temperature of 300 K (see Fig. 5), and, apparently, is
identical for all samples of the present study.

3.3. Critical rate of heating for complete suppression of mesophase
reorganization

In general, the kinetics of reorganization of semimesomorphic
or semicrystalline structures can advantageously be evaluated by
Fig. 9. Apparent heat capacity as a function of temperature obtained on heating semimesom
(top curves) and 30,000 K s�1 (bottom curves).
variation of the heating rate. While slow heating allows reorgani-
zation of ordered structures, it gets increasingly suppressed on
increasing the heating rate. With respect to the mesophase of the
iPP homopolymer it has been found that reorganization into crys-
tals can only be suppressed by heating at a rate faster than
20e40,000 K s�1. The degree of mesophase perfection and trans-
formation into crystals depends on the temperature of the initial
growth of the mesophase and the heating rate used for analysis. For
the iPP-But copolymers of the present study, the dependence of
mesophase reorganization on the heating rate has not been
analyzed yet, and was therefore studied with the experiments of
Fig. 2. Semimesomorphic samples were prepared by isothermal
cold-ordering at 300 K, and the reorganization has been followed
on heating at rates between 1000 and 30,000 K s�1. The corre-
sponding FSC heating curves are shown in Fig. 9. The data confirm
the expectation of a lower rate of mesophase reorganization in case
of presence of 1-butene co-units in the iPP chain, surmised already
from the experiments of Fig. 8. The low-temperature peak in the
curves of Fig. 9 represents onset of isotropization of the mesophase,
and is only slightly higher than the temperature of prior cold-
ordering. With increasing heating rate, this peak shifts slightly
toward higher temperature which may be related to the glass
transition of the mesophase [28,73]. However, more important in
the context of the discussion of mesophase reorganization is the
observation of an increase of the enthalpy of disordering of the low-
temperature peak with increasing heating rate. The low-tempera-
ture isotropization of the mesophase is incomplete on slow heating
due to simultaneous onset of mesophase perfection and reorgani-
zation into crystals, with the reorganized structure melting at
higher temperature. With increasing heating rate, the ratio of
enthalpies of the low- and high-temperature transition increases,
which is a quantitative measure of the reorganization, and its
change with heating rate [74].

The data of Fig. 9 show that mesophase reorganization in
random copolymers of propylene with 6 and 11 mol-% 1-butene is
fully inhibited at distinctly lower rate than in case of the iPP
homopolymer. While the high-temperature melting peak of reor-
ganized mesophase in iPP seems completely absent on heating at
20,000 K s�1, in iPP-But copolymers with 6 and 11 mol-% 1-butene
the critical heating rate for complete suppression of mesophase
reorganization is reduced to 10,000 and 5000 K s�1, respectively.

Heating at rates faster than the reported critical heating rates
results in direct transformation of the initially at 300 K formed
mesophase into liquid structure. Though not expected, the
temperature of the mesophase e liquid phase transformation
seems independent on the concentration of 1-butene and is
orphic iPP (left), iPP-But.6 (center), and iPP-But.11 (right) at different rate between 1000
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approximately 350 K on heating at 30,000 K s�1. Initially we
expected a decrease not only of the critical rate of heating for
complete suppression of reorganization but also of the temperature
of the mesophase e liquid phase transformation, based on the
knowledge of incorporation of 1-butene co-units into the meso-
phase, [58] decreasing their thermodynamic stability. However,
assessing the thermodynamic stability of the mesophase as
a function of comonomer concentration, as defined by intersection
of the free-enthalpy e temperature curves, would require analysis
of the equilibrium transition temperature. In the present study, the
mesophase in all samples of different co-unit concentration was
formed at identical temperature of 300 K, though different
respective supercooling below the equilibrium melting tempera-
ture. As such it is not surprising that the disordering temperature in
all copolymers is unchanged.

Finally, careful viewing of the data of Fig. 9 suggests annealing/
perfection of mesophase, as is indicated by detection of a small
endothermic peak on heating at low rate, following the low-
temperature isotropization peak of initially formedmesophase (see
arrow in the right plot). On fast heating, the annealing/perfection of
mesophase apparently is reduced, and is then only recognized as
a shoulder. The observation of a discrete annealing peak on
continuous heating may display the maximum degree of perfection
of themesophase, ormay be due to interruption of the annealing by
the shallow mesophase e crystal transition exotherm, preceding
the final melting peak.

4. Conclusions

In the present study, the effect of presence of 1-butene co-units
in the iPP macromolecule on the kinetics of structure formation at
high supercooling and the kinetics of temperature-triggered reor-
ganization has been evaluated. It has been shown that mesophase
formation at high supercooling is distinctly slower in random iPP-
But copolymers than in the iPP homopolymer, with the decrease of
the rate of both isothermal and non-isothermal mesophase
formation being dependent on the concentration of 1-butene chain
defects (see Figs. 4, 5 and 7). The finding of a decreased rate of
ordering at high supercooling is in line with independent obser-
vation of a lowered rate of crystallization at low supercooling. The
decrease of both the rate of crystallization at low supercooling and
the rate of mesophase formation at high supercooling, however,
cannot primarily be attributed to the selection of molecule
segments free of constitutional defects at the growth front of the
ordered phase. X-ray analyses revealed incorporation of 1-butene
co-units into the crystalline phase and into the mesophase,
apparently without partitioning between ordered and amorphous
phases [58]. It is therefore suggested that the decrease of the (gross)
rate of crystallization and rate of mesophase formation in iPP-But
copolymers, compared to the iPP homopolymer, is mainly due to
the decrease of the thermodynamic driving force, i.e., the difference
of the bulk free enthalpies of parent and daughter phases of the
ordering process. In random copolymers, the free enthalpy of the
liquid phase is lower than that of the homopolymer at identical
temperature (otherwise, there would be phase separation), which
reduces the free-enthalpy difference between liquid and ordered
phases and the equilibrium melting temperature [75]. For iPP-
based random copolymers, the decrease of the equilibriummelting
temperature has been discussed and seems experimentally proven
[55,76e78], and the link between the rate of phase transformation
and the free-enthalpy difference between parent and daughter
phases is well documented with the TurnbulleFisher equation [79].
The advance of the present work, however, seems the proof that
heterogeneous nucleation evident on crystallization at low super-
cooling, and homogeneous nucleation, assumed to be the dominant
nucleation mechanism on mesophase formation at high super-
cooling, obviously obey identical rules regarding the relationship
between the thermodynamic driving force and the rate of phase
transformation. Despite this result is expected from the classical
nucleation and crystallization theory [80,81], experimental
evidence is rare since homogenous nucleation in bulk samples
barely can be assessed regarding its kinetics with standard
analytics. With the present work, the experimental tool of fast
scanning chip calorimetry has been proven to be outstanding
beneficial for quantitative analysis of the kinetics of homogeneous
nucleation/crystallization at high supercooling of iPP-based mate-
rials, finally providing valuable data for further establishment of
correlations between the chemical architecture of macromolecules
and structure formation from the quiescent liquid state.
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The effect of the addition of 50 nm spherical alumina nanoparticles with hydrophilic or hydrophobic
surfaces on the morphology of syndiotactic polypropylene (sPP) was investigated. The filler content in
the nanocomposites was 3 wt%. Polarized Optical Microscopy and Small Angle Light Scattering (SALS)
studies showed that sPP and the nanocomposites form hedrites. The addition of alumina nanoparticles
significantly increased the number of hedrites. A higher number of nucleation sites in the nano-
composites promote a higher crystallization rate, and thus hedritic growth was stopped at the early stage
of crystallization. Quantitative evaluations by SALS analysis show that the object size is decreased by not
only the crystallization conditions but also the presence of Al2O3 nanoparticles. A small amount of Al2O3

nanoparticles did not noticeably affect the crystallinity of sPP, but increased the melting point. Trans-
mission Electron Microscopy images showed that the lamellar thickness did not change significantly
with the incorporation of nanoparticles. The lamella thickness, however, depends on cooling rates. X-ray
diffraction characterization indicated that the sPP and the nanocomposites were crystallized in disor-
dered “form I”. The incorporation of alumina nanoparticles had a small effect on the crystal structure of
syndiotactic polypropylene.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

There have been many studies on syndiotactic polypropylene
(sPP) over recent years on account of its remarkable physical and
mechanical properties. Recent studies showed that sPP exhibits
excellent properties that overcome weaknesses, such as poor
flexibility and low electrical breakdown strength, known for
isotactic polypropylene (iPP) [1]. This makes sPP very attractive for
power cable and innovative applications [1e3]. Many researches
have focused on the polymorphism,morphology and crystallization
kinetics of syndiotactic polypropylene under various processing
conditions [4]. In comparison with iPP, sPP shows a more fine
grained morphology [5] which contributes to better electrical
characteristics. The continuous development of sPP-based mate-
rials aims at achieving improved properties. Modification of poly-
propylene performance by inorganic nanoparticles incorporation is
a promising way of broadening the use of this material.

Many studies on inorganic/polypropylene composites based on
iPP have been reported so far [6e9]. Considerable improvement of
polypropylene’s mechanical properties, crystallization behavior,
electrical conductivity, and thermal stability can be expected for
All rights reserved.
this polymer. Very little, however, has been known about nano-
composites based on syndiotactic polypropylene. The effect of
layered silicates on chain conformational transformations of sPP
during mechanical elongation and thermal treatment was recently
reported [10]. Both organic layered silicates and silver nano-
particles significantly increased the crystallization rate of sPP due
to their heterogeneous nucleation effect [11,12]. Although alumina
has recently received large interest thanks to its excellent dielectric
properties, good thermal conductivity, high strength, and resis-
tance to strong acids and bases even at elevated temperatures [13],
its use as filler in polymers is limited up to the present. Zhao and Li
[14] reported improved tensile and impact properties of iPP from
addition of alumina nanoparticles. They also found that incorpo-
ration of alumina nanoparticles significantly reduces the iPP
spherulitic size. Most studies, however, have focused on the effect
of alumina nanoparticles in polar polymers such as poly(ethylene
terephthalate), polyamides, polyurethane and epoxy resins
[15e20]. Thus, additional studies on sPP/alumina nanocomposites
are needed for future development.

In a previous paper [21] we investigated the selection of silane
coupling agents possessing a good compatibility with PP. We ach-
ieved a good dispersion of hydrophobic functionalized alumina
nanoparticles by melt mixing. The purpose of this work was to
study the effect of alumina nanoparticles on the morphology of
syndiotactic polypropylene using Differential Scanning Calorimetry

mailto:age.larsen@sintef.no
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.014
http://dx.doi.org/10.1016/j.polymer.2011.01.014
http://dx.doi.org/10.1016/j.polymer.2011.01.014
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(DSC), Polarized Optical Microscopy (POM), Small Angle Light
Scattering (SALS), Transmission Electron Microscopy (TEM), and
X-ray analysis (XRD).
2. Experimental

2.1. Materials

Commercial syndiotactic polypropylene used in this work was
supplied by Total Fina with the following parameters: a melt flow
index of 4 g/10 min, density 0.88 g/cm3, a melting point of 130 �C
(DSC), tensile strength 15 MPa (ASTM D638), tensile modulus
480 MPa (ASTM D638), elongation at break 10% (ASTM D790), and
flexural modulus 340 MPa (ASTM D638). Spherical g-phase
alumina (Al2O3) nanoparticles with nominal size 50 nm, were
purchased fromAldrich. (3-chloropropyl)triethoxysilane (95%), and
anhydrous toluene (99.8%) were also from Aldrich and used as
supplied.
2.2. Sample preparation

The silane modification of the alumina was adapted from the
procedures as described elsewhere [21]. The Al2O3 NP surface was
modified with a silane coupling agent, (3-chloropropyl)triethox-
ysilane, in anhydrous toluene. The mixture was refluxed for 23 h at
135 �C to create hydrocarbon groups for dispersibility improve-
ments of alumina nanoparticles in an sPP matrix [21]. The sPP and
alumina were manually premixed, and the mixture was melt
blended in a co-rotating twin batch screw extruder (DSM Midi
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Fig. 1. (A) and (B) Specific heat capacity of neat sPP, 3 wt% pure Al2O3/sPP, and 3 wt% modifie
samples were non-isothermally melt-crystallized at 0.25 K/min, and 25 K/min, respectively,
for amorphous and crystalline polypropylene from the ATHAS data bank. (C) and (D) Temp
melting exotherms (A) and (B), respectively. The curves ha(T) and hc(T) are the enthalpy fo
2000) at 70 rpm and 200 �C for 5 min. All the nanocomposites
contained an equal amount of 3 wt% alumina. The extruded
samples were then molded in a hot press at 200 �C for 5 min, and
crystallized at two different cooling rates by using air or water
cooling to obtain 1 mm thick films. Average cooling rates for air and
water cooling are 0.25 and 25 K/min, respectively.
2.3. Characterization

A PerkineElmer Pyris 8500 Differential Scanning Calorimeter
(DSC) was applied to record melting endotherms for these resins.
Calibration for the temperature and heat flowwas carried out using
both an indium standard (Tm ¼ 156.6 �C and ΔH ¼ 28.5 J/g) and
a zinc standard (Tm ¼ 419.47 �C and ΔH ¼ 108.37 J/g). Standard
aluminum pans (PerkineElmer 0219-0041) were used to minimize
thermal lag between the polymer sample and the DSC furnace.
Typical sample sizes were 2e4 mg and 1e1.5 mg for slow and fast
heating, respectively. All measurements were carried out under
nitrogen atmosphere.

A Polarizing Optical Microscope (POM) (Olympus BX51, Japan)
was used to observe the morphology of the neat sPP and the
composites. The thin sample pieces ca. 10 mm thick cut from the
hot-pressed plates were sandwiched between optical glass plates.

Small Angle Light Scattering (SALS) experiments were per-
formed on a home-built light scattering set-up composed of
a HeeNe laser source (wavelength 632.8 nm), optical devices to
define the scattering volume and angle, and a QImaging Retiga CCD
camera (with effective pixel dimension 12.9 � 12.9 mm2). The
sample (sandwiched between optical glass plates) was placed
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d-Al2O3/sPP nanocomposites at heating rates 30 K/min and 150 K/min, respectively. The
in a hot press. The straight lines (Cp amorphous and Cp crystal) are the specific heat capacity
erature dependences of the enthalpy and the degree of crystallinity using data from

r amorphous and crystalline PP integrated from Cp amorphous and Cp crystal.
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between crossed polarizers (depolarized light) to investigate the
concentration fluctuations or the anisotropy fluctuations. The
Fraunhofer diffraction pattern from a 25 mm pinhole was employed
for the calibration of the scattering angle. The scattering patterns
were analyzed using the “Fit2D” software [22].

The lamella structures of the sPP and nanocomposites were
observed by a JEOL 2000FX Transmission Electron Microscope
(TEM) operated at 120 kV. The samples were stained by mixing
0.15 g RuCl3∙3H2O and 5 ml sodium hypochlorite, and leaving the
sample in an air-tight container for 1.5 days. RuO4 diffuses only into
the amorphous components, leaving the crystals unaffected. Ultra-
thin samples of 70 nm thickness were prepared at�100 �C by using
a Reichert Ultracut S ultramicrotome equipped with a diamond
knife. A large number of images (approximately 6 micrographs per
sample) made at various positions in the samples were analyzed
using the “ImageJ” software to obtain the lamella thickness distri-
bution histograms [23].

X-ray diffraction (XRD) characterization of the samples was
performed at room temperature using a Siemens D-5000 with
a CuKa1 radiation and wavelength 0.154 nm. The signal was
Fig. 2. Polarized optical micrographs of the neat sPP (A), 3 wt% pure Al2O3/sPP (B), and
0.25 K/min (left-hand side) 25 K/min (right-hand side) in a hot press.
obtained in step mode with a step size of 0.02�, and the collection
time was 1 s.

3. Results and discussion

Fig. 1(A and B) presents the experimental heat capacity of neat
sPP, 3 wt% pure Al2O3/sPP, and 3 wt% modified-Al2O3/sPP nano-
composites at heating rates 30 K/min and 150 K/min, respectively,
and the Cp reference curves for amorphous and crystalline poly-
propylene. The samples were non-isothermally melt-crystallized at
0.25 K/min and 25 K/min in a hot press, respectively. In the melt
part, Cp(T) and Cp amorphous(T) coincide, except for a slightly higher
curve for sPP/pure alumina in Fig. 1(B), but which is still within the
2e3% uncertainty in the DSC method. The coincidence is an indi-
cator of the quality of the measurement. This is very important for
Cp characterization. Fig. 1(A) shows that the melting temperature
for the neat sPP is 124.0 �C, and shifts to higher temperature,
126.4 �C, when the Al2O3 nanoparticles are incorporated into the
sPP matrix. The same trend can be seen for the samples crystallized
at a faster cooling rate, 25 K/min, shown in Fig. 1(B) where the
3 wt% modified-Al2O3/sPP nanocomposites (C) non-isothermally melt-crystallized at



Fig. 3. SALS patterns of the neat sPP (A), 3 wt% pure Al2O3/sPP (B), and 3 wt% modified-Al2O3/sPP nanocomposites (C) non-isothermally melt-crystallized at 0.25 K/min (left-hand
side) 25 K/min (right-hand side) in a hot press.
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melting temperature for the sPP and the composites are 113.3 �C
and 114.8 �C, respectively. The melting point shift to higher
temperature indicates that the crystallites in the polymeric matrix
are more stable due to the presence of the nanoparticles.

Fig. 1(C and D) shows the experimental enthalpy, h(T), and
reference functions ha(T) and hc(T), integrated from Cp(T), Cp amor-

phous(T) and Cp crystal(T) in Fig.1(A and B), respectively, together with
the heat of melting at the equilibriummelting temperature,DhðT0mÞ.
From the data of Fig. 1(A and B), the degree of crystallinity as
a function of temperature was obtained in Fig. 1(C and D). The
calculation of crystallinity has been described by Schick [24] and
Mathot [25]. Assuming a simple two phase model consisting of
a crystalline phase and an amorphous phase is valid for sPP. This
means the amorphous phase is always in the liquid state above
its glass transition temperature, around 3 �C for syndiotactic
polypropylene. The enthalpy of the samples, h(T) is the integration
of the specific heat of the crystalline part. The degree of crystal-
linity, wc(T) can be obtained from [26]:

wcðTÞ ¼ haðTÞ � hðTÞ
haðTÞ � hcðTÞ (1)

Fig. 1(C) shows that the degree of crystallinity for the samples
non-isothermally crystallized at 0.25 K/min was constant, about
0.35, between 10 �C and 50 �C. The differences between the
samples were insignificant. The addition of alumina nanoparticles
and surface treatment of the particles did not affect the overall
degree of crystallinity.

Similarly, Fig. 1(D) presents the degree of crystallinity for the
samples non-isothermally crystallized at 25 K/min. The crystallinity



Fig. 4. sPP and sPP/alumina nanocomposites non-isothermally melt-crystallized at 0.25 K/min and 25 K/min in a hot press. Intensities I(q) of polarized-scattering according to the
DebyeeBueche function (A), (B) and (C). Size of the final objects given by the correlation lengths (D).
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for sPP with alumina nanoparticles was 0.27, which is 0.02 higher
than that for pristine sPP between 30 �C and 40 �C. Degree of
crystallinity for all samples increases with increasing temperature
from 10 to 50 �C.We carried out DSC crystallization and subsequent
melting runs (not shown here) at various cooling rates ranging
from 1 to 100 K/min and a standard heating rate 10 K/min, and
found that recrystallization for these samples occurs in this
temperature region. In principle, melting may give recrystallization
during heating. Recrystallization is a very rapid process, within
milliseconds for poly(ethylene terephthalate) for example [27]. For
slowly cooled samples in Fig. 1(A and C), recrystallization may take
place at 10e50 �C. This crystal perfection created more stable
crystals but did not increase crystallinity. In contrast, crystallization
of the rapidly cooled samples shown in Fig. 1(B and D) not
only created more stable crystals but also increased the degree of
crystallinity since new lamellae grew between the primary
crystallization.

Fig. 2 presents the POM images of the pristine sPP (A), 3 wt%
pure Al2O3/sPP (B), and 3 wt% modified-Al2O3/sPP nanocomposites
(C) non-isothermally melt-crystallized at 0.25 K/min (left-hand
side) and 25 K/min (right-hand side) in the hot press. Fig. 2(A)
shows the crystal aggregates seen in slowly cooled pristine sPP
with clearly defined objects of size around 50 mm. The size of the
aggregates decreases with addition of nanoparticles and increased
cooling rate, Fig. 2(B and C), but typical length scales are difficult to
identify. The general knowledge is that sPP forms hedrites and not
spherulites [28]. We come back to this in the discussion on the SALS
results. We investigated crystallization kinetics to be reported in
a following article and found that the crystallization of the nano-
composites takes place at higher temperatures and with a sharper
crystallization peak, indicating that the nanoparticles induce
heterogeneous nucleation and result in faster crystallization.
Therefore, Fig. 2(B and C) shows an effect of the nanoparticles on
the nucleation of the sPP. The crystal growth of sPP with the two
nanocomposites ends by the impingement of crystals at an early
stage of growth.

Since POM does not reveal the complete picture of the structure
of crystal aggregates, we carried out SALS experiments. Fig. 3 shows
SALS patterns of the samples from Fig. 2. The scattering patterns
show a uniform azimuthal angular distribution for the neat sPP
cooled at 0.25 K/min and a slight azimuthal anisotropy for the other
samples. Also, the scattering intensity decreases monotonically
from q ¼ 0. This confirms that sPP forms hedrites [28]. The aniso-
tropic scattering intensity distribution indicates that the individual
objects possess their anisometric shape [29]. Especially for our
rapidly cooled samples in Fig. 2, there is a tendency of changing
hedrites into structures with a higher symmetry.

For quantitative evaluations of an object size, the DebyeeBue-
che function (equation (2)) was reported as a direct approach being
applicable for hedrites with a uniform chain orientation [28,29]

IðqÞ ¼ I0
�
1þ l2q2

�2 (2)

Here I(q) is the radially integrated scattering intensity and I0 is
the scattering intensity in the forward direction, l is a correlation
length characterizing the object’s size, and q is themagnitude of the
scattering vector given by: q ¼ (4p/l) sin(q/2), l is the wavelength
of light, q is the scattering angle between the incident and scattered



Fig. 5. TEM images of the neat sPP non-isothermally melt-crystallized in the hot press
at 0.25 K/min (A) and 25 K/min (B), and 3 wt% Al2O3/sPP nanocomposites (C) non-
isothermally melt-crystallized at 0.25 K/min in a hot press.
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ray. The DebyeeBueche plot (I(q)�1/2 vs q2) should show a linear
dependence and the correlation length is determined as a square
root of the slope-to-intercept ratio.

For slow cooling, the DebyeeBueche plots in Fig. 4(AeC) shows
an approximately linear dependence over a large q range, indicating
that one correlation length can be determined. For rapid cooling, an
approximately straight line can also be seen for the neat syndio-
tactic polypropylene. However, for the two nanocomposites, the
DebyeeBueche plot shows a marked deviation from linearity at
small q. This nonlinear behavior over a large q range is indicative
of that a single correlation length is not appropriate [30e33].
A modified version of the DebyeeBueche function [30], to include
two correlation lengths, l1 and l2, has been applied in the analysis of
the intensity distribution

IðqÞ ¼ A1
�
1þ l21q

2
�2 þ A2exp

 

� l22q
2

4

!

(3)

where I0ðqÞ ¼ A1 þ A2.
Fig. 4(D) shows a comparison of the scattering objects’ size for

the neat sPP and the nanocomposites at two different crystalliza-
tion conditions, determined according to equation (2) or equation
(3). The incorporation of alumina nanoparticles decreases the
object size of sPP for the slowly cooled samples. Rapid cooling also
decreases the object size, but with the nanocomposites a fraction of
larger objects is also present. This quantitative evaluation shows
that the object size is significantly influenced by not only crystal-
lization condition but also the presence of Al2O3 nanoparticles.

The lamellar structure was examined by TEM. Fig. 5 shows TEM
images of the neat sPP non-isothermally melt-crystallized in the
hot press at 0.25 K/min (A) and 25 K/min (B), and 3 wt% Al2O3/sPP
nanocomposites (B) non-isothermally melt-crystallized at
0.25 K/min in the hot press. The crystalline lamellae are randomly
distributed in the model sPP system. The bright ribbons correspond
to the crystalline lamellae, while the dark regions represent the
amorphous phase. The width of the linear patterns represents the
lamellar thickness. Similarly, in Fig. 5(C), the TEM image of
the Al2O3/sPP also exhibits a lamella structure in addition to the
dark spheres corresponding to the alumina nanoparticles. Based on
many such TEM images, it can be concluded that the lamellar
thickness did not change significantly with the addition of nano-
particles, but was significantly influenced by crystallization rate.

A comparison of the lamella thickness distributions was carried
out to quantify the thickness differences between the sPP samples
prepared by slow or rapid cooling. This gave a more accurate
evaluation of the effect of non-isothermal cooling rates on the
lamella thickness of syndiotactic polypropylene. Fig. 6 shows
lamella thickness histograms of slowly and rapidly cooled sPP
based on more than hundred lamellae. The lamella thickness varies
in the range 4e15 and 4e10 nm for slowly (A) and rapidly (B)
cooled sPP. The most common thickness is 10 nm, and 8 nm for the
slowly and rapidly cooled samples. Representative TEM micro-
graphs can be found in Fig. 5, where a wide distribution of lamellar
thicknesses is present in both slowly and rapidly cooled samples.
The thickness differences between the two crystallization condi-
tions are in a good agreementwith the differences inmelting points
from the DSC in Fig. 1.

X-ray diffraction (XRD) was performed for pure sPP and the
nanocomposites non-isothermally melt-crystallized at 0.25 and
25 K/min (Fig. 7). All XRD profiles exhibited four peaks at the
scattering angle, 2q ¼ 12.36�, 16.05�, 20.74�, 24.75�, corresponding
to the reflecting planes of sPP at (200), (010), (111), (400), respec-
tively. The data indicates that both sPP and sPP composites were
crystallized in modifications close to “form I” of sPP as proposed by
Lotz and Lovinger [34e37]. “Form I” is characterized by chains in s
(1/2)2 helical conformation packed in the orthorhombic unit cell
with axes a¼ 1.45 nm, b¼ 1.12 nm, c¼ 0.74 nm [4,34e37]. The total
absence of the (211) reflection at 2q z 18.8� shows the presence of
structural disorder, a random substitution of right and left-handed
chains in each site of the lattice. The structural disorder due to
defects in the alternation of enantiomorphous helices along the



Fig. 8. X-ray diffraction patterns of the neat sPP, 3 wt% pure Al2O3/sPP nanocomposites
non-isothermally melt-crystallized at 0.25 K/min in a hot press.

A

B

Fig. 6. Lamella thickness distribution of the neat sPP non-isothermally melt-crystal-
lized at 0.25 K/min (A) 25 K/min (B) in a hot press.
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a and b axes [4] is usually present in either low stereoregular sPP or
rapidly crystallized samples. No formation of additional peaks in
the nanoparticle/sPP interface can be seen. However, the peaks at
16.05� are not symmetric, showing a shoulder at 17�. This is typical
of the trans-planar mesomorphic form [4,38]. Previous studies
showed that a maximum of trans-planar mesophase can be formed
by rapid cooling to 0 �C and keeping the sample for a long time at
this temperature [4,39]. The present data shows that a small frac-
tion of this modification can also be formed during rapid, non-
isothermal cooling. This is in good agreement with the DSC curves
in Fig. 1(D), where a small peak can be seen around 50 �C. The peak
can be attributed to the transition of the mesomorphic form to
Fig. 7. X-ray diffraction profiles of the neat sPP, 3 wt% pure Al2O3/sPP, and 3 wt%
modified-Al2O3/sPP nanocomposites non-isothermally melt-crystallized at 0.25 K/min
(black curves) 25 K/min (red curves) in a hot press.
“form I” [38] or the melting of the small crystals observed by TEM.
The shoulder at 2q z 17� may also represent the (110) reflection of
“form II” [4]. The disordered “form II” is characterized by defects in
the stacking of ordered bc layers of chains along the a axis due to
shifts b/4 between successive layers [4,37,40]. Comparing the dif-
fractograms of Fig. 7, the sharper peaks of the slowly cooled
samples indicate larger and more perfect crystals. This is very
consistent with the DSC in Fig. 1.

Fig. 8 shows a comparison between the sPP and the sPP/
alumina nanocomposites at the same crystallization condition,
cooling rate 0.25 K/min. The intensity of the shoulder at 2q z 17�

for the pristine sPP is higher than that of the nanocomposite. This
suggests that the dispersed nanoparticles reduce the amount of
the trans-planar mesomorphic form (or disordered “form II”). For
iPP/alumina nanocomposites, the Al2O3 NPs can act as b-PP
inducing nucleating agents and thus a small amount of b crystals
can be formed in iPP [41].
4. Conclusion

The effect of Al2O3 nanoparticles with a nominal size 50 nm on
crystal morphology of syndiotactic polypropylene was studied. The
main points can be summarized as follows:

1. The alumina nanoparticles (3 wt%) do not considerably affect
the crystallinity, but increase the melting point of sPP.

2. Syndiotactic polypropylene forms hedrites rather than spher-
ulites for both slowly and rapidly cooled samples. The addition
of the nanoparticles yields more hedrites with much smaller
size due to the higher density of nucleation sites in the nano-
composites. Quantitative evaluations by SALS analysis show
that the object size is significantly influenced by not only
crystallization condition but also the presence of Al2O3
nanoparticles.

3. Based on the TEM results, it can be concluded that the lamellar
structure did not change significantly with the addition of
nanoparticles. The lamella thickness depends on the cooling
rate. A most common thickness found is around 10 nm, and
8 nm for the samples cooled at 0.25 and 25 K/min, respectively.

4. X-ray diffraction profiles show that both the sPP and the
nanocomposites were crystallized in disordered “form I”. Small
amount of disordered “form II” or trans-planar mesomorphic
form was observed for all the samples. Less trans-planar
mesomorphic form (or disordered “form II”) was found in sPP/
alumina nanocomposites than in sPP. This indicates that the
incorporation of alumina nanoparticles had a small effect on
the microstructure of syndiotactic polypropylene.
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Multi walled carbon nanotubes have been incorporated into a linear low density polyethylene matrix
through high energy ball milling technique at room temperature, without any chemical modification or
physical treatment of the nanotubes. Highly oriented samples, with different draw ratios, were obtained
by drawing at 80 �C the composite films. SEM and FTIR results on the drawn PE films demonstrate that
the molecular chains in both crystalline and amorphous phases are well oriented along the drawing
direction. The effect of different weight percent loadings of nanotubes and draw ratio on the morphology,
thermal, mechanical and electrical properties of the composite fibers have been investigated.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

The technological significance of the highly oriented polymer
materials derives from their properties that may exceed those of
the isotropic species by orders of magnitude. For example, the
stiffness and strength of highly oriented crystalline polymers [1,2]
can increase to a factor of 100 compared with their non-oriented
counterparts. For flexible regular chain polymers, macromolecules
tend to fold upon crystallization and different routes have been
developed to transform chain-folded crystals into extended struc-
tures [3,4].

Carbon nanotubes (CNT) have attracted interest as reinforcing
fillers because of their excellent mechanical and thermal properties
[5,6], but they are also regarded as the ultimate fillers for several
advanced applications [7,8]. Carbon nanotubes possess an extremely
high elastic modulus z1 TPa, comparable to that of diamond
(1.2 TPa) and report strengths of 10e100 times that of the strongest
steel [7,8]. In addition, they exhibit electrical conductivity as high as
105e107 S/m [9] and can transform an insulating polymer into
a conducting composite at very low loading because of their
extremely high aspect ratio [10]. The introduction of nanofillers like
CNTs inpolymerfibers can lead tomultifunctional high-performance
materials that combine high strength with electrical conductivity
rrent@unisa.it (A. Sorrentino).

All rights reserved.
[11]. The keys to achieve maximum performances from nano-
composite are to obtain a uniform distribution of nanoparticles
within the polymer matrix, and to have the best nanoparticlee
polymer adhesion, which is critical for load transfer from thematrix
to the particle. Nanotubes can be dispersed in the polymer matrices
using different techniques such as melt mixing, solution processing,
or in situ polymerization. An alternative and innovative strategy
relies on solid-state mixing at near room temperature, which ought
to involve an efficient mixing of two or more species by mechanical
milling, avoiding high temperatures and solvents. High Energy Ball
Milling (HEBM) is an effective unconventional technique currently
used inmaterial synthesis andprocessing [12]. It consists of repeated
events of energy transfer, promoted by the milling device, from the
milling tools (generally balls) to the milled powder. Recently it has
been proved that HEBM on polymeric materials can help obtaining
materials with new characteristics, which can be barely achieved
through other conventional processes [13e15].

Uniaxial alignment of CNT using magnetic [16], shear fields [17],
casting-drawing and gel spun processes [18,19] has been the focus
of several recent studies. Linear Low Density Polyethylene (LLDPE)
is a commodity polymer, cheap, versatile, with well-known appli-
cations and commercial uses in a variety of forms, including fibers.
Thus, enhancing of LLDPE properties through the dispersal and
alignment of CNT should be of significant interest in order
to expand its application fields. Very few papers report the
preparation and characterization of Polyethylene/Carbon Nano-
tubes fibers. In particular, only few papers present a detailed
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www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.008
http://dx.doi.org/10.1016/j.polymer.2011.01.008
http://dx.doi.org/10.1016/j.polymer.2011.01.008


G. Gorrasi et al. / Polymer 52 (2011) 1124e1132 1125
investigation about the arrangement of both the PE chains and the
carbon nanotube inmelt drawn oriented composite films [9e11,17].

In the present work we performed Multi walled Carbon Nano-
tubes dispersion an LLDPE matrix through HEBM at room
temperature in the dry state with no chemical or physical treat-
ment of the nanotubes. Fibers with different draw ratios were
obtained by drawing at 80 �C the composite films. The effect of
different weight percentage of nanotubes and draw ratio was
analyzed as function of the morphology, thermal, mechanical and
electrical properties.

2. Experimental

2.1. Materials

Multi walled carbon nanotubes (CNT) were purchased by
Nanocyl (Belgium) (NC 3100). They were synthesized by catalytic
carbon vapor deposition (ccvd) process. By thermogravimetric
analysis (TGA) the carbon purity was found higher than 95%
whereas the metal oxide impurity was less than 5%. The specific
surface area determined with the BET method was around
250e300 m2/g.

Linear Low Density Polyethylene (Flexirene� CM50) was
supplied from Polimeri Europa (Italy) in ultrafine powder, form
with a melt flow index MFI ¼ 4.1 g/10 min (at 190 �C, 2.16 kg).

2.2. Composite preparation (HEBM process)

CNT powders and Polyethylene, as received, were milled in the
solid state in a Retsch (Germany) centrifugal ball mill (model
PM100). Themilling process was carried out in a cylindrical steel jar
of 50 cm3 with 5 steel balls of 10 mm of diameter. The rotation
speed used was 650 r.p.m. and themilling timewas fixed to 60min.
HEBM of powders constituted by organic polymers and fillers has
been proved to be an alternative and efficient technique to produce
novel composites with high performances [13e15]. During the
milling the carbon nanotube bundles crack, and “intimate mixing”
are promoted [15].

In these experimental conditions, five series of composites
LLDPE/CNT with 1, 2, 3, 5, 10 wt/wt% of carbon nanotubes were
prepared. An additional LLDPE sample to be taken as a reference
was also milled in absence of filler.

2.3. Samples preparation

The LLDPE/CNT mixtures and the pure milled LLDPE were
molded in a hot press (Carver Inc.) at 170 �C forming 250 � 50 mm
thick films, which were rapidly quenched in a watereice bath
(0 �C). From the obtained films were obtained strips large 1 cm. The
strips were put between the clamps of an Instron Dynamometer
(Mod 4301), equipped with a temperature chamber. The temper-
ature was fixed to 80 �C. As soon as the temperature was stabilized,
the upper traverse of the dynamometric apparatus was moved at
a speed rate of drawing of 10 mm/min. Films were drawn at
different draw ratios l ¼ l/lo, where l is the final length and lo the
initial length. The selected values of the draw ratios (followed by
a display) for all the composites were l ¼ 6; 8; 10.

In the following, the resulting samples will be coded as follows:
PEXlY where X ¼ 1, 2, 3, 5, 10 is the weight percent of CNT and Y is
the draw ratio of the samples.

2.4. Methods of investigation

Scanning electron microscopy (SEM) analysis was performed
with a LEO 1525 microscope. The etching mixture was prepared by
stirring 1.0 g of potassium permanganate in a solution of 95 mL of
sulfuric acid (95�97 vol%) and 48 mL of orthophosphoric acid
(85 vol%). Subsequent to the etching treatment, a first washing was
done using a cold mixture of 2 parts by volume of concentrated
sulfuric acid and 7 parts of distilled water. A second washing was
performedwith 30 vol % aqueous hydrogen peroxide to remove any
manganese dioxide and, finally, a 3 times washing using distilled
water. Before the SEM analysis the sample was kept under vacuum
for 2 days at ambient temperature. The samples were finally
covered with a 250 Å thick gold film using a sputter coater (Agar
mod. 108 A) and observed with SEM.

IR spectra were collected by means of an FTIR Spectrometer
M2000 FTIR (byMidac Co.). For each sample, the average of 32 scans
was used, working at a resolution of 2 cm�1. The scanwave-number
range of the collected spectrum was 4000e400 cm�1.

In order to evaluate the molecular orientation of the samples,
the IR beam was polarized with the polarization axis parallel and
orthogonal to draw direction [20]. Polarization of the beam was
done by a zinc selenide wire grid polarizer. The average Hermans
orientation factor fav can be determined by measuring the dichroic
ratio D ¼ (Ap/Ao) where Ap is the absorbance for the plane parallel
to the draw direction and Ao the absorbance for the polarization
plane orthogonal to the draw direction. The Hermans factor,
assuming uniaxial orientation, is related to dichroic ratio at wave-
number n by [21]:

fi ¼ Kn

�
D� 1
Dþ 2

�

n
(1)

where Kn is an auxiliary variable that in our case was assumed to be
1. The absorption bands at 730 and 719 cm�1 were employed to
evaluate the orientations of the crystal a-axis and b-axis, respec-
tively [20]. The IR technique gives fa and fb, from which fc can be
evaluated by means of equation (2):

fa þ fb þ fc ¼ 0 (2)

Differential scanning calorimetry (DSC) analysis was carried out
on sampleswith amass ranging between 5 and 7mg. The testswere
carried out by means of a DTA Mettler Toledo (DSC 30) under
nitrogen atmosphere. The sampleswere heated from25 �C to 200 �C
at 10 �C/min. To ensure reliability of the data obtained, heat flowand
temperature were calibrated with standard materials, indium, and
zinc. The percent crystallinity was calculated by taking the specific
heat of fusion of perfectly crystalline PE to be 290 J/g [22].

Thermogravimetric analysis (TGA) was carried out with a Met-
tler TC-10 thermobalance. Polymer composites samples were
heated from 25 to 800 �C at 10 �C/min heating rate under air flow.
The weight loss was recorded as function of temperature.

The elastic moduli were evaluated using an Instron Dyna-
mometer (Mod 4301), and derived from the initial part of the
stressestrain curves, giving to the sample a deformation of 0.1%.
The experiments were conducted at room temperature with the
deformation rate of 2 mm/min. The initial length of the samples
was 10 mm. The data were averaged on five samples.

The electrical conductivity was measured with a Keithley 6517A
source measurement unit in a two-probe resistance measurement
configuration. The sample thicknesses were carefully measured by
a micrometer, whereas the length and the width were 3 and
50 mm, respectively. The electrical conductivity was measured in
the voltage range �10 þ 10 V. All the samples showed a linear
behavior of the current (I) versus the applied voltage (V). The
electrical conductivity was calculated by using the equation (3):

s ¼ L
sW

1
R

¼ L
sW

Imeasured
Vapplied

(3)
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where R, s, W, L are the resistance, the thickness, the width and the
length of the specimens respectively.
3. Results and discussion

3.1. Morphological analysis

Fig. 1 reports the SEM images of some etched samples. The
undeformed sample (Fig. 1a) shows the classical spherulitic
morphology. A uniform morphology with structure aligned ran-
domlyalong the sample surface can beobserved.Underhighuniaxial
drawing in the solid state, the original morphology is transformed
into highly oriented microfibril morphology (Fig. 1b). The arrow in
the picture represents the drawing direction of the film during
stretching.

The deformation processes produce the shear of the stressed
spherulitic lamellae into crystal blocks via chain slip. These blocks
rotate and decrease in width until microfibrils of alternating crystal
and amorphous regions are formed. Ward [21,23] proposed a
morphological model, which considers that the drawnmorphology
consists of stacks of short lamellar-type crystallites linked by
intercrystalline bridges. Since the crystalline phase is essentially
continuous in the draw direction, the modulus of the drawn
materials is expected to be quite high, whereas the degree of
crystallinity is expected to increase with draw ratio.

The presence of CNTs in the polymer matrix seems to enhance
this deformation process (Fig. 1c). In fact, the oriented composite
samples show a clear fibrillar morphology with numerous micro-
crazes. The CNTs are confined between the fibril and clearly show
a high degree of alignment in the drawing direction. Such
morphology has a strong influence on the thermal, mechanical and
electrical properties of the resulting samples.
Fig. 1. SEM microphotographs showing the microstructure of the samples: (a) PE0l0;
(b) PE0l8; (c) PE3l8. The arrows show the draw direction.
3.2. Detection of molecular orientation

The orientation of the structural units in a solid polymer, as
a result of various forming processes such as drawing and extrusion,
may have a profound influence on the macroscopic physical prop-
erties of the material. Several experimental methods have been
employed to characterize the orientation of crystalline and semi-
crystalline polymers. Birefringence, Nuclear Magnetic Resonance,
X-ray diffraction, Polarized Raman spectroscopy and Infrared
dichroismare among themost popularmethods used to characterize
different aspects of molecular order [21]. Each of these techniques
has inherent advantages and disadvantages when compared with
one another.

Infrared spectroscopy (FTIR) and birefringence measurements
often cannot be used for thick polymer specimens. In contrast,
Raman spectroscopy provides an effective means for the study of
samples that do not efficiently transmit radiation, provided care is
taken to minimize polarization scrambling by the sample [24]. A
second advantage of Raman spectroscopy is the ability to deter-
mine both the second and fourth coefficients of the orientation
distribution function, whereas infrared dichroism and birefrin-
gence measurements are sensitive only to the second moment of
the expansion [25,26]. Unfortunately, Raman spectroscopy is more
complex from both an experimental and theoretical point of view
when compared to infrared dichroism and birefringence. Not
surprisingly, in spite of the usefulness of the method, its practical
applications have been limited to a few specific materials, for which
the molecular structures are relatively simple and which polariz-
ability tensors were already known [27]. Due to the presence of not
well characterized interactions of the carbon nanotubes with the
scattering nature of Raman spectroscopy, in this paper, only the
FTIR technique was employed to determine the molecular orien-
tation of samples.

Detailed analyses are available in literature on PE regarding
the band assignments, using FTIR spectroscopy combined with
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polarized infrared beam [20,28,29]. In particular, the band doublet
observed in the spectrum of polyethylene in the range 710e
740 cm�1 has been analyzed in order to characterize the orientation
of the crystal unit cell as a function of the deformation [29]. This
band doublet has been assigned to in- and out-of-phase CH2-
rocking vibrations, respectively, of the crystal phase with the
730 cm�1 band polarized along the crystallographic a-axis and the
719 cm�1 band polarized along the b-axis [30].

Fig. 2 shows the Hermans factor obtained with equation (1)e(2)
as function of the CNTcontent for the LLDPE composites analyzed in
this study. The undeformed samples were also reported as refer-
ence in the same Fig. 2. By changing the CNT content, the spectra
corresponding to the undeformed samples exhibit a similar dicroic
ratio because they have random molecular orientation. As strain
was applied to the sample and the strain increased up to l ¼ 6 the
changes in the orientation function indicate that there is an
appreciable modification in the mean orientation of the crystalline
phase.

In Fig. 2 the relative molecular orientation is evidenced to
increase with increasing CNT content for all the composites. This
result indicates that the orientation of the crystallites changes with
the extension ratio and the CNT content. In the range 5e10% of CNT
all the curves of fc level off, reaching values close to unity. This
behavior reflects a typical transformation from spherulitic to
fibrous structure during elongation.

The transitions in the orientation function curvesmay arise from
yielding and perhaps other morphological changes occurring
during straining [31]. It is well known that during the stretching of
LLDPE between the glass transition and melting temperature
(which is the case here) the amorphous phase will orient itself as
the crystalline regions rotate and orient themselves in the direction
of stretching, as a result of this process the macromolecules can be
oriented by a rotation of lamellae or by unfolding [21].
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Fig. 2. Orientation function as function of CNT content and draw ratio, obtained with
IR analysis of all investigated samples.
3.3. DSC analysis

The DSC curves obtained for some selected samples are shown
in Fig. 3. The unoriented samples display a single broad peak. It is
clearly the results of two endothermic events of different intensity.
Multiple melting features are characteristic of commercial LLDPEs,
due to the presence of a broad distribution of crystal sizes [32] that
extends over a broad range of temperatures. Upon stretching, the
sample shows (Fig. 3a) a narrower melting peak and at higher
temperature compared to that of the isotropic undeformed
samples. This phenomenon is associated with the molecular
orientation of the structure into the straining direction. For the
sample with the higher draw ratio (l ¼ 10), the melting feature
tends to move toward lower temperature and the maximum of
melting shifts to lower temperature. This behavior can be attrib-
uted to a decrease in crystals size, or to an improvement in their
perfection drawing inducted, or to the existence of a polymorphic
transition occurring during heating [33]. This structural effect is not
visible for lower draw ratio, probably because it is overridden by
the molecular orientation effect and the disruption of the crystal-
line phase. Similar behavior in the melting process was observed
also in presence of CNTs (Fig. 3b): an increase in draw ratio
produces an increase in the melting peak temperature, followed by
a decrease at higher draw ratio. However, this second stage seems
to be anticipated with respect to the pure polymer. At constant
draw ratio, also the CNT content shows a significant effect on the
melting behavior of LLDPE. Fig. 3c shows that for the lower CNT
content there is an increase in melting temperaturewith increasing
draw ratio, but for higher CNT content the melting temperatures
decrease slightly.
It is worth noting that solid-state drawing at 80 �C for LLDPE is
a condition for additional crystallization. The heats of fusion of
unoriented and oriented samples are reported in Table 1. They are
higher for the oriented samples and increase with increasing draw
ratio. At relative small elongations, the crystallinity was increased
due to strain induced crystallization. As the draw ratio increases,
the crystallinity decreases as consequence of the fragmentation of
crystalline lamellae, increasing the draw ratio the crystallinity is
expected to increase again [34]. This behavior could be associated
to partial melting of smallest or less perfect crystallites followed by
recrystallization. Upon addition of CNT, the heats of fusion decrease
slightly probably due to the hindering phenomena from carbon
nanotubes.



Table 1
Melting peak temperature and heat of fusion of all the analyzed samples.

Sample Tm [�C] Dh [J/g] Xc

PE 136.2 (�0.2) 168 (�3.0) 58%
PEl6 141.2 (�0.2) 179 (�3.0) 62%
PEl8 140.3 (�0.2) 188 (�3.0) 65%
PEl10 137.6 (�0.2) 190 (�3.0) 66%
PE1 136.0 (�0.2) 162 (�3.0) 56%
PE1l6 140.7 (�0.2) 177 (�3.0) 61%
PE1l8 140.3 (�0.2) 180 (�3.0) 62%
PE1l10 135.8 (�0.2) 183 (�3.0) 63%
PE3 131.5 (�0.2) 141 (�3.0) 48%
PE3l6 140.6 (�0.2) 174 (�3.0) 60%
PE3l8 140.7 (�0.2) 178 (�3.0) 61%
PE3l10 139.8 (�0.2) 179 (�3.0) 62%
PE5 130.0 (�0.2) 179 (�3.0) 49%
PE5l6 137.9 (�0.2) 157 (�3.0) 54%
PE5l8 139.2 (�0.2) 179 (�3.0) 56%
PE5l10 136.7 (�0.2) 179 (�3.0) 57%
PE10 132.1 (�0.2) 179 (�3.0) 45%
PE10l6 137.6 (�0.2) 147 (�3.0) 51%
PE10l8 138.4 (�0.2) 147 (�3.0) 53%
PE10l10 133.4 (�0.2) 147 (�3.0) 55%
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Fig. 3. DSC melting endotherms of the reported samples.
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3.4. Thermogravimetric analysis

Fig. 4 reports the thermogravimetric curves, evaluated in air
flow, for all the samples in the range 200 �Ce600 �C. Pure poly-
ethylene shows an initial degradation temperature at about 320 �C.
Above this temperature free radicals are generated leading to
sequential degradation and break-down of the main chain due to
the thermal decomposition of the covalent CeC bond [35]. The two
main stages of PE oxidation, centered at 405 �C and 454 �C
respectively, are to be ascribed to a two steps process of which one
controlled by oxygen diffusion. In terms of solid-state oxidation of
PE, the oxygen-controlled step may be related to the oxidation of
the bulk, while the first stage to the oxidation of the polymer
surface and the less to the ordered phase degradation. The last
residue (w8%) oxidizes in a last step extended up to 550 �C. The
thermal stability of the composite fibers results greatly improved
compared to the undeformed PE.

Table 2 reports the maximum degradation temperature, Tdmax

(�C), corresponding to about 50% of weight loss. Either the incor-
poration of carbon nanotubes into the polymer matrix or the
drawing process greatly improves the thermal stability of all the
samples, such improvement increases with nanotube increasing
and draw ratio. The improvement in thermal stability can be
attributed to several synergistic factors. During the thermal
degradation, the carbon nanotubes form a shielding layer. This
layer reduces the heat transmitted to the core of the sample,
prevent the recombination the polymer peroxyl radicals, and form
a barrier to the oxygen diffusion [36,37].
3.5. Mechanical properties

The enhancement of the mechanical properties of composites
requires a high degree of load transfer between the matrix and the
nanotubes. If the interfacial adhesion between the phases is weak,
the nanotubes behave as holes or nanostructured flaws, intro-
ducing local stress concentrations, and the benefits of the CNT
properties are lost [38]. The nanotubes must be well dispersed. In
case of poor dispersion, they will fail by separation of the bundle
rather than by failure of the nanotube itself, resulting in signifi-
cantly reduced strength [8,9]. On the other hand, solid-state
drawing of nanocomposites is largely dominated by regions of
lower nanotube volume fraction and this could certainly alter both
distribution and orientation of CNTs along the length of the fiber.
Strength in composites is a complex issue involving load transfer,
stress concentrations and defect distribution, especially in the case
of fibers. Fig. 5 shows the elastic moduli, as function of CNT
percentages, for all the samples at different draw ratios. The
drawing process already increased the elastic modulus of pure PE
with increasing the draw ratio. The elastic modulus evaluated for
the undeformed PE was about 450 MPa, it results about three times
increased after drawing at l¼ 6, about five times increased at l¼ 8,
and about seven times increased after drawing at l ¼ 10. The
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composite fibers show significantly increased strength with
increasing the draw ratio, in all the investigated composition range.
The enhancement is more pronounced at low nanotubes loading
(i.e. 1e3% wt/wt), a further increasing in modulus is observed for
5% wt/wt CNT (more evident for samples drawn at l ¼ 6 and l ¼ 8)
and a plateau value for 10% wt/wt of filler. The data suggest that the
Table 2
Maximum degradation temperature, Tdmax (�C), of undeformed and drawn polyethylene

Sample Tdmax (�C) Sample

Undeformed PE 405 �C (�3 �C) Undeformed PE
PE0l6 424 �C (�3 �C) PE0l8
PE1l6 450 �C (�3 �C) PE1l8
PE2l6 450 �C (�3 �C) PE2l8
PE3l6 453 �C (�3 �C) PE3l8
PE5l6 463 �C (�3 �C) PE5l8
PE10l6 467 �C (�3 �C) PE10l8
significant property enhancement, at low CNT percentages (wt/wt),
could be attributed to highly dispersed and well aligned nanotubes
and/or good adhesion between nanotubes and polymer matrix.

Fig. 6 shows the elastic moduli as function of the samples draw
ratios. The higher the draw ratio the lower is the improvement in
the strength due to the CNT addition. It seems to suggest that the
high orientation of the polymer chains enforce high alignment of
the nanotubes also at low concentrations.
3.6. Electrical properties

Fig. 7 reports the conductivity values, s (S/m), of the fibers, as
function of CNT percentages. Percolation theory deals with the
effect of varying, in a random system, the number of interconnec-
tions present. In this case the interconnections are the highly
conductive nanotubes. In literature [39] was proposed an analytical
model, based on the Fermi-Dirac distribution, which describes the
critical insulator to conductor transition:

log
�
sc
sn

�
¼

log
�
sp
sn

�

ð1þ expðtðX � XcÞÞÞ (4)

where sc, sn and sp are the composite, filler, and polymer
conductivities, respectively, X is the CNT mass fraction, and t is an
empirical parameter that leads to the change in conductivity at the
percolation threshold Xc.

By assuming a constant value for sn and sp, from equation (4)
were obtained the best fitted values of Xc and t for the four sets
of samples. The data are reported in Table 3.

The percolation threshold decreases from the undeformed
samples to the fibers, going from 2 to 4 with increasing the draw
and all the composite fibers, evaluated by TGA.

Tdmax (�C) Sample Tdmax (�C)

405 �C (�3 �C) Undeformed PE 405 �C (�3 �C)
422 �C (�3 �C) PE0l10 417 �C (�3 �C)
445 �C (�3 �C) PE1l10 446 �C (�3 �C)
454 �C (�3 �C) PE2l10 457 �C (�3 �C)
467 �C (�3 �C) PE3l10 456 �C (�3 �C)
468 �C (�3 �C) PE5l10 457 �C (�3 �C)
468 �C (�3 �C) PE10l10 473 �C (�3 �C)
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Table 3
Percolation threshold, Xc (wt%), electrical conductivity of filler, sn (S/m), electrical
conductivity of matrix, sp (S/m), and t parameters as evaluated from Equation (1), as
function of draw ratio (l).

l Xc (wt%) sn (S/m) sp (S/m) t

0 2.0 1.00E-01 2.24E-11 2.0
6 3.0 1.00E-01 2.24E-11 1.6
8 3.5 1.00E-01 2.24E-11 1.6
10 4.0 1.00E-01 2.24E-11 1.6
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ratio from 0 to 10. Such a phenomenon, already found for nano-
composites based on oriented thermoplastic polymers-carbon
nanofillers [40e42], could be justified as a break-down of the
conductive network, inducted by the solid-state drawing. The
drawing process of LLDPE/CNTcomposites decreases the number of
conduction pathways present above the percolation threshold with
a resulting decrease in conductivity. However, we point out that the
electrical conductivity of LLDPE, soon after percolation, results
increased of about nine orders of magnitude at low nanotube
loadings at all draw ratios.

Fig. 8 illustrates the samples conductivity as function of the
draw ratio. At high draw ratio the platelets are aligned parallel each
other along the stretching direction and only at higher loading they
form a conductive path. At higher loadings, where there are more
tubeetube connections, greater anisotropy is required to break the
contacts and disrupt percolation.
4. Discussion

The initial stages of deformation involved a displacement of the
spherulitic lamellae within the sample with a non-homogeneous
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Fig. 7. Electrical conductivity (S/m) as function of CNT content (wt/wt%)
sliding or shear of the folded molecules. The intermolecular inter-
actions (i.e. van der Waals forces) existing between polymer chains
contribute to the sample morphology [43,44]. Based on the SEM
experiments, it was proposed that themicrostructure of LLDPE is an
interconnected network of anisotropically shaped particles, con-
nected by array of fibrils. Considering the FTIR data presented in
Fig. 2 and the proposedmechanisms of deformations, the transition
at 6<l < 8 can be attributed to the process prior to which two
events seem to happen: initially, at a tensile load, only those
displacements of crystallites occur that result in an increase in the
orientation function values; and upon further stretching, rotation
of striation or folded molecules may occur.

It should be mentioned that the transition point may depend
upon the thermal and mechanical history of the polymer.

The above scenario is schematically depicted in Scheme 1a that
represents the semicrystalline material in the undeformed state.
Scheme 1b illustrates how tension produces a macroscopic expan-
sion of the sample in the draw directions. The sample deformation
produces a rotationwith a simultaneous alignment of the crystalline
regions. The CNT network present in the undeformed sample loses
partially its dimensionality. As result, the electrical percolation
threshold tends to slightly increase with increasing the draw ratio.
Upon further elongation, Scheme 1c, the alignment of the crystalline
regions became complete. At this level of molecular orientation the
CNT network present two-dimensions. Additional elongation of the
LLDPE/CNT samples decreases the number of conduction pathways
present with a resulting decrease in conductivity.

As evidenced by the SEM and FTIR analysis, the presence of CNT
in the polymeric matrix induces an additional draw oriented
structure. These oriented structures are known to increase the
strain hardening in draw direction, increasing the capability of
interparticle ligaments to transfer load and deformation in the
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Scheme 1. Model illustrating the structural changes during tensile deformation.
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direction of loading. In that case, the effect of the CNT seems to be
less important with respect to this improvement produced by the
lamellae orientation.
5. Conclusions

Multi walled carbon nanotubes dispersion was achieved into
a linear low density polyethylene matrix through high energy ball
milling technique using 1%; 2%; 3%; 5% and 10% (wt/wt) of CNT
loadings.

Films from composite powders were obtained on a laboratory
scale and drawn at 80 �C at different draw ratios l ¼ 6; 8; 10.

� Morphological analysis showed that under high uniaxial
drawing in the solid state, the original morphology is trans-
formed into highly oriented microfibril morphology.

� FTIR demonstrated that molecular orientation increases with
increasing draw ratio and CNT content for all the composites.
This behavior reflects a typical transformation from spherulitic
to fibrous structure during elongation.

� DSC analysis showed that for the lower CNT content there is an
increase inmelting temperaturewith the increasing draw ratio,
but for higher CNT content the melting temperatures decrease
slightly.

� The analysis of thermal degradation in air flow showed a high
improvement of thermal stability for the composite fibers,
proportionally to CNT content and draw ratio.

� Mechanical properties showeda significantly increased strength
with increasing the draw ratio, in all the investigated composi-
tion range. The enhancement resulted more pronounced at low
nanotubes loading (i.e. 1e3% wt/wt) and a plateau value was
reached for 10% wt/wt of filler.

� Electrical properties showed that the electrical conductivity of
insulating LLDPE matrix, results increased of about nine orders
of magnitude, with quite low nanotube loadings at all draw
ratios, and the percolation threshold tends to decrease with
increasing the draw ratio for a break-down of the conductive
network, inducted by the solid state drawing.
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A low molecular weight (MW) poly(ethylene oxide) (PEO) crystallized in ultrathin films displays various
crystal growth patterns in a crystallization temperature (Tx) range from 20.0 �C to 50.0 �C. In succession,
the following patterns are found: nearly one-dimensional (1D) dendrite-like crystal patterns at
Tx � 38.0 �C, two-dimensional (2D) seaweed-like patterns between 39.0 �C � Tx � 42.0 �C and again,
nearly 1D dendrite-like patterns at Tx � 43.0 �C. These transitions result from a complex interplay of
varying growth rates along different growth directions and preservation of growth planes. Structural
analysis carried out via electron diffraction indicates that the dendrite-like crystals formed at the low and
high Tx values differ by their fast growth directions: along the {120} normal at the low Tx values and
along the (100) and (010) normal at the high Tx values. In the later case however, the major growth faces
are still the {120}, this time tilted at 45� and indicating the a* and b axes growth tips. In the intermediate
Tx range (39.0 �Ce42.0 �C), three growth directions coexist giving rise to the seaweed morphology. The
crystal growth rates at the low and high Tx values are constant versus time. For the seaweed, a square-
root dependence is obtained. These differences are probably due to 1D and 2D growth in the ultrathin
films and are associated with different growth patterns of the dendrites and the seaweed, respectively.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Crystallization of polymers is one of the most intriguing topics
in macromolecular physics [1,2]. Due to their long-chain nature,
polymer chains kinetically prefer to fold back and forth to form
metastable folded-chain lamellar crystals under supercooled
conditions [1e4]. The shape of single crystals may change with
crystallization conditions (solution, bulk, crystallization tempera-
ture (Tx), and others) due to the different dependencies of the
growth rates of different crystallographic planes. For example,
single crystals of polyethylene (PE) show a lozenge or truncated
lozenge shape in good solvent and even a lenticular habit in poor
solvent at high Tx [2,5e8]. Toda observed that PE single crystals
grown in the bulk change from truncated lozenge to lenticular
shape with increasing Tx [9,10]. Kovacs et al. and Cheng et al. found
: þ1 330 972 6581.
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that the shape of poly(ethylene oxide) (PEO) single crystals change
from a faceted habit to rounded and back to faceted in a Tx range
near the equilibrium melting temperature [11e14].

Recently, polymer crystallization in thin and ultrathin films has
attracted increasing attention for both practical and scientific
reasons [15e36]. Crystallization in ultrathin films is very different
from bulk crystallization. Monolayer 2D lamellar crystals are
formed in ultrathin films as opposed to three-dimensional (3D)
spherulites in the bulk. Furthermore, different types of crystal
shapes (e.g. labyrinthine, dendrite, seaweed, compact and faceted
single crystals) have been observed in polymer ultrathin films
[16e18,22,23,25,31,32,34,35]. A transition from dendrite to
seaweed in PEO ultrathin films has also been observed [16,25,28],
although the crystallographic relationship and the underlying
reason of the transition are still obscure [36e51]. It is accepted that
the differences in growth anisotropy are the origin of the different
pattern formations [38,41]. A gradual change in the growth ani-
sotropymay result in a progressive pattern evolution from dendrite
to seaweed or from one to another dendrite [25,37,39e45,49,52].
Although theoretical studies have illustrated the pattern selection
principle in some aspects of growth kinetics [44,45], the limited set
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of experimental data is still insufficient to obtain a universal
morphological diagram based on an in-depth understanding of the
origin of pattern selections [17,25,31,32,37,39e42,49,52].

In this work, we describe and analyze a dendrite-seaweed-
dendrite crystal evolution in ultrathin films of a low molecular
weight (MW) PEO in the 20.0e50.0 �C Tx range. Atomic force
microscopy (AFM) was used to observe crystal morphologies.
Transmission electron microscopy (TEM), and more specifically
electron diffraction (ED) patterns helped to determine the crystal
growth directions and growth planes. Crystal growth rates were
measured at different Tx in order to analyze the formation mech-
anisms of the dendrite and seaweed crystals. The possible origin of
crystal growth pattern evolution is discussed.

2. Experimental section

A PEO fraction with weight-average molecular weight (Mw)
7.2 � 103 g/mol and polydispersity index (PDI) 1.01 was purchased
from Polymer Source. The two end groups are a methyl group
and a hydroxyl group. Its equilibrium melting temperature is T0

m ¼
64:1�C [53]. A toluene solution of PEO (c¼ 0.01% w/v) was prepared
for film deposition.

Square 0.8 � 0.8 cm2 silicon wafers were treated in Piranha
solution of H2SO4 (98%): H2O2 ¼ 3:1 at 120 �C for 30 min to provide
a layer of �OH groups on the silicon surface. These substrates were
then cleaned in an ultrasonic water bath. The contact angle, q, of
water on treated silicon wafer was q ¼ 8�. Silicon monoxide
substrates supported by copper grids were purchased from Ted
Pella Inc for TEM experiments.

Ultrathin PEO films were prepared by drop-casting the solution
onto the silicon wafer or the copper grid supported silicon
monoxide. The samples were dried at ambient condition and then
treated in vacuum for 12 h. The as-prepared samples were heated
to 80.0 �C for 10 min to form a uniform molten layer of 3e4.5 nm
thick (measured by AFM). They were then cooled to a preset Tx for
isothermal crystallization for 12 h. The samples were then cooled to
room temperature for AFM and TEM examination.

Crystal growth patterns were imaged with a hot-stage multi-
mode AFM (Digital Instrumental Nanoscope IV). The tapping mode
was used to obtain height and amplitude images. The cantilever
force was adjusted to a set-point value of 1.3e1.5 V to limit damage
to the sample. The scanning rate was 1.0e1.2 Hz for low-magnifi-
cation images at a resolution of 512 � 512 pixels/image. Taking
advantage of in-situ and real-time observations on polymer crys-
tallization using AFM [54e58], kinetic growth experiments were
performed in a Tx range of 34.0 �C� Tx� 50.0 �C.WhenTx< 34.0 �C,
the growth is difficult to track because the AFM tip induces many
nuclei around the growing tips. For fast crystal growth kinetics,
resolutions of 128 � 128 pixels or 256 � 256 pixels/image and
a scanning rate of 1.5 Hz were used.

Crystals were also observed using TEM (Philips Tecnai) at an
accelerating voltage of 120 kV. Selected area electron diffraction
(SAED) experiments were carried out to determine crystal growth
directions and growth planes. The d-spacings were calibrated using
a TlCl standard. Molecular modeling and analysis of the diffraction
patterns were performed using the Cerius2 package of Accelrys.

3. Results and discussion

3.1. Evolution of crystal patterns with crystallization temperatures

Fig. 1aef shows six AFM amplitude images of the PEO crystals at
Tx’s ranging from 20.0 �C to 49.0 �C. Ribbon-like branches are
indicative of the preferred growth directions. Fig. 1a represents
a typical dendrite-like crystal formed at Tx ¼ 20.0 �C with primary,
secondary, and sometimes even tertiary branches. These branches
possess narrow backbones along the center line (denoted as B-
branches). The angles between the primary and secondary
branches or between secondary and tertiary branches are all 90�.
The crystals formed at Tx ¼ 37.0 �C (Fig. 1b) are almost identical to
those in Fig. 1a. Yet, some of the branches do not display their
recognized backbones along the central line (denoted as NB-
branches). The angles between the B- and NB-branches are at 45�.
On average, the 90� angle between primary and secondary
B-branches is dominant. When crystallization takes place at
Tx ¼ 40.0 �C (Fig. 1c), numerous B- and NB-branches grow alter-
nately and thus, lead to a seaweed-like crystal. Again, the angles
between the B- and NB-branches are 45�. At Tx ¼ 44.0 �C (Fig. 1d),
the NB-primary branches become the major population with NB-
secondary branches. The branching angles between NB-branches
are always 90�. B-branches at a 45� angle to the NB-secondary
branches exist only in tertiary branches. When increasing Tx to
46.0 �C (Fig. 1e), a new type of dendrite-like crystal appears. It is
only composed of NB-branches with a 90� branching angle. At
Tx¼ 49.0 �C (Fig.1f), crystals have a typical dendrite-like shapewith
four branches and approximately a four-fold symmetric structure.

These AFM images illustrate a transition from one type of
dendrite crystal to another dendrite type with a seaweed crystal as
an intermediate stage with increasing Tx. The angles between
branches of the same kinds (eitherwithin the B- orNB-type) are 90�,
while those between B- and NB-branches are 45�. Furthermore as
shown in Fig. 2, the backbone width in the B-braches is Tx depen-
dent. At Tx ¼ 20.0 �C, the width is w50 nm, and it increases to
w320 nm at 45.0 �C. Fig. 3 shows the thickness Hc of the backbone
and the periphery in the B-branches and, the thickness of NB-
branches. Backbone thickness increases from 7.2 nm at Tx ¼ 20.0 �C
to 9 nm at Tx ¼ 30.0 �C. The 9 nmvalue corresponds to a quadruple-
folded-chain crystal. The thickness then suddenly increases to11nm
at Tx ¼ 36.0 �C and further to 15 nm at 43.0 �C, which suggests that
the chains fold three and two times, respectively [59]. It should be
noted however that the thickness of the backbone in B-branches is
generally 1 nm thicker than the periphery until Tx ¼ 45.0 �C.
Specifically, these two thickness values are in the non-integral
folding stageat lowerTx and increase inaquantized fashionbasedon
integral folding at higher Tx. Beyond 46.0 �C, the B-branches disap-
pear, and the dendrites are only composed of NB-branches. The NB-
branch thickness reaches 15 nm (twice-folded integral chains).
Further increase to Tx¼ 50.0 �C leads to a substantial increase of the
thickness, indicating that the number of folds decreases, although
theHc value does not yet reach the expected extended chain length.

Upon analysis of the crystal growth patterns of dendrites and
seaweeds and the determination of backbone and lamellae thick-
ness, it appears that we are dealing with a complex growth pattern.
The crystal growth kinetics in ultrathin films depend on diffusion of
crystallizable molecules as well as on the tendency of PEO chains to
crystallize in integrally quantized stem lengths that are two, three
and four times smaller than the chain length. Only for fast growth
rates, especially for Tx < 30.0 �C, are the PEO chains in the crystal
non-integrally folded [59,60].

3.2. Crystal growth directions

The PEO crystal structure and chain conformation arewell known
(Fig. 4a): four distorted 72 helical molecules are packed in a mono-
clinic unit cell, a ¼ 0.805 nm, b ¼ 1.304 nm, c ¼ 1.948 nm and
b¼125.4� [61]. It turns out thata� sinb¼0.656nmisonlynearlyhalf
of thebdimension in the caxisprojection. Inmost (butnot all) growth
processes, therefore, the PEO crystal lies on an apparent tetragonal
projection. Prominent crystallographic planes are thus 90� apart, e.g.
(120) and ð120Þ, or (100) and (010). This explains the nearly square



Fig. 1. A set of AFM amplitude images showing crystal growth pattern evolution as a function of Tx. Red and blue arrows represent B-branches and NB-branches respectively, and
the angles between them are 90� or 45� . (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article).
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shape of solution grown crystals, and the existence of branches at 90�

in dendrite growth. Because of this apparent high symmetry, it is not
possible to determine the crystallographic axes in the dendrite on
morphological outline alone. Such a determination requires, in this
case, SAED. Fig. 4b shows the calculated (hk0) diffraction pattern of
PEO from the Cerius2 model. The four strongest diffractions corre-
spond to densely packed (120) planes. The six weaker spots close to
the center help to determine a* and b axes. We expect that the
observed angle selections between branches should be related to the
growth directions along the <120>, the a* and b axes [28,62,63].

The SAED patterns in correct orientation to the dendrite and
seaweed crystals are shown in Fig. 5a. Analysis of the figures reveals
the essential difference between the dendrites grown at the low
and the high Tx values, in spite of their similar morphologies. In the
low Tx dendrites, the branches are parallel to the <120>, whereas
for high Tx, the branches are extended along the a* and b axes
Fig. 2. Width (W) of the backbone in B-branches as a function of Tx.
(compare the dendrites at Tx ¼ 26.0 �C and 46.0 �C). In other words,
the major growth directions are 45� away for the low and high Tx
dendrites. Dendrites composed of B-branches are denoted DB(120),
while dendrites composed of NB-branches are denoted DNB(100)/
(010). At intermediate Tx, between 38.0 �C and 43.0 �C, three growth
directions coexist. They give rise to more ill defined morphologies,
with curved growth faces, characteristic of the seaweed patterns,
although they yield clear single crystal ED patterns. Note however
that a* and b axes can be differentiated only via SAED experiments.

To summarize the morphological transition of the PEO crystals,
three Tx regions are obtained as follows (Fig. 5b): At Tx � 38.0 �C,
DB(120) dendrites with a backbone in preferential growth directions
Fig. 3. Thickness (Hc) of crystal as a function of Tx. - represents the thickness of
backbone in B-branch. represents the thickness of the periphery in the B-branch at
Tx � 45.0 �C and the thickness of the NB-branch at Tx � 37.0 �C. In the region
37.0 �C � Tx � 45.0 �C, the thickness of the periphery in the B-branch is equal to the
thickness of the NB-branch.



Fig. 4. (a) Unit cell of PEO crystal in the direction of c axis. The angle between the {120} and the (100) or (010) planes is 45� . (b) Calculated [001] zone ED pattern.

Fig. 5. (a) TEM images and SAED patterns at different Tx. (b) Schematics showing crystal growth direction changing from the <120> to a* and b axes with increasing Tx.

G. Zhang et al. / Polymer 52 (2011) 1133e11401136
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along the <120> and a 90� branching angle; at
39.0 �C � Tx � 42.0 �C, seaweed with growth direction along the
<120> and the a* and b axes and a 45� branching angle; at
Tx � 43.0 �C, DB(100)/(010) dendrites with preferential growth
direction along the a* and b axes and a 90� branching angle.

3.3. Crystal growth rate and mechanisms

In-situ experimentswereperformedusingAFM to determine the
crystal growth rates. AFM is useful in the high Tx range since
homogeneous nucleation is difficult in this Tx region, while the AFM
tip can induce the crystal nucleation. The results indicate a signifi-
cant difference between the growth rate time dependencies of both
the lowand high Tx dendrites on one side and seaweed on the other.

For the dendrites in both temperature regions of Tx� 38.0 �C and
Tx� 43.0 �C, the length of the primary branches, R, along the<120>
and the a* andb axes are linearlyproportional to time (t) as shown in
Figs. 6 and 7. This means that dendrite growth rate, G, is a constant
Fig. 6. (a) AFM height images present crystal growth as a function of t at Tx ¼ 36.0 �C.
(b) Plot of R versus t. R120 represents the length of the B-branch along <120>.

Fig. 7. (a) AFM height images present crystal growth as a function of t at Tx ¼ 47.0 �C.
(b) Plots of R versus t. R100/010 represents the length of theNB-branch along a* and b axes.
with respect to t. Fig. 8 shows the growth rate obtained for both the
low and high Tx dendrites. The figure illustrates the expected rapid
decrease of G with increasing Tx in the low Tx range. In
43.0 �C � Tx � 47.0 �C region however, G remains nearly a constant
before decreasing again rapidlywhenTx� 48.0 �C. The overall curve
of G versus Tx is strongly reminiscent of plots obtained for similar
MW PEO isothermal crystallization from the bulk. In the transition
region from integral fold number n to a longer stem length corre-
sponding to n-1 folds, similar growth rate variations have indeed
been observed [13,14]. However, the growth mechanism is diffu-
sion-limited in our case versus nucleation-limited in the bulk.

For the seaweeds in the range 39.0 �C � Tx � 42.0 �C missing in
Fig. 8, G is not constant for these entities. Fig. 9 illustrates the
growth of the seaweeds and the crystal size R plotted as a function
of t and t1/2. The slope of the R versus t curve decreases with
increasing t, which indicates that G continuously decreases with
respect to t. On the other hand, R is linearly proportional to t1/2.

It is known that the formations of both the dendrite and
seaweed crystals are controlled by a diffusion-limited mechanism.



Fig. 8. Plots of G120 versus Tx.- represents the G120 directly measured from B-branches
along<120>. represents the G120 derived from the growth rate of NB-branches along
a* and b axes, G100/010, where G120¼(O2/2)G100/010. In the seaweed-like crystal region of
Tx ¼ 39.0 �Ce42.0 �C, the growth rate is not plotted as it is not constant versus t.

Fig. 9. (a) AFM height images present crystal growth as a function of t at Tx ¼ 40.0 �C.
(b) Plots of R versus t. (c) Plots of R versus t1/2. R120 represents the length of the B-
branch along <120>, and R100/010 represents the length of the NB-branch along a* and
b axes.
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Why then should we observe a linear growth versus t in the
dendrites and a linear growth versus t1/2 in the seaweeds? Let us
first point out that our observation of linear growth versus t is
consistent with earlier observations on other dendrite systems
[20,64e67], but no clear explanation has been proposed so far. In
the following, we attempt to provide a possible explanation.

The linear growth may be explained by the following reasoning
and schematic illustrations in Fig. 10. The primary branch in the
dendrite is actually a quasi-1D object. Each individual growth tip is
surrounded by a local supercooled PEO diffusion field. The growth
of a dendrite branch generates a quasi-1D depletion zone parallel to
the growth direction of the primary branch. The material trans-
formation from supercooled melt to crystal implies dmc ¼ �dma,
where mc and ma represent the masses of crystal and supercooled
melt, respectively. According to Fick’s first law and diffusion
controlled growth in quasi-1D case,

vðrcWcHcRÞ
vt

¼ Wa � D
vfa
vx

(1)

where rc is the density of the crystal; Wc is the width of the quasi-
1D crystal; Hc is the height of the crystal; R is the length of the
crystal; Wa is the width of the depletion zone; 4a represents the
mass of the supercooled melt per unit area; and x is the distance
from the crystal tip to a specific site ahead of the tip. Because rc,Wc,
Hc, and Wa are all constants at a specific Tx, we have

rcWcHc
vR
vt

¼ DWa
vfa
vx

(2)

then,

vR
vt

¼ ðDWa=rcWcHcÞ vfa
vx

(3)

where vfa
vx represents the supercooled melt gradient ahead of the

crystal tip. At steady state, vfa
vx is constant, and therefore, R is linearly

proportional to t. This may explain why we observe the linear
growth versus t even though the growth is diffusion-limited. This
analysis may also provide a possible interpretation for similar
observations reported in earlier works [20,64e67].

For the seaweeds, simultaneous growths of B- and NB-branches
generate a 2D entity. This leads to the observation that their
growths are linearly proportional to t1/2. The mathematic analysis
for this type of 2D growth was made in Ref. [29]. Therefore, the
time-dependent change of growth rate from the dendrite to the
seaweed is due to growth dimension change, rather than change of
the growth mechanism.



Fig. 10. Schematic illustration of 1D dendrite growth (top view).
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3.4. Origin of the crystal pattern change

As illustrated in Fig. 5, the preferential crystal growth direction
is along the <120 > at Tx � 38.0 �C and along the a* and b axes at
Tx � 43.0 �C. Why does the fastest crystal growth direction change
in these two Tx regions? Note that in the seaweed-like crystals
grown at 39.0 �C� Tx� 42.0 �C, three growth directions prevail. Let
us analyze the growth tips of the B-branch at Tx � 38.0 �C and
NB-branch at Tx � 43.0 �C. For the B-branches in DB(120) (Fig. 11a),
the tips are flat, and correspond to the {120} planes as indicated by
the SAED pattern. For the NB-branch in DNB(100)/(010), although the
angle between two {120} planes is smaller than 90� as shown in
Fig. 11b (see below for reason), the primary NB-branch grows along
the merged corner of the two {120} planes. Therefore, the crystal
growth planes remain the same in the entire Tx region, although the
fastest growth directions are different.

In the high Tx region above 43.0 �C, the crystal growth mecha-
nism is diffusion-limited [29]. For the diffusion coefficient, D, of PEO
chains in ultrathin films, Bi et al. reported D ¼ 0.6 � 10�14 m2/s for
a PEOwithMW¼ 5.0�103 g/mol in the depleted zone on the surface
of �OH decorated glass (that is similar to the surface of �OH
decorated siliconwafer in our experiments) at 45.0 �C [68]. Based on
the molecular weight dependence [69], the D value for the present
PEO is 4.16� 10�15m2/s, or 0.25 mm2/min. The PEO growth rate,G, in
the high Tx region is around 0.1e0.01 mm/min. Since G and D are
comparable, a materials gradient is expected at the growth front. In
turn, this speeds up the growth of the crystal tip (the a* and b axes),
although the growth planes remain the {120} planes. This leads to
an angle between two {120} planes smaller than 90� (Fig. 11b). As
a result, the DNB(100)/(010) dendrites form in this Tx region.
Fig. 11. (a) TEM image and SAED pattern of a B-branch tip at 30.0 �C. (b
Next, what is the origin of the DB(120) dendrites formed in the
regionTx� 38.0 �C?We speculate that it is because of the preferential
fast growthalong the<120>directionwithanarrowbackbonewidth
at the {120} growth face. In this Tx region, G is much larger thanD, so
the crystal growth is close to the caseof diffusion-limited aggregation
[64]. This type of dendrite growth may rely on the fact that the
primary nuclei developed in the PEO with a very small size are
bounded by {120} planes. The HoffmaneLauritzen theory predicts
thatwhen the crystal growthsubstrate length is smaller thana critical
value that has been responsible for one nucleus and a few hundred
nanometers, the growth rate along the substrate normal is faster than
the growth rate after the substrate width exceeds this critical value
[2,70]. One recent experimental observation has shown that the
lateral spread extent increases with Tx on a length scale between
30 nm and 60 nm in single crystals of a specific polymer [71]. As
shown in Fig. 2, thewidth of the backbone inB-branch increaseswith
Tx, while their absolute values range fromw50 nm at Tx ¼ 20.0 �C to
w320 nmat Tx¼ 45.0 �C. Thesewidth values are expected to be close
to but smaller than the upper-limit of the critical substrate width at
each Tx for the PEO crystal. The narrowbackbonewidth at the growth
front leads to a fast growth along the<120> directions,which results
in the DB(120) dendrites in the region Tx � 38.0 �C.

The final question is: what are the origins of forming the B- and
NB-branches? It is noted that although both growth planes are the
{120} planes, the B-branches can form only when the <120> is the
fastest growth direction for constructing the frames of the DB(120)
dendrite, while the NB-branches possess a favorable growth
direction along the a* and b axes forming the DNB(100)/(010)
dendrite. Above Tx ¼ 30.0 �C, the backbones in the B-branch are
more or less integrally folded-chain crystals. This indicates that the
backbones are formed first with certain rearrangements resulting
in integral chain crystals. Only below Tx ¼ 30.0 �C can non-integral
folded crystals be stabilized. It is worth mentioning that backbones
in the B-branches are about 1 nm thicker than the periphery
(Fig. 3). During the formation process (Fig. 6a), the thicker back-
bones always form ahead of the periphery, which is similar to the
observation on a similar MW PEO at high Tx values [11,12]. Other
parts of the crystals epitaxially grow on the backbones in the later
stages with about a 1 nm thickness decrease. The thinner part may
not be able to further reorganize since there is an exhausting of PEO
molecules. Any thickening process would generate holes in the
crystals and thus, increase the free energy and destabilize the
crystals [72]. On the other hand, the NB-branches are developed
from a PEO single crystal and grow along the a* and b axes, whose
tips are composed of two {120} planes. Therefore, the thickness of
these two sectors of one single crystal is identical.
) TEM image and SAED pattern of an NB-branch tip at Tx ¼ 50.0 �C.
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Before concluding, it is useful to compare the present results
with earlier reports on similar transitions between dendrite and
seaweed type crystals. First, it must be noted that no SAED
experiments were performed and therefore the crystal growth
directions could not be identified [16,25,28]. As a rule, the PEO film
thickness was larger or significantly larger than the crystal thick-
ness. Also, the branching angles in seaweed crystals did not have
a fixed value. Therefore, the origin of crystal growth transition
was not clearly identified. In this work, the PEO film thickness is
smaller than the crystal thickness. The crystal growth patterns are
therefore strongly dependent on molecular diffusion. The combi-
nation of SAED analyses and crystal growth kinetics reveal that the
crystal growth transitions between dendrites and seaweed result
from a complex interplay of crystallographic aspects and growth
mechanisms.

4. Conclusion

We have observed and analyzed Tx-dependent crystal growth
patterns in a low MW PEO in ultrathin films. SAED results indicate
that when Tx � 38.0 �C, dendritic crystals are formed with branches
elongated along the<120> directions. Above Tx¼ 43.0 �C, dendritic
crystals arealso formed,but thegrowthdirections are along thea*or
b axes. In the intermediate Tx range, 39.0 �C� Tx� 42.0 �C, seaweed
crystals are observed, in which three growth directions coexist (a*,
b and <120>). We consider that the crystal growth mechanism in
the entire Tx region is a diffusion-limited process, although the
crystal growth rates differ for dendrites and seaweeds because of
their different growth geometries. Linear crystal growth rates are
observed when Tx � 38.0 �C and Tx � 43.0 �C due to the 1D growth
geometry of the dendrites. In the intermediate Tx region where the
seaweed crystals are formed, the crystal growth is linearly propor-
tional to t1/2 due to the 2D growth geometry. The origin of dendrite
crystals in both low and high Tx regions is also discussed. It is sug-
gested that at Tx � 38.0 �C, the growth is close to diffusion-limited
aggregation, and the 1D growth may be due to the fact that the
substratewidth of the growth front is smaller than the critical value
of the nucleation event. On the other hand, in the Tx� 43.0 �C region,
thematerial gradient near the growth front generates an increase of
crystal tip growth leading to the formation of dendrites with
branches elongated in the a* and b axes directions.
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The effect of organically modified clay on the morphology, phase stability and mechanical properties of
polypropylene (PP) and polystyrene (PS) blends was studied using three molecular weight grades of PP.
Maleated polypropylene was used, at a PP-g-MA/organoclay ratio of 1, to preferentially promote
dispersion of the organoclay in the PP matrix. The MMT content was fixed at 3 wt% based on the PP/PP-g-
MA/MMT phase and the PS content was varied from 0e100 wt% in the blend. All blends were processed
using a twin screw extruder. The organoclay resides in the PP phase and at the PP/PS interface. The
dispersed PS particle size is significantly reduced by the presence of MMT, with maximum decrease
observed for the low viscosity PP compared to its blend without MMT. The blends with MMT did not
show any change in onset of co-continuity, though MMT shifts the phase inversion composition toward
lower PS contents. The phase stability of the blend was significantly improved by the presence of MMT;
for blends annealed at 210 �C for 2 h the dispersed phase particle size increased by as much as 10x
without MMT with little change was noted with MMT present in the blend. The tensile modulus of
blends improved with the addition of MMT at low PS contents. Blends based on the highest molecular
weight grade PP showed increase in the tensile yield stress up to 40 wt% PS in the absence of MMT. The
tensile strength at break for blend increased slightly with MMT while elongation at break and impact
strength decreased in the presence of MMT. Surface energy analysis model was used to predict the
orientation and equilibrium position of the clay platelet at the interface based on the surface energies.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Blends of two different polymers potentially offer materials
with an attractive combination or balance of properties; however,
most polymer pairs are immiscible and many have weak interfacial
interactions that lead to an unstable morphology and poor
mechanical performance, i.e., they are incompatible. In such cases,
compatibilization can be achieved by block (or graft) copolymers
located at the domain interface that produce a fine and stable
morphology and improved mechanical properties [1e7]. Poly-
propylene (PP) and polystyrene (PS) form such incompatible
blends, and several reports describe the use of commercial triblock
copolymers such as SBS and SEBS as compatibilizers to achieve
a finer morphology and improved performance [8e10].

Recently, organoclays have been suggested as compatibilizers
for polymer blends [11e47]. Addition of organoclay to polymer
blends has been shown to have dramatic effects on blend
: þ1 512 471 0542.

All rights reserved.
morphology, typically a much finer dispersion is found; however,
there remain many unanswered questions including how useful
this strategy can be for improving mechanical properties. A well
dispersed organoclay in the continuous phase clearly leads to an
increase in viscosity which can affect morphology; in addition,
there is evidence that the clay platelets can act as a barrier toward
coalescence of the dispersed phase polymer particles thereby
reducing their size [17,19,27,29,35]. A change in the viscosity ratio
between the continuous and dispersed phases can significantly
influence the deformability and breakup of droplets and could
affect phase continuity [28,35]. The presence of organoclay in the
dispersed phase has also been reported to increase dispersed
domain size thereby promoting “co-continuity” in HDPE/PA6
system [37,38]. On the contrary, Zhu et al. proposed that organoclay
platelets acts like a “knife” thereby reducing dispersed PS domain
size due to shear stress generated during mixing [39]. Wang et al.
proposed that the decreased domain size of PS in PP/PS blends
caused by addition of organoclay results from the two immiscible
polymer chains existing together between intercalated clay plate-
lets causing them to locate at the interface like a block graft
copolymer [42]. There has been recent discussion concerning the
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relative roles of the barrier to coalescence mechanism versus the
viscosity effect on the decrease in dispersed phase particle size
caused by organoclay [43]. The state of the literature in this area
points to the need for systematic studies to better understand the
effect of the organoclay on the morphology and mechanical prop-
erties of polymer blends.

This paper explores blends of PP and PS with and without an
organoclay (plus a maleated polypropylene, PP-g-MA, to promote
dispersion of the organoclay in the PP phase) where the melt
viscosity of the PP has been varied by use of different molecular
weight grades. This blend system was chosen because of some
recent commercial interest in these materials for automobile
applications. A partnership between Putsch Kunststoffe GmBH and
Süd-chemie AG has described PP/PS with PS morphology modified
with organoclay and advertised these blends for automotive
application. However, it is necessary to understand the possibilities
and limitations to this approach and provide the scientific base for
determining when this concept can be reliably utilized. Recently
our laboratory has reported the effect of PP-g-MA/organoclay ratio
on the extent of organoclay dispersion, thermal expansion behavior
and mechanical properties of PP nanocomposites. [48] This work
showed that a ratio of PP-g-MA/organoclay ¼ 1 gave optimum
improvement in performance of PP nanocomposites; thus, the
same ratio is used in the present study. The effects of PP viscosity
and the presence of organoclay on the morphology stabilization of
dispersed phase particle size, phase inversion behavior and the co-
continuity region were explored and supported by various char-
acterization techniques. An issue of paramount importance is
where the organoclay particles locate in such blends. To add some
fundamental understanding of this issue, surface energymodels for
particles in polymer blends are reviewed and extended to particles
with plate-like structure. The effects of organoclay on tensile and
impact properties of the blend are also reported.

2. Background and theory of emulsion stabilization by solid
fillers

The role of colloidal particles in stabilization of low viscosity
emulsionswas consideredmore than a century ago byRamsden [49]
and Pickering [50]. The presence of colloidal particles around drop-
lets acts as a barrier against coalescence forming particle stabilized
emulsions; these are called “Pickering emulsions” due to the original
work by Pickering [50]. There has been a renewed interest in the
stabilization of emulsions by solid particles in the last decade
[51e59]. Tambe and Sharma [51] observed an increase in stability of
decane-wateremulsionswithCaCO3 content. Similareffectsof nano-
silica, laponite and smectites on the stabilization of liquid emulsions
has been extensively described [52e59]. Aveyard et al. [54] reported
that addition of 6 wt% of silica particles leads to an 8 fold decrease in
particle size for a polydimethylsiloxane PDMS/water mixture. The
advantage of using relatively high concentrations of silica particles is
that theexcess silica causesgelationof the continuousphase thereby,
retarding or completely preventing creaming of oil drops or sedi-
mentation of water drops which lead to long self-life of the product.
Several mechanisms have been suggested for particle stabilized
emulsions including (a) steric stabilization of droplets by particles
and particle bridging between the droplets, (b) surface rheological
effects and (c) flocculation in the bulk.

It is natural then to ask whether solid fillers also provide
stabilization in immiscible polymer blends. The use of compati-
bilizers to improve morphology and interfacial adhesion in
immiscible blends has been widely used for various reasons dis-
cussed previously. Recently, several authors have shown the effect
of particle stabilization in immiscible polymer blends. Vermant
et al. [60] observed that fumed silica suppresses coalescence in a
polydimethylsiloxane (PDMS)/polyisobutylene (PIB) (70/30) blend.
These authors found that the effect of shear rate on storage
modulus became insignificant with increased particle concentra-
tion in the blend. The mixing protocol did not appear to affect the
rheology or morphology of the blend. In contrast to results by
Vermant et al. [60], Thareja and Velankar [61] later studied the
same system and found gel-like behavior at low viscosities as
particle concentration increased and differences in storage
modulus with blending sequence. The differences in these two
studies were due to the different rheological characteristics of the
materials and the rheological measurements [62]. Elias et al. [63]
studied the effect of nano-silica polarity on dispersion of PS in
immiscible PP/PS blends and concluded that hydrophilic silica in
the PS dispersed phase stabilizes morphology due to reduction in
interfacial tension whereas hydrophobic silica in PP matrix, stabi-
lizes the morphology by reducing coalescence of dispersed PS
particles. A common theme has been to interpret rheological data
in terms of the Paliernemodel to infer information about the nature
of the interface including the interfacial energy.

Various surface energy analyses have been used to aid the
understanding of the morphology of multiphase polymer blend
systems [64e69]. Hobbs et al. [64] first suggested the use of
spreading coefficients lij, defined in terms of interfacial tensions,
gmn, via a form of Harkins’ equation;

l31 ¼ g12 � g32 � g13 (1)

to predict the morphology of ternary blends. Here 1 and 3 are two
dissimilar phases dispersed in matrix 2. In the above equation if
l31 > 0, component 3 will encapsulate component 1 and eliminate
its contact with component 2. If l31 and l13 are negative, 1 and 3
will tend to disperse separately in phase 2. Cheng et al. [66] used an
analogous interfacial energy analysis to predict where small
spherical polymer particles would locate in an immiscible blend of
polymer 1 and 2. Such surface free energy analyses agree well with
experiments in some cases; however, kinetic effects during pro-
cessing can also be a factor. In the following, we compare the
predictions of such analyses for the cases of spherical or low aspect
ratio particles, with that of circular high aspect ratio platelets since
this gives some insights about how organoclays may affect blend
morphology.

2.1. Case of spherical particles

We consider a spherical filler particle p interrupted at the
interface 1e2 created by phase 1 and 2 as shown in Fig. 1. The
surface free energy of this system is given by:

G ¼ A1pg1p þ A2pg2p � A12g12 (2)

where A1p, A2p are the surface areas of particle p in contact with
phases 1 and 2, respectively and A12 is the loss in contact area of
1e2 due to particle p; the mathematical relationships for these
cases are well known from geometry [66]. The corresponding
interfacial surface energies are designated by g1p, g2p andg12. Fig. 1
shows the plots of the surface free energy, G, as a function of the
location of the particle along the x-axis. The particle p will reside
completely in either phase 1 or 2 when g12 � jg1p � g2pj provided
surface energy effects are dominant. However, for the situation
where g1p> g2p and g12> g1p � g2p, a minimum occurs in the plot
of G versus x at

x
R

¼ g1p � g2p
g12

(3)

Thus, the equilibrium location of the particle in this case is to be
trapped at the interface rather than locating in polymer 2. Such



Fig. 3. Surface free energy for a clay platelet versus location relative to the interface for
the special case where g1P> g2P when qs0 or p.

Fig. 1. Surface free energy for a spherical filler versus location relative to the interface
for the case whereg1P> g2P .
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situations arisewhen having the particle p in contact with 1 and 2 is
more favorable than having 1 and 2 in contact with each other. Such
cases have been observed [65,66], but kinetic contributions during
processing may preclude achieving this equilibrium state [65].
G

G

Fig. 2. Schematic of the clay particle (a) single clay platelet; (b) clay platelet oriented at
the interface.
2.2. Case of circular platelets

We might think of clay particles as circular platelets or a disk as
suggested in Fig. 2(a). This case differs from that of a sphere in at
least two important ways, i.e. there is an angular orientation rela-
tive to the interface and the relative areas of the edge of the disk
compared to its faces or the aspect ratio. For simplicity, we assume
here that the surface energies for the edge and faces of the disk are
the same. Fig. 2(b) shows a disk of radius R and thickness t located
at an angle 0 < q < p relative to the interface with the center of the
disk at a distance x from the interface. From known geometrical
relationships for the partial areas of a disk [70], the surface free
energy G ¼ f ðx; qÞ for 0 < q < p of equation (2) takes the form:

.
A¼

�
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�x
R

��
g1p

þ
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�x
R

��
g2p

�
�
2

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
R2�x2

p
t
�
g12 (4)

where A1top and A1bottom are the surface areas of the top and bottom
parts of the disc in contact with polymer 1. It is interesting to
consider the case of disk with very high aspect ratios, i.e. R>> t This
leads to considerable simplification of equation (4), i.e.,

¼
�
pR2�2
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For R>> t, G is independent of q so long as q is not identical to 0 or p
Fig. 3 shows a plot of G versus x for the situation where g1p>g2p
Table 1
Details of the materials used in this study.

Grade Supplier MFI g/10 min at
230 �C and 2.16 kg

Designationa

Pro-fax PH020 LyondellBasell 37.0 L-PP
Pro-fax 6301 LyondellBasell 12.0 M-PP
Pro-fax 6523 LyondellBasell 4.0 H-PP
Styron 685D Dow 1.5 PS
Polybond 3200 Chemtura 115 PP-g-MA

a The L-PP, M-PP and H-PP designate the low, medium and highmolecular weight
PP grade, respectively.



Fig. 4. TEM images of PP/PP-g-MA/MMT nanocomposites prepared from various PP grades: (a) L-PP; (b) M-PP and (c) H-PP. The MMTcontent is 3 wt% in all nanocomposites. Images
were taken from the core and viewed perpendicular to the flow direction (FD).
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and the terms in equation (5) involving t are negligible. Interest-
ingly, G goes monotonically between the two limits of the disk
being entirely in phase 1 or phase 2. This means that if the disk
enters the interface from phase 1, there will be a force vG=vx that
moves it right through the interface into phase 2. Thus, unlike the
sphere (see Fig. 1) there is no possibility of a free energy minimum
that would trap the disk in the interface. This is so because there is
no finite 1e2 contact that is interrupted by the disk in the limit that
R>> t The same would be true for a rod, like a high aspect ratio
carbon nanotube.

However, the situation is very different when the disk
approaches the interfacewith q ¼ 0 or p. For this case, equation (2)
becomes

G ¼ pR2
h
g1p þ g2p � g12

i
(6)

When g12> g1p þ g2p, the surface free energy is negative indicating
that the equilibrium position of a disk with R>> t is to be trapped
at the interface. It is likely that many disks entering the interface
would rotate into this orientation and become trapped at the
interface. For disks with finite aspect ratios, it turns out that
a minimum in G and even G< 0 become possible for disk orienta-
tions other than q ¼ 0 or p. These minima become possible
because of a finite extent of interruption of the 1e2 contact.

3. Experimental

3.1. Materials

Three different commercial grades of polypropylene PP having
low, medium and high molecular weight were supplied by Lyon-
dellBasell and a commercial grade polystyrene PSwas obtained from
Dow Chemical. The commercial organoclay Cloisite�20A having
dimethyl bis(hydrogenated tallow) quaternary ammonium as the
organic modifier was supplied by Southern Clay Products, Gonzales,
TX. The organic loading is 95 mequiv/100 g of clay and weight% of
organic content determined from loss on ignition test (LOI) is 39.6wt
%. The polypropylene-grafted maleic anhydride (PP-g-MA, MA
content ¼ 1.0 wt%) was supplied by Chemtura Corporation. Further
details about thesematerials anddesignationsareprovided inTable1.
Table 2
MMT particle analysis results for PP/PP-g-MA/MMT nanocomposites at a fixed MMT con

Matrix Total
Number of
particles

Number average
particle length
ln (nm)

Weight average
particle length
lw (nm)

Number average
particle thickness
tn (nm)

Wei
part
tw (n

L-PP 211 185 255 7 12
M-PP 244 197 289 6 12
H-PP 221 218 301 6 10
3.2. Blend preparation

All materials were dried in a vacuum oven at 80 �C for 12 h prior
to extrusion. All blends with and without MMT were prepared
using a Haake co-rotating twin screw extruder (diame-
ter ¼ 30.5 mm, L/D ¼ 10). The barrel and die temperatures were set
at 210 �C and 215 �C respectively. The melt mixing was carried out
at a screw speed of 280 rpm and feed rate of 1 kg/h. The melt
extrudate was passed through a cold water bath and pelletized into
uniform pellet size.

Blends without MMT contain PP/PP-g-MA/PS while blends with
MMTcontain PP/PP-g-MA/MMT/PS. The PS compositionwas varied
from 0e100 wt% in the blends with and without MMT. All blends
with MMT have 3 wt% MMT based on the PP/PP-g-MA/MMT phase
unless mentioned separately. The PP-g-MA to organoclay ratio of
1.0 was fixed in all blends with MMT. When no MMT was present,
the polypropylene phase included the same amount of PP-g-MA as
when MMT was present so that appropriate comparison of prop-
erties could be made. Initially, a single and a two step mixing
methods were used to prepare blends with and without MMT, at
a fixed PS composition of 30 wt% to explore the effect of mixing
protocols on blend properties. In the single step method, all
materials were fed simultaneously to the extruder at a feed rate of
1 kg/h. In the two stepmethod either PP/PP-g-MA/MMTor PP/PP-g-
MA were first prepared using processing conditions reported
elsewhere [48,71] and then further extruded with PS to prepare
blends with and without MMT, respectively.

The blends without MMT did not show any difference in
morphology and mechanical properties irrespective of mixing
protocols; hence, the single step method was used to prepare these
blends for all PS compositions. However, for blends containing
MMT, the two step method showed higher mechanical properties
and better control of dispersed PS particle size compared to those
obtained from the single step method. Hence, the two step method
was used to prepare blends with MMT for all PS compositions.

Extruded blend samples (with and without MMT) were dried at
80 �C for 8 h in a vacuum oven and then injection molded into
standard tensile bars (ASTM D638, Type I) and Izod bars (ASTM
D256) in an Arburg Allrounder 305-210-700 injection molding
tent of 3 wt% and PP-g-MA/organoclay ratio of 1.0. (viewed perpendicular to FD).

ght average
icle thickness
m)

Aspect ratio
ln=tn

Aspect ratio
lw=tw

Number average
aspect ratio
< l=t >n

Weight average
aspect ratio
< l=t >w

26 21 30 62
33 24 32 75
36 30 48 88



Fig. 5. TEM micrographs showing location of the MMT particles in PP/PP-g-MA/MMT/PS blend having 30 wt% PS (top row) and 90 wt% PS (bottom row). The blends were prepared
with different PP grades: L-PP (a and d); M-PP (b and e) and H-PP (c and f). Images were taken from the core and viewed perpendicular to the flow direction (FD).
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machine using a barrel temperature of 220 �C (feed) to 230 �C (die)
and a mold temperature of 40 �C. The injection pressure was varied
from 35 to 55 bar based on the PS composition in the blend, the
holding pressure was maintained at 35 bar.

3.3. Characterization

Ultra-thin sectionsw50e60 nmwere cut cryogenically from the
central core region of an Izod bar using an RMC PowerTome XL
ultramicrotome. The sections were cut perpendicular to the flow
direction (FD), i.e., in the FD-ND plane; atw3 cm away from the far
end of an Izod bar. The knife and sample temperatures were
adjusted based on the PS composition to get uniform thin sections.
Fig. 6. TEM images of extruded (a) H-PP/PP-g-MA/PS and (b) H-PP/PP-g-MA/MMT/PS blend
direction (FD).
Sections were collected on 300 mesh copper grids and subse-
quently dried on filter paper. The PS phase in the blend was pref-
erentially vapor stained by 2 wt% solution of osmium tetroxide for
8 h at room temperature in a closed glass chamber. Low and high
magnification TEM images were obtained using a JEOL 2010F field
emission TEM operating at an accelerating voltage of 120 kV.

The phase morphology of the blends with and without MMT
was also observed using a Leo 1530 SEM at an accelerating voltage
of 10 kV. Samples for SEMwere also taken from the core of injection
molded bars and cut perpendicular to the flow direction (FD) at
w3 cm away from the far end of an Izod bar. The sample was cryo-
polished using a glass knife to obtain a smooth surface. The PS
phase was preferentially extracted using toluene at 40 �C for 8 h.
at 30 wt% PS. Images were taken from the core and viewed perpendicular to the flow



Fig. 7. TEM image of L-PP/PS/MMT blend having 30 wt% PS in blend. Images were
taken from the core and viewed perpendicular to the flow direction (FD).

a 

b

Fig. 8. Effect of PS content and PP melt viscosity on the dispersed phase particle size
for (a) blends without MMT and (b) blends with MMT. PS is the dispersed phase when
the PS content is below 50 wt% while the matrix is PP/PP-g-MA or PP/PP-g-MA/MMT.
The wt% MMT is based on the MMT content in PP/PP-g-MA/MMT. The dashed line
represents the co-continuous region as observed from TEM images for blends prepared
with various grades of PP.
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The etched samples were further vacuum dried at room tempera-
ture forw8 h to remove any traces of solvent prior to silver or gold-
palladium (50:50) coating. Samples were imaged perpendicular to
the flow direction similar to TEM. A semi-automatic digital image
analysis software Image J (NIH Image software v1.43�) was used to
determine the area of the extracted PS phase. The apparent particle
diameter was then evaluated from the area as follows

d ¼
�
4A
p

�1=2

(7)

The effective number average,dn, and weight average,dw; particle
diameters were then calculated from the statistical data obtained
from image analysis based on TEM or SEM photomicrographs.

The rheological parameters for PP/PP-g-MA, PP/PP-g-MA/MMT
and PSwere determined on a TA AR2000ex rheometer using 25mm
EHPparallel plategeometryanda samplegapof 1mm.Sampleswith
a diameter of 25mmand a thickness ofw1.5mmwere compression
molded at 200 �C for 5 min. All rheological measurements were
Table 3
Quantitative particle analysis results for dispersed phase particle size in blends prepared with and without MMT using different grades of PP. The particle size has units of mm.

PS (wt%) Blend without MMTa Blend with MMTb

L-PP M-PP H-PP L-PP M-PP H-PP

dn dw dn dw dn dw dn dw dn dw dn dw

10 4.21 6.01 1.87 2.75 1.22 1.59 1.48 1.75 1.08 1.87 1.67 2.13
20 6.25 8.04 ec e e e 1.62 2.08 e e e e

30 7.7 12.00 3.35 6.90 2.32 3.82 1.77 2.47 1.56 1.98 1.63 2.49
40 9.04 14.02 3.58 7.60 2.25 5.20 2.1 2.81 2.08 2.46 2.14 2.74
50 9.83 14.22 4.21 8.71 2.84 6.60 3.02 3.77 2.49 3.56 2.45 2.82
60 Co-continuous regiond Co-continuous regiond

70 0.37 0.54
72.5 e e 0.32 0.44
80 e e e e 0.44 0.55 e e e e

90 0.68 1.03 0.48 0.81 0.41 0.66 0.43 0.58 0.34 0.44 0.37 0.46

a The dispersed phase for blends without MMT is PS (above co-continuous region) and PP/PP-g-MA (below co-continuous region) based on the PP grade.
b The dispersed phase for blends with MMT is PS (above co-continuous region) and PP/PP-g-MA/MMT (below co-continuous region) based on PP grade. The MMT content is

3 wt% based on PP/PP-g-MA/MMT and the PP-g-MA/organoclay ratio is 1.0.
c The dash indicates that these blends were not prepared.
d The shaded region represents the co-continuous morphology observed for blends prepared with and without MMT.



Fig. 9. Low magnification TEM images showing various morphologies of L-PP/PP-g-MA/MMT/PS blends as a function of increasing PS content. The blend shows co-continuity at
60 wt% PS and phase inversion occurs at 80 wt% PS.
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carried out at a fixed temperature of 205 �C under UHP dry nitrogen
at flow rate of 4 l/min. Strain sweep tests were carried out for each
sample to ensure the strain used was within the linear viscoelastic
range. Frequency sweep tests were then performed from 0.04 to
300 rad/s.

4. Results and discussion

4.1. TEM analysis of MMT particles in PP/PP-g-MA/MMT
nanocomposites

As discussed in the experimental section, PP/PP-g-MA/MMT
nanocomposites were prepared from various grades of PP prior to
blending with PS. TEM was performed on PP/PP-g-MA/MMT
nanocomposites to determine the extent of MMT dispersion in the
PP matrix. All views were taken perpendicular to the flow direction
(FD), i.e., in the FD-ND plane. Fig. 4 shows representative TEM
images for PP/PP-g-MA/MMT nanocomposites prepared from the
three different PP materials. The TEM micrograph for L-PP/PP-g-
MA/MMT shows randomly distributed intercalated MMT particles
along with a few skewed and bent stacks. The low shear stress
exerted by L-PP on the MMT particles results in the formation of
skewed stacks which is also observed for M-PP/PP-g-MA/MMT
nanocomposites. In H-PP/PP-g-MA/MMT nanocomposite, the MMT
particles exhibits a mixed morphology of intercalated tactoids as
well as more exfoliated particles. The MMT particles in the H-PP
nanocomposite are longer than those in the L-PP or M-PP nano-
composites. The increased shear stress resulting from the high
matrix viscosity facilitates the dispersion and orientation of the
MMT particles in the H-PP/PP-g-MA/MMT system.

To quantify the dispersion of MMT particles in the PP matrix,
particle analyses were performed on at least 200e300 MMT
particles with the results summarized in Table 2. The MMT particle
length increases while the thickness decreases with increasing PP
viscosity for reasons mentioned above. The various aspect ratios
computed from the MMT particle analyses for PP nanocomposites
ln=tn, lw=tw and < l=t> w show a gradual increase with the increase
in PP viscosity; however,< l=t> n shows a more dramatic increase
for the H-PP/PP-g-MA/MMT nanocomposite. The average aspect
ratios < l=t> n and < l=t> w are higher than those calculated from



Fig. 10. Low magnification TEM images showing co-continuous and phase inversion behavior for blends with MMT prepared from PP materials with different melt viscosities: (a)
L-PP/PP-g-MA/MMT/PS; (b) M-PP/PP-g-MA/MMT/PS and (c) H-PP/PP-g-MA/MMT/PS. All views were taken perpendicular to the flow direction (FD).
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the ratio of the corresponding average values of length and thick-
ness, ln=tn and lw=tw, respectively. Also, the ratio of number average
particle length and thickness, ln=tn, is larger than the ratio of weight
average particle length and thickness, lw=tw, while the weight
average aspect ratio obtained by averaging values of each particle,
< l=t> w, is always larger than the corresponding number average
ratio, < l=t> n for all PP nanocomposites. Similar trends have been
observed previously [48].

4.2. Location of MMT particles in blends

Fig. 5 shows high magnification TEM images for blends with
MMT, prepared from three different PPmaterials at two different PS
compositions, where PS forms either the dispersed or continuous
phase. Fig. 5(a)e(c) shows dispersed PS particles in the different PP
matrices for 30 wt% PS. The MMT particles are located in the PP
matrix as well at the PP/PS interface thereby acting as compati-
bilizers. The fraction of MMT particles located around the PS
particles appears to decrease as the PP viscosity increases. The PS
particles are elongated in the H-PP/PP-g-MA/MMT/PS blend due to
the high shear stress exerted by the H-PP on the dispersed phase
during injection molding. This has also been observed for H-PP/PP-
g-MA/PS blends at 30 wt% PS composition. Fig. 5(d)e(f) shows
dispersed PP/PP-g-MA/MMT particles in a PS matrix for blends
containing 90 wt% PS. The PP particles are dispersed in the PS
matrix and MMT particles are located in the PP phase as well at the
interface.

To show that injection molding tends to elongate the PS parti-
cles in the H-PP based blends (with and without MMT) having
30 wt% PS, the morphology of extruded samples were also inves-
tigated for comparison. Fig. 6 shows TEM images for extruded
blends, with and without MMT, viewed perpendicular to FD. The PS
particles in extruded blends, with and without MMT tend to have
a more globular shape as opposed to the elongated morphology
seen for injection molded specimens. This confirms that the PS
particle shape is due to processing effects in H-PP based blends
with and without MMT.

The location of MMT particles at the interface is governed in part
by the affinity between the polymers and the organoclay arising
from interfacial energies. In PP/PS blends without PP-g-MA, all
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MMT particles reside in the PS phase or at the PP/PS interface (as
seen in Fig. 7) since gPS�MMT< gPP�MMT and gPP�PS is high. Addition
of PP-g-MA to the PP matrix reduces interfacial energy such that
gPP=PP�g�MA�MMT< gPP�MMT ; however gPP�PS is still high owing to
the strong immiscible behavior of PP and PS. In the absence of
kinetic factors, the location of MMT particles can be predicted from
the wetting parameter

u ¼ gPP=PP�g�MA�MMT � gPS�MMT

gPP=PP�g�MA=PS
(8)

where g represents interfacial tension between polymerepolymer
and polymer-filler. The filler is expected to locate at the interface
when u is between �1 and 1. The unavailability of interfacial
energy data for PP/PP-g-MA makes this reasoning qualitative;
evaluation of these interfacial energies is beyond the scope of this
work.

4.3. Effect of MMT on dispersed phase particle size

Quantitative particle size analyses were performed on blends
with and without MMT to see the effect of PP viscosity, MMT
content, and PP/PS ratio on the dispersed phase particle size. For
best statistical validity, quantitative analyses were done on 200-
1100 particles for various systems. Table 3 summarizes the number
average, dn and weight average,dw, diameters of the dispersed
polymer phase for blends prepared with and without MMT. For
Table 4
Viscosity of PP/PP-g-MA, PP/PP-g-MA/MMT and PS at a shear rate of 250 s�1.

Polymer Viscosity h (Pa s)a hd=hc
c

0 wt% MMT 3 wt% MMT 0 wt% MMT 3 wt% MMT

L-PPb 80.3 124 4.25 2.75
M-PPb 133 182 2.56 1.87
H-PPb 274 353 1.24 0.97
PS 341 e e e

a The melt viscosities were determined at shear rate of 250 s�1 assuming Cox-
Merz rule to be valid.

b The various PP represents viscosities for PP/PP-g-MA (0 wt%MMT) and PP/PP-g-
MA/MMT (3 wt% MMT).

c hd is viscosity of dispersed phase PS; hc is the viscosity of continuous phase PP/
PP-g-MA (0 wt% MMT) and PP/PP-g-MA/MMT (3 wt% MMT). The viscosity ratio for
two phase is assumed for blends where PS forms the dispersed phase.
blends prepared without MMT, the dispersed phase is PS (above co-
continuous region) and PP/PP-g-MA (below co-continuous region).
Similarly, for blends prepared with MMT, PS and PP/PP-g-MA/MMT
forms the dispersed phase above and below the co-continuous
region, respectively.

Fig. 8 shows weight average particle sizes for the dispersed poly-
mer phase versus PS composition for blends with and without MMT.
As seen fromFig. 8(a), at anyfixedPS composition, the PSparticle size
decreases with increased PP viscosity in a range where PP forms the
continuous phase. A higher PP viscosity increases the breakup of PS
particles due to high shear stress and reduces the dispersed phase
particle size. The final morphology in the blend reflects the
competing effects of breakup and coalescence during blending. At
higher PS composition where PP forms the dispersed phase, the PP
viscosity has negligible effect on dispersed PP particle size.

Fig. 8(b) shows the dispersed phase particle size versus PS
compositions in the blends with MMT. In nearly all cases, the pres-
ence of MMT leads to a lower particle size; an exception is for H-PP/
PP-g-MA/MMT/PS at 10wt% PS. TheM-PP/PP-g-MA/MMT/PS shows
lower PS particle size compare to all blends with MMT until 40 wt%
PS. The effect of PP viscosity on PS particle size is more apparent at
50 wt% PS. At higher PS compositions, when PP/PP-g-MA/MMT
forms the dispersed phase, the PP viscosity has no effect on the
particle size similar to what is observed for blends without MMT.

Fig. 8 also shows the effect of PS composition on the dispersed
phase particle size, location of the co-continuous region and the
phase inversion composition for blends with and without MMT.
The dispersed PS particle size increases with increased PS content
in blends without MMT resulting from a higher rate of coalescence
during mixing [72e74]. The rate of coalescence increases with the
increase in PS content, resulting in the formation of co-continuous
structure followed by phase inversion. For blends with MMT, the
increase in PS particle size with PS content is much less than for
blends without MMT; this seems to be due to reduced rate of
coalescence caused by the presence of the MMT. Fig. 9 illustrates
the morphology of L-PP/PP-g-MA/MMT/PS blend at different PS
compositions with TEM images. The blend shows dispersed PS
particles at lower PS compositions; co-continuity is observed at
60 wt% PS followed by phase inversion at 80 wt% PS.

All blends show the onset of co-continuity beyond 50 wt% PS,
irrespective of PP viscosity and MMT. The L-PP/PP-g-MA/PS blend
shows phase inversion at 90% PS, whereas for M-PP/PP-g-MA/PS
and H-PP/PP-g-MA/PS blends, phase inversion occurs at 80 wt% PS.
Fig. 12. Effect of MMT content on dispersed PS particle size in a blend prepared with
various grades of PP. The PS content in the blend is 30 wt% and the MMT content is
3 wt% based on PP/PP-g-MA/MMT.



Fig. 13. SEM images of blends without MMT containing 30 wt% PS. Top row shows images for as-molded samples while the bottom row shows images for annealed samples at
210 �C for 2 h. The blends were prepared with different PP grades: L-PP (a and d); M-PP (b and e) and H-PP (c and f).
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However, the PP viscosity has a clear effect on the phase inversion
composition as does the presence of MMT. Fig. 10 shows TEM
images representing the co-continuous regions and phase inver-
sion compositions observed for blends with MMT prepared from
the different grades of PP. The blends with MMT show phase
inversion at lower PS content than blends without MMT. The phase
inversion shifts toward lower PS compositions with increased PP
viscosity. The L-PP/PP-g-MA/MMT/PS shows phase inversion at
80 wt% PS followed by phase inversion at 70 wt% and 72.5 wt% PS
for M-PP/PP-g-MA/MMT/PS and H-PP/PP-g-MA/MMT/PS blends
respectively. The possible explanation for decrease in phase inver-
sion composition is due to increase in the PP viscosity in the
presence of MMT; however, viscosity may not be the only factor in
reducing the phase inversion composition. However, at this time it
is difficult to predict the exact reason for the decrease in phase
conversion composition.
Table 5
Number average dn and weight average dw PS particle size in blends with and
without MMT. The PS composition in blend is 30 wt%. The particle size has unit of
mm.

Matrix MMT wt%
in Matrixa

As-molded After 2 h in melt at 210 �C

dn dw dn dw

L-PP 0 7.7 12.0 24.5 60.5
3 1.77 2.47 1.79 2.66

M-PP 0 3.35 6.9 27.5 72.3
3 1.56 1.98 1.49 2.38

H-PP 0 2.32 3.82 22.0 44.5
3 1.63 2.49 1.13 2.71

a The PP/PP-g-MA or PP/PP-g-MA/MMTwas used as a matrix to prepare blends at
30 wt% PS. The MMT wt% is based on MMT content in PP/PP-g-MA/MMT. The PP-g-
MA/organoclay ratio is 1.0.
4.4. Role of PP melt viscosity on dispersed phase particle size

Fig. 11 shows the complex melt viscosity results for PP/PP-g-MA,
PP/PP-g-MA/MMT and PS. The viscosity for PP/PP-g-MA/MMT is
higher than PP/PP-g-MA due to the presence of organoclay. The
relative increase in viscosity of PP in the presence of organoclay is
more pronounced for L-PP/PP-g-MA/MMT and M-PP/PP-g-MA/
MMT than for the H-PP/PP-g-MA/MMT nanocomposite. The
differences in viscosity are more discernible in the low frequency
region. The high shear stress exerted by the extruder during melt
mixing is best judged by the viscosity in the high frequency region.
During extrusion, the molten polymer experiences a range of
stresses with some being very high as it passes through the
kneading and mixing zones. The average shear rate experienced by
the melt depends on screw design and operating parameters [75],
we estimate an average shear rate of w250 s�1 in the twin screw
used here owing to its high shear elements. Table 4 shows the
absolute viscosities for PP/PP-g-MA, PP/PP-g-MA/MMT and PS at
a shear rate of 250 s�1 assuming validity of Cox-Merz rule; as it was
not possible to carry out high steady shear experiments with the
rheometer used.

To elucidate the effect of MMT content and PP viscosity on PS
particle size, it is useful to compare blends prepared with the
different PP at fixed PS content. Fig. 12 shows the effect of MMT
content on PS particle size for blends containing 30 wt% PS. The
addition of MMT reduces the PS particle size in all cases with the
maximum decrease in PS particle size observed for blends based on
L-PP. The PS particle size for blends containing MMT is nearly the
same for all these PPmaterials; whereaswithoutMMT, they are very
different. The effect of PP viscosity on dispersed PS particle size is
clearly seen for blends without MMT resulting in lower PS particle
size with increasing PP viscosity. The effect of PP viscosity is not
significant in the presence of MMT, with similar PS particle sizes
observed for blends having different PP viscosities. This is also seen
forblendsprepared frommatriceswith similar viscosities, i.e.,M-PP/
PP-g-MA and L-PP/PP-g-MA/MMT where the PS particle size in the
L-PP based blendwithMMT is 2.47 mmcompared to6.9mmobserved
forM-PP based blends withoutMMTat 30wt% PS. Similarly, in H-PP
based blend, although the ratio of two phases does not change with
MMT, the PS particle size reduces from 3.82 mm to 2.49 mm in the
presence of MMT. This suggests that although rheology is a factor in
decreasing particle size of dispersed phase, MMTacts as a barrier to
the coalescence of the dispersed particles thereby reducing PS
particle size to amuch greater extent than in blendwithoutMMT for
matrices having similar viscosities. However, the presence ofMMT is
much more beneficial in controlling dispersed phase particle size in
blendswhere it leads tomuchhigher increase in thematrix viscosity
as seen for L-PP nanocomposite.

4.5. Stability of phase morphology in blends with and without MMT

Often blends are subjected to further processing steps to
prepare molded parts or they may experience a number of
temperature/shear histories. In uncompatibilized blends, some low
shear processing steps can lead to the coalescence of the dispersed



Fig. 14. SEM images of blends with MMT having 30 wt% PS. Top row shows images for as-molded samples while bottom row shows images for annealed samples at 210 �C for 2 h.
The blends were prepared with different PP grades: L-PP (a and d); M-PP (b and e) and H-PP (c and f).
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phase particles and reduce their performance. An increase in phase
stability in the melt state extends the possibility of commercial
applications for blends. Addition of an organoclay can significantly
reduce the dispersed phase particle size as demonstrated above. To
evaluate the effect of organoclay on the morphology stability,
blends with and without MMT having 30 wt% PS were held at
210 �C for 2 h in a quiescent state. Fig. 13 compares the SEM images
for blend samples before and after annealing in the melt. The
number average dn and weight average dw PS particle diameter for
as-molded and annealed blends with and without MMT are tabu-
lated in Table 5. The PS particle size in the blend increased by
factors of as much as an order of magnitude when no MMT is
present. Interestingly, the change is greatest for H-PP/PP-g-MA/PS;
the highly elongated PS particles in this blend undergo retraction
followed by significant coalescence. However, for blends containing
MMT (Fig. 14), the change in PS particle size after annealing is very
slight for all these PP materials. The presence of MMT significantly
improves the phase stability of the blends, especially for the H-PP
blend where the PS particle size increased byw10x on annealing in
the absence of MMT. The location of the MMT in the blend appears
to have an important role in stabilizing the phase morphology
stability as shown by a few recent reports [17,47]. Khatua et al. [17]
Fig. 15. Tensile modulus for blends without and with MMT at various PS compositions.
The blends were prepared with different grades of PP. The symbols represents PP
phase which is either PP/PP-g-MA (0 wt% MMT) or PP/PP-g-MA/MMT (3 wt% MMT).
showed that the presence of MMT in a nylon 6/EPR (80/20) blend
led to good phase stability in the melt; the MMT resides in the
nylon 6 phase for this blend. These authors also reported poor
phase stability in themelt for a PP/PS (70/30) blendwhere theMMT
is in the dispersed PS phase and at the interface. Moghbelli et al.
[47] observed a 30% increase in dispersed SAN particle size in nylon
6/SAN (80/20) nanocomposites after annealing at 260 �C for
10 min; the organoclay is located in the nylon 6 phase in this
system. The presence of MMT at the interface and in the matrix has
significant impact on the phase morphology stability as observed
for the current PP/PP-g-MA/MMT/PS system. The presence of clay
at the interface effectively acts as a compatibilizer; suppression of
coalescence leading to smaller dispersed phase particles and
morphology stability in the quiescent melt state.

4.6. Mechanical properties of blends with and without MMT

The mechanical properties of blends are important factors for
performance in most applications. Fig. 15 shows the effect of PS
composition on the tensile modulus for blends with and without
MMT. The addition of PS to PP/PP-g-MA or PP/PP-g-MA/MMT
substantially increases the modulus. The PP grade has little effect
on blend modulus. The addition of MMT increases blend modulus
Fig. 16. Effect of MMT content on tensile modulus of blends prepared with different
grades of PP. The PS composition in the blend is 30 wt%. The MMT wt% is based on the
PP/PP-g-MA/MMT phase in blend.



Fig. 17. Effect of PS content on yield stress of blend without MMT. The blends with
MMT did not yield except for the H-PP based blend containing 10 wt% PS.
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with the greatest increase observed at low PS contents. The
contribution of MMTon blend modulus decreases as the PS content
increases due to increasing PS contribution to the blend modulus.
The increase in blend modulus is due to the reinforcement effect of
a

b

Fig. 18. Effect of PS content on tensile strength at break for blends without MMT (a)
and with MMT (b). The blends were prepared from different grades of PP. The symbols
represents PP phase which is either PP/PP-g-MA (0 wt% MMT) or PP/PP-g-MA/MMT
(3 wt% MMT).
MMT in the PP matrix. Fig. 16 shows the effect of MMT content in
the PP/PP-g-MA/MMT phase on the tensile modulus of blends
containing 30 wt% PS. The blend modulus increases with the
increase in MMT content due to increase in the stiffness of the PP
matrix. As seen from Fig. 16, the effect of PP molecular weight on
tensile modulus becomes more significant at 7 wt% MMT.

Fig.17 shows the tensile yield strength for blendswithoutMMTas
a function of PS content. The tensile yield strength for PP/PP-g-MA
without PS is nearly the same irrespective of PP grade. The H-PP
blend shows a small increase in yield strength with increased PS
contentwhereas the L-PP andM-PP based blends showa decrease in
yield strength. All blendsbreakbeforeyieldingat PS contentsbeyond
40 wt%. Blends with MMT did not yield except for H-PP/PP-g-MA/
MMT/PS containing 10 wt% PS. Fig. 18 shows the variation in tensile
strengthatbreak forblendswithandwithoutMMTover theentirePS
composition range for all these PP materials. As seen from Fig. 18(a),
the L-PP and M-PP based blends show a minimum at w50 wt% PS;
theH-PPbasedblendshowshigherbreak stress than theL-PPandM-
PP based blends. The break stress for H-PP based blends does not
change much with PS composition up to 90 wt%. The blend with
MMT (Fig. 18(b)) shows similar trends as the blends without MMT
but with slightly higher values due to the presence of the MMT.

Fig. 19 shows the elongation at break for blends with and
without MMT for different PS compositions and various PP
a

b

Fig. 19. Effect of PS content on elongation at break (%) for blends without MMT (a) and
with MMT (b). The blends were prepared with different grades of PP. The symbols
represents PP phase which is either PP/PP-g-MA (0 wt% MMT) or PP/PP-g-MA/MMT
(3 wt% MMT).



a

b

Fig. 20. Effect of PS content on notched Izod impact strength for blends without MMT
(a) and with MMT (b). The blends were prepared with different grades of PP. The
symbols represents PP phase which is either PP/PP-g-MA (0 wt% MMT) or PP/PP-g-MA/
MMT (3 wt% MMT).
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viscosities. As seen in Fig. 19(a), blends without MMT have elon-
gations at break > 50% up to 20 wt% PS irrespective of the PP
molecular weight. Above 20 wt% PS, the elongation at break drops
below 10% for all PS compositions with no significant difference
among blends from different PP grades. For blends with MMT
(Fig. 19(b)), elongation reduces to < 20 wt% for L-PP and M-PP
based blends at just 10 wt% PS and it reduced further with
increased PS content. The H-PP/PP-g-MA/MMT/PS blend shows
elongations > 50% up to 20 wt% PS and then < 10% beyond 30 wt%
PS with no discernible difference among blends from different PP
grades. The presence of MMT embrittles PP thereby reducing the
elongation at break. Fig. 20 shows the effect of MMTand PS content
on notched Izod impact strength of blends with and without MMT.
The impact strength of PP is greater the greater its molecular
weight and this translates into the blends with and without MMT.
In every case there is a minimum in impact strength versus PS
content. The impact strength of all the blends are reduced by the
addition of MMT with the maximum decrease observed in the co-
continuous region.

5. Conclusions

PP/PS blends with and without MMT were prepared from
various molecular weight PP grades through melt blending in
a twin screw extruder. In all cases PP-g-MA was added to the
polypropylene so that the organoclay located primarily in the PP
phase and to some extent at the PP/PS interface thereby acting as
a compatibilizer for the blend. Surface energy analysis for high
aspect ratio platelet predicted the possibility of clay platelet to be
trapped at the interface which is confirmed experimentally. The
presence of the organoclay significantly reduced the dispersed PS
particle size when PP formed thematrix. Themaximum decrease in
particle size was observed for L-PP followed by M-PP and H-PP
based blends with MMT. The decrease in the dispersed PS particle
size caused by the organoclay was greatest for the lower viscosity
PP materials. In this work, we have recognized that the presence of
MMT in thematrix and at the interface is more effective in reducing
dispersed phase particle size. The organoclay shifts the phase
inversion toward lower PS compositions in blends with MMT than
blends without MMT. The presence of MMT at the interface
suppresses coalescence of dispersed PS particles in the quiescent
melt condition with nearly no change compared to up to 10x
increase in PS particle size observed for blend without MMT. The
tensile modulus for blends withMMT is higher than blends without
MMT due to increase in stiffness of PP phase. The maximum
improvement in tensile modulus was observed at lower PS content.
The presence of MMT slightly improves the tensile break strength
whereas elongation at break reduced significantly. The blend
showed increase in impact strength with PP molecular weight
owing to inherent ductility of PP whereas impact strength for
blends with MMT were slightly lower than that for blends without
MMT.
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The goal of this study was to create wear resistant ultra high molecular weight polyethylene (UHMWPE)
with improved strength and toughness. It was previously demonstrated that high temperature melting
(HTM) of UHMWPE at 280e320 �C improved its toughness without detrimentally affecting its wear
resistance. We hypothesized that radiation cross-linking after high temperature melting could further
improve the wear resistance of UHMWPE, and the loss in toughness by radiation cross-linking could be
compensated by the improved toughness achieved by the high temperature melting prior to irradiation.
In this work, we demonstrated that irradiation after HTM generated UHMWPE with improved toughness
compared to the irradiated UHMWPEs without HTM, partly due to the low cross-link density of irradi-
ated HTM UHMWPE. At a given cross-link density, irradiated HTM UHMWPEs showed higher wear
resistance than irradiated UHMWPE. Therefore, successive HTM and radiation cross-linking strategy is
promising to create UHMWPE materials with low wear and improved mechanical properties for total
joint implants.

� 2011 Published by Elsevier Ltd.
1. Introduction

Implants fabricated from ultra high molecular weight poly-
ethylene (UHMWPE) have been highly successful in general with
implant survival rates over 80% at 15 years [1]. Nevertheless, the
longevity of the implants presents a challenge since the overall
number of total joint replacements is increasing and the average
age of patients undergoing total joint arthroplasty is decreasing
steadily [2]. It is desirable to improve the performance of implants
such that the number of revision operations is decreased.

The leading cause of implant failure is wear debris-induced oste-
olysis and implant looseningmainly due to thewear of UHMWPE [3].
Radiation cross-linking effectively reduces the wear at the articulat-
ing surface of the implants [4], but also decreases the mechanical
strength [5]. In addition, post-irradiation melting used to eliminate
oxidation-prone radiation-induced free radicals also leads to further
reduction in themechanical and fatigue strength of UHMWPE [6]. An
alternate method of obtaining oxidative stability in radiation cross-
linked UHMWPE is stabilizing these free radicals by an antioxidant
tory, Massachusetts General
þ1 617 7260657; fax: þ1 617

Elsevier Ltd.
such as vitamin E [7e9]. Using this method, post-irradiation melting
can be avoided and the mechanical properties can be maintained.
Nevertheless, the mechanical properties of the material are already
somewhat sacrificed by radiation cross-linking to increase wear re-
sistance. Thus, it is desirable to improve the strength of highly cross-
linkedUHMWPEs, especially for youngerpatientswithhigheractivity
and also for the expansion of the use of joint implants in diverse
implant geometries, where the mechanical properties remain as
a bottleneck for the survivorship of the implants.

Manufacturing of all UHMWPE implants starts with the consol-
idation of UHMWPE resin powder into solid form. Inevitably, fusion
defects [10] are present in these materials, essentially due to the
incomplete fusion of the high molecular weight polymer granules
under the consolidation conditions. According to the reptation
theory [11,12], a single polymer chain relaxes in a tube along its axis
defined by the neighboring chains (entanglements). At 180 �C, the
relaxation time for a UHMWPE chain to reptate through this tube is
about 15 h [13], much longer than a typical consolidation cycle. The
polymer chains cannot adequately diffuse through the granule
boundaries to achieve complete fusion, leaving numerous granule
boundaries with weak mechanical properties in comparison to
those in bulk. Such weak boundaries have beenwidely observed by
scanning electron microscopy of freeze-fractured surfaces of
UHMWPE [14e16]. These boundaries usually have reduced tough-
ness [17] in comparison to the bulk and may serve as fatigue crack

mailto:eoral@partners.org
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2011.01.017
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Fig. 1. FTIR spectra of (a) control PE; (b) PE-50; (c) PE-100; (d) UH 320-5; (e) UHI
320-5-50; and (f) UHI 320-5-100.

Fig. 2. The effect of the initial vinyl content on the cross-link density of irradiated
HTM-PEs. The solid symbols represent the irradiated control PEs.
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initiation sites under cyclic loading, which may also contribute to
fatigue-induced wear [15,18].

We demonstrated that melting consolidated UHMWPE at very
high temperatures above the melting point (circa 300 �C) markedly
increased its toughness without detrimentally affecting wear,
presumably due in part to the elimination of fusion defects. At high
temperatures, two major effects, i.e., chain scissioning and accel-
erated inter-granular diffusion, were responsible for the increases
in plasticity and toughness, as we found a marked increase in the
elongation-at-break up to 1100%, work-to-failure up to 6600 kJ/m2,
and double notched IZOD impact strength up to 175 kJ/m2 [19].

For applications in total joint implants, however, it is necessary
to further improve thewear resistance by high dose radiation cross-
linking after high temperature melting (HTM). Inevitably, high dose
radiation cross-linking will decrease the strength and toughness of
UHMWPE. We hypothesized that the improved toughness by the
HTM before irradiation could compensate for some of the loss in
mechanical properties induced by radiation cross-linking, thus
leading to new UHMWPE materials with low wear and improved
toughness in comparison to radiation cross-linked UHMWPE.

2. Experimental

2.1. High temperature melting (HTM) of consolidated UHMWPE

Compression molded GUR 1050 UHMWPE (Orthoplastics, Bacup
Lancashire, UK)withapproximate dimensionsof 250� 60� 45mm3

(length � width � height) were melted by using a programmable
convection oven with inert gas flow (LLD1-16N-3, Despatch Indus-
tries, Minneapolis, MN). The oven was pre-heated to a preset
temperature with nitrogen purge (flow ratew 2 m3/min). Then, the
UHMWPE was placed in the oven and was held at the temperature
for different durations. The temperatures used were 280, 300, and
320 �C [19]. At each temperature, the UHMWPE was held for 2, 5, or
12 h and then cooled down to 40 �Cwithin 2 h (at an average cooling
rate of 2.5 �C/min) and held at 40 �C for 20 min in the oven before
retrieval. These melted UHMWPEs were denoted as UH Tet, where
T is temperature, and t is time. For example, UH 280-2 denotes
aUHMWPEmelted at 280 �C for 2 h. CompressionmoldedUHMWPE
without HTM was used as control and denoted as such.

2.2. Radiation cross-linking

High temperature melted UHMWPEs (HTM-PE) were vacuum
packed and cross-linked by using a 10 MeV electron beam at room
temperature at Iotron Inc. (Vancouver, BC) at a dose rate of 50 kGy/
pass. The total doses were 50, 100, and 150 kGy. Radiation cross-
linked UHMWPEs without HTM was used as irradiated controls,
and were denoted as ‘irradiated PEs’ or PE-50, PE-100, and PE-150
for doses of 50, 100, and 150 kGy, respectively.

The irradiated HTM-PEs were denoted as UHI T-t-D, where T is
temperature, t is time, and D is radiation dose. For example, UHI
280-2-50 denotes a UHMWPE melted at 280 �C for 2 h and then e
beam cross-linked with a dose of 50 kGy.

2.3. Pin-on-disc (POD) wear test

Bi-directional PODwear test was performed on anMTSmachine
(Eden Prairie, MN) in bovine serum. Pins of 13-mm long and 9-mm
diameter (n ¼ 3 for each material) were machined and tested
under bi-directional motion on implant-grade polished CoCr discs
(Ra ¼ 0.03e0.05) at 2 Hz as previously described [20]. Wear was
determined gravimetrically at every 0.15 million-cycles (MC) until
a total of 1.2MC. Thewear ratewas a linear regression of theweight
loss as a function of number of cycles from 0.5 to 1.2 MC.
2.4. Tensile testing

Thin sections (3.2 mm thickness) of the above-mentioned
UHMWPE materials were machined and dog-bone-shaped speci-
mens (Type V, n ¼ 5 each) were stamped from these thin sections
according to ASTM D638. Uni-axial tensile testing was conducted
by using an MTS machine (Eden Prairie, MN) at a crosshead speed
of 10 mm/min. The axial displacement and force were sampled at
a rate of 100 Hz. The extension of a specific gauge on the specimen
was measured by a laser extensometer, which was used to deter-
mine the elongation-at-break (EAB).

The ultimate tensile strength (UTS), yield strength (YS), and
elastic modulus (E) were calculated according to ASTM D-638. The
work-to-failure was calculated by integrating the area below the
engineering stress-strain curve.

2.5. Double-notched IZOD impact strength measurements

Notching and double-notched IZOD impact strength measure-
ments were conducted at Orthoplastics Inc. (Lancashire, UK).
The specimens (n ¼ 5 for each material) were machined to
63.5 � 12.7 � 6.35 mm3 bars and double notched to a depth of
4.57 � 0.08 mm according to ASTM F648. The specimens were
conditioned after notching for not less than 16 h at 23 � 2 �C and
tested in accordance with ASTM F648. The energy absorbed by the
specimens was recorded for the calculation of the impact strength
in kJ/m2. The average values of five specimens, together with the
standard deviations, are reported.



Fig. 3. The effect of melting temperature and time on the cross-link density of irradiated HTM-PEs. The solid symbols represent the irradiated control PEs.
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2.6. Determination of peak melting points and percentage
crystallinity

The peak melting points (Tm) and percentage crystallinity (Xc)
were determined by using a Q-1000 Differential Scanning Calo-
rimeter (TA Instruments, Newark, DE) that had been calibratedwith
an indium standard. Three specimens of each material were
weighedwith a Sartorius CP 225D balance to a resolution of 0.01mg
and placed in standard aluminum pans. With a nitrogen flow at
50 ml/min, the cell temperature was ramped from�20 �C to 180 �C
at 10 �C/min, then from 180 �C to 20 �C at �10 �C/min, and finally
from�20 �C to 180 �C at 10 �C/min again. Before each cycle, the cell
temperature was held at each start temperature for 2 min. Thus,
three traces were recorded as heat flow versus temperature. The
cycles are referred to as 1st heat,1st cool, and 2nd heat, respectively.
Fig. 4. Effect of radiation dose on the vinyl index for radiation cross-linked UHMW
The percentage crystallinity of each sample was calculated by
integrating the enthalpy peak from 20 to 160 �C and normalizing it
with the fusion enthalpy of 100% crystalline polyethylene (291 J/g).
The percentage crystallinity was calculated by averaging the values
of three specimens of each material.

2.7. Vinyl end group measurement by fourier transform infrared
Spectroscopy (FTIR)

Thin slices (thickness w 150 mm) were microtomed by using an
LKB Sledge Microtome (Sweden). FTIR absorption spectra of these
thin slices were collected by using a UMA-500 infrared micro-
scope (Bio-Rad Laboratories, Natick, MA) scanning from 400 to
4000 cm�1 (resolution 8 cm�1) in transmission mode. A vinyl index
was calculated based on the area under the absorbance at 909 cm�1
PE with pre-irradiation HTM for 5 h at (a) 280 �C; (b) 300 �C and (c) 320 �C.



Table 1
Thermal, mechanical properties, and wear rate of control PEs, irradiated PEs, HTM-PEs, and irradiated HTM-PEs.

Samples Description Tm (�C) Xc (%) WF (kJ/m2) EAB (%) I (kJ/m2) POD wear rate (mg/MC)

Control PE CM GUR 1050 135.1 � 0.1 52 � 2.9 3242 � 444 401 � 15 127 � 7 10.2 � 0.9
PE-50 50 kGy 138.1 � 0.5 62 � 0.5 3240 � 224 389 � 29 e 6.8 � 1.1
PE-100 100 kGy 139.4 � 0.6 60 � 0.6 2006 � 301 303 � 12 77 � 3 2.7 � 0.8
PE-150 150 kGy 139.6 � 1.1 61 � 0.5 1559 � 132 266 � 19 62 � 3 1.8 � 1.1

UH 280-2 280 �C, 2h 133.7 � 0.2 55 � 1.3 3314 � 167 444 � 0.7 109 � 4 7.4 � 2.4
UHI 280-2-50 280 �C, 2h þ 50 kGy 136.1 � 0.4 54 � 2.7 2739 � 436 400 � 19 e 7.0 � 0.8
UHI 280-2-100 280 �C, 2h þ 100 kGy 138.1 � 0.4 54 � 0.8 2093 � 203 324 � 13 74 � 1 3.5 � 2.0
UH 280-5 280 �C 5h 134.2 � 0.03 52 � 0.8 3120 � 637 473 � 36 123 � 3 10.7 � 1.1
UHI 280-5-50 280 �C 5h þ 50 kGy 135.8 � 0.4 56 � 0.4 3121 � 490 422 � 41 e 7.5 � 1.7
UHI 280-5-100 280 �C 5h þ 100 kGy 137.3 � 0.1 56 � 0.5 2114 � 105 339 � 4.5 76 � 2 3.2 � 1.1
UH 280-12 280 �C, 12h 133.5 � 0.2 57 � 0.9 3673 � 550 513 � 16 175 � 9 11.2 � 0.3
UHI 280-12-50 280 �C, 12h þ 50 kGy 136.8 � 0.3 51 � 3.1 3096 � 311 431 � 12 e 8.1 � 2.5
UHI 280-12-100 280 �C, 12h þ 100 kGy 137.9 � 0.2 57 � 0.6 2028 � 230 334 � 28 80 � 4 5.7 � 3.3

UH 300-2 300 �C, 2h 133.6 � 0.1 57 � 1.7 3266 � 379 457 � 20 123 � 6 11.2 � 2.3
UHI 300-2-50 300 �C, 2h þ 50 kGy 135.1 � 0.5 59 � 0.6 2582 � 411 412 � 18 e 6.0 � 1.1
UHI 300-2-100 300 �C, 2h þ 100 kGy 137.0 � 0.1 56 � 1.3 2066 � 120 321 � 19 75 � 2 2.8 � 1.5
UH 300-5 300 �C 5h 134.3 � 0.1 56 � 0.6 4691 � 653 546 � 37 140 � 4 11.3 � 0.7
UHI 300-5-50 300 �C 5h þ 50 kGy 135.4 � 0.2 61 � 0.9 3817 � 298 484 � 8 114 � 6 7.0 � 2.9
UHI 300-5-100 300 �C 5h þ 100 kGy 136.3 � 0.7 59 � 0.3 2270 � 277 371 � 12 87 � 2 3.2 � 0.1
UHI 300-5-150 300 �C 5h þ 150 kGy 137.3 � 0.3 67 � 1.0 1959 � 203 318 � 23 83 � 2 1.4 � 0.3
UH 300-12 300 �C, 12h 133.7 � 0.1 62 � 1.4 6646 � 991 752 � 23 111 � 5 12.1 � 2.9
UHI 300-12-50 300 �C, 12h þ 50 kGy 135.1 � 0.2 61 � 0.9 3766 � 671 516 � 45 e 7.4 � 1.5
UHI 300-12-100 300 �C, 12h þ 100 kGy 136.5 � 0.4 61 � 1.7 2882 � 405 434 � 28 94 � 3 4.0 � 2.7

UH 320-2 320 �C, 2h 133.9 � 0.3 61 � 0.3 4638 � 1133 521 � 24 139 � 2 9.7 � 2.7
UHI 320-2-50 320 �C, 2h þ 50 kGy 135.7 � 0.3 58 � 0.4 2907 � 363 425 � 38 e 5.9 � 1.9
UHI 320-2-100 320 �C, 2h þ 100 kGy 136.8 � 0.2 64 � 1.2 2530 � 179 382 � 31 78 � 7 6.0 � 1.0
UH 320-5 320 �C, 5h 134.1 � 0.2 62 � 2.1 6651 � 263 974 � 46 94 � 4 11.6 � 1.7
UHI 320-5-50 320 �C, 5h þ 50 kGy 134.7 � 0.2 66 � 0.3 5190 � 398 740 � 39 e 7.4 � 1.5
UHI 320-5-100 320 �C, 5h þ 100 kGy 136.1 � 0.3 67 � 0.7 3361 � 394 519 � 27 101 � 4 4.8 � 1.6
UHI 320-5-150 320 �C, 5h þ 150 kGy 138.6 � 0.1 62 � 0.9 2331 � 141 372 � 17 83 � 4 1.9 � 0.3
UH 320-12 320 �C, 12h 133.7 � 0.2 64 � 2.6 5726 � 505 1061 � 71 66 � 5 15.6 � 2.5
UHI 320-12-50 320 �C, 12h þ 50 kGy 135.5 � 0.6 69 � 1.1 5376 � 369 831 � 53 93 � 3 10.9 � 1.0
UHI 320-12-100 320 �C, 12h þ 100 kGy 134.9 � 0.8 65 � 0.8 3362 � 398 566 � 61 96 � 3 4.8 � 2.4

J. Fu et al. / Polymer 52 (2011) 1155e11621158
normalized to the area under the polyethylene skeletal absorbance
at 1895 cm�1 [19].

2.8. Cross-link density measurements

Small sections were cut by razor blade (approximately
3 � 3 � 3 mm3). These small pieces were swollen for 2 h in xylene
(25 mL), which was pre-heated to 130 �C. The gravimetric swelling
ratio was converted to a volumetric swelling ratio using the density
of the dry polymer as 0.94 g/cm3 and the density of xylene at 130 �C
as 0.75 g/cm3. The cross-link density of the samples (n ¼ 3 each)
was calculated using the following equations:
Fig. 5. The cross-link density dependence of elongation-at-break (EAB) for irradiated
PEs and irradiated HTM-PEs.
dx ¼
ln
�
1� q�1

eq

�
þ q�1

eq þ Xq�2
eq

V1

�
q�1=3
eq � q�2

eq

� (1)

X ¼ 0:33þ 0:55
qeq

(2)

where the specific volume of xylene, V1, was 136 cm3/mol.
Statistical analysis was performed by using a Student’s t-test for

two-tailed distributions with unequal variance where applicable.
Fig. 6. The cross-link density dependence of the wear rate of irradiated HTM-PEs
compared to clinically available UHMWPE.



Fig. 7. The cross-link density dependence of the ultimate tensile strength (UTS) of
irradiated PEs and irradiated HTM-PEs.

Fig. 9. The cross-link density dependence of the tensile work-to-failure (WF) of irra-
diated PEs and irradiated HTM-PEs.
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3. Results

Radiation cross-linking of HTM-PEs consumed the vinyl end
groups formed at high temperatures [19] and generated trans-vinyl
groups (Fig. 1). The higher vinyl index prior to irradiation resulted
in lower cross-link density after irradiation (Fig. 2), and thus radia-
tion cross-linked HTM-PEs (UHI) had lower cross-link density in
comparison to the irradiated PEs at given radiationdoses (Fig. 3). The
cross-link density of these UHI materials decreased with increa-
sed HTM time and temperature prior to irradiation. For example,
with 100-kGy irradiation, the cross-link density decreased from
215 mol/m3 for PE-100e153 mol/m3 for UHI 300-5-100 and further
to 112mol/m3 for UHI 300-12-100 (Fig. 3). After irradiation, the vinyl
index decreased with increasing radiation dose (Fig. 4).

Radiation cross-linking significantly decreased the elongation-
at-break (EAB) with increasing dose both for PEs and HTM-PEs
(Table 1). Meanwhile, the EAB for all irradiated HTM-PEs was
higher than that of the irradiated PEs at the same radiation dose
(Table 1). The EAB of UHI 300-12-100, UHI 320-2-100, and UHI
320-5-150, were comparable to that of control PE without HTM or
irradiation (Table 1).

The EAB of all irradiated PEs and HTM-PEs showed a similar
logarithmic dependence on the cross-link density (Fig. 5). The low
cross-link density range (10e150 mol/m3) was dominated by the
irradiated HTM-PEs since even at the lowest radiation dose of
50 kGy, the cross-link density of irradiated PEs was higher than
150 mol/m3.
Fig. 8. The cross-link density dependence of the double-notched Izod impact strength
of irradiated PEs and irradiated HTM-PEs.
Radiation cross-linking significantly decreased the wear rate of
theHTM-PEs and control PEwith increasing radiationdose (Table 1).
When compared to previously published wear data as a function of
cross-link density for clinically available irradiated and subse-
quently melted UHMWPE [4], irradiated HTM-PEs with similar
cross-link density showed significantly lowerwear rates (Fig. 6). The
wear rate of UHI decreased as the HTM temperature and time
increased prior to irradiation.

Except for the UH 320-12 (or UHMWPE melted at 320 �C for
12 h), for which the UTS (43 MPa before irradiation) was increased
Fig. 10. The 1st heat thermograms of (a) irradiated PEs and (b) irradiated HTM-PE
(300 �C 5 h).
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to 53 MPa (p ¼ 0.0004) and 48 MPa (p ¼ 0.009) after 50- and
100-kGy irradiation respectively (Table 1), the UTS showed little
dependence on the cross-link density for HTM-PEs, in contrast to
the decrease of UTSwith increasing cross-link density for irradiated
PEs (Fig. 7).

The double-notched IZOD impact strength (I) decreased with
increasing radiation dose for both PEs and HTM-PEs (Table 1). The
impact strength of irradiated HTM-PEs was higher than those for
irradiated PEs at a given radiation dose (Table 1). For example, the
impact strength of UHI 320-5-100 was 101 kJ/m2 compared to
77 kJ/m2 for PE-100, namely a 30% improvement. The IZOD impact
strength for all irradiated samples showed a gradual decrease with
cross-link density; however, irradiatedHTM-PEs representedhigher
impact strength at lower values of cross-link density (Fig. 8).

The tensilework-to-failure (WF)of irradiatedHTM-PEsdecreased
with increasing cross-link density, similar to that of irradiated PEs
(Fig. 9). However, the WF of irradiated PEs was higher than those of
the irradiated HTM-PEs with cross-link density values higher than
150 mol/m3.

Radiation cross-linking after high temperaturemelting increased
the peak melting point (Tm) of the polyethylene crystals but did not
appreciably change the crystallinity compared to the HTM-PEs
(Table 1). Irradiation of the control PE with 50, 100, and 150 kGy
increased the Tm significantly (p < 0.05) up to 139.6 �C, and gener-
ated a shoulder at around 126 �C in the first heat thermogram
(Fig. 10a). In contrast, no obvious shoulders were observed for the
irradiated HTM-PEs while the Tm was similarly increased signifi-
cantly (p < 0.05) up to 137.3 �C for UHI 300-5-150 (Fig. 10b).

The crystallization behavior of irradiated HTM-PEs during
cooling was different from that of irradiated PEs: the irradiated PEs’
Fig. 11. The 1st cooling thermograms of (a) irradiated PE and (b) irradiated HTM-PE
(300 �C 5 h) at 50 kGy/pass with different doses.
crystallization peak was broadened with a shoulder at higher than
118 �C (e.g., 123 �C for 150 kGy, Fig. 11a), while there were no
shoulders for the irradiated HTM-PEs (Fig. 11b). The thermograms
of the second heating cycle showed broadened melting peaks with
high doses for irradiated PEs (Fig. 12a) but this was not the case for
the irradiated HTM-PEs (Fig. 12b).

4. Discussion

Radiation cross-linking of high temperature melted UHMWPE
resulted in materials with low wear rate and improved impact
strength in comparison to thehighlycross-linkedUHMWPEwithout
pre-irradiation HTM, corroborating our hypothesis.

Despite the expected cross-link density increase with increasing
radiation dose for HTM-PEs, the presence of vinyl end groups (Fig.1)
resulted in lower cross-link density for irradiated HTM-PEs (Fig. 2)
than those of the irradiated PEs that received the same radiation
dose (Fig. 3).Wewould hypothesize that an increase in the vinyl end
groups in the structure before irradiation would increase the
formation of Y cross-links, that is, the cross-links between a mac-
roalkyl free radical and the vinyl end groups. The fact that the
consumption of vinyl end groups with irradiation (Fig. 4) did not
increase cross-link density to the same level as non-HTMUHMWPEs
suggested that a significantly different cross-linked structure
resulted. One explanation is the increasedprobability of the reaction
of vinyl end groups with themselves, effectively increasing the
molecular weight between cross-links. Another contribution is the
formation of short chain branches instead of cross-links due to
the extensive chain scissioning during the pre-irradiation high
temperature melting process.
Fig. 12. The 2nd heating thermograms of (a) irradiated PEs and (b) irradiated HTM-PE
(300 �C 5 h) at 50 kGy/pass with different doses.



Table 2
Comparison of the mechanical properties of irradiated PE and irradiated HTM-PEs (melted at 300 �C or 320 �C for 5 h) with wear rates less than 2 mg/MC.

Sample Description UTS (MPa) WF (kJ/m2) EAB (%) I (kJ/m2) dXL (mol/m3) POD wear rate (mg/MC)

PE-150 150 kGy 48 � 2.3 1559 � 132 266 � 19 62 � 3 257 � 4 1.8 � 1.1
UHI 300-5-150 300 �C 5h þ 150 kGy 49 � 3.4 1959 � 203 318 � 23 83 � 2 171 � 11 1.4 � 0.3
UHI 320-5-150 320 �C, 5h þ 150 kGy 50 � 1.5 2331 � 141 372 � 17 83 � 4 125 � 4 1.9 � 0.3
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Our current understanding of wear resistance in UHMWPE total
joint implants is that radiation cross-linking leads to a decrease in
wear by decreasing the plasticity of the polymer. Adhesive/abrasive
wear occurs in UHMWPE when the polymer is plastically deformed
along the principal direction of motion to such an extent that its
strength in the transverse direction is reduced.When the material is
subjected to stresses in directions other than the principal direction
of motion, particles break from the surface, causing macroscopic
wear. This explanation is corroborated by a plasticity induced
damage layer precedingweardamage on implant surfaces [21]. Thus,
radiation cross-linked UHMWPEs with decreasing plasticity, as
measured by the tensile elongation-at-break (EAB), have increased
wear resistance [4].

Interestingly, high temperature melting increased the EAB of
unirradiated UHMWPE to previously unprecedented levels, up to
1100% without significantly changing its wear properties [19]. As
we hypothesized, despite irradiation after HTM decreasing EAB as
a function of increasing radiation dose (Table 1), the resulting EAB
values were higher than those of irradiated PEs without previous
HTM. More interestingly, despite having high plasticity due to
increased EAB (Fig. 5) and decreased cross-link density (Fig. 3), the
irradiated HTM-PEs showed remarkably low wear rates compared
to the irradiated PEs without HTM (Fig. 6). We attribute this to
the modified cross-link structure of the irradiated HTM-PEs, as
mentioned above, and to the increased integrity of the semi-
crystalline polymer network due to the inter-granular diffusion of
the polymer chains during HTM. Both of these may contribute to
providing restraints to the local plastic deformation and presum-
ably also contribute to the UTS of irradiated HTM-PEs not being
affected by changes in cross-link density (Fig. 7).

Further information can be gained on the cross-linked structure
by observing the effects of the cross-links on crystallization. In the
first heat thermogram, the irradiated HTM-PEs did not show any
shoulders (Fig. 10b) that are usually observed for high dose irradi-
ated UHMWPEs (Fig. 10a), indicating that the irradiation of HTM-
PEs did not generate additional thin crystalline lamellae. Further,
the single crystallization peak of irradiated HTM-PEs in contrast to
the double peaks observed in irradiated PEs (Fig. 11a and b) implies
that the cross-links are distributed homogeneously in irradiated
HTM-PE and do not influence the crystallization thermodynamics
and kinetics as significantly. This was also supported by the thermal
behavior during the second heat where irradiated PEs showed
broadened melting peak with increasing dose with a shoulder at
the low temperature side (Fig. 12a). In contrast, the irradiated HTM-
PEs did not show broadening behavior and themelting peak shifted
slightly to the low temperature side with increasing dose (Fig. 12b),
indicating that the chains folded into thinner lamellae during
cooling from the melt. It is likely that both the enhanced inter-
granular chain entanglements by HTM [19] and the cross-links
work together to constrain the chains from forming thick lamellae.

The toughness of irradiated HTM-PEs, as measured by IZOD
impact strength testing (Fig. 8) and tensile work-to-failure (Fig. 9),
showed a strong dependence on cross-link density. The low cross-
link density of irradiated HTM-PEs (Fig. 3) was presumably a strong
factor in their improved toughness. Interestingly, at the same cross-
link density, the WF of irradiated HTM-PEs was lower than that
of irradiated PEs without HTM (Fig. 9). This may be due to the
crystallinity of the irradiated HTM-PEs with equivalent cross-link
density being lower than those of irradiated PEs without HTM
(54e57% compared to 60e62%, respectively; Fig. 3 and Table 1).

If we compare the irradiated HTM-PEs to the irradiated PEs from
the perspective of their potential as joint implant bearing surfaces,
wear resistance is perhaps the most important property. The POD
wear rate for 100-kGy irradiated andmelted UHMWPE, which is the
mostwear resistant clinically availableUHMWPE is 1.6mg/MCtested
in the same setup [4]. For the UHMWPEs in this study showing wear
rates less than 2 mg/MC (Table 2), theWF of the irradiated HTM-PEs
were improvedupto50%, the impact strengthwas improved34%and
the EABwas improved up to 28%without detrimental changes to the
UTS compared to 150-kGy irradiated PE without HTM.

One limitation of this wear resistant UHMWPE with improved
toughness is that it is not stable against oxidation. Radiation-
induced free radicals that are trapped in the crystalline regions of
the polymer [22] can cause oxidation in the long-term [23]. Two
methods, i.e., post-irradiation melting [5,24] and incorporation of
antioxidants [7,25,26], can be used to stabilize these residual free
radicals to produce oxidatively stable UHMWPE for clinical appli-
cations. Our current efforts are toward stabilizing radiation cross-
linked HTM-PE against oxidation.

5. Conclusion

Radiation cross-linking of UHMWPE with pre-irradiation high
temperature melting at around 300 �C resulted in improved tough-
ness without sacrificing wear resistance. Chain scission and enhan-
ced inter-granular entanglements by high temperature melting
improved the toughness of UHMWPE prior to irradiation, which in
turn compensated for some of the loss in toughness after irradiation.
As a result, irradiated HTM-PE achieved a PODwear rate of 2 mg/MC
with approximately 30% increase in toughness compared to irradi-
ated UHMWPE without HTM.
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A series of highly oriented model polymer/clay nanocomposites (nanolaminates) are prepared via
a newly developed solvent deposition process with compositions ranging from neat polymer to neat
organoclay. Morphology is analyzed via scanning electron microscopy (SEM) and wide-angle X-ray
diffraction (WAXD) while thermogravimetric analysis (TGA) is used to confirm composition and solvent
removal. Dynamic mechanical analysis (DMA) is used to examine the trends in stiffness and damping
properties as the composition is shifted from polymer-rich to polymer-starved. The role of the orga-
noclay modifier in determining the structure and properties of these nanolaminates is also reported.
Experimental moduli are compared to relevant micromechanical models including TandoneWeng and
HalpineTsai. These comparisons allow for the identification of deviations from the behavior expected of
conventional blends and composites, highlighting the effects of nanostructuration and the presence of
the organic modifier on materials behavior.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Polymer/platelet nanolaminates possessing a highly ordered
bricks-and-mortar nanostructure promise a number of property
improvements not usually seen together, including flame resistance
[1], excellent barrier properties [2] and significant optical clarity [3].
Nanolaminates are created when a sufficiently high organoclay
concentration induces intercalatedorganoclay tactoids to formawell-
ordered layeredstructurewithout largeorganoclay-freedomains.Due
to the high aspect ratio and lowpercolation threshold of the platelets,
the transition fromnanocomposite tonanolaminate begins to occur at
organoclay concentrations as low as 5 vol%, where geometric limita-
tions preclude organoclay fromexisting in a randomlyexfoliated state
[4]. This work examines how platelet orientation and mechanical
properties evolve as the organoclay content is increased and the
structure approaches the critical concentration where just enough
polymer is present to intercalate all platelet galleries.

Mechanical energy dissipation in organoclay nanocomposites
originates from three interrelated sources: the chemical nature of
themacromolecule/inorganic interface;molecular-levelviscoelastic
dissipation within the macromolecular phase; and kinematic
deformationof thehierarchicalmorphology. Theseproperties are all
idt).

All rights reserved.
the more significant versus traditional composites due to the high
internal interfacial area (>500 m2/g) and refined spatial dimensions
inherent to nanofillers. In addition to giving optical transparency,
this refinement implies that the thickness of the constituent layers is
comparable to the critical length-scales controlling viscoelastic
dissipation processes in the polymer phase (e.g. distance between
entanglements, size of secondary structure), causing fundamental
changes in behavior [5,6]. The same three factors have also been
implicated in the deformation behavior and toughness observed in
lightweight, high performance natural systems [7] (sea urchin
spines, bone [8], tooth enamel and nacre [9e11]). The presence of
strong secondary inter- and intra-molecular interactions (hydrogen
bonding, electrostatics) rather than covalent bonds also contributes
to their incredible resilience, leading to a rich array of potential
secondary and tertiary structures [12] and allowing energy dissi-
pation via molecular hidden length and sacrificial bonds [13,14].
Examples of natural systems demonstrating hidden length and
sacrificial bonds include silkworm and spider silk [15], the muscle
protein titin [16] and elastin [17]. This hierarchy of structure and
interactions (Van der Waals, electrostatic and covalent) enables
a combinationof reversible deformation andmechanical dissipation
over a broad frequency range, enabling bond reformation and self-
healing behavior.

Mimicking natural structures on the nanoscale has shown
promise with respect to barrier [2] and mechanical properties

mailto:daniel_schmidt@uml.edu
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[3,18], but creating scalable, high-rate nanomanufacturing pro-
cesses that preserve those properties is challenging, and the degree
of exploration and exploitation of interfacial interactions and
dynamics has been very limited. Much of thework along these lines
has focused on the use of high aspect ratio organoclays. In partic-
ular, organically modified montmorillonite has been found to be
very convenient to work with. Montmorillonite (MMT) is a high
aspect ratio 2:1 phyllosilicate that is part of the smectite family. It
consists of stacks of crystalline platelets, with each platelet being
composed of two sublayers of tetrahedral silica sandwiching
a sublayer of aluminium magnesium hydroxide [19]. The untreated
(sodium) organoclay is highly hydrophilic and can be dispersed in
water based systems as-is. For compatibility with organic systems,
however, the platelet surfaces must be modified, typically with
quaternary ammonium salts [20]. The high aspect ratio and
modulus (commonly assumed to be similar to the 160 GPa esti-
mated for isostructural phyllosilicate layers [21]) MMT makes it an
ideal reinforcing agent for polymer nanocomposites.

As it is one of the most well studied polymers available, poly-
styrene (PS) was chosen for this work. It was paired with dime-
thylditallowammonium-modified montmorillonite (DMDT-MMT),
also readily available and with known compatibility with non-polar
solvents [22e24] as well as a large number of polymers including
polystyrene [25e35].Whilework has been done on intercalated PS/
DMDT-MMT nanocomposites, it has generally focused on melt
blending [26], in situ polymerization [25,31] or emulsion poly-
merization [27,33] as a means of preparing materials with much
lower organoclay contents than some of those described here. The
aforementionedwork, however, does provide useful context for our
lower organoclay content samples.

Here, a series of materials are prepared, ranging from neat
polymer to neat organoclay and possessing a well-organized
nanostructure. The changes in morphology as organoclay content is
increased to the extreme are characterized via wide-angle X-ray
diffraction (WAXD) and scanning electron microscopy (SEM), and
related to the thermomechanical properties via comparisons with
the results of dynamic mechanical analysis (DMA). Alpha transition
behavior over a wide range of organoclay contents is examined and
used to demonstrate the existence of multiple phases within the
nanolaminates. In addition to identifying the material as a semi-
miscible blend, the transition data can be used to identify the
phases present. With respect to mechanical properties, based on
the morphology of these materials the TandoneWeng and Hal-
pineTsai are chosen as the most relevant models describing
composite stiffness. While these models fail to account for several
factors, including particleeparticle interactions, non-linear elas-
ticity, platelet orientation and non-uniformity, etc, their application
nevertheless provides useful information regarding the extent to
which the behaviors of these materials are captured by classical
micromechanical modeling. In order to enhance the value of this
comparison, platelet orientation is accounted for by calculating
a weighted average of each model’s upper and lower bounds based
on the Hermans orientation parameter, as obtained from WAXD
experiments.

The results of these investigations have important ramifications
for organoclay nanocomposite systems in general. Recent work
concerning the role of tactoid size in predicting the mechanical
properties of a nanocomposite has shown that the number of layers
within a tactoid can affect nanocomposite properties [36]. Accu-
rately measuring the properties of the tactoids themselves,
however, is difficult due to their size. Nanolaminates are analogous
in both composition and structure to the intercalated tactoids
found in the vastmajority of organoclay nanocomposites, and allow
for a direct assessment of the properties of these important
substructures.
2. Experimental

2.1. Sample preparation

Cloisite 20A, a dimethylditallowammonium-modified mont-
morillonite (DMDT-MMT) from Southern Clay Products (powder),
and polystyrene #845 (PS, Mw¼ 190,000 g/mol, pellets) from
Scientific Polymer served as the basis for the materials described
here, the characteristics of the latter being typical of commercial
polystyrene resins. All mixtures consisted of 1 part total solids per
25 parts solvent (by mass) in toluene. The concentrations of clay
and polymer as a function of total solids were expressed in volume
percent, and varied in 10 vol% increments from 0 to 100 vol%
DMDT-MMT. In a typical preparation, DMDT-MMT was added to
toluene and the mixture was stirred for at least 24 h by magnetic
stirrer to ensure complete dispersion. After the mixture was
examined to confirm the expected level of clarity and lack of visible
particulate matter, the polymer was added and stirring continued
until dissolution was complete.

Films were formed by spraying the resultant mixture onto
a polymeric substrate. Fluorinated ethylene propylene (FEP) film
was chosen as the substrate material due to its excellent solvent
resistance and release characteristics. A standard air powered spray
gun (Husky HDS550) with a 1.8 mm (0.071 in) nozzle IDwas used to
atomize the solution and apply it to the film,whichwasmounted on
a rotating drum. For the film to have enough strength to be de-
molded in onepiece,multiple coatswere applied to build up thefilm
thickness to between 50 and 200 mm. Following completion of all
coating cycles, samples were dried at 125 �C for 4 h in a convection
oven to remove residual solvent and relieve any residual stresses
trapped during film formation. Thermogravimetric analysis was
then immediately performed to ensure all solventwas removed and
to confirm the film composition. Finally, samples were conditioned
at 50% humidity for at least 48 h prior to testing to ensure equilib-
rium moisture content and repeatability of the results.

2.2. Scanning electron microscopy (SEM)

Cross-sectional scanning electron micrographs were taken to
ascertain film thickness and composite morphology. Films were
fractured to expose their cross-sections and subsequently mounted
vertically, fractured cross-section up, in a custom-built SEM holder.
The film cross-sections were observed in a high-resolution field
emission scanning electron microscope (JEOL JSM-7401F). All sam-
ples were coated with goldepalladium using a desktop gold sputter
coater and imaged with an accelerating voltage of 2.0e5.0 kV.

2.3. Wide-angle X-ray diffraction (WAXD)

Wide-angle X-ray diffraction (WAXD) measurements were per-
formed using a Statton box camera and Cu Ka radiation generated
with a Rigaku ultraX18 system. The sample to detector distancewas
set to 193 mm for all samples unless otherwise noted. The detector
consisted of a reusable X-ray sensitive image plate that was scanned
to create a two-dimensional digital image of the X-ray diffraction
pattern. All samples weremounted edge-on, with the beam parallel
to the plane of the film, and analyzed under vacuum to minimize
scatteringdue to air. The2Ddiffractionpatternswere analyzedusing
FIT2D v12.077 forWindows to produce radial 2 theta and azimuthal
integration plots in order to quantify interlayer spacing and degree
of orientation utilizing Bragg’s law and the Hermans orientation
parameter, respectively. Interlayer spacings were calculated from
the first order diffraction peaks observed. Hermans orientation
parameters were calculated based on azimuthal scans of the second
order diffraction peak [37]. To correct for slight experimental
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variations, all radial integration data was normalized to the
minimumobserved intensity prior to the first peak before peak area
and full width at half maximumwas calculated.
2.4. Thermogravimetric analysis (TGA)

Thermogravimetric analysis was conducted on each batch of
material using a TA Instruments Q50 thermogravimetric analyzer
(TGA). For all tests a platinum pan was used, and samples were
heated at 20 �C/min to amaximum temperature of 850 �C. The non-
volatile content was compared to the theoretical inorganic clay
content for each sample, accounting for dehydroxylation of the clay
during analysis, to assess deviations from the desired composition.
2.5. Dynamic mechanical analysis (DMA)

Dynamic mechanical analysis was performed on each composi-
tion using a TA Instruments Q800 dynamic mechanical analyzer
(DMA). All tests used a standard tension fixture for films. All samples
were cut to a width of approximately 4 mm with thicknesses
ranging from 50 to 200 mm and clamped at a length of approxi-
mately 8 mm. All films were cut so that the strain axis was in the
film plane. A preload stress of 250 kPa was applied to each sample
during the testing. The samples were conditioned at �100 �C for
12 min, then heated to 120 �C at a rate of 3 �C/min while testing in
multi-frequency, controlled strain mode using an amplitude of
10 mm and a frequency of 1.0 Hz. The thermal transition tempera-
tures of the polymer and modifier were determined via deconvo-
lution of the strongest loss modulus and storage modulus derivative
peaks (derivative taken with respect to temperature) using
a Gaussianmodel. In the case of the lossmodulus peaks in particular,
Gaussian and asymmetric double sigmoidal fits were used for
samples containing less than 40 vol% organoclay due to the asym-
metric shape of the loss modulus peak associated with the neat
polymer. Along the same lines, an asymmetric double sigmoidal fit
was also used for analysis of the storage modulus derivative peak
observed for the pure polymer film [38].
Fig. 1. (a) Sample azimuthal and (b) radial integrations of 2D WAXD data (inset) for
a nanolaminate containing 60 vol% organoclay.
3. Results and discussion

Following film formation, TGA was performed to confirm the
compositions of the hybrids. Overall the experimental composi-
tions were found to vary by at most 1% from the theoretical values.
While subsequent discussions will reference the DMDT-MMT
content in vol% as a means of identifying the samples, volume
fraction of inorganic material is the relevant composition variable
as far as mechanical modeling is concerned. This can be calculated
as shown in Eqs. (1a) and (1b), where V denotes volume fraction,M
denotes mass fraction, and r denotes density. The subscripts i, oc
and p refer to inorganic, organoclay and polymer fractions or
densities, respectively, while the superscripts oc and c refer to
fractions in the organoclay and composite, respectively. The overall
expressions are as follows, with Eq. (1a) being useful for predicting
inorganic content based on organoclay content and Eq. (1b) being
useful for calculating inorganic content based on inorganic residue
measured via TGA:
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In this work we take roc, rp and ri to be 1.77 g/cm3, 1.05 g/cm3,
and 2.86 g/cm3, based on manufacturer data for the densities of
DMDT-MMT, polystyrene and unmodified MMT (Southern Clay
Products Cloisite Naþ), respectively.

Havingconfirmed their compositions, identifying themorphology
of these materials represents the next critical step in understanding
how the observed thermomechanical properties come to be. To that
end, the samples were characterized using WAXD by performing
both radial and azimuthal integrations of the two-dimensional
wide-angle diffraction patterns obtained, as shown in Fig. 1.

The first observation is that with the addition of just 10 vol% of
polystyrene, the interlayer spacing increases from an unin-
tercalated dneat¼ 24.2 Å to about 30.8 Å as shown in Fig. 2. As the
amount of polystyrene increases, the shift in the first order
diffraction peak increases from 30.8 Å at 90 vol% DMDT-MMT to
a plateau value of dcomposite¼ 33.7� 0.1 Å over the rest of the
composition range. This matches well with previous studies of PS/
DMDT-MMT composites reporting interlayer spacings of between
32 and 34 Å depending on concentration and processing method
[26]. Knowledge of the interlayer spacing at complete intercalation



Fig. 2. (a) Variations in the Hermans orientation parameter and interlayer spacing (via
WAXD) as well as (b) peak area and full width at half maximum (FWHM) versus
nanolaminate composition. The composition corresponding to complete intercalation
of all silicate layers with no excess polymer outside of the interlayer galleries is marked
in red. (For interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article).

Fig. 3. Schematic of structures with PS/DMDT-MMT composites; blue designates
”bulk” polystyrene, red designates polystyrene in close proximity to the organoclay
tactoids, grey designates the interphase and green designates the unintercalated
organoclay phase. (For interpretation of the references to colour in this figure legend,
the reader is referred to the web version of this article).
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allows the polymer concentration required to fill all of the orga-
noclay galleries to be estimated via Eq. (2), yielding a critical
volume concentration (CVC) of 30.2� 0.2 vol% PS (69.8 vol% DMDT-
MMT).

In parallel with these changes in interlayer spacing, the areas of
the first and second order diffraction peaks gradually increase with
increasing organoclay content until an organoclay content of 60 vol
% is reached. Beyond this point, while the shape of the curves
remains similar, the trends diverge to some extent. First order peak
area continues to grow overall, consistent with an increase in the
concentration of diffracting clay domains. At the same time, second
order peak area shows an overall decreasing trend, consistent with
an increase in the level of disorder associated with the aforemen-
tioned clay domains. This demonstrates that (second order) peak
area and orientation track with each other to a certain extent, as
would be expected given the geometry of the diffraction experi-
ment. This maximum in peak area also corresponds closely to the
critical concentration of polymer required for full intercalation, as
shown in Fig. 2 and is consistent with the morphological changes
expected in these systems when deviating substantially from this
concentration. At organoclay concentrations significantly above the
CVC, a mixture of two types of diffracting domains (intercalated vs.
non-intercalated) will tend to reduce the average correlation length
and also increase the full width at half maximum as shown in Fig. 2,
FWHM, as compared to the fully intercalated case and as observed
in the FWHM data. At organoclay concentrations significantly
below the CVC, on the other hand, the reduced organoclay content
alone will reduce the number of diffracting domains, with further
reductions in peak area, but not necessarily in FWHM, expected due
to the increasing freedom of tactoids to misorient.

CVC ¼ 100

 
dcomposite � dneat

dcomposite

!

(2)

Looking at Hermans orientation parameter [39] as a function of
composition (Fig. 2) it is observed that the orientation of the
platelets is highest at the CVC (69.8 vol% designated by vertical line)
and decreases at both higher and lower organoclay contents. This is
a logical result given that the platelets have an increasing tendency
to organize in a parallel fashionwhen their concentration increases,
but will become less well-organized (due to local variations in
interlayer spacing) if the organoclay content exceeds the point
where complete intercalation is possible. When the organoclay
content is low, however, polymer chains screen inter-platelet
interactions and the layers with sufficient room to form less well-
oriented structures as shown in Fig. 3.

Moving from WAXD to SEM, while the images shown in Fig. 4
probe different length-scales than the WAXD results, they never-
theless support the conclusion that disorder increases when
departing from the CVC. In particular, the most well-ordered
samples appear to be those in Fig. 4b and c (80 vol% and 60 vol%,
respectively). In contrast, the 100 vol% sample (Fig. 4a) displays
significant undulations in platelet orientation and the 10 vol%
sample (Fig. 4d) shows further disorientation. In spite of these
observations, the overall layered structure and a significant level of
orientation are maintained in all nanolaminates.

3.1. Mechanical properties e dynamic mechanical analysis

Considering storage modulus first, a gradual increase is
observed with increasing organoclay concentration at all temper-
atures (Fig. 5a). Above 50 vol% organoclay the data becomes more
variable, with 90 vol% organoclay giving the maximum storage
modulus value observed. This indicates that even a small amount of
polymer present in an intercalated state greatly improves stiffness.
We propose that, while higher inorganic content enhances
modulus, a minimum amount of polymer is necessary for effective
stress inter-platelet transfer, leading to this result.

Considering the loss modulus data, the disappearance of the
bulk PS E00 peak is noteworthy. This begins at 10 vol% organoclay (as
indicated by the slight shoulder on the PS alpha transition shown in



Fig. 4. SEM images of fractured edges of nanolaminate films containing (a) 100 vol% organoclay; (b) 80 vol% organoclay (c) 60 vol% organoclay and (d) 10 vol% organoclay.
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Fig. 5b) and is ostensibly complete by 50 vol% organoclay, leaving
only the modifier and intercalated PS peak(s). As organoclay
content increases in this range, the PS alpha transition becomes
weaker and weaker and the aforementioned shoulder develops
into a second peak (assigned to the organoclay modifier) which
becomes stronger and stronger. This peak shift is likely related to
chain confinement and mixing of the polymer and modifier chains.
This is consistent with our proposed schematic of these systems
(Fig. 3). In a polymer-rich system, some polymer is far enough from
the organoclay layers to present bulk-like behavior. Increases in
organoclay concentration increase the fraction of polymer at or
near an interface with the organoclay, with material behavior and
properties evolving towards those of the fully intercalated system.
In parallel, increases in layer content and orientation cause the
storage modulus to increase beyond that of the pure polymer. The
simultaneous increase in loss modulus at higher organoclay
contents may be explained by an increase in the number of
mechanically lossy polymer/clay interfaces present in the system,
given the weak interactions present. At 60 vol% organoclay,
domains of unintercalated polymer are no longer a significant part
of the sample, and beyond this point the modifier/intercalated
polymer peak continues to grow and shift towards the transition
observed in the neat organoclay. This peak also narrows until
a maximum loss modulus is reached at 70 vol% organoclay. This is
likely because further increases in organoclay content actually
reduce the number of polymer/organoclay interfaces present, thus
decreasing mechanical loss.

The next feature to discuss is a loss modulus peak that occurs at
approximately �25 �C. This peak is non-existent in the pure poly-
mer and pure organoclay, but appears most noticeably between 40
and 70 vol% organoclay and displays a maximum amplitude at 70
vol% organoclay. One explanation for this peak would be a shifted
beta or gamma transition. The reported values for the beta and
gamma transitions of PS are 27 �C and �135 �C, respectively [40].
Therefore, for this explanation to be accepted, the chain dynamics
must have been significantly affected by intercalation-induced
confinement and/or interactions between the polymer and the
organoclay surface. For the beta transition this would imply local
density variations giving excess free volume in the vicinity of the
styrene rings, enhancing their mobility. For the gamma transition,
this would imply strong polymer/organoclay interactions and/or
local increases in density, resulting in reductions in molecular
mobility. Other possible explanations include water/organoclay,
modifier/polymer or modifier/solvent interactions. This last possi-
bility is unlikely, however, since TGA confirms the removal of all
trace solvents prior to DMA testing. More work is needed to posi-
tively identify the origin of this transition.

The final feature of note is the increase in lossmodulus at�100 �C
for organoclay concentrations above 50 vol%. This appears to be the
start of another low temperature transition, but one that cannot be
associated with the polymer given its observation in the 100%
organoclay sample. One possible explanation is that this transition is
caused by trace amounts of confined water undergoing a depressed
thermal transition [41].

3.2. Thermal transitions

The observations concerning the loss modulus peaks associated
with intercalated polymer and organoclay modifier may be
explained by interactions between the two. The thermal transition
of the DMDT-MMT in particular has been observed before via DSC
[42], while other studies have demonstrated that similar organic
modifiers on silicate surfaces can undergo thermal transitions from
an ordered/solid-like state to a disordered/liquid-like state, as
measured via DSC, FTIR and WAXD measurements [43,44]. Alt-
hough the appearance of a detectable thermal transition will



Fig. 5. DMDT-MMT/PS nanolaminate DMA (a) storage modulus and (b) loss modulus
data as a function of temperature and composition.

Fig. 6. Transition temperatures in the DMDT-MMT/PS system assessed via dynamics
mechanical analysis (DMA) according to the (a) deconvoluted E00 peaks and (b)
deconvoluted E0 derivative peaks.
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depend on modifier chemistry, structure and grafting density [45],
as well as the physical basis for the measurement being performed,
the effects of such transitions on mechanical properties cannot be
ignored. While such shifts are often system- and interaction-
dependent andmake defining general rules difficult, previous work
has shown Tg shifts to higher values with the addition of unmodi-
fied organoclay [19,27,46] while depressed Tg values have been
observed in some systems based on modified organoclays [47e49].
Cases of upward shifts in Tg are often ascribed to confinement
effects on the polymer chains resulting in higher energy being
required to induce rotation of the polymer molecules, while cases
of depressed Tg values are often attributed to plasticization by the
modifiers, with both effects potentially explained by local density
variations as well.

The shoulders observed in the loss modulus peaks at lower clay
contents, however, suggest amore complexexplanation, namely the
presence of multiple phases within our materials. We propose that
this system can be described by considering four main phases over
the entire composition range, as shown in Fig. 3. Below the CVC of
69.8 vol% the material should consist of unintercalated (“bulk”) PS
that is well-separated from and unaffected by the modifier chains,
unintercalated PS that is in close proximity to the organoclay tac-
toids and affected by the modifier chains, and interphase material
consistingof amixtureofmodifier andPS in theorganoclaygalleries.
Above the CVC the bulk PS phase cannot exist and the material
instead consists of a combination of interphase material and an
unintercalated organoclay phase. The WAXS analysis has demon-
strated the unintercalated and intercalated interlayer spacings to be
fixed quantities, implying that the composition of the interphase is
constant. In particular, based on the unintercalated and intercalated
interlayer spacings in this system, the composition of the interphase
can be estimated to be approximately 60 vol%DMDT, 40 vol% PS, and
should produce a relatively invariant thermal transition tempera-
ture due to the unavoidable mixing of modifier chains and polymer
molecules. Similarly, the bulk PS and unintercalated organoclay
phases should also display relatively invariant thermal transition
temperatures. In contrast, the unintercalated PS fraction in close
proximity to the organoclay tactoids should display a composition-
dependent transition temperature. As the organoclay content is
increased, the size of the unintercalated PS domains decreases, and
a greater and greater fraction of the unintercalated PS will be
brought into close contact with the modifier chains present on the
exterior of the intercalated organoclay tactoids, causing additional
mixing and a shift in the thermal transition of this material towards
that of the interphase.

In support of these arguments, analysis of the full range of
DMDT-MMT/PS compositions reported here are consistent with
a multiphase structure, with clear trends observed in the most
prominent storage and loss transitions with increasing organoclay
content (Fig. 5). Deconvolution of the main loss modulus peaks via
model fits found toworkwell with DMA results [38] yields a best fit
with two separate peaks for each of the nanolaminate samples
(Fig. 6a). Based on the transition temperatures observed at low and
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high organoclay contents, these peaks can be assigned to the
transition temperatures of the polystyrene-rich and modifier-rich
fractions. The peak corresponding to the PS-rich fraction in this
case represents not only bulk PS but also unintercalated PS in close
proximity to the organoclay, explaining the gradual shift in the
transition temperature of the PS-rich phasewith composition, up to
the point where the CVC is reached. Over the same range of
compositions, the transition temperature of the modifier-rich
phase is higher than what was observed for neat DMDT-MMT but
remains relatively constant with increasing organoclay content
until the CVC is reached, consistent with the idea of an interphase
with an invariant transition temperature. Above the CVC, the
system becomes polymer-starved and the modifier peak is influ-
enced by both intercalated and unintercalated regions, shifting
from the interphase transition temperature to that of the neat
DMDT-MMT as a result. Consistent with this picture, the peak
associated with the PS-rich fraction shows a significant shift above
the CVC to the interphase transition temperature as all of the PS
present becomes intercalated material.

This picture of nanolaminate behavior was further confirmed
via analysis of the first derivative of the storage modulus, which
was found to be more sensitive to the presence of minority phases
than the loss modulus data. In particular, the storage modulus
derivative peaks, as shown in Fig. 6b were found to deconvolute
into up to three separate peaks, corresponding to the bulk poly-
styrene, the polystyrene in close proximity to the clay, and the
modifier-rich phase. In the case of the bulk polystyrene peak, no
shift was observed with composition until an organoclay concen-
tration of 50 vol%was reached, at which point the peak disappeared
entirely, consistent with the disappearance of bulk polystyrene
from the system. In contrast, the peak assigned to polystyrene in
close proximity with the organoclay was found to shift in a similar
manner to what was observed for the PS-rich phase in the loss
modulus data, approaching the thermal transition temperature of
the organoclay modifier up until the CVC was exceeded, where this
peak disappeared as well and the system transitioned to a polymer-
Fig. 7. Comparison of experimental storage modulus data to mechanical models for D
starved state. Similar observations were made by Manias et al. in
their DSC study of PS/DMDT-MMT composites [50]. Above the CVC,
only two peaks were found to be present, representing the inter-
phase and the unintercalated organoclay phase. In both cases the
peak transition temperatures were found to remain relatively
constant as would be expected given the constant compositions of
these phases. The presence of the observed peaks and trends
supports the proposed structure for this type of nanocomposite
system.

3.3. Mechanical modeling

Storage moduli at 25 �C were compared to predictions of the
Voigt, Reuss, HalpineTsai and TandoneWeng models. The temp-
erature of 25 �C was chosen both as a typical environmental
temperature and because it is below all of the transition tempera-
tures assigned to the various phases present based on the afore-
mentioned DMA analysis. For comparison purposes, trends in
storage moduli were also assessed at temperatures well below
(�25 �C, �75 �C) and well above (120 �C) all measured thermal
transitions. Model calculations were performed using the storage
modulus measured for the neat polystyrene (0 vol% organoclay)
sample prepared here, while the modulus of a single montmoril-
lonite layer was assumed to be 160 GPa, the value reported for an
isostructural montmorillonite layer [21]. At 25 �C and below, the
actual storage modulus values for these materials consistently fell
between the upper and lower limits of the HalpineTsai and Tan-
doneWeng models, as shown in Fig. 7, with the highest organoclay
concentrations producing moduli approaching the lower limits of
the HalpineTsai model. In contrast, at 120 �C the experimental
storage moduli observed substantially exceed the upper limits of
both the HalpineTsai and TandoneWeng models for all but the
lowest organoclay concentrations.

While the HalpineTsai and TandoneWeng models are appro-
priate for conventional composites, the deviations from the model
predictions observed in these organoclay composites may be
MDT-MMT/PS nanolaminates at (a) 120 �C; (b) 25 �C; (c) �25 �C; and (d) �75 �C.
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explained in several ways including deviations from the idealized
composite morphology assumed in these models and the effects of
variations in component properties as a function of hybrid struc-
ture and composition. The HalpineTsai and TandoneWeng models
both assume that the filler and matrix are isotropic, perfectly
bonded, linearly elastic, and that the filler particles are perfectly
aligned, anisotropic, uniform in size and shape, with parti-
cleeparticle interactions neglected [51]. Many of these assump-
tions are inappropriate for the materials reported here. For
instance, while the models assume uniform particles, the natural
processes that create montmorillonite platelets produce a distri-
bution of sizes and shapes, the numbers used for modeling being an
average derived from that distribution. Likewise, the individual
organoclay layers are anisotropic not only morphologically but
compositionally as well making it unlikely that layer modulus is the
same in all directions. Furthermore, the Hermans orientation
parameter determined from X-ray diffraction indicates that while
these nanolaminates are highly aligned, a degree of disorder is still
present.

One means to account for the disorder is to use the Hermans
orientation parameter, S, as a weighting factor and calculate
a simple weighted average of the HalpineTsai or TandoneWeng
results for the storage modulus, E0, as calculated when stress is
applied parallel (Ek0) or perpendicular (Et0) to the plane of layer
alignment, as indicated in Eq. (3) (where S is used to indicate the
Hermans orientation parameter). The results of these estimates are
shown in Fig. 7 as well (HS with orientation and TW with orien-
tation). While weighted average moves closer to the data at 25 �C
and below, the high orientation of the nanolaminate causes the
parallel modulus estimates to dominate resulting in an overall
prediction close to the upper bounds associated with each model.
While incorporating the measured orientation parameters into
such modeling efforts represents a clear and logical improvement
over predictions assuming perfect alignment, it is equally apparent
that the aforementioned assumptions associated with these
models do not hold, and none of the aforementioned factors would
seem to be able to account for the results observed at 120 �C. This
comparison highlights the effects of details not captured by
conventional models. It is important to note, however, that the
deviations in modeled and observed moduli are fairly consistent as
a function of organoclay content. This implies that mechanical
behavior is dominated by a factor that does not substantially
depend on transition temperature. One possible explanation for
this at least at 25 �C and below would be screening of polymer/
organoclay stress transfer by the bulky head-groups of the orga-
noclay modifier, coupled with dilution of the polymer in the
interlayer galleries by modifier tails, thus reducing the number of
macromolecules available for stress transfer.

E0 ¼
�
2
3

��
Sþ 1

2

�
E0k þ

�
2
3

�
ð1� SÞE0t (3)

As the above discussion implies, another critical assumption
that is clearly violated in these systems is that the particles are
perfectly bonded. As the lossmoduli observed in the nanolaminates
are consistently higher than in either the polymer or the organoclay
alone, it is clear that the interfaces in these materials are mech-
anically lossy. While this enhances the damping capacity of these
materials, it certainly depresses the storage moduli, and is likely
a major explanation of the differences between the experimental
data and the model predictions at 25 �C and below. As further
evidence that this is the case, we note that when a film is prepared
using only unmodified (sodium) MMT, the storage modulus of this
film is approximately 14.8 GPa, roughly an order of magnitude less
than the reported modulus of a single mica sheet [52], due to the
weak adhesion and poor stress transfer between adjacent MMT
platelets.

Finally, while not typically stated, the aforementioned models
make an additional major assumption, namely that two homoge-
neous materials are present e a polymer matrix and a high aspect
ratio reinforcing phase e with well-defined properties. In contrast,
our DMA analysis clearly shows that these materials consist of
multiple distinct phases whose compositions and relaxation
behavior vary considerably and whose properties are not always
well-defined. The filler and organoclay modifier phases experience
significant mixing, in addition to confinement effects (conforma-
tional restrictions, local density variations, changes in entangle-
ment concentration) that alter the properties of the intercalated
polystyrene chains vs. bulk polystyrene and give rise to the
observed DMA data. In a film that includes no polystyrene matrix,
that surfactant makes up approximately 62% of the volume of the
material. The bulk of themodifier consists of long alkyl substituents
and is therefore likely to have a storage modulus similar to that of
paraffin wax, reducing the overall stiffness of the material. Like-
wise, since these alkyl substituents are always localized at inter-
faces where matrix to filler load transfer occurs, their effects on
mechanical bonding are expected to be substantial. On the other
hand, previous reports [34,53] on the broadening of the glass
transitions in intercalated polystyrene may nevertheless provide
a mechanism for the greatly enhanced moduli observed at 120 �C.
Such broadening implies the coexistence of intercalated poly-
styrene chains with a distribution of thermal transitions, including
some whose transition temperatures exceed the value for bulk
polystyrene. It may be that the presence of small numbers of these
less mobile chains at 120 �C results in an increase in modulus above
and beyond what would otherwise be expected under these
circumstances.

4. Conclusions

Experiments on nanolaminates demonstrate that even a rigid,
poorly damping polymer such as polystyrene can be used in com-
bination with modified organoclays to create stiff but highly
damping materials. The storage and loss moduli increase with
increasing organoclay content until the critical volume concentra-
tion of 69.8% is reached, at which point further increases are
minimal. We also report DMA data showing variations in the alpha
transition associated with the organoclay modifier, consistent with
previous reports of a thermal transition observed in modified
organoclays via DSC [42,54]. A more in-depth analysis of this data
involving deconvolution of the loss modulus and storage modulus
derivative peaks demonstrates that multiple phases exist within
these materials that can be assigned to bulk polymer, polymer
influenced by the organoclay, polymer that has been fully interca-
lated, and unintercalated organoclay, depending on whether the
material in question is polymer-rich or polymer-starved. Com-
paring DMA storage modulus values with a range of mechanical
models reveals that these materials fall short of the upper bonds of
the HalpineTsai and TandoneWeng predictions as well as orien-
tation-corrected results from these approaches at 25 �C or lower,
consistent with the proposition that these nanolaminates achieved
their damping properties through the presence of many mechan-
ically lossy interfaces. On the other hand, at elevated temperature
(120 �C), the measured storage moduli substantially exceed the
upper bounds of both of these models, again implying that signif-
icant factors exist that are not accounted for via traditional
micromechanical treatments. As the properties of these nano-
laminates reflect those of intercalated organoclay tactoids, these
results have implications for polymer/organoclay nanocomposites
in general.
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The structureeproperty relationship during uniaxial drawing of high-molecular-weight ethylene
etetrafluoroethylene copolymer (ETFE) film was analyzed based on a combination of in-situ wide-angle
X-ray diffraction (WAXD) and stress measurements. In-situ WAXD patterns indicated that the hexagonal
(100) reflection transformed from the initial un-oriented ring into equatorial spots via split arcs at
temperatures both below and above Tg, but that the critical strain when such transition occurred was
delayed above Tg. Drawing above Tg produced an equatorial concentration of the spot reflections; thus,
the extended chain crystal was enhanced as a result of elongation of the strain-hardening region. In
contrast, the draw below Tg remained less oriented even just before breaking. However, the high
orientation component also appeared beyond the critical strain; it could be assigned to the so-called “tie
molecules” that bind the deformed lamellae. Changes in resultant tensile strength could be interpreted
by these extended chain crystals and characteristic tie molecule components.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Ethyleneetetrafluoroethylene copolymer (ETFE) has the superior
characteristics of both polyethylene (PE) and poly(tetrafluoro-
ethylene) (PTFE); specifically, it has the excellent processability of PE
and the chemical resistance or heat resistance of PTFE. Thus, ETFE is
industrially adopted as sheets or films for agricultural housing and
dome stadium roofs. Because such applications require a thinning
process to enhance light transmission and reduce weight, impr-
ovement in mechanical properties is a key for wider industrial usage
of ETFE. Various drawing technologies have been applied to improve
mechanical properties of PE or PTFE; however, ETFE has been
examined less because of its limited supply due to the sophisticated
control required in its synthesis. For PE [1e9] and PTFE [10e12] we
have found that ultra-drawings are possible when processing acco-
mpanies their phase transitions, giving the remarkable development
: þ81 277 30 1333.
H. Uehara).
y, Saitama University, Sakura-

All rights reserved.
of the mechanical properties and transparency of the resultant film.
Ultra-drawing techniques that utilize phase transitions enable the
property development of ETFE films because ETFE can be regarded as
a diagonal of PE and PTFE.

Several polymorphisms of ETFE and their phase transitions
during heating have been investigated [13e15]. Tanigami et al. [16]
compared the wide-angle X-ray diffraction (WAXD) patterns
obtained for ETFE films drawn below and above glass transition
temperature (Tg). Changes in WAXD patterns during heating of
these drawn ETFE films also indicate that their phase transition
mechanism depends on drawing conditions for sample prepara-
tion. Recently, Funaki et al. [17] reported that the content of the
third monomer component also affects the phase transition during
heating of ETFE. However, these data were obtained under static
conditions, not under deformation; thus, the in-situ observation of
phase transition during drawing gives us valuable information for
optimizing drawing conditions for developing the resultant
mechanical properties of ETFE films.

Our previous in-situ WAXD measurement during drawing of PE
[5e7,9] and PTFE [12] using a synchrotron radiation source revealed
that disentanglement-induced crystallizationwith chain orientation
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occurs even above the sample melting temperature (Tm). These
highly crystalline polymers are crystallizable during drawing above
Tm; thus, resultantpropertydevelopment is achievableeven fromthe
melt. In contrast, the ultra-drawing for less-crystallizable polymers is
enabled from the solid amorphous phase, not melt. Therefore, these
polymers are often ultra-drawable just above Tg. Kawakami et al.
[18e20] examined in-situ WAXD analyses during drawing of poly
(ethylene terephtalate) (PET) film above Tg. They reported that
stacking of the phenyl group perpendicular to the drawing axis is
induced with fibrillar crystallization with chains extended during
drawing. Ohkoshi et al. [21] also reported that fibrilar crystals appear
just after necking during drawing of PETmonofilament. The origin of
such phase transition from un-oriented amorphous state into the
oriented crystalline state can be assigned to the combination of rigid
phenyl groups and flexible ethylene units, which is coincident with
rigid TFE and flexible E units for ETFE.

Another issue in this study is the ultra-drawing of high-molec-
ular-weight materials. Indeed, the chain ends act as defects on
drawing. Therefore, reduction of such defects, which is enabled by
increase of molecular weight, promises ultra-drawability of PE [22].
Such strategy has been also applied for ultra-drawing of the other
crystalline polymers, including polypropylene (PP) [23], poly(lactic
acid) [24], poly(acrylonitrile) [25] and poly(1-butene) [26].

This study analyzed the phase transition during drawing of high-
molecular-weight ETFE by in-situ WAXD measurement. Higher
molecular weight material was selected for property development
of the resultant drawn films. Here, we focus on deformation near Tg
because ETFE yields lower crystallinity, similar to PET. The rela-
tionship between the molecular deformation mechanism and
achievable mechanical properties of the drawn films was also
analyzed.

2. Experimental section

2.1. Materials

The ETFE powder material used in this study was supplied by
Asahi Glass Company. The melt-flow index measured at 297 �C
under an applied pressure of 300 MPa was 0.63 mm3/s. This value
was significantly lower than that of commercial ETFE Fluon AX55
(77 mm3/s), which was used in previous studies by Tanigami et al
[13,14,16]. This means that ETFE used in this study has the higher
molecular weight than above commercial grade. Since ETFE
exhibits the excellent chemical resistance and is insoluble in any
solvent, the conventional gel permeation chromatography (GPC)
used for molecular weight (MW) measurement is ineffective.
Therefore, the MW of ETFE cannot be determined accurately. The
Tm of this ETFE powder was 257 �C, which was 2 �C higher than that
for Fluon AX55 (255 �C).

2.2. Film preparation

The as-received ETFE powder material was sandwiched
between commercial polyimide films (Ube, UPILEX-125S) and was
compression-molded into the film. A press machine equipped with
a vacuum chamber (Boldwin, Japan) was used. The above assembly
was kept in the molten state at 310 �C for 5 min, compression-
molded at 2.2 MPa, and subsequently cooled to room temperature.
The prepared film was 0.3 mm thick.

2.3. Measurement

A PerkineElmer Pyris 1 DSC was used for differential scanning
calorimetry (DSC) measurement. DSC heating scans were per-
formed from 30 to 300 �C at a rate of 10 �C/min under a nitrogen gas
flow. The sample weight was 5 mg. The sample Tmwas evaluated as
the peak temperature of the melting endotherm. The temperature
and fusion heat were calibrated using indium and lead standards.

Dynamic mechanical analysis (DMA) was performed using
a Mellter Toledo DMA861e. The heating scan was from 30 to 140 �C
at a rate of 2 �C/min under a nitrogen gas flow. The measurement
specimen was cut from the compression-molded film into ribbons,
that were 4 mm wide and 20 mm long, and contained a strained
region that was 10.5 mm long.

The drawing specimens were cut from the prepared film in
dumbbell shapes, with a 4 mm-wide, 12.5 mm-long straight region.
These dumbbell specimens were set in a custom-made high-
temperature extension device [27,28] and tensile-drawn at various
temperatures from 80 to 280 �C. The cross-head speed (CHS) of
drawing was 24 mm/min. The sample specimen was isothermally
held at drawing temperature (Td) for 5 min before starting the
draw to equilibrate the temperature. The drawing stress was
recorded using a load cell (Kyowa Electronic Instruments Co., Ltd.,
LUR-A-50NSA1) installed in the extension device.

In-situ WAXD measurement during drawing was carried out
using a synchrotron radiation source at the BL40B2 beamline of
SPring-8 (Japan Synchrotron Radiation Research Institute, Hyogo,
Japan). An extension device (described above) was installed in the
beamline BL40B2, and WAXD images were continuously recorded
during drawing on a cooling CCD camera (Hamamatsu Photonics
K.K., C4880). A 0.3 mm-diameter beamwas radiated at the center of
the dumbbell sample, where the measurement temperature was
detected by thermocouples placed less than 1 mm from the sample
surface. The wavelength of the synchrotron beam was 1.00 Å. The
exposure time for each pattern was 1.0 s, with a time interval of
6.0 s for data storage.

In contrast, ex-situ WAXD measurement for drawn samples was
carried out using Ni-filtered Cu-Ka radiation generated by a Rigaku
RU-200B rotating anode X-ray generator at 40 kV and 120 mA. The
WAXD image was recorded on a Fuji Film imaging plate BAS-SR at
room temperature. The wavelength of the radiation beam was
1.54 Å. An X-ray beam was collimated in 0.3 mm diameter and
radiated at the center of the drawn film. The recorded WAXD
pattern was monitored by a Rigaku R-AXIS DS3 data reader.

The resultant tensile properties of the drawn films were
measured using a universal tensile tester (Orientec RTC-1325A) at
room temperature and at a strain rate of 0.5 min�1. The tensile
strength of each drawn film was calculated from the maximum
stress just before breaking of the sample.

3. Results and discussion

In order to determine the sample Tg and Tm, DSC measurement
was conducted for the initial compression-molded ETFE film
prepared in this study. Fig. 1a depicts the thermograms recorded
during heating at a rate of 10 �C/min. The single melting endotherm
is recognized at 256 �C. It has been known the characteristic double
melting endotherms are often recorded for the ETFE having
defective unit propagation of ethylene (E) and tetrafluoroethylene
(TFE) [15]. However, the single endotherm was observed for the
film prepared in this study. Additionally, the inset in Fig. 1b, an
enlarged temperature region from 35 to 135 �C, exhibits slope
changes at 50 �C and 100 �C. However, it was difficult to determine
whether they were “peak” for crystal transition and melting, or
“jump” for glass transition.

Therefore, DMA measurements were performed for this initial
ETFE film to accurately assign these critical temperatures on the
DSC thermograms. Fig. 2 compares the changes in storage modulus
and tan d recorded during heating from room temperature to 140 �C
at measurement frequencies of 1, 5, 10 and 100 Hz. The storage
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Fig. 1. DSC thermogram of heating from 30 �C to 300 �C for ETFE film prepared in this
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modulus significantly decreases in temperatures from 70 to 120 �C.
In contrast, the tan d curve exhibits a shoulder at 50 �C and a peak at
100 �C. The shoulder does not seem frequency dependent. Thus, the
transition at 50 �C is attributed to the crystalline phases. Indeed,
Tanigami et al. [13] assigned it to the crystalecrystal transition from
orthorhombic to hexagonal form of ETFE. In contrast, the peak
position at 100 �C clearly depends on measurement frequency, as is
characteristic of the amorphous component. Therefore, the Tg of the
ETFE film prepared in this study is determined to be 100 �C.

Based on the above information from thermal analyses, Td’s
were selected from temperatures of 80 �C below Tg to 280 �C above
Tm. Fig. 3 compares the stress/strain curves recorded during
drawing at various temperatures. The sample filmwas isothermally
kept at a given temperature for 5 min before starting the draw. The
drawing stress gradually decreased with increasing Td, indicating
that the deformation of ETFE film prepared in this study exhibits
remarkable temperature dependence. In particular, yielding is
apparent for drawing at 80 �C below Tg, whereas only a gentle slope
is recognized above 150 �C. The achievable draw ratio (DR) gradu-
ally increases with Td to a maximum at 150 �C. However, the
achievable DR gradually decreases with increasing Td beyond
200 �C. At 280 �C, effective drawing is impossible, due to the
complete melting of the sample film well above Tm. It has been
reported that PE and PTFE with high MW can be drawn even from
the molten state [2e9,12]; however, the melt viscosity of ETFE used
in this study is too low to transmit the applied stress during melt-
drawing although its MW is much higher than that of the
commercial ETFE described above.
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modulus (E0) and tan d are plotted as a function of temperature.
These results reveal that the drawing behavior dramatically
differs at Tg; thus, typical Td’s below (80 �C) and above Tg (150 �C)
were selected. Structural change during such drawingwas analyzed
by in-situ measurement. Fig. 4 depicts a series of WAXD patterns
recorded during drawing at 80 �C with corresponding stress
profiles. Drawing stress rapidly increases with the start of the draw.
It yields at 10 MPa, but again increases linearly up to sample
breaking. The WAXD image recorded before drawing exhibits ring-
shaped crystalline reflections, indicating random chain orientation.
Tanigami et al. [13] observed the hexagonal (100) reflection for the
undrawn film in this temperature range. However, the X-ray
wavelength in our study differ from that in their study; thus, the
scattering vectors of these reflection peaks were calculated from
corresponding 2q positions using Eq. (1).

q ¼ 4psin q

l
(1)

The resultant q values were 1.35 Å�1 for undrawn film for our
case and theirs; thus, the ring obtained before drawing in Fig. 4
could be ascribed to this hexagonal (100) reflection. The position
Fig. 4. Stress profiles recorded at 80 �C with the corresponding change of in-situ
WAXD patterns. The draw direction on WAXD patterns is horizontal. Enlarged images
of the crystalline reflection regions are presented in the upper portion. The drawing
time in seconds is denoted in each pattern.



Fig. 5. Stress profile recorded at 150 �C with the corresponding change of in-situ
WAXD patterns. The draw direction on WAXD patterns is horizontal. Enlarged images
of the crystalline reflection regions are presented in the upper portion. The drawing
time in seconds is denoted in each pattern.
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of this reflectionwas unchanged evenwith the start of the drawing
and during drawing.

This ring-shaped reflection was split into two arcs beyond the
yielding point, which are clearly visible in the enlarged image in
Fig. 4. This indicates the molecular inclination to the drawing
direction. Tanigami et al. [16] reported a similar split of the (100)
reflection ring for a drawn sample of commercial ETFE film.With an
increase in strain, these reflections are further concentrated on the
equator (longitudinal direction in Fig. 4). This result indicates that
the crystalline molecules are gradually oriented along the drawing
direction. The stress/strain curve recorded around Tg of 100 �C was
similar to that at 80 �C, thus, the above deformation mechanism is
also expected at 100 �C.

In contrast, drawing at 150 �C above Tg (Fig. 5) produced a lower
yielding stress of 5 MPa, which was half of that for the 80 �C
drawing. However, the stress profile observed at the later stage of
draw became steeper. Changes inWAXD patterns for both Td’s were
similar up to stress yielding, where the initial reflection ring was
split and transformed into an arc shape; however, further drawing
produced characteristic spot-shaped reflections for 150 �C drawing,
Fig. 6. Stacked line profiles of azimuthal scans extracted from in-situ WAXD patterns record
from red (high intensity) to blue (low intensity). The dotted lines denote the critical drawi
corresponding to the rapid stress increase described above. Such
higher molecular orientation indicates that extended chain crystals
are formed in the later drawing stage.

Changes in molecular orientation were compared for these
different drawings. Hexagonal (100) reflection intensities located at
q ¼ 1.34e1.40 Å�1 were extracted along the azimuthal angle, and
the obtained profiles were stacked as a function of drawing time.
This q range covers the crystalline reflection region, but does not
include the amorphous scattering region [13]. Fig. 6 compares the
changes in such azimuthal profiles for 80 �C and 150 �C drawings.
The plotted region of azimuthal angle was 90� to 270�, where
0� was the equator (longitudinal axis in Figs. 4 and 5). Reflection
intensity is represented by color gradation from blue (low inten-
sity) to red (high intensity). These orientation analyses clearly
demonstrate that deformation mechanisms below and above Tg are
quite different from each other. In drawing at 80 �C, none of the
peak maxima appear with the early stage of draw, indicating the
random orientation of crystalline molecules. At the drawing time of
20 s, corresponding to the yielding point on the stress/strain curve
in Fig. 4, split maxima were observed at 150� and 210�. However,
separation between these two maxima gradually narrowed. This
result suggests that the crystalline molecules initially inclined to
the drawing direction, exhibiting a parallel chain arrangement with
increasing strain. Such double peak maximawere transformed into
a single maximum at the critical drawing time of 75 s, corre-
sponding to the slope change on the stress profile in Fig. 4. Beyond
this slope change, reflection intensity further increases with strain,
but its increase is moderated.

In contrast, 150 �C drawing produces the apparent split of
crystalline reflection at the early stage of drawing. The lamellar
inclination, giving two initial reflection maxima, gradually trans-
formed into a parallel chain arrangement, with the single peak
maximum at 55 s. Such accelerated transition for drawing above Tg
indicates easier deformation, compared to that below Tg, as also
suggested by the lower drawing stress depicted in Fig. 5. Reflection
intensity rapidly increases with increasing strain beyond this crit-
ical strain.

Corresponding small-angle X-ray scattering (SAXS) change
during drawing is suitable for complete understanding the lamellar
deformation mechanism. However, the given operation time at
SPring-8 was limited, thus we concentrated on the crystalline
deformation detected by WAXD change. Now, we are planning the
ed during drawing at (a) 80 �C and (b) 150 �C. Intensity is denoted by color gradation
ng time where split peaks merge into a single peak.



Fig. 7. Comparison of line profiles extracted along the azimuthals of in-situ WAXD patterns recorded at different times during drawing at 80 �C. These data were obtained at the
drawing times of (a) 50 s, (b) 75 s, and (c) 150 s. Observed and resultant fitted data are denoted by gray dots and red solid lines. The green and red dotted lines indicate the peak
resolution results. The red shaded peak corresponds to the highly oriented component. (For interpretation of the references to colour in this figure legend, the reader is referred to
the web version of this article).
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future SAXS analyses during drawing for concrete structure analysis
at different strain.

As discussed above, the double peak maximums were trans-
formed intoasinglemaximumfordrawingsbothbelowandaboveTg;
however, their critical strains where such phase transition occurred
werequitedifferent, due to correspondingdeformationmechanisms.
Therefore, detailed changes in the azimuthal profileswere compared
before and after such critical strain for both Td’s. Figs. 7 and 8 depict
a set of azimuthal profiles extracted along the azimuthals of in-situ
WAXD patterns recorded at different times during drawing at 80 �C
and 150 �C. The peaks decomposed into components with initial
lamellar inclination and having higher molecular orientation are
denoted by green and red dotted lines. For this peak decomposition,
the conventional Gaussian functionwas adopted for reproducing the
reflection of each component. Fig. 7a depicts former two-peak
maxima corresponding to the initial lamellae inclined toward the
drawing direction. In contrast, the profile obtained at the critical
drawing time (Fig. 7b) contains the latter new peak on the equator
center, as well as the former two-maximum peaks ascribed to the
initially inclined lamellae. The reflection intensity of the latter center
peak is lower, but its width is much narrower, than those of the
former two-maximum peaks, indicating higher molecular orienta-
tion. Beyond the critical drawing time (Fig. 7c), the former two-
maximum peaks transform into a single maximum, reflecting the
parallel arrangement of the crystalline chains along the drawing
direction. However, the latter highly oriented component still
survives beyond this critical strain.

Changes in azimuthal profiles were also compared for drawing
at 150 �C. Two-maximum peaks ascribed to the inclined lamellar
structure, similar to the 80 �C drawing, were initially observed
(Fig. 8a). At the critical drawing time (Fig. 8b), a single peak was
obtained on the equatorial center, but it was significantly broader
than that for the highly oriented component for 80 �C drawing.
Beyond the critical drawing time (Fig. 8c), this single peak nar-
rowed, indicating improved molecular orientation at higher Td.

This in-situ WAXD pattern was quite different from the conven-
tional ex-situ one obtained for the static sample. Fig. 9 compares the
Fig. 8. Comparison of line profiles extracted along the azimuthals of in-situWAXD patterns r
30 s, (b) 55 s, and (c) 150 s.
in-situpattern obtainedduring drawing at 80 �C at a drawing time of
115 s (left) and an ex-situ pattern obtained for the film drawn at aDR
of 3.0 at 80 �C. The achievable strains for the former drawing time
and for the latter DR were almost the same. Here, the latter ex-situ
WAXD measurement was made at room temperature with no
tension applied. The bottom profiles are the hexagonal (100)
reflection scans extracted along the azimuthal angle, as indicated by
the white dotted line in each reflection pattern. For the in-situ
pattern in Fig. 9a, the split two-maximum peaks attributed to the
inclined lamellae and the central narrower peak with high molec-
ular orientation coexist. In contrast, no latter central peak was
observed for the ex-situ patterns in Fig. 9b, indicating that
a component with high molecular orientation is transient during
drawing, but disappears once the draw is stopped. In contrast, there
is no transient reflection both for in-situ and ex-situ results recorded
at 150 �C.

Comparison of a series of azimuthal profiles in Figs. 7 and 8
clearly reveals differences in orientation behavior during drawing
below and beyond Tg. Therefore, quantitative analyses of the chain
orientation were conducted by using the following equation.

Degree of Chain Orientation ¼ 180� � Integral Widthð�Þ
180�

(2)

Here, the integral width was estimated by peak resolution of the
azimuthal profile into the two-maximum or central peaks using the
Gaussian function. In the two-maximum peaks, the total of integral
widths of each peak was used to calculate molecular orientation.
Indeed, Lorentz fitting was also applied, but the asymmetric peak
deconvolution with different width was achieved for such two-
maximum peaks, thus symmetric Gauss fitting was adopted in this
study. Fig. 10 depicts the changes in degree of chain orientation
during drawing at 150 �C. In the early stage of draw before the
critical drawing time in Fig. 6b, the value change exhibits a gentle
slope. Considering that the two-maximum peak transformed into
a single peak in this drawing time range, the molecular chains in
folded chain crystals (FCCs) of lamellae were gradually arranged
ecorded during drawing at 150 �C. These data were obtained at the drawing times of (a)



Fig. 9. Comparison of (a) in-situ and (b) ex-situ WAXD patterns (top) and corresponding plots of line profiles (bottom) extracted along the azimuthals of the series of crystalline
diffraction region for drawing at 80 �C. These data were obtained at (a) the drawing time of 115 s and (b) a corresponding DR of 3.0. The white dotted circles in the top patterns
represent analyzed azimuthal scans. The gray dotted lines in the bottom profiles are decomposed into reflection peaks ascribed to a pair of the tilted lamellar components (green
dots) and a well-oriented component (red shade).
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along the drawing direction. The change in degree of chain orien-
tation becomes steep beyond the critical drawing time of 55 s,
which is coincident with Fig. 6b. However, the value change is
gradually depressed and finally saturated at a constant value
beyond 200 s. This result indicates that for drawing above Tg,
extended chain crystals (ECCs) were formed in a later stage of draw.
The region between the former critical time of 55 s and the latter
critical time of 200 s exhibits a transitional structure from FCC to
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Fig. 10. Changes in degree of chain orientation during drawing at 150 �C as a function
of drawing time. Degrees of chain orientation were calculated from the integral width
of azimuthal scans, which were resolved in the components attributed to lamellar
(folded chain crystals (FCC)), transitional structure, and extended chain crystals (ECC)
as represented in the illustrations in the figure. The dotted line indicates the critical
drawing time in Fig. 6b.
ECC. A similar deformation from FCC to ECC has been reported for
deformation of PP above its Tg [29].

Also, changes in the degree of chain orientation during drawing
at 80 �C are compared in Fig. 11. As with the 150 �C drawing dis-
cussed above, a break of degree of chain orientation is recognized at
the critical drawing time estimated from Fig. 6a. However, the value
is not saturated even in the later stage of draw, indicating that
the sample is broken at structural defects produced before ECC
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formation. This phenomenon is coincident with the void formation
induced by drawing below Tg, as reported by Tanigami et al. [16].

Another characteristic of 80 �C drawing is the appearance of
a highly oriented component beyond the critical drawing time of
75 s (Fig. 7). Its degree of chain orientation is even higher than that
for ECC in Fig. 10. Considering that this component appears during
deformation from FCC to the transitional structure, it is assigned to
“tie molecules” that transmit drawing stress between FCCs.
Comparison of the values of orientation degree obtained for ex-situ
and in-situ patterns indicates that the ex-situ value at a DR of 3.0 is
lower than that of the in-situ one. Namely, transient extension of tie
molecules bound between FCCs contributes to the resultant
oriented crystallization with chain relaxation after drawing. This is
coincident with the fact that the tie molecular reflection peak on in-
situ measurements disappeared for dead samples with no tension
under the ex-situ static condition.

Several methods have been proposed for detection of tie
molecules. Wunderlich and coworkers [30] have estimated rigid-
amorphous fraction attributed to tie molecules from sophisticated
thermal analyses of polyesters. In contrast, Tshmel et al. [31,32]
have observed Raman spectroscopy for PE, and reported the
length of straight chains, which tie FCC layers with passing though
the amorphous region. In the present study, we discussed tie
molecule based on in-situ WAXD measurements, but collaborative
comparisons of the results obtained from these different methods
will be effective for complete understanding a role of tie molecules
on deformation in future study.

Such tie molecules must exist above Tg. However, it can imme-
diately transform into ECC above Tg, thus its existence is not evi-
denced by chain orientation analyses in Fig. 8. As a result, an ease of
crystalline phase change from FCC to ECC is accelerated by
increasing temperature above Tg in Fig. 10. This is a reason why an
orientation characteristic of tie molecule is emphasized for drawing
below Tg in Fig. 11.

In order to determine the relationship between such oriented
structure and resultant properties, tensile tests were conducted at
room temperature for a series of ETFE films drawn at 80 �C and
150 �C. Fig. 12 depicts the resultant tensile strength as a function of
DR. With increasing DR, the tensile strength increases, independent
of Td. However, higher values are obtained for the films drawn at
80 �C in the DR region of 2.5e4.0. This DR region is coincident with
the strain region where the highly oriented component appears in
Fig. 11. This result indicates that tie molecules with high orientation
appear during tensile tests, similar to drawing below Tg. In contrast,
150 �C drawing exhibited higher tensile strength in the higher DR
region beyond 4.0, reflecting the effect of the ECC formation
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Fig. 12. Comparison of the resultant tensile strength of films drawn at 80 �C and
150 �C. Tensile tests were conducted at room temperature.
induced by drawing at 150 �C. The maximum achievable tensile
strength approached 400 MPa for films drawn at 150 �C up to a DR
of 5.0, which is eight times higher than that of commercial
undrawn ETFE film.

In summary, the uniaxial deformation mechanism of ETFE film
having high MW is clearly divided at the Tg, and tie molecules
formed during drawing dominate the tensile properties of the
resultant ETFE films. In-situ X-ray measurement enabled us to
detect the transient appearance of tie molecules observed in this
study. This result confirms that the effective availability of high
luminescent synchrotron radiation contributes to detection of the
real-time deformation during drawing, which is often different
from usual prediction using the conventional ex-situ measurement
for dead samples in the static state.
4. Conclusions

Structural development during uniaxial drawing of ETFE film
having high MW could be successfully analyzed by in-situ X-ray
measurement using a synchrotron radiation source. The orientation
change of crystalline molecules enabled quantitative comparison
between lamellar deformation characteristics observed below and
above Tg. The crystalline molecules are first inclined to the drawing
direction, giving split arc reflections with yielding, followed by
gradual change to spot reflections with increasing strain, indicating
parallel orientation of crystalline molecules along the drawing
direction. The critical time where the split arcs transformed into
single spots shifted to the larger strain side for drawing below Tg.
Another notable characteristic of drawing below Tg was the
recognizable transient component with the highest molecular
orientation. Considering that this component was not observed for
later ex-situ measurement for dead samples, it can be assigned to
latent tie molecules that bind oriented crystals with load applied.
When the resultant tensile strengthmeasured at room temperature
was compared at the same strain, larger values were obtained for
the sample drawn below Tg, which is especially significant above
the critical strain where the transient component was developed.
This result indicates that such tie molecules effectively transmit the
applied stress on the tensile tests, which plays a similar role for
tensile drawing. In contrast, the maximum achievable tensile
strength was obtained for films drawn above Tg into the higher
strain, corresponding to the ultra-drawing region. Such strength
was ascribed to the extended chain crystals formed during drawing.
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a b s t r a c t

With an atomic-force microscope and a grazing-incidence small-angle X-ray scattering we studied ex situ
the evolution of hierarchical structures in isothermally annealed ultrathin films of asymmetric poly-
styrene-block-poly(methyl methacrylate) P(S-b-MMA) that dewetted on polar substrates via a mecha-
nism involving nucleation and growth. Film instability causes the surface to acquire an undulating
thickness through incommensurability, producing not only the relief structures on a micrometer scale
but also mesophase-separated domains on a nanometer scale. The dewetted morphologies strongly
influence the ordering behavior of the nanoscale domains. The noncylindrical nanostructures become
stable at the curved edges of the relief microstructures in the destabilized P(S-b-MMA) films, for which
a preferential wetting of the PS block with the free surface is prohibited. Additionally, the shape of relief
structures as result of film instability correlates with the formation of mesophase-separated nano-
domains. At early stages of film instability, the formation of parallel-oriented PMMA cylindrical nano-
domains increases the deformation energy and it further persists to force the shape of relief structures
between irregular holes to have a facet-wedge shape. However, those relief structures are expected to be
not at equilibrium. At high temperatures, the relief structures between irregular holes progressively
developed to form hemispherical-cap drops accompanied by a transformation of cylindrical into non-
cylindrical nanodomains at curved surfaces.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Because of the repulsion between chemically connected
incompatible blocks, block copolymers can self-assemble into
various ordered structures, such as lamellae, cylinders, spheres and
other complicated structures on length scales ranging from 10 to
100 nm [1]. The morphology of block copolymers in the bulk state
is controllable on varying the compositions (volume fraction, f) of
constituents, interactions between blocks (FloryeHuggins interac-
tions, c) and molecular weights (the degree of polymerization, N)
[1]. Much effort has been devoted to mesophase-separated
morphologies in thin films of block copolymers as two additional
effects e film thickness and interactions at the interfaces between
air and polymer or substrate and polymer e enrich the mesophase-
separated morphologies [2e15]. For instance, an asymmetric block
copolymer that has in the bulk a single morphology comprising
hexagonally packed nanocylinders (constituted by the minor
component) embedded within a matrix (constituted by the major
05; fax: þ886 3425 2296.

All rights reserved.
component) reveals in thin films a series of distinct morphologies
such as perforated layers and spheres [5e11].

Dewetting of thin films commonly produces terraced structures
(such as holes or drops) if the thickness is incommensurate with
the intrinsic spacing of ordered nanodomains [12e14]. Upon
annealing at high temperatures or exposure to solvents, the film
surface acquires an undulating thickness so that the film stature
becomes quantized in integer (symmetric wetting) or 1.5 integer
(asymmetric wetting) units of the nanodomain spacing. Such
typical features are well known for symmetric block copolymers
[3,4,12e14]. For an asymmetric block copolymer, the morphology
of a thin film is more complicated than for a symmetric block
copolymer: not only variations in spatial orientation of nano-
structures but also surface-induced phase transitions evolve during
dewetting [10,11,16]. Although theoretical results confirm that
surface-induced versatile morphologies remain stable in thin films
[6,7], the morphological transformations typically occur in desta-
bilized films [10,11]; particularly at the relief edges with a curved
surface appear spherical nanodomains or perforated layers [5].

On the other hand, dewetting of block copolymer thin films on
a solid typically reveals hierarchical structures in comparison with

mailto:yssun@cc.ncu.edu.tw
www.sciencedirect.com/science/journal/00323861
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that of homopolymer thin films [17e19]. In other words, in addition
to various morphologies at micrometer length scales resulting from
dewetting [20,21], mesophase-separated nanodomains buried
within the dewetting relief microstructures in thin films of block
copolymers are also obtained. Since in most investigations char-
acterization of the surface morphologies of polymeric thin films on
a substrate mainly relies on measurements of atomic-force micro-
scope (AFM), scanning electron microscopy (SEM), optical micro-
scope (OM) and such real space observation techniques, the
structural study is thus limited to the morphological observation at
the polymereair interface [17], making probing internal nano-
structures unlikely unless chemically etching protocols are addi-
tionally imposed on thin films of block copolymers to remove
surface materials with air affinity [22]. Nevertheless, characteriza-
tion of gazing-incidence small-angle X-ray scattering (GISAXS) on
thin films has received recent attention, as it offers useful insights
in not only interfacial structures at air but also buried internal
nanostructures [23]. Particularly, GISAXS is a nondestructive tool of
surface characterization, which the characterizing length scales in
the film configuration cover awide range from a few nanometers to
submicrometers [18,19,24,25]. Furthermore, upon combination
with external controls over experimental environments, for
instance temperature control in a hot stage, the GISAXS measuring
technique can be utilized to in situ characterize the evolution
dynamics of hierarchical structures during thermal annealing [26].

The objective of our work was to study the evolution of me-
sophase-separated nanostructures and relief microstructures in
asymmetric P(S-b-MMA) thin films that dewetted on polar sub-
strates (SiOx/Si and PMMAeSiOx/Si) upon isothermal annealing at
various temperatures. We observed dewetting morphologies in
four stages to be driven by a mechanism involving nucleation and
growth [20,21], and variations in the PMMA nanodomains (micel-
leecylinder or cylinderesphere transformations) were present in
the destabilized films. The effect of the curved surface at the edge of
a relief microstructure on the cylinderesphere transformation is
discussed in this report. Finally, experimental gazing-incidence
small-angle X-ray scattering (GISAXS) characterizations and
analytical GISAXS modeling were implemented to gain more
understanding about the evolution of relief structures as a result of
film instability.

2. Modeling of GISAXS by using IsGISAXS

Typically, complicated GISAXS scattering patterns or profiles
result from multiple scattering in terms of a combination of
reflection and refraction. Detail analyses of GISAXS data have been
reviewed in the comprehensive article [27]. According to the dis-
torted-wave Born approximation (DWBA), the total amplitude can
be expressed as a coherent sum of four scattered amplitudes [27].
The four scattered amplitudes originate from a different scattering
path each.

As shown in the early work, we demonstrated that diffuse
scattering streaks at an angle with respect to the qt axis can be
taken as indication of the formation of relief structures with
a facet-like wedge edge [28]. In continuing the previous work, we
also aimed to examine how distinct shapes of relief structures may
be related to the diffuse scattering streaks in GISAXS. Our previous
study indicated that on polar substrates (SiOx/Si and PMMAeSiOx/
Si) the areas between irregular holes in destabilized P(S-b-MMA)
films comprise one layer of PMMA nanocylinders with parallel
orientation embedded in the PS matrix [28]. Here, we noted that
at the final dewetting stage to form P(S-b-MMA) droplets, the
spherical relief microstructures might not have an observable in-
plane correlation length; in other words, for destabilized ultrathin
films the droplets with a long inter-droplet distance install in the
plane of the substrate [24]. As a result, the correlation length for
the droplets due to dewetting in ultrathin films might not be
detectable in the GISAXS configuration. Therefore, we assumed
that the positions of the relief structures are completely random
and independent without a positional correlation. For simplifica-
tion, we also implicitly neglected simulation of the scattering
associated with mesophase-separated cylindrical nanostructures
within relief structures in the model simulation of the GISAXS
data. Therefore, the simulated diffuse GISAXS scattering is mainly
contributed from the form factor of relief structures on
a micrometer length scale [28]. Fig. 1(a) and (b) shows diagram-
matic representation of the two types of relief structures e (a)
islands on a thin layer over a substrate; (b) holes in a layer on top
of a substrate e for the models of simulating GISAXS data. For the
model simulation of the GISAXS data, we used the IsGISAXS
software [29]. In the modeling of GISAXS data, the two simple
types of the island (or hole) shape e cone and hemisphere (cf.
Fig. 1(c) and (d)) e were used to describe a variety of dewetting
morphologies. The form-factor formulism of the two shapes was
described in detail in Refs. [27] and [29]. The formation of the
relief structures will be discussed in the following.

3. Experiments

3.1. Materials, film preparation and annealing

Polystyrene-block-poly(methyl methacrylate) (P(S-b-MMA),
Mn¼ 82 kg/mol, fps¼ 72% and fPMMA¼ 28%, Ip¼ 1.07, Polymer
Source, Inc.) was used as received. Bare siliconwafers (SiOx/Si) were
cleaned in a piranha solution (3:7 v/v 30% H2O2:H2SO4) for 40 min,
rinsed with deionized water, and dried under flowing N2.
PMMAeSiOx/Si substrates were achieved by spin coating
(4000 rpm, 1 min) a PMMAeOH solution (1 mass% in toluene) on
silicon wafers. The irreversibly grafted layers resulted from
annealing (160 �C for 2 days) spin-coated films on hydroxylated
silicon wafers under vacuum. Non-grafted materials were removed
by sonication in toluene, followed by drying the substrates under
flowing N2. P(S-b-MMA) films (thickness 34.2 or 36.4 nm) were
prepared via spin coating at 5000 rpm for 30 s from P(S-b-MMA)
solutions (1.4 and 1.5 mass%) in toluene. Isothermally annealing the
samples at 170, 190, 210, 230 and 245 �C in a closed hot stage
(HCS402 Instec) purged with gaseous N2 caused dewetting of the P
(S-b-MMA) films on SiOx/Si and PMMAeSiOx/Si substrates. After
thermal annealing (12 h), the thermally induced morphologies of
the thin films were frozen by quenching into liquid N2.

3.2. Topographies of thin films from use of an atomic-force
microscope (AFM)

To determine the nanodomains and dewettedmorphologies, we
investigated the surface of thin films with an atomic-force micro-
scope (SPA400 Seiko) in the tapping mode. AFM images were
recorded with scan ranges between 2 mm� 2 mm, 5 mm� 5 mm and
25 mm� 25 mm. We used aluminum-coated silicon cantilevers of
length 125 mm, width 30 mm and thickness 4 mm. The force coeffi-
cient was approximately 42 N/m and the resonance frequency used
was 330 kHz.

3.3. Small-angle X-ray scattering (SAXS) and grazing-incidence
small-angle X-ray scattering (GISAXS)

Before use of SAXS and GISAXS to characterize the mesophase-
separated domains of the P(S-b-MMA) thin films, we imposed the
same thermal annealing procedure described previously on all P(S-
b-MMA) thin films. The SAXS and GISAXS experiments were



Fig. 1. Schematic illustration showing the two types of relief structural morphologies: (a) islands on a thin layer over a substrate; (b) holes in a layer on top of a substrate. The two
simple types of the island (or hole) shapes e (c) cone and (d) hemisphere [27,29] e are shown to illustrate islands or holes as a result of film instability.

Y.-S. Sun et al. / Polymer 52 (2011) 1180e11901182
performed at beamline BL23A in the National Synchrotron Radia-
tion Research Center (NSRRC), Hsinchu. The configuration of the
GISAXS at BL23A was detailed elsewhere [30]. A monochromatized
X-ray radiation source of photon energy 8 keV (wavelength
l¼ 1.55�A) was used to collect the GISAXS patterns and a SAXS
pattern with a MAR CCD detector. The distances from sample to
detector were 2613.5 mm for GISAXS and 2268.1 mm for SAXS. The
scattering vector, q (q¼ 4p/l sin q, with scattering angle q) in these
patterns was calibrated using silver behenate. The films for GISAXS
measurements were mounted on a z-axis goniometer. The angle of
incidence of each X-ray beam was ai¼ 0.1875�, which is between
the critical angles of the P(S-b-MMA) film and of the silicon
substrate (ac,f and ac,s). Scattering angles were calibrated with the
positions of X-ray beams reflected from the silicon substrate
interface with varied incidence angle ai.
Fig. 2. SAXS datum for bulk P(S-b-MMA) as cast from the toluene solution (5 mass%),
followed by isothermal annealing at 170 �C for 12 h. The depressed intensity observed
for the second- and third-order diffraction features is due to a destructive interference
between the form-factor scattering and the diffractions of the structure factor in the q
range 0.02e0.04�A�1.
4. Results and discussion

4.1. Cylindrical nanodomains in bulk

Fig. 2 shows the SAXS pattern for bulk P(S-b-MMA), as cast,
measured at 30 �C, featuring diffraction signals located at
q¼ 0.0192 and 0.0335�A�1. These features with q* ratio¼ 1:31/2 are
characteristic for the diffraction of cylindrical nanodomains,
ordered with a hexagonally packed lattice. The position of the
principal signal indicates a long period 37.79 nm of mesophase-
separated cylinders according to an expression D¼ (4/3)1/2� (2p/
q*) [28]. Scattering as an additional broad hump at q¼ 0.0528�A�1

reflects the first-order form-factor scattering of an individual
cylindrical domain. The radius of the PMMA cylindrical nano-
domains was estimated to be 9.43 nm. We thus obtained a P(S-b-
MMA) bulk comprising PMMA cylinders of mean radius 9.45 nm
embedded within a PS matrix with an intra-cylinder distance
37.79 nm [28].
4.2. Dewetted morphologies and mesophase-separated
nanodomains in thin films

The AFM topographies in Fig. 3 show the dewetted morphol-
ogies of isothermally annealed films. Upon annealing at tempera-
tures 170, 190, 210, 230 and 245 �C for 12 h, the P(S-b-MMA) films



Fig. 3. AFM topographies of P(S-b-MMA) films on SiOx/Si (initial thickness: 36.4 nm) after isothermal annealing for 12 h at temperatures (a) 170, (b) 190, (c) 210, (d) 230 and (e)
245 �C.
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(initial thickness 36.4 nm) dewetted on SiOx/Si according to
a mechanism of nucleation and growth, causing the film surface to
acquire an undulating thickness. The series of AFM images display
a dewetting process that involves in the four stages e (i) rupture of
the film (Fig. 3(a)), (ii) formation of holes with uneven wavy rims
(Fig. 3(b) and (c)), (iii) progressive growth of the rims until
impinging together to form a polygonal network (Fig. 3(c) and (d)),
and (iv) final breaking of the polygonal network into micro-drops
or micro-slabs (Fig. 3(e)). Although the observation of the dewet-
ting evolution by optical microscopy was reported previously [28],
the AFM characterization provides additional structural informa-
tion at tens of nanometers, which is unable to be feasible by OM. For
instance, close scrutiny of the AFM image (Fig. 3(a)) indicates that
the irregular tiny granules are due to excess PS blocks that are
unable to fully cover over a homogenous layer underneath. Besides,
the underneath continuous layer reveals a few small holes, indi-
cated by arrows.

The instability of the film thickness upon heating reflects an
incommensurability of the film thickness, t, with the spacing, D, of
nanodomains. For P(S-b-MMA) films on SiOx/Si, the PMMA blocks
preferentially segregate on the hydrophilic surface of the Si
substrate, whereas the PS block with a smaller surface energy
resides at the free surface. This preferential wetting with the
substrate and free surfaces by each of the two blocks constitutes an
asymmetric wetting [3,4]. The films thus remain stable only when
the thickness of the film as spun matches a natural thickness given
approximately by [31]

t¼ nDþ b

in which n is an integer and b represents the thickness of a layer
of P(S-b-MMA) brush autophobically anchored on the silicon
substrate, with the PMMA block anchoring at the substrate surface
and the PS block facing outward [12,13].

As thin films spin-coated from a solution in toluene, the P(S-b-
MMA) samples without thermal annealing reveal disordered
micelles in AFM topography (not shown for brevity). Toluene is
known to be a selective solvent e an effective solvent for PS but
poor for PMMA [32]. We suggest that those micelles appear when
the concentration of the solution increases on solvent evaporation
to attain a critical point at whichmicelles are initiated. Themicelles
are thus a kinetically trapped morphology as a result of rapid
evaporation of solvent during spin coating, and are therefore
metastable [33]. Upon annealing, we expect a morphological
transformation from disordered micelles into cylinders. The AFM
stature and corresponding phase images of the annealed P(S-b-
MMA) films are shown in Figs. 4 and 5, which reveal the revolution
of cylindrical domains on nanometer scales. At 170 �C, the film
presents a remarkable dual presentation of PS and PMMA at the
free surface (Figs. 4(a),(f) and 5(a),(f)). A large density of defects is
also observable, revealing a pattern with a much smaller correla-
tion length. Such a pattern is due to the pinning effect of a strong
affinity between the PMMA block and the hydrophilic surface of
SiOx/Si [34]. As a result, the P(S-b-MMA) films have small polymer
chain mobility in the plane of SiOx/Si so that cylindrical nano-
domains evolve slowly from disordered micelles at 170 �C. Beside,
because of the PS block having a low surface energy, excess PS
materials preferentially migrated onto the free surface displaying
as featureless granules.

Upon annealing at 190 �C for 12 h, the P(S-b-MMA) film shows
large grains of PMMA cylinders embedded within a PS matrix, as
shown in the AFM phase and topography images (Figs. 4(b),(g) and
5(b),(g)). The large cylindrical grains resulted from removal of the
defects on annealing [35]. In particular, upon annealing the PMMA
cylinders with a parallel orientation grow at the expense of the
grains of disordered micelles. Scrutiny of the AFM images (Fig. 4(b)
and (g)) indicates discrete regions present as nano-size spotted or
striped morphologies protruding slightly in height relative to the
continuous PS matrix. The spot- or strip-like nanodomains hence
appear white while the matrix appears dark in the topographic
images.

The corresponding AFM phase image shown in Fig. 5(b) and (g)
reveals that the protruding regions have a large phase shift. We
thus attribute the discrete regions to PMMA domains of large
modulus because the Tg (the glass-transition temperature) of
PMMA is greater than that for PS. The difference between the
heights of the discrete nanodomains and the continuous matrix
shown in the AFM images is attributed to the two blocks having
different surface energies [36]. In contrast, a distinct morphology is
present at the areas near the edges of the holes with wavy uneven
rims, at which occurs preferential wetting with the free surface by
PS chains. We speculate that, for the P(S-b-MMA) thin film
annealed at 190 �C, a mixedmorphology of spot-like and stripe-like
nanodomains shown in the AFM image is due to a mixture of
PMMA spherical and parallel cylindrical nanostructures coexisting
in the destabilized film. This mixed morphology is similar to those
reported by Naik et al. for Pluronic F127 (PEO106-PPO70-PEO106)
templated films [37] and by Tate et al. for Pluronic P123 (PEO20-
PPO70-PEO20) mesoporous silica thin films [38].

Furthermore, as the spin-coated film thickness was incom-
mensuratewith the natural spacing of the cylindrical nanodomains,
during the course of annealing the films began to dewet on the
SiOx/Si according to a mechanism of nucleation and growth, in
which the PS block crawled slowly along the free surface forming
irregular wavy rims. Consistent with conservation of mass, the PS
block advancing onto the free surface as a result of a strong
attractionwith the free surface is accompanied by a depletion of the
volume fraction of the PS block in local areas of the film. According
to this argument, the AFM measurements in a tapping mode
demonstrate that the PMMA cylindrical nanodomains at the free



Fig. 4. AFM height images 5 mm� 5 mm (top images) and 2 mm� 2 mm (bottom images) for P(S-b-MMA) films of initial thickness 36.4 nm on SiOx/Si after isothermal annealing for
12 h at various temperatures (a) and (f) 170, (b) and (g) 190, (c) and (h) 210, (d) and (i) 230, and (e) and (j) 245 �C. AFM topographies (g) and (h) were obtained by zoom-in scanning
the PS-uncovered areas in images b and c, respectively.
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surface without PS covering were enhanced reliefs of height
w3e6 nm. On the other hand, since the affinity of the PMMA block
with the substrate surface first led to the formation of a ca. 21-nm
monolayer of anchored P(S-b-MMA), the dewetting represents that
the top layer of unanchored P(S-b-MMA) dewetted from the
bottom brush layer with an entropic penalty (i.e. an autophobic
behavior) [12e14,28].

Upon annealing at 210 �C for 12 h, the holes expand through
continued growth of the rims; the P(S-b-MMA) film then shows
two regions. As Figs. 4(c) and 5(c) show, one region at the rim front
reveals the presence of PS chains preferentially wetting on the free
surface. Between the rims is the PS-uncovered region that clearly
displays the presence of both PS and PMMA domains, in which the
major portions of PMMA are long cylinders oriented parallel with
the substrate surface (Figs. 4(h) and 5(h)). The mean intra-cylinder
Fig. 5. Corresponding AFM phase images 5 mm� 5 mm (top images) and 2 mm
distance of the annealed thin films is ca. 53 nm, larger than the
value 37.78 nm calculated from the SAXS pattern for P(S-b-MMA)
bulk. This result indicates that the annealed P(S-b-MMA) film has
parallel PMMA nanocylinders arranging in one row, which repre-
sents an expansion in the lateral direction [37].

Through this advancing growth the rims impinge together,
resulting in a polygonal network microstructure composed of long
ridges and valleys (as shown in Figs. 4(d),(i) and 5(d),(i)). At that
stage, rim coalescence and continued growth of holes result in
a slight corrugation with a depression particularly within some
junctions of the long ridges. Upon annealing at 245 �C (Figs. 4(e),(j)
and 5(e),(j)), in some regions the polygonal network progressively
breaks into microscale slabs or drops. At the edges of drops appears
a nanospot-like pattern, which might correspond to spherical
nanodomains as a result of a cylinder-sphere transformation [5]. At
� 2 mm (bottom images) for the same annealed samples shown in Fig. 4.
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the curved edges of slabs or drops the preferential wetting of the
free surface by the PS block is hindered, because the energy barrier
for the formation of awetting layer of PS is large at a curved surface.

Now we examine the morphologies of the P(S-b-MMA) films on
top of PMMA-SiOx/Si. For the P(S-b-MMA) thin films of initial
thickness 34.2 nm on PMMA-SiOx/Si, isothermal annealing at
various temperatures causes film stability proceeding via a nucle-
ation and growth mechanism (Fig. 6). In comparison, the
P(S-b-MMA) films dewetted more quickly on PMMAeSiOx/Si than
on SiOx/Si except for 170 �C, at which temperature the films on both
SiOx/Si and PMMAeSiOx/Si reveal a morphology displaying
featureless granules on a homogeneously continuous layer (Fig. 6
(a) and (f)). As mentioned, the irregular tiny granules are due to
incomplete covering of the PS block over an underneath continuous
layer. Upon annealing at 190 �C, the film spread on top of
PMMAeSiOx/Si reveals that holes with uneven rims have grown
with time to form a network (Fig. 6(b) and (g)). At 210, 230 and
245 �C, a part of the network structure on PMMAeSiOx/Si has
broken to form slabs or drops (Fig. 6(c)e(e) and (h)e(j)). By
contrast, in the temperature region the P(S-b-MMA) films on SiOx/
Si reveal a network of relief structures. On the other hand, Fig. 6(k)e
(o) reveal the similar nanostructural revolution in the destabilized
films on PMMAeSiOx/Si as compared with that on SiOx/Si. We also
noted that the nanostructures on curved edges of relief structures
on PMMAeSiOx/Si reveal nanospheres (Fig. 6(o)).

4.3. Characterizations of hierarchical structures by GISAXS

To characterize the mesophase-separated nanostructures of
the P(S-b-MMA) films that dewetted on SiOx/Si after annealing at
the designed temperatures, we performed GISAXS measurements.
Fig. 6. AFM topographies (the top and middle rows of images) and phase images (the bottom
isothermal annealing for 12 h at various temperatures 170, 190, 210, 230 and 245 �C. The mid
and phase ((k)e(o)) images for the same annealed samples. AFM images (g) and (l) were o
The 2D GISAXS patterns for destabilized films are shown in Fig. 7,
which reveals rod-like or spot-like scattering typical for strongly
fiber-textured films. The rod-like scattering is due to the elongation
of the Bragg diffraction spots (sharp along qk and slightly diffuse
along qt) ascribed to the small thickness of the film. For the P(S-b-
MMA) film annealed at 170 �C, the GISAXS pattern reveals spots in
two sets symmetrically on either side of the beam stop, with each
set at the same qk having a series of spots along qt. As can be seen
in Fig. 7, two brightly striped lines appear parallel to the qk direc-
tion; these striped lines of intense scattering result from
a standing-wave phenomenon and from total reflection occurring
at the interface between the film and the substrate [39,40]. Inter-
section of the striped lines with the diffractions of the ordered
nanodomains produces the intense spots. For the P(S-b-MMA) films
annealed at 190 �C, the spots have increased intensity, accompa-
nied by broadening of the signals of the spots along the thickness
direction (qt). In addition, a series of Kiessig fringes along the qt
direction emerge for the film annealed at 190 �C. The amplitude of
the Kiessig fringes became enhanced at 210 and 230 �C. At 245 �C,
the amplitude of the fringes, however, became depressed. The
presence of the Kiessig fringes associated with resonant diffuse
scattering indicates the presence of a correlated rough layer [41,42].
In order to clearly discern the fringes, one-dimensional scan cuts
along the film direction at qk ¼ 0�A�1 were imposed on the 2D
GISAXS patterns to show 1D detector-scan GISAXS profiles. As
shown in Fig. 8, the detector-scan-cut 1D profiles for the films at
annealed 170 �C reveal no fringes, indicative of the absence of the
monolayer of anchored P(S-b-MMA) brushes. For the films
annealed at 190, 210 and 230 �C, the detector-scan-cut 1D profiles
reveal a series of fringes with enhanced amplitude, whose
frequency corresponds to the correlated thickness of the anchored
row of images) of P(S-b-MMA) films of initial thickness 34.2 nm on PMMA-SiOx/Si after
dle and bottom rows of images are the corresponding 2 mm� 2 mm AFM height ((f)e(j))
btained by zoom-in scanning the PS-uncovered areas in image (b).



Fig. 7. 2D GISAXS patterns measured at ai¼ 0.1875� of grazing incidence for P(S-b-MMA) thin films spread on (a) SiOx/Si (the top row of patterns) and (b) PMMAeSiOx/Si (the
bottom row of patterns) after isothermal annealing at various temperatures: 170, 190, 210, 230 and 245 �C for 12 h.
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P(S-b-MMA) brushes with a roughness correlation [28,41,42]. For
the film annealed at 245 �C, the presence of the depressed fringes
indicates that the roughness correlation of the monolayer of
anchored P(S-b-MMA) brushes decays significantly. Nevertheless,
the depressed fringes with weak amplitude are still discernible,
indicative of a certain extent of partially interfacial roughness
correlation of the P(S-b-MMA) wetting monolayer retaining at
equilibrium.

In addition to the Bragg rods/spots and Kiessig fringes, the
GISAXS patterns display additional diffuse scattering streaks
(indicated by arrows) emerged at angles with respect to the qt
direction for the thin films annealed at 190 �C. However, for the
films annealed at 170 and 245 �C, the GISAXS patterns do not reveal
the diffuse scattering streaks. In the temperature region between
190 and 245 �C, the scattering streaks reveal variations in intensity.
A comparison of the results shown in the AFM images indicates that
the emergence of scattering streaks seems accordingly to be
accompanied with the formation of film instability induced relief
structures within P(S-b-MMA) films having ordered
nanostructures. In particular, the streaks (indicated by arrows) for
the film containing isolated relief slabs were found to be double in
comparison with those for the films having irregular holes within
a continuous layer. Variations in intensity of diffuse scattering
streaks with various extent of dewetting may indicate that the
intensity of diffuse scattering streaks and the intensity in areas
between the two streaks strongly correlate with the shape of relief
structures.

In order to clearly discern the 1D profile of the streaks, one-
dimensional scan cuts along the film direction at various qk(qks 0
off-detector-scan cuts) were imposed on the 2D GISAXS patterns.
Fig. 9 shows the 1D off-detector-scan scattering profiles, which
were extracted from the vertical scan cuts along the qt direction at
qk ¼ 0.004, 0.008, 0.012 and 0.016�A�1. At the lowest annealing
temperature of 170 �C, the 1D off-detector-scan profiles only reveal
standing-wave features in the low qt region (qt< 0.05�A�1). For
the destabilized P(S-b-MMA) films with annealing at temperatures
above 190 �C, a hump indicated by arrows emerged and became
enhanced in the 1D off-detector-scan profiles obtained via vertical



Fig. 8. 1D detector-scan GISAXS profiles with intensity as a function of qt obtained with vertical cuts at qk ¼ 0�A�1 corresponding to Fig. 7 for P(S-b-MMA) thin films spread on (a)
SiOx/Si and (b) PMMAeSiOx/Si after isothermal annealing at various temperatures: 170, 190, 210, 230 and 245 �C for 12 h. The curves were shifted for clarity along the y axis.
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cuts at various qk. At the highest temperature of 245 �C, there is no
hump associated with the diffuse streaks displaying in the 1D
GISAXS profiles.

To quantitatively understand how the distinct shapes of relief
structures correlate with variations in intensity of diffuse scattering
streaks, we thus performed the simulation modeling of GISAXS.
Taking into account information obtained from the qualitative AFM
microscopy, we attempted to analyze quantitatively the measured
GISAXS data. For simplification, we neglected all possible scattering
of the scattered intensity from the mesophase-separated nano-
domains, but only examined all possible scattering models (cone,
and hemisphere) of the scattered intensity from the relief
Fig. 9. 1D off-detector-scan GISAXS profiles with intensity as a function of qt obtained with
MMA) thin films spread on SiOx/Si (the top row of figures) and PMMAeSiOx/Si (the bottom r
and (g))190, ((c) and (h)) 210, ((d) and (i)) 230, and ((e) and (j)) 245 �C for 12 h. The curves w
the 1D off-detector-scan GISAXS profiles obtained with a vertical cut at qk ¼ 0.004�A�1 is d
microstructure as a result of film instability. The cone and hemi-
sphere shapes were used to describe facetted drops, holes, and
spherical-cap shaped granules or rounded-shape drops.

As shown in Fig. 10(a), the simulated GISAXS pattern reveals no
diffuse scattering streaks for the hemisphere shape of 12 nm in
height and 1000 nm in radius acting as the shape of tiny granules
covering over a continuous layer of 34 nm. The absence of diffuse
scattering streaks for the spherical shape is well consistent with the
corresponding the GISAXS pattern of the P(S-b-MMA) thin films
containing tiny granules covering over a continuous layer. In
contrast, as shown in Fig. 10(b) and (c), the diffuse streaks can be
well reproduced for the shapes of cone acting as holes or islands
vertical cuts at qk ¼ 0.004, 0.008, 0.012 and 0.016�A�1 corresponding to Fig. 7 for P(S-b-
ow of figures) after isothermal annealing at various temperatures: ((a) and (f))170, ((b)
ere shifted for clarity along the y axis. The depressed intensity in the low qt region of

ue to the blocked area from X-ray by the rod-shaped beam stop.



Fig. 10. Simulated GISAXS patterns of various types of relief structural morphologies: (a) a hemisphere-shape granule of R¼ 1000 nm and H¼ 12 nm over on a layer of thickness
L¼ 34 nm; (b) cone-shape holes of R¼ 1000 nm and H¼ 38 nm within a film of thickness t¼ 59 nm; (c) cone-shape, and (d) hemisphere-shape drops of R¼ 1000 nm and
H¼ 38 nm over a layer of thickness L¼ 21 nm. The radius and height of the relief structures have a distribution sR¼ 0.5 and sH¼ 0.5, respectively. The base angle a for the cone
shape was set as 6� .
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within a destabilized film. For holes of depth 38 nm in a layer of
thickness 59 nm on top of a substrate, their simulated GISAXS
patterns display a set of two diffuse scattering streaks, which
symmetrically appears at the both sides with respect to the qt axis
(Fig. 10(b)). In addition, the patterns also clearly display the striped
lines parallel to the qk axis. These lines are associated with the
effects of standing waves [39,40]. By contrast, for facetted islands
of height 38 nm covering a layer of thickness 21 nm on top of
a substrate, the simulated GISAXS patterns display two sets of
narrow streaks, in which each set has two scattering diffuse streaks
appearing at the both sides with respect to the qt axis (see Fig. 10
(c)). The double diffuse scattering streaks are due to an effect of
superposition of the refraction and reflection beams (indicated by
the arrows) [27]. In contrast, the diffuse scattering streaks shown in
Fig. 10(d) seem much broader in width and much weaker in
intensity for the shape of a hemispherical cap acting as rounded-
shape islands of 38 nm over on a 21-nm wetting monolayer of
P(S-b-MMA) brushes. The GISAXS simulation for the hemisphere
shape indicates that the full width at half maximum (FWHM) of
diffuse scattering streaks and the angle between the streaks and
the qt axis strongly depend on the size and size distribution of the
a b

Fig. 11. 1D off-detector-scan GISAXS profiles with intensity as a function of qt obtained
hemisphere shape (for brevity, the data are not shown). Although
the simulated GISAXS patterns for the hemisphere shape displays
very weak diffuse scattering streaks, the weak diffuse scattering
streaks, however, are not discernible in the experimental GISAXS
patterns for the samples annealed at 245 �C. The reason is that the
density of drops on top of thewetting layer is low so that the diffuse
scattering streaks with very weak intensity may not be easily
observed in practice. Also, it has been shown that the intensity of
diffuse scattering streaks decays as q�4 for a rounded-shape object
with a curved surface [43]. Therefore, the intensity for such a round
shape decays quickly at high q so that the streaks in the high q
region are the weakest. All these reasons may make the diffuse
scattering streaks uneasily observable for the curved-surface drops
with a low density of population.

In order to compare with the experimentally measured off-
detector-scan 1D GISAXS profiles, vertical scan cuts along the qt
direction at qk ¼ 0.004, 0.008, 0.012 and 0.016�A�1 were imposed on
the simulated GISAXS patterns. Fig. 11 shows the simulated off-
detector-scan GISAXS profiles with intensity as a function of qt.
Apparently, only for facetted relief structures describing by a cone
shape with a base angle 6�, the simulated 1D off-detector-scan
c d

with vertical cuts at qk ¼ 0.004, 0.008, 0.012 and 0.016�A�1 corresponding to Fig. 10.



Fig. 12. Schematic illustration showing the four types of relief structural morphologies: (a) granules, (b) areas between irregular holes, (c) facetted drops and (d) spherical-cap
drops.
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GISAXS patterns clearly reveal one (cone-shaped hole, Fig. 11(b)) or
two humps (cone-shaped island, Fig. 11(c)). On the other hand, the
position of the hump indicated by arrows was found to vary with
different cuts at various qk values. The hump for facetted relief
structures are still clearly discerned when vertical scan cuts were
carried out at qk ¼ 0.012 and 0.016�A�1. In contrast, the hump for
spherical-cap shaped relief structures (hemisphere-shaped gran-
ules and drops, Fig. 11(a) and (d)) depresses significantly in inten-
sity so as to become much diffuse when vertical scan cuts were
carried out at qk ¼ 0.012 and 0.016�A�1. In comparison with the
GISAXS experimental profiles of the destabilized films, the simu-
lated GISAXS profiles for a destabilized film with various types of
shape of relief structures are in good agreement with the measured
scattering profiles. From the trends and evidences of the measured
and simulated GISAXS profiles, it can be proposed that diffuse
scattering streaks at angles with respect to the qt direction are
associated to the relief structures with a facet-like edge, while no
diffuse scattering streaks yield for a low-density population of relief
structures with a curved spherical shape.

The relationship between the shape of reliefmicrostructures and
ordered mesophase-separated nanodomians, however, requires
further interpretation. Based on the AFM observations and
a comparison between themeasured GISAXS and simulated GISAXS
patterns, we proposed a possible scenario of film instability induced
the evolution of hierarchical structures in annealed P(S-b-MMA)
films on a polar substrate. Before thermal annealing, the intact film
consists of disordered PMMA micelles embedded within the PS
matrix. Thermal treatment imposed on the spin-coated P(S-b-
MMA)film lead to not only a structural change on a nanometer scale
but also film instability on amicrometer scale. Isothermal annealing
at 170 �C gave rise to tiny featureless granules. The featureless
granules are due to the PS block incompletely covering over
a continuous layer that consists of disordered micelles and shorts
cylinders (cf. Fig. 12(a)). We speculated that at the lowest temper-
ature of 170 �C the anchoring density of the P(S-b-MMA) chains
absorbed on the polar surface of the substrate was too low to form
a complete brush layer at the substrate interface. Due to lacking an
autophobic effect driven by an entropic penalty, large-scale undu-
lations in thickness by dewetting could not be able to be triggered
off. Only the PS chains segregating onto the free surface was
allowable to reach the film commensurability instead, giving rise to
the featureless granules displaying in the AFM images. On the other
hand, at the lowest annealing temperature of 170 �C, themobility of
polymer chains should be slow at the attractive surface of a solid
even although the annealing temperature is above the glass-tran-
sition temperatures of the two blocks in bulk state [44]. Therefore,
only a very few of small holes forming at a low rate could be ach-
ieved byfilm rupture. At 190 �C, large-scalefilm instability occurred.
The large-scale film instability is due to an autophobic effect that
unanchored P(S-b-MMA) chains dewetted on a monolayer of
anchored P(S-b-MMA) brushes since the density of anchoring with
the polar surface of the substrate is high enough to form a brush
layer. At the early stage of film instability that the film ruptures to
form large holes with uneven wavy rims, disorder micelles gradu-
ally transformed into nanocylinders via a large-scale undulation in
film thickness (Fig.12(b)).With annealing at high temperatures (210
and 230 �C) to increase film instability to an extent of progressive
growth of the PS constituted rims until impinging together to form
a polygonal network, the ordering of mesophase-separated cylin-
drical nanodomains became improved. In some areas that film
instability advanced quickly, the polygonal network broke to form
drops and slabs. As a result, the formation of parallel-oriented
PMMA cylindrical nanodomains increases the deformation energy,
and it will persist to force the shape of relief structures to be a facet-
wedge shape (Fig. 12(c)). However, those relief structures are
expected to be not at equilibrium. Upon annealing at the highest
temperature (245 �C), curved drops causes a transformation of
cylinders to noncylindrical nanodomains since the discrete, non-
cylindrical nanodomains experiences less structural frustration
with the curvature of a spherical cap than the cylinder nanodomains
with a parallel orientation (Fig. 12(d)) [45]. The noncylindrical
nanodomains at the edge of spherical-cap shaped drops have been
observed in polystyrene-block-polyethylene oxide, (PS-b-PEO)
diblock copolymer thin filmswith exposure to solvent vapor by Kim
et al. [45,46]. They attributed the formation of the spherical nano-
domains to the two factors: selective swelling of the major block by
a solvent and the packing frustration of cylindrical nanodomains in
a spherical cap [45,46]. In our study, the latter factor solely domi-
nates the formation of the cylinder-to-sphere transformation at the
edge of isolated relief structures since only thermal annealing was
imposed on the P(S-b-MMA) thin films to induce the film instability.

5. Conclusion

In destabilized thin films of P(S-b-MMA) induced by thermal
annealing, the mesophase-separated nanodomains are found to be
strongly correlated with the formation of relief microstructures as
a result of the four stages of dewetting. In the first stage, the
P(S-b-MMA) film ruptures, forming holes without rims; the
nanodomains within the destabilized film are mainly disordered
micelles. In the second stage, uneven wavy rims initiate from the
rupture, as a result of the preferential wetting of the PS block by air,
whereby the PS block slowly crawls onto the free surface; the
cylindrical PMMA nanodomains that orient parallel with the
substrate surface concurrently grow at the expense of the grains of
disordered micelles. At the third stage of dewetting, a slight
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corrugation with a depression occurs in some areas within the
interconnected network structure when the rims gradually grow
and eventually contact each other to form an interconnected
network structure. At the stages of film instability, the formation of
internal parallel-oriented PMMA nanodomains buried within the
relief structures gives rise to an increase in deformation energy so
that the edge shape of relief structures has a facet-like wedge. The
network structure finally breaks, forming drops or slabs; at the
stage, due to affinities between the PMMA block and the polar
surface of a substrate and between the PS block and the free
surface the depletion of the blocks into the polymeresubstrate or
polymereair interfaces causes a nanostructural transformation
from PMMA cylinders to spheres. The spherical PMMA nano-
domains are stable and persist at the edges of spherical-cap drops.
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Superstructured microspheres were prepared via a two-tier hierarchical assembly of a fluorine-containing
diblock copolymer, poly(tert-butyl acrylate)-b-poly(2-[(perfluorononenyl)oxy]ethylmethacrylate) (PtBA-b-
PFNEMA)withwell controlled block lengths. At tier 1,water induced self-assembly of the diblock copolymer
produced nanospheres of low dispersity with onion-like multilayer inside structures, which were the
consequence of the gradual aggregation of the fluorinated segments by accessing the super-strong segre-
gation regime. And both the size and inner structure could be tuned by changing thewater addition rate. At
tier 2, nanospheres with different sizes were chosen as the building blocks for the formation of closely
packed superstructural microspheres through an evaporation assisted process. The packing rules were
governed by the volatility distinction between THF and water, the dispersity of nanospheres, and other
various forces, such as the capillary force.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Hierarchical assembly with specific molecular ordering and
superstructure at multilength scales is universal in nature and has
shown extraordinary multifunctions as physical properties are
directly associatedwith specific structures at diverse scales [1e4]. The
“Lotus effect” gives us a perfect example of the hierarchical assembly
on plant surface [5]. The unique nano- and microstructures bring not
only thewater repellency, but also transpirationbarrier, signaling, and
recognition [6]. This strategy is also utilized to enhance adhesion of
gecko feet via assembly of nanohairs, reduce friction and turbulence
near shark skin by arrangement of scales and microgrooves [7e9].
Inspired by nature, several attempts have been contributed to the
generation of hierarchical structures. Semiconductor nanoparticles
wereutilizedasbuildingblocks for thehierarchical assembly tobinary
superlattices [10]. Self-Assembly of Janus cylinders was introduced in
selective solvents to prepare hierarchical superstructures [11]. The re-
assembly of spherical micelles of the polystyrene-b-poly(acrylic acid)
diblock copolymer could form necklace-like aggregates in water
through solvent evaporation [12]. Large mono-layered films with
awell-orderedhexagonalpackingof sphericalmicelleswereprepared
by controlled organization of the rod-coil block copolymer micelles
[13]. Spherical “superaggregates”withdifferent surfacemorphologies
were formed via Pickering effect and the fusion of adsorbed block
: þ86 21 54742567.
.

All rights reserved.
copolymer micelles [14]. While superstructures building from
different blocks can be diverse, various methods are also developed
for specific systems.However theyarenotwell understood towarrant
the prediction of the shape and size of superstructures that can be
prepared.

Onion-like polymer particles are a kind of particleswith complex
morphology comprising alternating polymer layers, which could
find diverse applications in three-dimensional optical memory
storage, cavity quantumelectrodynamics, and newphotonic devises
[15e17]. Up tonow, suchmultilayeredparticles could bepreparedby
sequential seeded polymerization, temperature-modulated precip-
itation polymerization, and solvent evaporation methods [18e21].
From the viewpoint of applications, it is of substantial importance to
find a facile approach to control microphase structures, layer thick-
ness, and number of interfaces [20]. Besides, only by knowing and
being able to control the aggregation patterns of subdivided parti-
cles, we will be capable of transferring their unique properties into
future applications.

Block copolymers have attracted increasing attentions in self-
assembly, preparation of periodic patterns, and templating for
nanoparticles synthesis due to their special physical and chemical
properties [22e27]. It has been indicated that the introduction of
fluorine-containing segments into block copolymers could facili-
tate their phase behavior as a result of the inherently immiscible of
fluorine-containing blocks with other polymers induced by their
high cohesive energies [28,29]. In this article, we report the
formation of superstructured microspheres via a two-tier hierar-
chical assembly of a fluorine-containing diblock copolymer. At tier
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Fig. 1. 1H NMR spectrum of PtBA90-b-PFNEMA12 diblock copolymer in CDCl3.
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1, onion-like nanospheres were facilely prepared by water induced
self-assembly of the diblock copolymer. At tier 2, nanospheres with
different sizes were packed together to built the superstructu-
red microspheres through an evaporation assisted process. The
utilizing of onion-like polymer particles as the building block for
the secondary assembly is fundamentally different from usual self-
assembly studies because the final superstructured microspheres
were hierarchical assemblies of the diblock copolymer at different
length scales.

2. Experiment part

2.1. Materials

Tert-Butyl acrylate (tBA) (BASF) and N, N-dimethylformamide
(DMF) (AR, Sinopharm Chemical Reagent Company) were vacuum
distilled before use. 2-[(Perfluorononenyl)oxy]ethyl methacrylate
(FNEMA) was synthesized by the reaction of hexafluoropropylene
trimer with 2-hydroxyethyl methacrylate. CuBr (CP, Sinopharm
Chemical Reagent Company) was purified before use. N, N, N0, N00,
N00-Pentamethyldiethylenetriamine (PMDETA) (TCI), Ethyl-2-bro-
moisobutyrate (Alfa Aesar), chloroform (AR, Sinopharm Chemical
Reagent Company), and tetrahydrofuran (THF,AR, Sinopharm
Chemical Reagent Company) were used as received.

2.2. Synthesis of PtBA-Br macroinitiator

A dry round-bottomed flask with a magnetic stir bar was
charged with CuBr (0.1076 g, 7.5 � 10�4 mol), tBA (19.23 g,
0.15 mol), PMDETA (0.1300 g, 7.5 � 10�4 mol), and ethyl-2-bro-
moisobutyrate (0.2926 g, 1.5 � 10�3 mol). The flask was sealed and
the mixtures were bubbled with nitrogen for 15 min. The flask was
then placed in an oil bath heated to 60 �C for designed time. The
homopolymer (PtBA-Br) was precipitated in methanol/H2O (1:1 by
volume) after passing through an alumina column to remove the
copper complexes, and dried under vacuum at 60 �C. The molecular
weight was determined by GPC.

2.3. Synthesis of PtBA90-b-PFNEMA12

PtBA90-b-PFNEMA12 was synthesized via ATRP according to
literaturemethods [30]. A dry round-bottomed flaskwith amagnetic
stir bar was charged with CuBr (0.2152 g, 1.5 � 10�3 mol), PtBA-Br
(3�10�4mol), PMDETA (0.3132g,1.5�10�3mol),DMF (25.0ml), and
FNEMA (11.76 g, 2.1 � 10�2 mol). The flask was sealed and the
mixtures were bubbled with nitrogen for 15 min. The flask was then
placed in an oil bath heated to 100 �C for designed time. The diblock
copolymer was precipitated in methanol/H2O (1:1 by volume) and
dried under vacuum at 60 �C. Then the copolymer was dissolved in
THF for passing through an alumina column and dried under vacuum
at 60 �C. As the diblock copolymer formed associate in THF even at
very low concentrations, we used 1H NMR to determine the molec-
ular weight. Two resonances at 2.15e2.35 and 3.8e4.43 ppm, which
correspond to the�CH�protonof thePtBAbackboneand�CH2CH2�
protons of ester groups in FNEMA units, were observed. Mn,NMR was
calculated on the basis of the area ratio of above two peaks and the
molar mass of PtBA-Br.

2.4. Preparation of nanospheres solutions

PtBA90-b-PFNEMA12 was dissolved in THF to give a polymer solu-
tion of 2.0 mg/ml. After the polymer was completely dissolved, the
solutionwasfiltered througha0.45mmPVDFmembrane.Then0.50ml
ofwaterwas added into 1.00ml of solution utilizing a syringe pumpat
the rates of 1.25, 0.25, and 0.05 ml/min under stirring, respectively.
2.5. Preparation of microspheres

One drop of the nanospheres solution was placed on a silicon
wafer or carbon-coated copper grid. After the solvents were evap-
orated under normal atmosphere, microspheres were formed.

2.6. Characterization

Gel Permeation Chromatography (GPC) was performed on a GPC
system consisting of a multi-angle laser light scattering instrument
(MALLS) (DAWN EOS, Wyatt Technology, USA), THF was used as
eluent at 30 �C with a flow rate of 1.0 ml/min. All 1H NMR spectra
were recorded on a MERCURY plus 400 NMR spectrometer (Varian,
USA) using TMS as inner reference and CDCl3 as solvent. Dynamic
light scattering (DLS) test was performed at a scattering angle
q ¼ 90� with a high-performance particle sizer (Nano-ZS90, Mal-
vern Instruments, UK) equipped with a HeeNe laser (l ¼ 633 nm).
Apparent mean hydrodynamic diameters Dh (according to volume
distribution) of micelles or aggregates were calculated according to
StokeseEinstein equation, Dh ¼ kT/3phDapp, with Dapp and h being
the apparent diffusion coefficient and viscosity of the solution, re-
spectively. The melting behavior of the nanospheres was measured
with a TA Instruments Q2000 differential scanning calorimeter
(DSC) under nitrogen (N2) atmosphere. The sample was heated
from 0 to 100 �C at a heating rate of 10 �C/min. The melting
temperature (Tm) was taken as the temperature of the maximum of
endothermic peak. Scanning electron microscope (SEM) images of
microspheres on the silicon wafers were recorded using a JSM-
7401F SEM. Transmission Electron Microscopy (TEM) images of
microspheres were observed on a JEM-2100 TEM operating at an
acceleration voltage of 120 kV.

3. Results and discussion

3.1. Synthesis of PtBA90-b-PFNEMA12

The fluorine-containing diblock copolymer PtBA90-b-PFNEMA12
was synthesized via ATRP according to literature methods [30]. In



Fig. 2. Particle size distributions of the nanospheres of NS1 (red), NS2 (green), and NS3
(blue) studied by DLS (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article.)
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order to prepare diblock copolymer with long enough fluorine-
containing segments, chain extension of the fluorinated monomer
was carried out in DMF at 100 �C for prolonged time. The resulting
fluorine-containing diblock copolymer PtBA90-b-PFNEMA12 coor-
dinates closely with our two-tier assembly strategy. The long
fluorinated segments at the side chains exhibit solvophobic inter-
actions and immiscibility with other polymer chains, which could
facilitate the assembling behavior of the block copolymer induced
by water addition [31,32]. And the water insoluble PtBA block
would contribute to the aggregation during selective evaporation
process at tier 2.

The molecular weight (Mn) and polydispersity index of the
homopolymer (PtBA-Br) were determined by GPC analysis, which
suggests PtBA90-Br withMn¼ 1.16� 104 g�mol�1 andMw/Mn¼ 1.10
was obtained. The diblock copolymer formed associate in THF even
at very low concentrations, which hampered its meaningful
molecular weight analysis by GPC, thus we used 1H NMR to
Fig. 3. SEM image of the microspheres assemble
determine its molecular weight[31]. The 1H NMR spectrum of
PtBA90-b-PFNEMA12 is shown in Fig.1. Two resonances at 2.15e2.35
and 3.8e4.43 ppm, which correspond to the �CH� proton (H1) of
the PtBA backbone and �CH2CH2� protons (H2) of ester groups in
FNEMA units, are observed. Mn,NMR of the fluorine-containing
diblock copolymer was calculated to be 1.83 � 104 g�mol�1 on the
basis of the area ratio of such two peaks and Mn of PtBA.
3.2. Water induced self-assembly of fluorine-containing diblock
copolymer into nanospheres

Nanospheres solutions were prepared by adding water to the
solutions of block copolymer PtBA90-b-PFNEMA12 in THF at three
addition rates. The obtained nanospheres were named as NS1, NS2,
and NS3 for the water addition rates of 0.05, 0.25, and 1.25 ml/min,
respectively. After the addition of water, the solutions became
turbid and appeared bluish which suggested the formation of
nanoparticles. Fig. 2 shows the DLS results of PtBA90-b-PFNEMA12
nanospheres in THF/water (50 vol %). The mean hydrodynamic
diameters (Dh) of NS1, NS2, and NS3 are 190 nm, 362 nm, and
807 nm, with polydispersity indexes of 0.02, 0.03, and 0.22,
respectively. The measured average particle sizes are too large to
correspond to the hydrodynamic diameters of normal spherical
micelles, as the contour length of the fully stretched polymer chain
of PtBA90-b-PFNEMA12 is merely 13 nm. Therefore, nanospheres
with higher inner structures might be formed.

In our case, the water addition rate has a great effect on the sizes
of nanospheres. Water is a non-solvent for both blocks, among
d from (a, b) NS1 (MS1) and (c) NS2 (MS2).



Fig. 4. TEM images of the microspheres assembled from NS1 (MS1).
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which the fluorine-containing block is apparently more hydro-
phobic. As the interactions between the solvent and blocks were
changed by the addition of water, the fluorine-containing block
tended to aggregate first, starting the formation of the nano-
spheres. And the introduction of water affects not only the ther-
modynamic equilibrium but also the kinetic pathway of the diblock
copolymer self-assembly, so the sizes of nanospheres could be
facilely tuned by the water addition rate.

3.3. Evaporation assisted assembly of nanospheres to microspheres

3.3.1. The surface morphologies of the microspheres
The polydispersity indexes of NS1 and NS2 are very small, such

rather uniform sizes of the nanospheres makes it possible for
the assembly of nanospheres to higher superstructures. Drops
of nanospheres solution were placed on silicon wafer or carbon-
coated copper grid under atmosphere for the following selective
evaporation process. As THF is more volatile than water, it evapo-
rates preferentially from NS1 solution, inducing the PtBA block
becomes less swollen and the trend of aggregation of NS1. When
the solvents are totally evaporated, superstructured microspheres
are formed through self-assembly of the nanospheres.
Fig. 5. Schematic representation of the hierarchical self-assembly of fluorine-containing
The surface morphology of microspheres was firstly studied by
SEM. As shown in Fig. 3a, the original individual NS1 have assem-
bled together. The diameters of microspheres assembled from NS1
(MS1) could get to more than 10 mm as they are consisted of
hundreds of NS1. A few effects have contributed to the secondary
assembly of polymeric nanoparticles, however, unfortunately, the
packing rule for such kind of particles is not well understood
[33e35]. But it is still reasonable to assume that simple polymeric
nanospheres tend to adopt a close-packed structure to get the
maximum packing density, as the arrangement of the NS1 is
obviously close and somehow regular, as shown in Fig. 3b.

Considering their size tunability, nanospheres with different
sizes were used as the building blocks for the secondary assembly.
Fig. 3c shows the SEM image of the aggregates assembled fromNS2,
similar to MS1, nanoparticles are densely packed to form regular
micropheres (MS2).

3.3.2. The inside structures of the microspheres
Besides the surface morphology, the inside structures could

provide more information about the hierarchical assembly. TEM
allows imaging the aggregates directly, moreover segregated fluo-
rocarbon nano-domains can be visualized, as fluorocarbons are
diblock copolymer: from onion-like nanospheres to superstructured microspheres.



Fig. 7. DSC trace of nanospheres (NS2) under nitrogen at a heating rate of 10 �C/min.

S. Qin et al. / Polymer 52 (2011) 1191e1196 1195
known to have high contrast in TEM [36]. So it is expected that TEM
observations could give us more detailed structure information and
hints to understand the assembly mechanism. Fig. 4 shows the TEM
image of MS1. It is clear that NS1 arrange layer by layer from the
core to the edge, forming a superstructured ball. And the diameters
of the individual NS1 measured from the TEM images are about
160 nm, which are similar to the DLS result.

The shapely spherical morphology of MS1, the orderly layered
packing of NS1, and the evaporation assisted procedure suggested
the assembly mechanism. Fig. 5 schematically illustrates the hier-
archical self-assembly of fluorine-containing diblock copolymer: as
THF is more volatile than water and thus evaporates preferentially
from NS solution, the PtBA block become less swollenwhich means
the trend of aggregation of NS. The gradually evaporation process
also provides a dynamic pathway to pack the NS regularly. The
capillary force between NS may also play a great role at the end of
the evaporation which contributes to a closer packing. At the same
time nearly mono dispersed NS make it easier to achieve the
maximum packing density which determines the final spherical
shape [37].

Another interesting finding is that the inside structure of the
nanospheres is also unique and complex. As shown in Fig. 4b (high
magnification image of another MS1), there aremore than two dark
stripes in nanospheres in MS1. The lightedark alternating stripes
suggest the onion-like structural feature of NS1. Since fluorocar-
bons are known to have high contrast in TEM, the dark stripes
should be formed by the segregation of the fluorinated segments.
Hence, these onion-like inside structures of nanospheres are con-
sisted of several layers of bright PtBA and dark PFNEMA segments
one after another. And the widths of the PFNAMA layers are about
10e20 nm.

This unique inside structure of nanospheres indicates that the
self-assembly behavior of the diblock copolymer with fluorinated
segments is different from the formation of core-shell micelles. The
layered structures of the fluorinated domains might be the conse-
quence of accessing the super-strong segregation regime (SSSR)
[38]. According to Semenov’s theory, the interfacial free energy per
chain of the vesicle is the most favorable since there is no edge
effect for the vesicle[39]. In our situation, the onion-like multilay-
ered nanospheres could be treated as the superposition of several
Fig. 6. TEM image of the microspheres assembled from NS2 (MS2). The inserted image
shows the magnification of the selected area.
layers of vesicles. The layered structures also imply a growing
assembly process. So the sizes of NS could be tuned by the water
addition rate through different kinetic pathways. Therefore, it is
reasonable to assume that the sizes are tuned by the water addition
rates through influence on their growing rates.

Fig. 6 shows the TEM image of themicrospheres assembled from
NS2 (MS2). Since NS2 are larger than NS1, the PFNEMA layers seem
much clearer in MS2. Meanwhile, the distinct polygon morphology
and sharp edges of the PFNEMA layers indicate the fluorina-
ted domains may undergo crystalline ordering (as shown in the
inserted image) [31,32]. So we performed DSC measurement for
NS2. From Fig. 7, a broad peak at about 49 �C was observed, which
might be attributed to the melting of the PFNEMAmicrophase. And
the glass transition of PtBA at about 38 �C was not obvious, as the
interaction between polymer blocks may affect the segment
movement of corresponding polymers [40]. The widths of the
PFNEMA layers are about 20 nm, which are just close to twice of the
length for PFNAMA block. This finding also supports the chain-
packing motif of the onion-like inside structure shown in Fig. 5.

4. Conclusions

In summary, we have demonstrated the hierarchical assembly of
a fluorine-containing block polymer PtBA90-b-PFNEMA12 into nano-
spheres through water induced aggregation, and then to micro-
spheresbyevaporationassistedpacking. The sizes of thenanospheres
could be tuned by water addition rates through a gradually growing
process. And the inside onion-like structures consist of several
polygon stripes illustrated that the super-strong segregation of the
fluorinated segments and preferential lamellar packing of the crys-
tallized fluorocarbon side chains might play significant roles in the
morphology determination. An elementary mechanism was also
proposed to explain the packing rule of the nanospheres. This two-
tier hierarchical assembly of block copolymer not only shows the
unique self-assembly behavior of the fluorine-containing diblock
copolymer, but also provides a novel method to prepare super-
structures. Though the generality of this phenomenon remains to be
discovered and the roles of various parameters still need to be
investigated and demonstrated, it is promising to generate well
controlled superstructures at different levels.
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A series of rod-coil-rod triblock copolymers containing polycaprolactam (PA6) as the coil block and poly
(p-benzamide) (PBA) as the rod block were synthesized by a two-step polycondensation reaction. Proton
nuclear magnetic resonance (1H NMR), UVevis spectrophotometry (UVS) and differential scanning
calorimetry (DSC) were performed to determine the fundamental molecular structure and thermal
property of copolymers. UVevis spectrophotometry results revealed that the content of PBA homopol-
ymer increased with the block length (number of monomer) of PBA and reached a plateau value ranging
from 22 to 40 monomers of PBA. The wide angle X-ray diffraction (WAXD) measurements indicated that
the crystallization of PA6 blocks was strongly suppressed due to the stretching from rods after annealed
at temperature above the melting point of PA6. Only a few imperfect crystals of PA6 existed in the
samples with low volume fraction of PBA. Moreover, the variation of PA6 block length hardly affected
the crystallinity of PBA, which was dominantly controlled by the block length of PBA as diffusion was the
control step for PBA crystallization at the annealing temperature.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Rod-coil block copolymers covalently connecting rigid and
flexible blocks possess some intrinsic phase behaviours like liquid
crystal ordering, microphase separation and outstanding properties
[1e8], which have attracted extensive interests in both academia
and industry [9,10]. The phase behaviours of rod-coil block copol-
ymers are more complicated than that of generic coilecoil block
copolymers due to the remarkable steric interaction among the
rods and geometric mismatch between straight rod and flexible coil
[2,11]. The organization of the coils can be easily influenced by the
stretching effect and geometric confinement from rod blocks
[12e14]. Conversely, the packing of rods can also be disturbed by
the coils through entropic stretch, although this passive action is
relatively weak. Nevertheless, if the stretching is not only entropic
but also enthalpic origin, the coil can still impose strong confine-
ment on the rod. The phase behaviour of double crystalline block
copolymers is a good example where crystallization leads parallel
packing of coil blocks and sometimes generates strong confinement
on the rod with an enthalpic origin [15e17].
ation Laboratory and College
nce and Technology of China,

All rights reserved.
In material application, the combination of specific rod and coil
blocks in copolymers leads to excellent mechanical properties. The
rods contributemore to the integrityandmodulus ofmaterialswhile
the coils sustain major strain or deformation. Some novel poly-
urethaneswhich can suffer large elastic deformation and own shape
memory properties are good examples in industry [18e20], while
spider fiber is a perfect demo from nature [21,22]. In recent years,
learning from natural silk, there has been a new trend of creating
high performance polymer materials through optimizing the
contributions of rods and coils, including varying the block length
and sequence [23,24]. Moreover, adding the homopolymers into the
rod-coil block copolymers is also an attractive approach to control-
ling the size of domains and modifying the morphology without
additional synthesis. Coilecoil block copolymers blended with
homopolymershavebeen studied extensively both theoretically and
experimentally [25e28]. Nevertheless, due to the complicated
behaviours of the rods, the blending of rod-coil-rod triblock copol-
ymer and homopolymers has been rarely studied [29e32].

Recently, we carried out some studies on this complicated
system. Polycaprolactam (PA6) [2] was used to initiate the poly-
merization of p-Aminobenzoic acid (PABA) via the method
frequently used in industrial synthesis [33] and rod-coil-rod tri-
block copolymer containing poly (p-benzamide) (PBA) as rod and
polycaprolactam (PA6) as coil was obtained. As PBA homopolymers
were generated inevitably during synthesis and difficult to be

mailto:lbli@ustc.edu.cn
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Scheme 1. Synthesis procedure (a) and molecular structure formula (b) of PBA-PA6-
PBA triblock copolymer.

Table 1
The charge amount of PABA and TPP (g) for each ratio of triblock copolymer.

Molar ratio
of rod/coil
unit

0.4 0.6 0.8 1.0 1.2 1.4 1.6

T1 PABA 1.21 1.82 2.43 3.03 3.64 4.24 4.85
TPP 4.85 6.90 9.00 11.04 13.09 15.15 17.21

T2 PABA 1.21 1.82 2.43 3.03 3.64 4.24 4.85
TPP 5.35 7.40 9.50 11.54 13.60 15.65 17.70

T3 PABA 1.21 1.82 2.43 3.03 3.64 4.24 4.85
TPP 5.85 7.90 10.00 12.04 14.10 16.15 17.70
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removed in the following treatment, triblock copolymers obtained
by this method contained a certain content of PBA homopolymers.
After annealed at 180 �C, the morphology of this blending system
has been studied. Due to the stretching between rod and coil,
a quasi-g mesomorphic order has been found for PA6 blocks in the
transition-region nearby the PBA domain. The quasi-g mesomor-
phic order was more favoured with the increase of volume fraction
of PBA (4PBA). With low volume fraction of PBA, the Brill transition,
a common thermal behaviour in PA6 homopolymers, has been
observed. This transition vanished with the increase of volume
fraction of PBA. On the other hand, the crystallization of PBA blocks
was also disturbed by PA6 blocks when volume fraction of PBA
reached approximately 45% [2].

In this work, for the purpose of further studying these blending
systems, the range of rod/coil ratio was extended based on three
different molecular weight PA6s. The molecular structure, thermal
property and morphology of copolymers were characterized by
UVevis spectrophotometry (UVS), proton nuclear magnetic reso-
nance (1H NMR), differential scanning calorimetry (DSC) and wide
angle X-ray diffraction (WAXD). On the basis of these results, three
issues have been discussed: (i) Can PA6 blocks crystallize after
annealed at the temperature of 230 �C? (ii) Will the variation of
length of PA6 block affect the crystallization of PBA? (iii) What is
the role of the PBA homopolymers in this blending system?

2. Experimental section

2.1. Materials

Lithium chloride (LiCl) was dried at 300 �C for 5 h prior to use.
Hexane diacid and 3-caprolactam were dried at 50 �C under
vacuum for 24 h before use. 1-Methyl-2-pyrrolidone (NMP) and
pyridine (Py) were refluxed over calcium hydride for 4 h, then
distilled and stored over 4 Åmolecular sieves. p-Aminobenzoic acid
(PABA) was purchased from Aladdin and purified using the method
mentioned in the Ref. [34]. Triphenyl phosphate (TPP), ethanol,
acetone and formic acid (88%) were used as received without any
further purification. All the reagents except PABA were purchased
from Sinopharm Chemical Reagent Co., Ltd. (Shanghai, China).

2.2. Synthesis procedure

A series of triblock copolymers containing polycaprolactam
(PA6) as the coil block and poly (p-benzamide) (PBA) as the rod
block were synthesized by two-step method as shown in Scheme 1.
For convenience of describing the data in the following sections, the
triblock copolymers in which the designed molecular weights of
PA6 block is 1000, 2000 and 3000 g/mol are denoted as T1, T2 and
T3, respectively.

2.2.1. Synthesis of PA6
Following the procedure in the previous paper [2], PA6 with

three different number-average molecule weights was synthesized
by varying the mass ratio of hexane diacid/3-caprolactam (1/25 for
T3, 3/50 for T2 and 3/25 for T1).

2.2.2. Synthesis of triblock copolymers
2.50 g of LiCl, 2.51 g of PA6 and 30 mL of NMP were added into

a three-neck reaction flask equipped with a constant-pressure
dropping funnel and magnetic stirrer under the nitrogen atmo-
sphere. After all solid dissolved at 115 �C, TPP and 10 mL of Py were
added dropwise into the solution via dropping funnel. Heating and
stirring was continued for 30 min then a solution of PABA in NMP
was addeddropwise via dropping funnelwithin 8 h [35]. The system
was kept for another 3 h to make the reaction complete, then
precipitated into ethanol (500 mL). The precipitate was further
washed by acetone for three times. The obtained light yellow
productwas subsequently extracted byethanol in Soxhlet apparatus
for 24 h. The final product was dried at 60 �C in a vacuum oven.
A series of triblock copolymers were synthesized via regulating the
charge amount of PABA and TPP as shown in the Table 1.

2.3. Measurement

The carboxyl end groups determination was carried out to
determine the molecular weight of PA6. This was accomplished by
titration as follows: The sample (0.0300, 0.0600 and 0.0900 g for T1,
T2 and T3, respectively) was dissolved in 30 mL of benzyl alcohol at
120 �C. Then the solution was cooled freely to room temperature,
and 10 mL of methanol/water (2:1, v:v) and 3 drops of phenol-
phthalein were added subsequently. The conductometric titration
of this solution was performed with a 0.0260 N KOH methanol/
water (2:1, v:v) solution.

UVevis spectrophotometry (UV-2802PC,UNICO Instruments)was
employed to determine the content of homo-PBA through deter-
mining the content of amino groups (all amino groups are connected
to homo-PBA, both ends of triblock copolymers are carboxyl groups)
using the method mentioned in Ref. [36].

Proton nuclear magnetic resonance (1H NMR) spectra of each
copolymer samplewere recorded inD2SO4 solutionusing a 400MHz
Super Conducting NMR Spectrometer (Bruker Advance AV 400).

Prior toWAXDandDSCmeasurement, all sampleswere annealed
at 230 �C for 2 h and then cooled freely to room temperature under
vacuum condition.



Fig. 1. 1H NMR spectra and the peak assignments of PA6 and PBA in the copolymers.

Table 2
The volume fraction (4PBA) (%) and the number of monomer of PBA in each sample
calculated from 1H NMR spectra.

Molar ratio of rod/coil unit 0.4 0.6 0.8 1.0 1.2 1.4 1.6

T1 4PBA 37.5 46.3 50.3 53.1 57.6 59.7 62.2
Number of monomer 8.2 11.8 13.9 15.6 18.6 20.4 22.6

T2 4PBA 35.3 44.8 49.3 51.5 55.8 58.9 62.2
Number of monomer 11.2 16.7 20.0 21.8 25.9 29.4 33.8

T3 4PBA 34.1 43.4 48.0 50.5 53.9 57.5 61.4
Number of monomer 18.0 26.6 32.0 35.4 40.5 46.8 55.2
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Differential scanning calorimetry (DSC) measurements were
performed with a Differential Scanning Calorimetry (DSCQ2000)
using a heating rate of 20 �C/min.

Wide angle X-ray diffraction (WAXD) measurements were
carried out at X-ray Diffraction and Scattering Beamline (U7B),
National Synchrotron Radiation Laboratory (NSRL) in Hefei, China.
The wavelength used was 0.154 nm. All WAXD experiments were
performedwith a stepwise temperature shift (60 �Ce300 �Ce60 �C,
a step of 30 �C, 10 min for every point).

3. Results

3.1. Molecular mass

The number-average molecular weights of PA6 were measured
by carboxyl end groups determination. The experimental results of
molecular weights of PA6 were 1247 g/mol for T1, 1868 g/mol for T2
and 3150 g/mol for T3, respectively.

By analyzing the relative signal intensities of different protons in
1H NMR spectra (protons in PBA: d range 8e10 ppm, protons in the
Fig. 2. Content of homo-PBA as a functions of N
PA6: d range 2e5 ppm) as shown in Fig. 1, the compositions of
copolymers were determined [37]. The corresponding results
including the volume fraction (4PBA) and number of monomers of
PBA are shown in Table 2.

3.2. UVS

The contents of PBA homopolymers in all samples were
analyzed with UVevis spectrophotometry as presented in Fig. 2. As
shown in Fig. 2a, the content of homo-PBA in T1 increases with the
increase of the molar ratio of rod/coil in the whole range we
synthesized. This simple trend does not hold in either T2 or T3
series. In T2 series, a relative constant content about 19% (molar
ratio of homo-PBA/triblock copolymer) of homo-PBA exists when
themolar ratio of rod/coil units exceeds 1.3. This behaviour can also
be observed in T3 within rod/coil molar ratio from 0.9 to 1.5. Fig. 2b
plots the content of homo-PBAvs the average block length (number
of monomer) of PBA. Irrespective of the block length of PA6, the
variation of homo-PBA content in all samples falls into one line,
which can be divided into three zones and denoted as zone I, II and
III in Fig. 2b. In both zone I and III the content of homo-PBA
increases with the increase of PBA monomers, while zone Ⅱ is
a plateau region with a constant value about 19%.

3.3. DSC

Fig. 3 shows the DSC traces (first heating) of some representa-
tive samples in the melting region of the PA6 with a heating rate
20 �C/min from 0 to 300 �C. Only sample T2-0.4 shows a very broad
endothermic peak which indicates the imperfect PA6 crystals. It
shows that the crystallization of PA6 was suppressed dramatically
by PBA block after annealed at 230 �C.

3.4. WAXD

The WAXD diagrams of T1-0.4, T2-0.4 and T3-0.4 (the samples
with the lowest PBA content) during step heating and cooling
process are shown in Fig. 4. Two diffraction peaks at 2q of 20.3� and
23.4� can be assigned to (110) and (200) planes of PBA crystal and
denoted as peaks I and II, respectively. Nevertheless, the a form of
PA6 has twomain diffraction peaks around 20.2� and 23.7� at 60 �C,
which are close to peak I and II in Fig. 4. Due to the broadness of
peaks Ⅰ and Ⅱ, without detailed analysis it is not possible to
completely exclude the contribution of a crystal of PA6. On the
other hand, the formation of PA6 g phase is demonstrated to be
absent as no diffraction peak at 2q ¼ 22.2� [2,38,39] in all triblock
copolymers. The absence of g phase is also confirmed by that no
obvious change around the diffraction peak position of g phase in
WAXD diagrams during heating and cooling process.

The temperature dependencies of the crystallinity and d-spac-
ings of all samples obtained through Gaussian multi peak fitting on
(rod)/N (coil) (a) and PBA monomers (b).



Fig. 3. DSC traces of copolymers in the melting region of the PA6 (heating rate: 20 �C/
min).
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the curves in Fig. 4 are further analyzed and plotted in Fig. 5. With
the increase of temperature, all samples show reductions of crys-
tallinity ranging from 1% to 8%. Only T2-0.4 shows a gradual tran-
sition, which indicates the melting of PA6 a crystal. Other samples
(including T2 series with higher content of PBA and all T1/T3 series)
show no obvious transition although the increase of amorphous
halo at 2q of about 19� and the decrease of crystallinity are observed
Fig. 4. WAXD diagrams of T1-0.4, T2-0.4 and T3-0.4 du
during heating process without exception (WAXD data of other
samples are not shown here). If 172 �C [2] is taken as the final
melting temperature of PA6 blocks, the total reduction of crystal-
linity from 60 to 180 �C is about 1e4%.

In our previous work [2], the Brill transition [40e42] has been
observed in the sample contained the same length of PA6 block and
content of PBA block as sample T3-0.4 after annealed at 180 �C. The
sign of Brill transition is that the positions of peak I and II run closer
along with the increase of temperature, which is not observed in
Fig. 5. The absence of Brill transition further confirms the sup-
pressing effect on PA6 block in these samples as a result of higher
perfection of PBA crystal at a higher annealing temperature of
230 �C. The changes of d-spacings of these three samples are almost
completely reversible throughout the stepwise temperature shift.
From 60 to 210 �C inwhich the influence of PA6 has been taken into
consideration, the d-spacing changes of peak I and II are less than
1.0% and 1.6% respectively, which can be mainly attributed to the
thermal expansion of PBA crystal. The thermal expansion rates
along a, b and c axis of PBA crystal between 60 and 210 �C are 1.1%,
0.6% and �0.1%, respectively [43].

The ideadiscussed above is supportedby theWAXDresults of PBA
homopolymeras shown in Fig. 6. This homo-PBAwasprepared inour
laboratory, and annealed at 230 �C for 1 h before measurement.
ring heating (a, c, e) and cooling (b, d, f) process.



Fig. 5. Crystallinity of copolymers (a) and d-spacings (b, c and d) of sample T1-0.4, T2-0.4 and T3-0.4 as a function of temperature (60 �Ce300 �Ce60 �C). The heating and cooling
process are denoted as solid and hollow symbols, respectively.
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Fig. 6c shows that the crystallinity of PBAhomopolymerdecreases by
22%during the entire heating process, and10% from60 to 180 �C. The
d-spacings of peak I and II increase by 1.1% and 1.4% from60 to 210 �C
as shown in Fig. 6d. The crystallinity of PBA homopolymer increases
by 0.8% after cooling process while the changes of d-spacings are
almost reversible throughout the temperature shift.

Furthermore, a comparison has been made among samples
T2-0.4, T2-0.6 and T2-0.8. WXAD diagrams of T2-0.6 and T2-0.8
Fig. 6. WAXD diagrams (a, b), crystallinity (c) and d-spacings (d) of PBA homopolymer as a
denoted as solid and hollow symbols, respectively.
during heating and cooling process are presented in Fig. 7. The
corresponding crystallinity and d-spacings of these samples are
plotted vs temperature in Fig. 8. Comparing with Fig. 4c, d, both
diffraction peaks at 60 �C are kept at the same position in spite of
the increase of PBA content (4PBA), while the amorphous halo
becomes weak in WAXD diagrams of T2-0.6 and almost disappears
in T2-0.8. The crystallinity of T2-0.4 decreases by 2.2% after heating
and cooling process due to the irreversible melting of imperfect
function of temperature (60 �Ce300 �Ce60 �C). The heating and cooling process are



Fig. 7. WAXD curves of T2-0.6 and T2-0.8 during heating (a, c) and cooling (b, d) process.
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crystal of PA6, but the crystallinities of T2-0.6 and T2-0.8 increase
by 1.4% and 0.4%, respectively, which can be attributed to the
perfection of PBA crystals as shown in Fig. 6c. Fig. 8c and d show
that the changes of d-spacings in samples with high content of PBA
are also reversible.

At 300 �C, PA6 blocks are completely melted while PBA are still
in crystalline state, therefore the WAXD diagrams of all samples at
Fig. 8. Crystallinity of copolymers (a, b) and d-spacings (c, d) of sample T2-0.6 and T2-0.8 as
denoted as solid and hollow symbols, respectively.
300 �C (Fig. 9) can give a direct comparison on the crystallinity of
PBA block. As presented in Fig. 9, the amorphous halo (2q ¼ 19�)
decreases with the reduction of PA6 content.

The changes of crystallinity of PBA blocks at 300 �C are plotted
vs 4PBA and the average block length (number of monomers) of PBA
in Fig. 10. To eliminate the effect caused by difference of 4PBA, the
total crystallinity of PBA (as presented in Figs. 5 and 8) is
a function of temperature (60 �Ce300 �Ce60 �C). The heating and cooling process are



Fig. 9. WAXD diagrams of sample T1 (a), T2 (b) and T3 (c) at 300 �C.
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normalized via divided by the content of PBA. As shown in Fig. 10a,
the global trend is that the crystallinity of PBA blocks decreases
with the increase of 4PBA in all samples. An exception is that an up-
turn appears in two samples in T3 series with the contents of PBA
above 54%. Fig. 10b gives a clearer trend in terms of the average
block length of PBA that all three series fall into almost the same
line although T2 series have slightly higher crystallinity. With
a block length with monomer number of 8, the crystallinity of PBA
domains reaches 44%, while increasing the block length to 40
monomers the crystallinity reduces to 34%. It is evident that the
crystallinity of PBA blocks is determined by the block length rather
than the volume fraction. In another word, the length of PA6 coil
has little effect on the crystallization of PBA rod block when
annealed at 230 �C. When the number of PBA monomers exceeds
40, the crystallinity of PBA domains in T3 shows a slight increase,
which may be due to the level-off of homo-PBA content (see
Fig. 2b).
Fig. 10. Crystallinity of PBA domains as functions of volume fract
4. Discussion

4.1. Content of PBA homopolymers

Based on the UVevis spectrophotometry, the variation of PBA
homopolymer in all samples can be divided into three zones as
shown in Fig. 2b. In zone I, as the concentration of reaction points in
system was low at the beginning, the PABA (PBA monomer) added
cannot be consumed promptly by triblock copolymers. Therefore,
partial of PABA were prone to react with each other to generate
homopolymers, and consequently leaded to the increase of content
of homo-PBA. In zone II, with the increase of homo-PBA, the
concentration of reaction points in the system increased to an
equilibrium and the PABA added afterwards can be consumed
promptly by both triblock copolymers and PBA homopolymers. As
a result, the content of homo-PBA was kept constant while the
molecular weights of triblock copolymers and PBA homopolymers
ion of PBA (a) and number of PBA monomers (b) at 300 �C.
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increased. This broad plateau is useful in material synthesis as one
can regulate the molecular weight of triblock copolymers while the
content of rod homopolymers can be kept at a relatively steady
level. In zone III, as the viscosity of reaction system climbed to
a certain level due to the increase of molecular weight of triblock
copolymer, the reactivity of reaction points decreased. The result is
that the PABA was more apt to react with each other to generate
new PBA homopolymers and the content of homo-PBA increased
again in this region.

4.2. Morphology of copolymers

In our previous work [2], the samples with low content of PBA
annealed at 180 �C and then cooled freely generated high content of
PA6 crystal and even showed a clear Brill transition during heating
process. Nevertheless, with the same content of PBA and PA6 block
length, the samples annealed at a higher temperature (230 �C) in
this work held only a trace amount of PA6 crystal and the Brill
transitionwas not observable as confirmed by DSC andWAXD data.
It should be noticed here that the actually melting temperature of
PA6 block in triblock copolymers is 172 �C, which is also lower than
our early annealing temperature (180 �C), so the crystallization of
PA6 blocks can only occur during slow cooling process. When
annealed at 230 �C or 180 �C, PBA blocks are always in crystalline
state while PA6 blocks are always in molten state and the crystal-
lization capability of PA6 blocks is controlled by the crystal
perfection of PBA blocks. Higher annealing temperature allows PBA
blocks to develop more perfect packing, which consequently
imposes stronger stretching on PA6 blocks. Following this idea, one
can easily understands more restriction on crystallization of PA6
blocks after annealed at 230 �C as the stretching or locking effect is
enhanced due to the increase of crystal perfection of PBA blocks.

In rod-coil system, the coils undergo the stretching effect from
the rods while the rod blocks sustain an equal counterforce from
the coil blocks [14,44]. In our samples, the interactions between the
rods like hydrogen bonding and pep interaction are much stronger
than that between the coil blocks with hydrogen bonding and van
de Waals force. When annealed at 230 �C, which is above the
melting temperature of PA6 blocks but below that of PBA blocks,
PA6 blocks are free to move locally but cannot crystallize. The main
role of PA6 is to assist the crystallization of PBA blocks on diffusion.
On the other hand, the crystallization of PBA has to face the counter
stretching from PA6 coil blocks due to entropy effect, as the parallel
packing of PBA blocks forces PA6 coil to be stretched. Consequently
PA6 coils suffer an entropic penalty although this effect is very
weak as compared with the enthalpic gain caused by parallel
packing of PBA blocks. If the entropic penalty is significant, some
changes of crystallinity can be expected among T1, T2 and T3 at the
same length of PBA block as these three series have different PA6
length. Nevertheless, this has not been observed as shown in
Fig. 10b, irrespective of the PA6 block length. That is to say, the
crystallinity of PBA is dominantly controlled by the length of PBA
blocks. This seems logical as diffusion is the control step for the
crystallization of PBA blocks at 230 �C. Longer block length corre-
sponds to a lower diffusivity, leading to a lower crystallinity.

In addition, the influence of PBA homopolymers has been taken
into consideration in current work. In our samples, PBA exist in two
forms: PBA blocks in the triblock copolymers and PBA homopoly-
mers. If PBA homopolymers enter the PBA domains of the triblock
copolymers, the interfacial area between PBA and PA6 domains
increases [15,16]. As a result, the stretching force on the coils is
reduced, which will provide more freedom for both blocks to reach
higher crystallinity. Moreover, when the content exceeds 40%, the
homo-PBA can also crystallize independently which will make
some contribution to the crystallinity of PBAdomains. Therefore, the
crystallinity of PBA in the sample T3-1.4 and�1.6 (Fig.10) has a slight
increase when the content of homo-PBA in these two samples
exceeds 40% (Fig. 2).

5. Conclusion

Based on PA6 with three different number-average molecular
weights, a series of triblock copolymers containing PBA as the rod
blocks and PA6 as the coil blocks were prepared by two-step
polycondensation method with different block ratio. The content of
homo-PBA was studied by UVS. The results from DSC and WAXD
revealed that: in all samples, the crystallization of PA6 was strongly
suppressed due to the stretching effect between the rods and the
coils after annealed at high temperature (230 �C). Only a trace
amount of imperfect crystal of PA6 block was observed in the
sample with lowest volume fraction of PBA (T2-0.4). Due to the
strong interaction between the rods, the crystallization of PBA was
not significantly disturbed by the counterforce from the coils and
the variation of PA6 block length had little effect on the crystalli-
zation of PBA. As the mobility of PBA blocks decreased with the
increase of the length of the rod blocks, the crystallinity of PBA
domains decreased with the increase of volume fraction and the
length (number of monomer) of PBA. Furthermore, the homo-PBA
can also make contribution to the crystallinity of PBA domains.
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This study aims to provide simple but reliable theoretical model for monomer selection for molecular
imprinting towards detection of nitroaromatic compounds. Presented data show that molecular
imprinted polymer/non-imprinted polymer (MIP/NIP) system can be characterized sufficiently by use of
very simple model. This model provides detailed description (qualitative and quantitative) regarding
hydrogen bonding between the template and polymeric matrix hence can become good theoretical tool
for monomer selection. Ab initio DFT (Density Functional Theory) method has been applied for structural,
solvent, and vibrational frequency calculations. Binding energy and IR spectra have been carefully
evaluated. Additionally, experimental FT-IR spectroscopy has been conducted to validate the formation of
hydrogen bonding between studied species.
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1. Introduction

Molecular imprinting is a method to prepare polymers with
highly specific binding sites for small molecules. Molecularly
imprinted polymers (MIPs) have been synthesized for a variety of
applications, such as catalysis [1] and sensor technology [2,3]. As
presented in Fig. 1. the following stages of molecular imprinting can
be recognized: functional monomer self-assembly, polymerization,
template solvent extraction and template rebinding. During self-
assembly stage functional monomers (acrylic acid, AA) recognize
and bind through intermolecular forces to the template (2,4,6-TNT)
active sites. Then polymerization occurs, where functional mono-
mers and cross linking molecules (ethylene glycol dimethacrylate,
EGDMA) form polymer matrix around template preserving mono-
mer-template binding sites. Template molecule can be removed
from the formed cavity by solvent extraction and then be rebounded
to the empty one. Cavities can be visualized as “locks” - comple-
mentarywith size and shape and functional grouporientation to the
template, the “key”, as in the “lock-key” system.

A great amount of experimental and theoretical work has been
devoted tomolecular imprinting fordetectionof different compounds
All rights reserved.
including warfare agents and explosive compounds. An overview on
synthesis and characterization ofMIPs has been reported by Cormack
and Elorza [4]. This summary includes discussion on the nature of
possible templates and functional monomers, the role of cross-linker
(s) and initiators, as well as the role solvent plays.

Detection techniques of gas phase nitroaromatic explosive using
colorimetry or fluorimetry, as well as their dependence on applied
functionalmonomers have been studied experimentally by Toal and
Trogler [5]. Electronic and structural interactions between the
sensingmaterial and the analyte have been reported to be a base for
the detection process. Pawel et al. [6] reported molecular dynamics
simulations for different monomeric systems to predict interaction
energies, binding distances and active site groups between molec-
ular systems anddifferent chemicalwarfare agents. Accordingly, the
electrostatic interactions play the most significant role in the
formation of MIP material, and the functional groups of monomers
interacting with a template tend to be either eCOOH or eCHeCH2.

Dong et al. [7] performed computational and experimental
investigations on the interaction between the template and func-
tional monomer used in MIPs. Binding energy criteria has been
chosen for monomer selection, where monomer of higher binding
energy is suitable for MIP preparation. They have chosen theoph-
ylline, THO, as a template and methacrylic acid, MAA, as one of the
functional monomers. Theoretical investigations have been per-
formed applying DFT level of theory and 6-31þG**and 3-21G basis
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Fig. 1. Scheme for molecular imprinting process of 2,4,6-TNT in acrylic acid and
EGDMA.
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sets. Experimentally, the adsorption of THO on the MIPs was
studied using 1H NMR spectroscopy to find out the hydrogen
bonding interactions in the complex. FT-IR study confirmed exis-
tence of C]O and OeH bonds in MIP binding to THO.

The purpose of this work is to provide an insight into the nature
of intermolecular interactions between polymer and template
towards implementation of computational chemistry as a tool for
monomer selection for molecular imprinting synthesis. Applying
proposed theoretical approach one can evaluate variety of inter-
acting monomer-template systems without laborious synthesis.
Saving time and money and limiting environmentally hazardous
wastes, computational chemists can work hand-in-hand with
experimentalists to design new materials with better strategies for
syntheses. We have shown that a theoretical model, as simple as
a 1:1 complex to mimic the monomer-template interactions, is
sufficient for monomer and solvent selections. Theoretical predic-
tions of monomer-template MIP/NIP complex formation has been
verified by experimental FT-IR spectra. In our previous research [8],
we found that calculated IR spectra resemble remarkably well with
experimental results, giving us a confidence to use theoretical
studies to aid monomer selections. Additionally, computational
chemistry provides data on structural arrangement of species
involved in bonding and detailed characterization of existing
interactions including interaction energies, bonding distances and
charge transfer information. Theoretically calculated IR spectrum
includes assignments of vibrational frequencies of different func-
tional groups as well as potential energy distribution (PED) of
normal modes. Ab initio calculations also provide insights into
solvent impact on bonding in monomer-template complexes.

From the large pool of functional monomers which can non-
covalently bind to the TNT template during molecular imprinting
process, we selected acrylic acid (AA) as the monomer and ethylene
Fig. 2. Map of electrostatic potential of a) 2,4,6-trinitrotoluene encapsulated in a cave co
c) electrostatic potential scaling bar.
glycol dimethacrylate (EGDMA) as the cross-linker. The croslinking
molecule links polymer chains and causes change inphysical state of
polymer. However, no interactions between EGDMA and template
have been observed. Acrylic acid as a monomer and 2,4,6-TNT as
a template have been used to build model of cavity as well as other
simple models for interaction energy and solvent effects analyses,
such as model for MIP active site and simple monomer-template
system. Lock-key interactions through hydrogen bonding between
active site and the template has been presented on theoretical
results and confirmed by experimental IR spectra for the MIP and
NIP. Detailed theoretical vibrational frequency analysis including
PED assignment is presented for AA, 2,4,6-TNT, and their complex in
the simplest 1:1 complex model.
2. Applied methods

2.1. Computations

Ground state geometry of the complex was obtained by the DFT
[9] approach utilizing Becke’s three parameter functional [10] with
the Vosko et al. [11] local and Lee et al. [12] non-local correlation,
abbreviated as B3LYP. No symmetry constraints were imposed
during the optimization process. The location of its true minimum
was confirmed by vibrational analysis performed at the DFT level of
theory. Calculations were performed using standard Pople’s 6-31G
(d, p) basis set [13] includingdpolarization [14] functions for carbon,
nitrogen and oxygen and p polarization functions for hydrogen
atoms.

The thermodynamic properties including IR spectra of AA and
TNT were calculated applying ideal gas, rigid rotor, and harmonic
oscillator approximations [15]. The electron distribution was
studied using natural bond orbital (NBO) [16] electronic population
analysis approach. The effect of solvent was modeled by the CPCM
SCRF [17] method, where acetone and methanol have been used as
solvents. Basis set superposition error (BSSE) [18,19] has been
included in the total interaction energy calculations [20]:

DEMP2 ¼ EAB � EA � EB (2.1)

where DEMP2 is further partitioned into Hartree-Fock (DEHF) and
correlation ðeð2ÞMPÞ components according to the equation

DEMP2 ¼ DEHF þ eð2ÞMP (2.2)

The HF interaction energy decomposition scheme [21] was
performed within the variational-perturbational scheme corrected
for basis set superposition error (BSSE). In this scheme, DEHF is
nsisting of acrylic acid- ethylene glycol dimethacrylate matrix; b) empty cave; and



Fig. 3. Map of electrostatic potential of models: a) MIP and b) NIP.
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partitioned into electrostatic ðeð10Þel Þ and Heitler-London exchange

ðeHLex Þ first-order components and higher order delocalization
ðDEHFdelÞ terms. The delocalization energy represents charge transfer,
induction, and other higher order Hartree-Fock terms [22]. The

ðeð2ÞMPÞ correlation correction includes the intermolecular dispersion

contribution term ðeð20ÞdispÞ and the higher order correlation energy

components [23]. Calculation of monomer energy was performed
in the dimer basis set according to the “full” correction scheme
proposed by Boys and Bernardi [19]. Molecular Electrostatic
Potential (MEP) was generated using the Molekel 5.3 visualization
program [24]. The computations were carried out using the
a

Fig. 4. a) Theoretical IR spectra for NIP (non-imprinted polymer) and MIP (imprinted polyme
AA- acrylic acid, EGDMA- ethylene glycol dimethacrylate, TNT- 2,4,6-trinitrotoluene; b) Exp
Gaussian 03 suite of programs [25]. The interaction energy
decomposition was performed applying the modified version [26]
of the Gamess code [27].

2.2. Experiment

EGDMA, AA and chloroform were from Sigma Aldrich and used
without further purification. TNTwas provided by the United States
Army Engineering Research and Development Center, ERDC
(Vicksburg, MS). A 1:2:1 volume ratio of 1 mM TNT,1 mM of AA and
1 mM EGDMA was mixed in chloroform. The as prepared complex
was used for FT-IR analysis after 24 h. Individual spectrum for TNT,
AA or EGDMA was obtained by mixing 1 mM each of these
Experimental FT-IR spectra of MIP/NIP model     
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Table 1
The assignment of computed vibrational frequencies (n, cm�1), with PED (%) and
intensities (A, km*mol�1) of acrylic acid obtained at B3LYP/6-31G (d,p) level.a

n nscaled nexp
29 A Assignment

and PED

1 116.3 111.8 95 0.1 sC4C5(78), g(CC2)4(16),
2 282.2 271.2 0.9 b(CC2)4(51), b(CO2)5(30),

b(CO2)5(16),
3 482.6 463.8 480 9.7 g(CO2)5(43), g(CC2)4(27),

sC1C4(22), sC5O7(7),
4 533.1 512.3 525 8.1 b(CO2)5(57), b(CC2)4(15),

nC4C5(15),
5 584.1 561.3 574 42.2 b(CO2)5(63), b(CC2)4(17),

bC5O7H8(10), b(CH2)1(6),
6 614.2 590.2 95.7 sC5O7(88), g(CC2)4(7),
7 826.6 794.4 816 40.8 g(CO2)5(63), g(CC2)4(21),

sC1C4(13),
8 842.4 809.5 828 7.2 nC4C5(46), nC5O7(25),

b(CH2)1(15),
9 998.2 959.3 974 26.2 g(CH2)1(95),
10 1035.7 995.3 989 19.0 sC1C4(64), g(CC2)4(32),
11 1040.6 1000.0 1021 74.8 b(CH2)1(48), nC5O7(25),

b(CC2)4(17),
12 1215.9 1168.5 1191 172.9 bC5O7H8(53), nC5O7(19),

nC4C5(9), b(CH2)1(5),
13 1314.3 1263.4 1.4 b(CC2)4(62), b(CH2)1(16),

nC1C4(11),
14 1381.6 1327.7 1334 56.1 nC5O7(24), bC5O7H8(19),

b(CO2)5(14), b(CH2)1(13),
nC4C5(12), b(CC2)4(7),

15 1458.7 1401.8 1411 33.4 b(CH2)1(64), nC4C5(11),
b(CC2)4(6),

16 1703.0 1636.6 1625 10.9 nC1C4(67), b(CH2)1(17),
b(CC2)4(6), nC5O6(5),

17 1827.2 1755.9 1752 301.9 nC5O6(72), nC4C5(7),
b(CO2)5(6),

18 3170.3 3046.6 4.1 nC1H3(58), nC1H2(40),
19 3212.6 3087.3 2.2 nC4H9(95),
20 3264.1 3136.8 4.2 nC1H2(56), nC1H3(42),
21 3765.1 3618.3 3552 62.7 nO7H8(100),

a Abbreviations: n stretching; b in-plane bending; g out-of-plane bending; s
torsional vibration. nscaled represents the scaled frequencies (NIST, CCCBDB scaling
factor 0.961) and nexp represents the experimental frequencies obtained from
Charles et al. [30].
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compounds in the same volume ratio used in the complex with
a Nicolet Nexus 670 Fourier Transform Infrared spectrometer. The
IR spectra were recorded between 3500 and 750 cm�1 by averaging
32 scans for each spectrumwith a Smart Multi Bounce ZnSe ATR. In
order to compress the sample against the crystal, a pressure plate
and clamp were provided. The background spectrumwas obtained
using 10 mL of chloroform on ZnSe ATR surface. The FT-IR spectra of
TNT, AA, EGDMA or complexes were recorded using 10 mL of the
solution on ZnSe ATR surface by subtracting the solvent back-
ground. Spectral manipulation such as baseline adjustment,
smoothing and normalization were performed using the OMNIC
software package (Thermo Scientific, USA).
3. Theoretical modeling for TNT imprinting

3.1. Cavity

Themodel forMIP has been created from six AAmolecules, three
EGDMA molecules, and one TNT molecule as the template. Elec-
trostatic potential for TNT has recently been published by Politzer
et al. [28]. It has also been reported [6] that electrostatic interactions
predominate in the cavity for template binding. TNT binding to the
polymer is proposed to be formed through interactions with
carboxyl and nitro groups. To locate and verify actual interactions,
the molecular electrostatic potential, has been calculated and
mapped over DFT optimized structure of the MIP model and is
presented in Fig. 2, where three nitro groups of TNTare available for
binding with the AA’s carboxyl group. MEP analysis shows that
bonding occurs mostly between OeH of AA and OeN of TNT;
whereas C]O .HeC interaction seems to be much weaker. No
EGDMA carbonyl group is involved in bonding to the template. MEP
analysis provides useful information about electrostatic interactions
between cavity and the template; however, it is necessary to have
quantitative answer about bonding for monomer selection. In order
to avoid time consuming calculations, smaller MIP/NIP model has
been proposed.
3.2. MIP/NIP model

The MIP/NIP model possesses the cavity characteristics and
consists of all species involved in imprinting process, including two
monomers, one cross linking agent and one template. Preferred
position of AAwith respect toTNThas been theoretically established
as an ortho position to the TNT methyl group. Energies of the ortho-
meta, and ortho-para isomers differ from the ground state by 0.7 and
0.8 kcal/mol, respectively. In the proposed MIP model, two AA
molecules interact with TNT’s C2 and C6 nitro groups (orthoeortho
position to the methyl group). AA molecules are connected to each
other through EGDMA bridge as shown in Fig. 3a. Due to steric
effects, EGDMA does not interact with the TNT molecule. The NIP
complex is formed above the TNT molecular plane allowing the
template freely enter or leave an active site. The presence of a cross-
linker during polymerization process stabilizes the cave formed
fromAAmatrix around the templatemolecule. It has been observed
that the size of the cavity, as shown for the NIP model in Fig. 3b,
expands slightly from 3.893 Å to 4.404 Å after template removal
(distance between oxygen from opposite AA carbonyl groups).
However, no other structural changes have been observed.

Interaction energy between a template and proposed MIP/NIP
model of active site has been calculated according to formula:

DE ¼ EMIP � ENIP � Etemplate (3.2)

where DE is a template to active site binding energy, EMIP is the
energy of MIPmodel,ENIP is NIP model energy and finally Etemplate is
the calculated energy of TNT. Single OeH . OeN binding energy
for MIP/NIP model calculated at the DFT level of theory amounts to
�7.0 kcal/mol.
3.3. MIP/NIP-IR spectra

MIP and NIP Models have been proposed as a truncated version
of MIP, which includes all species involved in molecular imprinting.
IR spectra for molecularly imprinted and non-imprinted TNT has
been calculated and presented in Fig. 4a. Fig. 4b includes comple-
mentary experimental FT-IR spectra for studied complexes. IR
spectra for imprinted and non-imprinted 2,4-dinitrophenol in
acrylamide and EGDMAmatrix have been reported by Zakaria et al.
[29]. In their study, experimental spectra of NIP and MIP show only
very subtle differences in values representing NeH, OeH as well as
CeN and CeO vibrations. The small red shift of CeH and C]O NIP
vibrations has also been reported. In the presentwork, theoretically
and experimentally obtained IR spectra for TNT imprinted with AA
and EGDMA matrix show similar trends. However, calculated
vibrations are more intense and distinctive than the experimental
data. This is due to the nature of calculation where NIP and MIP
models are treated as isolated systems which automatically exclude
any noises/interferences that the experimental spectra usually
have.



Table 2
The assignment of computed vibrational frequencies (n, cm�1), with PED (%) and intensities (A, km*mol�1) of 2,4,6-trinitrotoluene obtained at B3LYP/6-31G(d,p) level.a

n nscaled nexp
30 A Assignment

and PED

1 50.9 48.9 0.1 sC2N14(22), sC4N13(22),
sC6N15(19), sC3C9(16),
s2ring(8),

2 53.2 51.1 0.1 sC2N14(29), sC4N13(29),
sC6N15(23), sC3C9(11),

3 57.5 55.3 0.6 sC4N13(31), sC2N14(31),
s3ring(22), s2ring(7),

4 95.9 92.2 5.6 gC4N13(11), gC2N14(11),
bC4N13(10), bC2N14(10),
sC2N14(9), sC4N13(9),
s3ring(7), gC6N15(6),
s1ring(6),

5 122.0 117.2 4.8 gC6N15(21), s3ring(12),
gC4N13(11), gC2N14(11),
gC5H8(5), gC1H7(5),

6 150.5 144.6 2.8 bC6N15(40), bC2N14(15),
bC4N13(15), sC3C9(14),

7 177.7 170.8 0.3 sC3C9(66), bC3C9(19),
8 188.9 181.5 0.2 s2ring(21), gC2N14(16),

gC4N13(16), s3ring(7),
sC6N15(5),

9 197.0 189.3 5.1 bC4N13(37), bC2N14(-37),
10 296.1 284.5 2.2 gC3C9(27), gC6N15(21),

gC4N13(12), gC2N14(12),
s1ring(8),

11 324.7 312.0 0.2 nC4N13(24), nC2N14(24),
b1ring(11), b3ring(8),
nC6N15(6),

12 329.1 316.3 0.0 bC2N14(16), bC4N13(16),
rock(NO2)15(15), rock(NO2)14(11),
rock(NO2)13(11), bC6N15(-11),

13 353.6 339.8 2.9 b3ring(35), nC6N15(27),
b2ring(12),

14 368.5 354.1 1.3 b2ring(21), rock(NO2)15(14),
nC2N14(12), nC4N13(12),
s2ring(8), b3ring(7),

15 388.6 372.4 1.4 bC3C9(29), s2ring(23),
s3ring(8), rock(NO2)14(7),
rock(NO2)13(7), gC2N14(6),
gC4N13(6),

16 468.6 450.3 465 1.9 gC3C9(23), rock(NO2)13(20),
rock(NO2)14(20), s3ring(12),

17 479.2 460.5 467 0.0 s2ring(26), bC3C9(20), gC2N14(13),
gC4N13(13), s3ring(9),

18 536.3 515.4 565 1.2 gC6N15(25), s3ring(25), s1ring(16),
s2ring(8), gC3C9(7),

19 547.2 525.8 579 2.2 rock(NO2)15(47), b2ring(11),
bC6N15(9),

20 656.0 630.4 639 8.2 s1ring(46), gC3C9(9), wag(NO2)14(6),
wag(NO2)13(6),

21 665.1 639.2 664 0.1 rock(NO2)14(11), rock(NO2)13(11),
bC4N13(11), bC2N14(11), bC3C9(10),
gC2N14(7), gC4N13(7), bC6N15(7), s2ring(6),

22 710.5 682.8 704 23.6 s1ring(37), gC3C9(10), sciss(NO2)15(7),
gC2N14(7), gC4N13(7),

23 736.3 707.6 720 56.1 b2ring(26), sciss(NO2)14(22),
sciss(NO2)13(22), b3ring(9),

24 741.4 712.5 735 30.6 wag(NO2)15(47), gC6N15(14),
s1ring(12),

25 780.0 749.6 0.3 wag(NO2)13(31), wag(NO2)14(31),
gC4N13(9), gC2N14(9),

26 781.8 751.3 4.3 wag(NO2)14(13), wag(NO2)13(13),
wag(NO2)15(13), s1ring(10), gC2N14(10),
gC4N13(10), gC3C9(5), s3ring(5),

27 801.8 770.5 16.9 nC3C9(18), sciss(NO2)15(14), b1ring(11),
b3ring(10), wag(NO2)14(5), wag(NO2)13(5),

28 835.5 802.9 793 1.8 sciss(NO2)15(28), sciss(NO2)14(24),
sciss(NO2)13(24), b1ring(7),

29 917.4 881.6 38.8 nC2N14(16), nC4N13(16), sciss(NO2)14(16),
sciss(NO2)13(16), b2ring(5), bCH3(5),

30 948.9 911.9 909 36.4 nC6N15(18), gC5H8(13), gC1H7(13),
sciss(NO2)15(9), s1ring(8), b3ring(6),
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Table 2 (continued )

n nscaled nexp
30 A Assignment

and PED

31 956.8 919.5 940 10.8 gC1H7(27), gC5H8(27),
s1ring(17),

32 959.5 922.1 2.3 gC5H8(42), gC1H7(42),
s2ring(6),

33 1049.7 1008.8 4.2 bCH3(55), nC4N13(7),
nC2N14(7), bCH3(5),

34 1053.5 1012.4 1026 1.7 bCH3(67), gC3C9(11),
bCH3(6), s1ring(5),

35 1099.6 1056.7 52.6 bC5H8(18), bC1H7(18),
b1ring(17), nC1C6(12),
nC5C6(12),

36 1186.8 1140.5 1086 10.9 b1ring(41), nC6N15(10),
nC3C9(9), nC2N14(8),
nC4N13(8),

37 1215.6 1168.2 1171 15.9 bC1H7(30), bC5H8(30),
bC3C9(9), bCH3(9),

38 1222.6 1174.9 1208 0.5 nC3C9(31), nC4C5(13),
nC1C2(13), nC3C4(7), nC2C3(7),

39 1359.7 1306.7 5.5 nC3C4(21), nC2C3(21), nC1C6(11),
nC5C6(11), nC1C2(9), nC4C5(9),

40 1394.0 1339.6 339.8 nN15O21(22), nN15O20(22),
nC6N15(11), sciss(NO2)15(11),
nN14O19(6), nN13O16(6),

41 1396.8 1342.3 329.0 nN13O17(16), nN14O18(16),
nN13O16(16), nN14O19(16),
nC4N13(8), nC2N14(8),
sciss(NO2)13(8), sciss(NO2)14(8),

42 1406.9 1352.0 1356 9.7 nN13O17(11), nN14O18(11),
nN15O21(11), nN15O20(11),
nN13O16(10), nN14O19(10),
nC4N13(6), nC2N14(6), sciss(NO2)15(5),
sciss(NO2)13(5), sciss(NO2)14(5),

43 1427.8 1372.1 1356 8.6 bCH3(71), bCH3(15), nC3C9(5), bCH3(5),
44 1429.1 1373.4 1356 3.9 nC1C2(25), nC4C5(25), bC5H8(10),

bC1H7(10), bCH3(7), bC3C9(6),
45 1480.4 1422.7 1406 1.9 nC2C3(13), nC3C4(13), bC1H7(9),

bC5H8(9), bCH3(8), nC5C6(7),
nC1C6(7), bCH3(5),

46 1485.4 1427.5 1437 12.7 bCH3(53), bCH3(18), bCH3(14),
47 1502.8 1444.2 1466 11.6 bCH3(41), bCH3(16), bCH3(14),

bCH3(6),
48 1615.3 1552.3 1541 63.7 nC1C6(18), nC5C6(18), nN15O21(13),

nN15O20(13), nC3C4(8), nC2C3(8),
b2ring(5),

49 1633.6 1569.9 1541 127.5 nC4C5(12), nC1C2(12), nN13O17(12),
nN14O18(12), nN13O16(10), nN14O19(10),
nC5C6(5), nC1C6(5),

50 1648.3 1584.0 1541 6.9 nN14O18(19), nN13O17(19), nN14O19(19),
nN13O16(19), nN15O20(6), nN15O21(6),

51 1677.0 1611.6 1603 245.4 nN14O19(11), nN13O16(11), nN14O18(11),
nN13O17(11), nC4C5(9), nC1C2(9),

52 1678.0 1612.6 1619 189.8 nN15O20(26), nN15O21(26), rock(NO2)15(9),
nC1C6(8), nC5C6(8), bC6N15(7),

53 3085.3 2965.0 2955 0.6 nC9H10(62), nC9H12(19), nC9H11(19),
54 3156.2 3033.1 3015 4.9 nC9H10(38), nC9H12(31), nC9H11(31),
55 3189.5 3065.1 3057 3.7 nC9H11(50), nC9H12(50),
56 3264.5 3137.2 3087 13.3 nC5H8(50), nC1H7(50),
57 3264.6 3137.3 3096 33.4 nC1H7(50), nC5H8(50),

a Abbreviations: n, stretching; b, bending or ring deformation; g, bending (change of dihedral angle); wag, wagging; tw, twisting; sciss, scissoring; s, torsional vibration or
ring deformation. Contributions of less than 5% are not included. nscaled represents the scaled frequencies (NIST, CCCBDB scaling factor 0.961) and nexp represents the
experimental frequencies obtained from Stewart et al. [31].
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Analysis of NIP and MIP theoretical spectra (Fig. 4a) reveals the
following regions which represents the template (TNT) binding to
the AA matrix: 1) nOH high intensity, red shifted frequency of
3747e3752 cm�1 for NIP and 3261 cm�1 for MIP, represents
hydrogen bonding between AA and TNT; 2) Stretching of C]O is
slightly blue shifted, and bending mode of CeOeH red shifted.
Decreasing intensities for C]O and CeOeH vibrations for MIP
systems are observed; 3) NeO stretching at frequency of 1393 cm�1

and benzene ring deformation at 1670 cm�1 are observed for
template in MIP spectrum. Both nodes possess decreased intensity
when compared to IR spectra of unbounded TNT. As shown in
Fig. 4b, the following regions are recognizable on the experimental
NIP spectrum: b COH at w1150 cm�1, nC]O at w1750 cm�1, and
nOH atw3000 cm�1. Additionally nNO at 1200 cm�1, and nCHring at
w2400 cm�1 from 2,4,6-TNT in MIP spectrum are also present. No
blue or red shift is observed in the experimental spectra; however,
both experimental and calculated spectra show significant resem-
blance. As in the theoretical spectrum, experimental data show



Table 3
The assignment of computed vibrational frequencies (n, cm�1), with PED (%) and intensities (A, km*mol�1) of acrylic acide 2,4,6-trinitrotoluene complex obtained at B3LYP/6-
31G(d,p) level.a

n nscaled A Assignment
and PED

1 15.3 14.7 0.0 sO18H24(47), sO22H24(40),
sC2N14(5),

2 23.5 22.6 0.9 sO22H24(53), sO18H24(27),
sN14O18(11),

3 41.5 39.9 0.6 sO22H24(32), sC4N13(20),
s3ring(19), sC2N14(5),

4 53.3 51.2 0.1 sC6N15(57), sO18H24(15),
s2ring(13), sO22H24(8),

5 61.2 58.8 1.5 sC4N13(53), sC3C9(11),
sC2N14(11),

6 63.0 64.0 0.6 sO18H24(59), sO22H24(23),
7 65.4 62.8 0.5 sN14O18(26), sC2N14(16),

sO22H24(14), bO18H24O22(11),
sO18H24(9), bN14O18H24(6),
s3ring(6),

8 90.3 86.8 2.5 sO18H24(20), nO18H24(11),
bN14O18H24(10), gC2N14(8),
sC2N14(6), gC4N13(5),

9 99.5 95.6 8.4 bO18H24O22(30), nO18H24(18),
bN14O18H24(15), bC23O22H24(6),

10 124.7 119.8 0.8 sO22H24(35), sO18H24(32),
sC23C25(9),

11 125.0 120.1 3.0 sO22H24(39), sO18H24(31),
sC23C25(8),

12 139.1 133.7 3.6 sO22H24(37), sO18H24(-18),
nO18H24(11), sC2N14(8),

13 154.1 148.1 1.9 bC6N15(40), bC4N13(14),
bC2N14(10), sN14O18(6),

14 190.3 182.9 0.8 s2ring(16), sC3C9(16), gC4N13(11),
gC2N14(10),

15 200.3 192.5 7.6 sN14O18(25), bC2N14(16), bC4N13(15),
sO18H24(8),

16 215.3 206.9 2.0 sC3C9(66), bC3C9(15),
17 296.6 285.0 2.2 gC3C9(26), gC6N15(19), gC2N14(13),

gC4N13(12), s1ring(8),
18 298.7 286.9 10.3 b(CC2)25(41), b(CO2)23(23),

b(CO2)23(8),
nO18H24(7), bO18H24O22(6),

19 328.2 315.4 0.7 nC4N13(11), bC2N14(9), bC4N13(8),
rock(NO2)14(7), rock(NO2)15(7),
nC2N14(7), rock(NO2)13(6), bC6N15(6),

20 330.4 317.5 2.7 nC4N13(12), rock(NO2)15(10),
bC2N14(8),
bC4N13(8), nC2N14(7), bC6N15(5),

21 353.8 340.0 2.4 b3ring(34), nC6N15(27), b2ring(12),
22 371.3 356.8 5.1 b2ring(21), nC2N14(13), rock(NO2)15(12),

nC4N13(9), b3ring(9), s2ring(5),
23 388.2 373.1 1.0 s2ring(23), bC3C9(23), s3ring(9),

gC2N14(8),
rock(NO2)13(7), rock(NO2)14(7),
gC4N13(6),

24 470.5 452.1 4.0 gC3C9(25), rock(NO2)14(18),
rock(NO2)13(18),
s3ring(14),

25 480.6 461.9 0.1 s2ring(25), bC3C9(20), gC2N14(13),
gC4N13(13),
s3ring(7),

26 497.8 478.4 0.7 sO18H24(24), g(CO2)23(23),
sO22H24(19),
g(CC2)25(18), sC25C27(14),

27 536.2 515.3 11.0 b(CO2)23(42), b(CC2)25(11),
nC23C25(10),
gC6N15(7), s3ring(6),

28 537.2 516.2 3.2 s3ring(23), gC6N15(23), s1ring(16),
s2ring(7), gC3C9(6),

29 546.7 525.4 2.2 rock(NO2)15(46), b2ring(11),
bC6N15(9),

30 613.1 589.2 20.7 b(CO2)23(49), bO18H24O22(19),
b(CC2)25(12),
b(CH2)27(6),
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Table 3 (continued )

n nscaled A Assignment
and PED

31 655.4 629.8 15.2 s1ring(38), gC3C9(8), sO18H24(7),
sO22H24(6),
wag(NO2)14(6), wag(NO2)13(5),

32 666.4 640.4 0.3 rock(NO2)14(11), rock(NO2)13(11), bC2N14(10),
bC4N13(10), bC3C9(9), gC2N14(9), gC4N13(7),
bC6N15(7), s2ring(6),

33 710.9 683.2 37.8 s1ring(28), sO22H24(15), sO18H24(11),
gC3C9(8), gC2N14(6),

34 724.0 695.8 36.2 sO22H24(49), sO18H24(41),
35 741.6 712.7 30.8 wag(NO2)15(47), gC6N15(14), s1ring(11),

wag(NO2)14(5),
36 752.5 723.1 53.3 sO22H24(48), sO18H24(42),
37 780.2 749.8 3.4 wag(NO2)14(34), gC2N14(17),

wag(NO2)15(7),
s1ring(6), s3ring(5),

38 781.3 750.8 0.8 wag(NO2)13(37), gC4N13(16),
sO22H24(7),
wag(NO2)15(5),

39 803.2 771.9 16.1 nC3C9(15), sciss(NO2)15(14),
b1ring(10), b3ring(9), sO22H24(8),
sO18H24(7), wag(NO2)14(5),

40 829.5 797.1 23.3 sO22H24(30), g(CO2)23(26),
sO18H24(18), g(CC2)25(8),

41 842.2 809.3 18.3 sO22H24(33), sO18H24(26),
sciss(NO2)13(8), sciss(NO2)15(8),
sciss(NO2)14(7),

42 860.3 826.7 8.2 nC23C25(26), sO22H24(21), sO18H24(16),
nC23O22(14), b(CH2)27(9),

43 923.6 887.6 40.0 nC4N13(15), sciss(NO2)13(12),
sciss(NO2)14(12), nC2N14(11),
sO22H24(10), sO18H24(10),

44 949.8 912.8 33.8 gC1H7(31), s1ring(14), gC5H8(12),
nC6N15(9),

45 955.9 918.6 8.0 gC1H7(47), nC6N15(9), s1ring(7),
46 959.2 921.8 5.0 gC5H8(68), s1ring(6),
47 998.5 959.6 24.3 g(CH2)27(95),
48 1034.6 994.2 17.4 sC25C27(65), g(CC2)25(32),
49 1052.8 1011.7 44.3 b(CH2)27(46), nC23O22(21), b(CC2)25(18),

bC23O22H24(6),
50 1058.2 1016.9 4.8 bCH3(43), bCH3(14), nC2N14(7),
51 1063.5 1022.0 1.5 bCH3(54), bCH3(11), gC3C9(10), bCH3(6),
52 1099.5 1056.6 53.6 bC1H7(19), bC5H8(19), b1ring(16), nC1C6(12),

nC5C6(12),
53 1187.5 1141.2 13.7 b1ring(41), nC3C9(10), nC6N15(10),

nC2N14(8), nC4N13(8),
54 1215.9 1168.5 14.6 bC5H8(32), bC1H7(27), bCH3(9),

bC3C9(9), nC4C5(6),
55 1222.6 1174.9 0.3 nC3C9(30), nC1C2(14), nC4C5(12),

nC2C3(8), nC3C4(6), bC1H7(6),
56 1273.3 1223.6 176.2 bC23O22H24(33), bO18H24O22(16),

sO22H24(13), nC23O22(12), sO18H24(11),
nC23C25(5),

57 1313.2 1262.0 6.5 b(CC2)25(59), b(CH2)27(17), nC25C27(10),
58 1359.1 1306.1 6.9 nC3C4(21), nC2C3(21), nC5C6(11),

nC1C6(11), nC1C2(9), nC4C5(9),
59 1394.3 1339.9 424.8 nN15O20(24), nN15O21(23), nC6N15(12),

sciss(NO2)15(12),
60 1396.8 1342.3 327.6 nN14O18(14), nN13O17(14), nN13O16(14),

nN14O19(6), sciss(NO2)13(6), nC4N13(6),
nC2N14(5),

61 1406.4 1351.5 18.0 nN13O17(12), nN13O16(11), nN15O21(8),
nN15O20(7), nC4N13(6), sciss(NO2)13(6),
b(CH2)27(6), bC23O22H24(6),

62 1417.2 1361.9 43.0 nN14O18(17), b(CH2)27(15), nN14O19(9),
bC23O22H24(9), sciss(NO2)14(7), nC2N14(6),
nC23O22(5), bO18H24O22(5),

63 1429.0 1373.2 13.2 nC4C5(24), nC1C2(24), bC1H7(11), bC5H8(9),
bCH3(6), bC3C9(6),

64 1434.0 1378.1 9.1 bCH3(72), bCH3(12), bCH3(7), nC3C9(5),
65 1466.4 1409.2 53.8 b(CH2)27(39), nC23C25(12), nC23O22(10),

bC23O22H24(8), bO18H24O22(6),
66 1482.1 1424.3 6.9 nC2C3(15), nC3C4(14), bC1H7(11), bC5H8(10),

nC5C6(9), nC1C6(7), bC2N14(5), bC4N13(5),
67 1491.1 1432.9 6.2 bCH3(58), bCH3(15), bCH3(10),

(continued on next page)
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Table 3 (continued )

n nscaled A Assignment
and PED

68 1516.2 1457.1 7.1 bCH3(58), bCH3(-16), bCH3(7), bCH3(6),
69 1614.6 1551.6 60.5 nC5C6(19), nC1C6(17), nN15O20(13),

nN15O21(13),
nC2C3(8), nC3C4(8), b2ring(6),

70 1628.9 1565.4 133.6 nN14O19(23), nN14O18(19), nC4C5(10),
nC1C2(9),
nC1C6(6),

71 1645.2 1581.0 13.1 nN13O17(24), nN13O16(22), nN14O19(16),
nN14O18(11),

72 1673.7 1608.4 222.6 nN13O16(10), nN14O19(10), nN13O17(9),
nC1C2(9),
nC4C5(9), nN14O18(7), nC5C6(6), nN15O21(5),

73 1677.5 1612.1 210.8 nN15O20(23), nN15O21(23), nC1C6(9), rock(NO2)15(8),
nN13O17(6), bC6N15(6), nN13O16(5),

74 1700.0 1633.7 20.9 nC25C27(65), b(CH2)27(17), nC23O26(8), b(CC2)25(5),
75 1796.6 1726.5 406.5 nC23O26(62), bC23O22H24(8),

nC23C25(7), b(CO2)23(6),
76 3075.8 2955.8 12.7 nC9H10(58), nC9H12(26),

nC9H11(15),
77 3148.8 3026.0 11.7 nC9H12(45), nC9H10(41),

nC9H11(14),
78 3170.1 3046.5 5.3 nC27H30(58), nC27H29(39),
79 3184.8 3060.6 10.1 nC9H11(70), nC9H12(29),
80 3211.1 3085.9 3.0 nC25H28(95),
81 3262.5 3135.3 18.9 nC1H7(97),
82 3263.1 3135.8 27.3 nC5H8(97),
83 3264.7 3137.4 5.0 nC27H29(56), nC27H30(41),
84 3601.7 3461.2 719.9 nO22H24(92), bC23O22H24(5),

a Abbreviations: n, stretching; b, bending or ring deformation; g, bending (change of dihedral angle); wag, wagging; tw, twisting; sciss, scissoring; s, torsional vibration or
ring deformation. Contributions of less than 5% are not included. nscaled represents the scaled frequencies (NIST, CCCBDB scaling factor 0.961).
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increasing OH stretching and a slight decrease in C]O stretching
and COH bending due to hydrogen bond formation between poly-
mer and template.

According to MIP/NIP model the role of croslinking agent is
limited to structural one and has no implications in the cav-
ityetemplate interactions. Due to that reason our model may be
reduced to simple 1:1 monomer-template interaction without
compromising/jeopardizing the quality of the calculations. Using
theoretical 1:1model one can obtain fast and reliable predictions on
monomer-template interactions, IR spectra and solvent influence.
3.4. 1:1 Model

TNTcan interact with single AAmolecule forming three possible
isomers where AA can be located in ortho,meta, and para positions
to the methyl group of TNT. Search for the lowest energy complex
has been performed and energetically preferred TNT-AA complex
has been verified to have AA molecule in ortho position. Higher
energy isomers differ from the ground state by 0.4 and 1.7 kcal/mol
formeta and para complexes, respectively. The ground state energy
isomer of TNT-AA alone has been chosen for study of the 1:1
complex. The interaction energy for this system has been obtained
from the formula:

DEmodel 1:1 ¼ Emodel 1:1 � Etemplate � Emonomer (3.4)

where DEmodel 1:1 represents interaction energy for 1:1 complex;
Emodel 1:1 is the energy of TNT-AA complex; Etemplate is the calcu-
lated energy of TNT, and Emonomer is the theoretical energy for trans
AA. Total interaction energy for the 1:1 complex obtained from the
DFT calculations equals �8.9 kcal/mol. Significant discrepancy
exists in bond distances between two h-bonds. Bond distances of
2.359 for CH.OC and 1.937 Å for NO.HO indicate that the
hydrogen bonding in TNT-AA complex is in indeed dominated by
the NO.HO interactions, while the CH.OC interaction plays
a minor role in stabilizing the complex.

Additional calculations of interaction energy have been per-
formed where basis set superposition error, BSSE, has been taken
into consideration. Counterpoise corrected energy for 1:1 model
was found to be 3.0 kcal/mol higher than the uncorrected. The
nature of this interaction has been performed through electron
densitycalculations and interactionenergydecomposition analyses.
NBO charge distribution shows minor charge transfer between
studied species, charge transfer from HO to NO amounts only 0.010
electrons. More detailed study of the interaction energy decompo-
sition analysis indicates that the binding energy is dominated by the
electrostatic interactions ðeð10Þel Þ, of�15.5kcal/mol.However theyare
significantly reduced by repulsive exchange energy ðeHLex Þ,contribu-
tion which amounts to 13.5 kcal/mol. Delocalization ðDEHFdelÞ, and
correlation contribution ðeð2ÞMPÞ, terms amount �3.9 and �1.3 kcal/
mol respectively, and they do not have significant influence on
binding in studied system.

In addition, study on solvent influence on TNT-AA interaction
energy has been performed due to its importance for solvent
selection for the polymerization process. Acetone andmethanol are
the two most commonly used solvents for template extraction. It
has been found that the presence of solvent molecules significantly
lowers the TNT-AA binding energy with a value of �1.8 kcal/mol,
whereas binding energy between TNT and acetone or TNT and
methanol has been calculated to be �4.4 and �5.2 kcal/mol,
respectively.
3.5. IR spectra for TNT-AA 1:1 complex, AA, and TNT

Calculated vibrational frequencies of AA, TNT and their 1:1
complex on the B3LYP/6-31G(d,p) level, their assignments and the
percent potential energy distribution (%PED) of normal modes are
shown in Tables 1e3. They are compared with experimental data



Fig. 5. Theoretically obtained IR spectra for a) acrylic acid, b) 2,4,6-trinitrotoluene and c) 1:1 model (acrylic acid e TNT complex).
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obtained by Charles et al. [30] and Stewart et al. [31] for AA and TNT.
Additionally, calculated frequencies have been scaled applying NIST
CCCBDB scaling factor. Computational IR spectra had been pre-
sented in Fig. 5a for AA, Fig. 5b for TNT, and Fig. 5c for the 1:1
complex. AA assigned modes are in good agreement with that
assigned by Charles et al. Thus, the OH stretching vibrational mode
is observed at 3552 cm�1 experimentally, and the corresponding
theoretical value is at 3618.3 cm�1 (scaled value). Experimental
value of CO stretching is localized at 1752 cm�1 while the theo-
retical value is at 1756 cm�1. In plane COH bending vibrational
mode has values of 1191 cm�1 and 1168.5 cm�1 from experiment
and theory, respectively. Nitro group stretching mode for TNT is at
1356 cm�1 experimentally, which corresponds to theoretical value
at 1339.6e1352.0 cm�1. TNT’s benzene ring deformation experi-
mental vibrational frequency mode of 1541 cm�1 agrees very well
with theoretical one of 1552.3 cm�1. The 1:1 complex of AA and TNT
has been proposed to verify if TNT imprints into the structure
composed from AA molecules. Thus, complex spectra analysis
shows the following: OH stretching mode is blue shifted from
3618.3 cm�1 (AA) to 3461.2 cm�1 (1:1 complex) and possess much
higher intensity. CO mode is localized at 1752 cm�1 for monomer
and also blue shifted to 1633.7 cm�1 for the complex. Moreover,
COH bending vibrational mode changes from experimental value of
1191 cm�1 to red shifted 1223.6 cm�1 for the complex, and its
intensity decreases significantly. NO vibrational mode for TNT shifts
from 1339.6e1352.0 cm�1 to 1551.6e1677.5 cm�1 for the complex.
Also, the TNT’s benzene ring vibrational mode decreases with
intensity and slightly shifts from 1541 cm�1 to 1551.6 cm�1.

4. Conclusions

A model for the cavity formed during molecular imprinting of
TNT in AA and EGDMA matrix has successfully been created and
electrostatic interactions operated during the imprinting process
between cavity and a template have been visualized. It has been
verified that three nitro groups of TNT are available for hydrogen
bonding with OeH from AA carboxyl group. EGDMA molecule
is found to preserve structural shape of the polymeric cavity.
MIP/NIP model gave more detailed insight into the bonding
within matrix-template system. Based on that model, theoretical
IR spectra of MIP and NIP have successfully been calculated at the
DFT level and compared with experimental FT-IR data of TNT-AA-
EGDMA and AA-EGDMA. Analysis of the bonding, solvent studies
and theoretical IR spectra performed on the simplest 1:1 complex
shows that applied approximation is sufficient as a tool for
monomer selection for molecular imprinting process, as was the
main interest of the study. It has been established that molecular
imprinting leads to the formation of stable “lock-key” system
between polymeric species and a template. Theoretical IR spectra
for imprinted and non-imprinted TNT has been compared, where
TNT-AA complex formation is shown by OH stretching at wave-
length w3600 cm�1, and intensity w650 km/mol, which indicates
that the “key-lock” complex formation in a gas phase occurs due
to hydrogen bonding between OH group of acrylic acid and ortho
nitro group of TNT.
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